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FOREWORD

This is the ninth in a series of semiannual technical progress reports on fusion reactor
materials. This report combines research and development activities which were previously
reported separately in the following technical progress reports:

e Alloy Development for Irradiation Performance
e Damage Analysis and Fundamental Studies
® Special Purpose Materials

These activities are concerned principally with the effects of the neutronic and chemical
environment on the properties and performance of reactor materials; together they form one
element of the overall materials program being conducted in support of the Magnetic Fusion
Energy Program of the US. Department of Energy. The other major element of the program
i s concerned with the interactions between reactor materials and the plasma and is reported
separately.

The Fusion Reactor Materials Program is a national effort involving several national
laboratories, universities, and industries. The purpose of this series of reports isto
provide a working technical record for the use of the program participants, and to provide
a means of communicating the efforts of mterials scientists to the rest of the fusion com-
munity, both nationally and worldwide.

This report has been compiled and edited under the guidance of A F. Rowcliffe and
Frances Scarboro. Oak Ridge National Laboratory. Their efforts, and the efforts of
the many persons who made technical contributions, are gratefully acknowledged.
F. W. Wiffen, Reactor Technologies Branch. has responsibility within DOE for the programs
reported on in this document.

R Price, Chief
Reactor Technologies Branch
Office of Fusion Energy
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AN EVALUATION OF ME LOS ALAVOS SPALLATION RADIATION EFFECTS FACILITY (LASREF) FOR FUSION APPLICATIONS
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The appropriate role, both shert-term and long-term. of the Les Alames Spallation Radiation Effects Facility
(LASREF) in the U.5. Fusion Materials Progran was reviewed by a peer group in June 1890, This report presents the
LASREF review committes's findings and recemmendations.

CEVELOPVENT F DISC COMPACT TENSION SPECIMENS AND TEST TECHNIQUES ROR HFIR IRRADIATIONS (University of California-SB and
Oak Ridge National Laboratory) « « s = s = & s & s s 2 s 2 = 2 = = = = = = » = » s =2 s = = = = = » = » = » = » = = = % =

Near tern irradiations of candidate alloys being planned for the High Flux Isotope Reactor (HFIR) in support of ITER
and isotope tailoring experiments necessitate the use of relatlvely small fracture toughness specimens, e.g., darn to
12.5 mm in diameter. The specimens will also contain substantial ameunts of helium. This werk involved the applica-
tion of electropotential drop techniques to determine J-resistance Curves for this purpose in HT-9 specimens with
diameters of 40, 25. and 12.5 mm at temperatures ranging from 20°C to 100¢C; in addition, the effects of side grooving
were examined. Good agreement between J-resistance curves determined by the electropotential drop and by multiple
specimen techniques was obtalned for all specimen gecmetries, sizes. and temperatures.

DESIGN, FABRICATION, AND OPERATION OF HFIR-MFE RB* SPECTRALLY TAILORED IRRADIATION CAPSULES (oak Ridge National Laboratory

i

and Midwest Technical. INC.) & 4 v 4 & & & & s & ® & ® & # ® % s % = % s % #» * ®» ® *# # P @ oA oE oA EwEE L w o w 13

Design and fabrication of four HFIR-MFE RB* capsules {60, 200, 330, and 400*C) to accommodate specimens previously
irradiated in spectrally tailored experiments inthe ORR are proceeding satisfactorily. These capsula designs incorporate
provisions for removal, examination. and re-encapsulation of specimens at an intermediate exposure level of 16 displacments
per atom (dpa) en route to a target exposure level of 24 dpa. With the exception of the §0¢C capsule, where the test sped-
mens are in direct contact with the reactor cooling Water. the specimen temperatures {monitored by 21 thermocouples) are
controlled by varying the thermal Conductance of a small gap region between the specimen holder and the containment tube.

APPLICATION GF BALL PUNCH TESTS TO EVALUATING FRACTURE MCDE TRANSITION IN FERRITIC STEELS (University of
California-SB) & s & & & & & & s & & 2 2 & & 8 & & 2 o8 mow E " E A E N @ R EoE R E oA oa oA EE o EoE oA aaw s 1

An investigation was mad8 of the applicabilfty of a ball punch test to evaluating the fracture mode transition in ferritic
steel specimens eqdivalent to transmission electron microscopy (TEM) discs. Both static and dynamic test conditions were Ma-

5

mined in specimens with and without several intentional defects. High displacement rates (>4 mm/s) resulted in adiabatic heating

of the specimen during testing. Smooth spetimens were found to provide more reproducible and useful data than specimens
containing holes and grooves. A good correlation was found between the absorbed energy beyond maximum load and fracture
mode transition, with the latter characterized by either fracture appearance or Charpy impact energy.

DEVELOPVENT OF PRESSURIZED TUBE SPECIMEN FCR CREEP TESTING CF BERYLLIW (Lawrence Livermore National Laboratory,
Westinghouse Savannah River Company. and Pacific Northwest Laboratory) .« .« v v v v 4 o 0 o o o 0 0 0 0 0 0 s 2 s = » = » 2

The ability to fabricate a pressurized tube specimen from beryllium was successfully demonstrated. The specimen
failed at a midwall hoop stress of about 32 ksi in a burst test at 500°C.

DOSIMETRY, DAMAGE PARAMETERS, AND ACTIVATION CALCULATIONS & v v s v s s o s s o s s o s 8 s s s s s ¢ s s s s 8 ¢ % 8 »

NEUTRON DOSIMETRY FOR THE MOTA-IF EXPERIMENT IN FFTF (Pacific Northwest Laboratory) . « v v v & v & & & & & & s = 5 = & »

Neutron fluence and spectral measurements are reported for the MOTA-IF experiment in the Fast Flux Test Facility
(FFTF). The irradiation was conducted from HNovember 18, 1987, to January 8, 1989, far a total exposure of 3354 EFPD.
The maximum fluence was 12.7 x 1022 nlem’, 956 x 1072 above 0.1 MeV¥ producing 39.1 dra in iron. Neutron energy
spectra were adjusted at three positions and gradients were measured at nine other locations.

MATERIALS ENGINEERING AND DESIGN REQUIREMENTS
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RADIATION EFFECTS: MECHAWISTIC STUDIES, THECRY, AND MODELING & v v v & & & s s o 0 o 0 5 s 5 s s s ¢ ¢ ¢ s s s s s

MOLECULAR DYNAMICS OF COLLISION CASCADES WITH COMPOSITE PAIR/MANY-BODY POTENTIALS (University ot California.
LOS ANGEIES) 4 v et v v vk m e e e e e e e e e e e e e e e e e e

An empirical, composite fnteratomic potential i s developed to describe interaction of energetic particles by pair
potentials at high energies and many-body potentials at 1ew energies. Molecular-dynamics studies of low-energy col-
lision cascades are performed. The displacement threshold surface in copper is investigated and compared to experi-
mental data. Our computer simulations show good agreement with the experimental results of King and Benedek at 10 K.

INFLUENCE Of QOLD WORK AND PHOSPHORUS CONTENT ON NEUTRONHNDUCED SMELLING OF Fs-Cr-Ni ALLOYS (Pacific Morthwest
Laboratory) v v v o v v v w w m e w w w m e aw w w e w w n e w w n m o aw wnn o ww wan e ww e

Phosphorus additions can either Increase or decrease void swelling of Fe-Cr-#i alloys, depending on irradiation tem-

perature, phosphorus level and cold work level. The role of cold work i s not always to suppress swelling in Fe-Cr-Ni-p
alloys. however, particularly at relatively higher irradiation temperatures, where cold working often increases swelling

substantially.

HELTUM MEASUREMENTS FOR THE MFE-4 SPECTRAL TAILORING EXPERIMENT (Pacific Northwest Laboratory and Rockwell
International) « v & 4 & 4 s w n w e e e e e e e e e e e e e w o w e w e w m e e w e w o r e

Measurements of helium concentration have been made on Fe-15.1Cr-34.5N1 specimens irradiated at 330. 400, sgo, and

60C°C after irradiation in ORR to displacement levels ranging from 12.6 to 13.8 dpa. The measurements compare well to
Previously calculated Values. being 4 to 8% lower. Minor differences in helium content were also observed between
specimens from capsules that were assumed to have possessed identical spectral environments.

THE. INFLUENCE OF HELIUM ON MECHANICAL PROPERTIES CF MCDEL AUSTENITIC ALLOYS, DETERMINED USING 59Ni ISOTOPIC TAILORING ANg
FAST REACTOR |RRADIATION (Pacific Northwest Laboratory and Rockwell INternational) « « « « v o v o « « + « o # o # « + «

Tensile testing and microscopy Continue on specimens removed fam the first. second, and third discharges of the 59y

isotopic goping experiment. The results t¢ date indlcate that helium/dpa ratios typical of fusion reactors (4 to 1g

appm/dpa) do not lead to significant changes in the Kield strength of model Fe-Cr-Ni alloys. Measurements of helium
generated in undoped specimens from the second and third discharges show that the helium/dpa ratio increaser during

irradiation in FFTF due to the production of 59N1. I specimens doped with 59Ni prior to irradiation, the helium/dpa

ratie can increase, decrease °F remain the same during.the second irradiation interval. This behavior occurs because
the Cross sections for the production and burnout of 2“Ni are very sensitive to core location and the nature of

neighboring conponents.

CORRELATION OF MECHANICAL PROPERTY CHANGES IN NEUTRON IRRADIATED PRESSURE VESSEL STEELS ON THE BASIS OF SPECTRAL
EFFECTS (Pacific Northwest Laboratory) .+« o v v v v v s s 0 0 s s 8 & & 2 s 8 8 & & & s s ¢ & & s s s & & 2+ s = s & = »

Comparisons are made of tensile data on specimens of 42128 and A302B pressure vessel steels irradiated at Tod
temperatures (40-90°C) and to Tow doses (<0.1 doa) with 14 M D-T fusion neutrons in the Rotating Target Neutron
source (RTHS-11), with fission reactor neutrons in the mega West Reactor (CR) and the Osk Ridge Research Reactor

ORR), and with the highly thermal spectrum at the pressure vessel surveillance positions of the High Flux Isotope
eactor (HFIR). For each neutron spectrum, damage cross sections are determined for several defect production

functions derived from atomistic computer simulations of collision cascades. Displacements per atom (dpa) and
the numbers of freely migrating defects are tested a5 damage correlation parameters for the tensile data. The data
from RTNS-11, OWR and ORR correlate fairly well when compared on the basis of &2, but the data from HFIR show that

only about one-sixth as many dpa are needed to produce the same radiation-induced yield stress changes as in the
other neutron spectra. In the HFIR surveillance position a Significant fraction of the displacments is produced by

recoils resulting from thermal neutron Captures. Having energies of about 400 e¥, these recoils are much more

efficient per unit energy at producing freely migrating defects than the hiqh enertlzy recoils responsible for most
of the displacements in the other neutron spectra considered, A significantly better correlation of data from HFIR

with those from the other spectra is achieved when the property changes are compared on the basis of the production
of freely migrating self-interstitial defects. This parameter may better represent the defects participating in the

radiation strengthening process in this temperature and fluence regime.

LW EXPOSURE SPECTRAL EFFECTS EXPERIMENT; [RRADIATIONS AT 473 K IN OMEGA WEST REACTOR (Pacific Northwest Laboratory)

Tensile tests have been performed on specimens fom the last ret of West Reactor {OWR) irradiations
performed as part of the Low Exposure Spectral Effects Experiment (LESEX). Tensile data are reported.
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6.1.3

NEW INSIGHTS ON THE MEWNISMS CONTROLLING THE NICKEL DEPENDENCE (F SWELLING I N IRRADIATED Fe-Cr-Ni ALLOYS (Washimten
State University and Pacific Northwest Laboratory) « « « « o o o = & s o s & s s s s » s 2 s 2 s % s = s s s s s s » s » 81

In a previous report the interstitial and vacancy biases for an edge dislocation in a binary alloy were examined,
assuming the existence of an equilibrium Cottrell atmosphere around the 11ne defect. The Lareh® and Cahn treatment of
stress relaxation due to a solute atmsphsre was empioyed with the Wolfer and Ashkin formulation for the bias of an edge
dislocation to compute the bias as a function of nickel concentration in the Fe-Ni system. Using the minimum critical
void radius Concept, the concentration-dependent bias was shown to offer a plausible explanation for the minimum in
welling observed at intermediate nickel levels and the gradual increase in s#811ing at higher nickel levels. |n this
report, a mere realistic description of the conposition dependence of vacancy diffusion has also been included, an
addition Which improves the model substantially.

THE INFLUENCE OF NICKEL CONTENT ON MICROSTRUCTURES OF Fe-Cr-Ni AUSTENITIC ALLOYS IRRMIATED WITH NICKEL IONS
(Kyushu University and Pacific Northwest Laboratory) « s s « & o o s = « s 2 s s s 2 2 s s = 2 2 s s = 2 2 s s = 2 » = » 87

lon-irradiated Fe-15Cr-XNi (X = 20, 35, 45. 60, 75) ternary alloys and a 15Cr-85N1 binary alloy were examined after
bombardment at 675°C and compared to earlier observations made on these same alloys after irradiation in ESR-II at 510
or 538°C. The response of the ion-irradiated microstructures to nickel content appears to be very consistent with that
of neutron irradiation even though there are four orders of magnitude difference in displacement rate and over 206°C

difference in temperature. |t appears that the transition to higher rates of swelling during both types of irradiation
is related to the eperatior of SOme mechanism that is net directly associated With void nucleation.

DEVELOPMENT OF STRUCTURAL ALLOYS & & & = = = & o = & # # = s s s = % % ® ®s s s s = = = ®» ®» s s s s = = » *» s s s s s % & 95

Eerritic Stajnlesg Steels o v o s & & 5 & # & = % = ® & 2 o® o ®oE o= o® o= 2 oE = o® = o® % oEoE o®oE "o owomoEoEowowowowowowoww 95

IMPACT BEHAVIOR OF SCr-1MoVNb AND 12Cr-1Me¥W STEELS IRRADIATED | N HFIR (Oak Ridge National Laboratory) e e e e e e 97

Charpy impact specimens of SCr-1Mo¥Mb and 12Cr-1MovW steels and these steels with 2% Ni {($¢r-1MoYNb-2N1 and 12Cr-
1MoVW-2N1) were irradiated in the High Flux Isotope Reactor (HFIR) at 300°¢C up to 34 dpa and at 400°¢ to 42 dpa,
Nickel was added to the standard conposition to study the effect of transmutation helium formed by reaction of *®N{ with
thermal neutrons in the mixed-spectrum of HFIR. Helium levels approaching 400 appm were achieved in the steels containing
26 M. Irradiation caused large increases in the DBTT of all four stesls, A saturation inthe shift in pBTT with
increasing fluence that was observed in fast reactor irradiations does not apply to specimens irradiated in HFIR.
Shifts in DBTT of over 300°C were observed at 400°C for 9Cr-1MoVNb-2Ni and 12Cr-1MoVW-2Ni; shifts of over 200°C were
observed for the standard steels. For all steels, the increase was greater at 40¢°C than at 300°C. The shifts
are the largest ever recorded for this type of steel and are attributed to the higher helium concentrations.

THE DEVELOPMENT OF FERRITIC STEELS FOR FAST INDUCED-RADIOACTIVITY DECAY (Oak Ridge National Laboratory) « « o o o & w o & 106

Irradiation of ferritic steels with neutrons at temperatures up to ~450°C causes a loss of toughness. This can be
measured in a Charpy impact test. where an increase in the ductile-brittle transition temperature (DBTT) and a decrease
in the upper-shelf energy is observed after irradiation. ®educed-activatien Cr-W steals with enromium concentrations
varying from 2.25 to 12% were irradiated at 365°C to ~7 dpa in the Fast Flux Test Facility. Steels With Z,25% Cr and
9 combination of 2%W and 0.25% V were less severely affected by irradiation than steels with vanadium and no tungsten.
tungsten and NO vanadium, Or with 194 and 0.25% V. Twe steels with 9% Cr showed the most resistance to a loss of
toughness. A P Cr steel with 20%W and 0.25% V showed an increase in DBTT of €g°¢. This same composition with an
addition of 0.07% Ta developed an increase in DBTT of only 4*C. These values compare to increaser of over 100°¢
for the rest of the Steels.

COMPARISON OF THE EFFECTS OF LONG-TERM THERMAL AGING AND HFIR IRRADIATION ON THE MICROSTRUCTURAL EVOLUTION OF
SCr-1Mo¥ib STEEL (Oak Ridge National Laboratory) « a s a « & o « # s o s 2 s 2 s 2 s 2 s 2 s = s % s = s = s s s = » s = 113

Both thermal aging at 482-704*C for uP to 25.000 h and HFIR irradiation at 3¢0-600*C for up to 39 dpa produce substan- =
tial changes in the as-tempered microstructure of $tr-1Mo¥Kp martensiticiferritic steel. However, the changes in the
distocation/subgrain boundary and the precipitate Structures caused by thermal aging or neutron irradiation are quite
different in nature. During thermal aging, the as-tempered lathlsubgrain boundary and carbide precipitate structures
remain stable below 650°C, but coarsen and recover somewhat at 650-704°C. The formation of abundant intergranular
Laves phase, intra-lath dislocation networks, and fine dispersions of VC needles are thermal aging effects that are
superimposed upon the as-tempered microstructure at 482-593°¢. HFIR irradiation produces dense dispersions of very small
"black-dot" dislocation loops at 300°C and produces helium bubbles and voids at 400°C, At 300-500°C, there is considerable
recovery of the as-tempsred tath/subgrain boundary structure and the mierestructural/microcompositional instability of the
as-tempered carbide precipitates during irradiation. By contrast, the as-tempered mi¢crostructure remains essentially
unchanged during irradiation at 800°C. Comparison of thermally aged with irradiated material suggests that the instapii-
ities of the as-tempered lathisubgrain boundary and precipitate structures at lower irradiation temperatures are
radiation-induced effects, whereas the absence of both Laves phase and fine VC needles during irradiation is a radiation-
retarded thermal effect.



6.2

6.2.1

6.3

6.3.1

viii

MICROSTRUCTURE AND PROPERTIES OF WHDED W ¥, AND Ta MODIFIED FERRITIC STEELS WITH FAST INDUCED-RADIOACTIVITY DECAY

(Auburn University) 133

Sheet specimens of W, V. Ta modified low activation ferritic steels were welded using the gas tungsten arc welding
(GTAW) process. Autegenous bead-on-plate welds were produced on samples of 2¥Crv, 2¥Cr-1WY, 2XCr-2W, 2YCr-2Wv, SCr-2wy,
oCr-2w¥, 9Cr-2WvTa, and 12Cr-2W¥. Sound autogenous welds were obtained in all low activation 2% Cr bainitic steels and
the 5%Cr martensitic steel. Bendtests of the welds yielded insufficient toughness at the fusion zone in the 1ow
activation 9 and 12% Cr martensitic steels. A port-weld heat treatment i s recommended for the 9 and 12%Cr low activa-
tion steels to restore toughness.

Austenitic Stainless StEeIS v w &+ x w8 o w w s x o w o m o= w w8 s wow s s wowom o wwom o w wom o wwm e w s 143

IRRADIATION EFFECTS OF GRAIN BOUNDARY CHEMISTRY OF MANGAMESE STABILIZED MARTENSITIC STEELS (Muroran Institute of
Technology and Pacific Northwest Laboratory) v v v w v o 4 v & 4 s & 0 s & % = & 5 = & # s & s s = s = » s » » = » » = » 145

The effect of nmeutron irradiation (10 dpa at 638 K, FFTF/MOTA) on solute Segregation to the grain boundaries in
reduced-activation 9Cr-1W-2Mn and 12Cr-1W-8Mn martensitic steels was investigated using Auger electron spectroscopy (AES).
The AES spectrum obtained from the grain boundaries in both martensitic steels was influenced by neutron irradiation.
Neutron irradiation caused marked increases in the amount of intergranular segregation of Si in 8tr and Mn in 12¢r steel,
respectively. while m significant increase in S and/or P Segregations were found in either steel. Large shifts in D8TT
to high tenperatwe caused by neutron irradlation observed in these two martensitic steels are interpreted in terms of
site canpetition between C and Si resulting frem irradiation-inducedlenhanced Segregation of Si in gcr steel and
weakening of grain boundary strength by irradiation-inducedlenhanced segregation of Mnh in 12Cr steels, respectively.

SWELLING BEHAVIOR OF AUSTENITIC STAINLESS STEELS IRRADIATED AT 400°C |N ORR MFE-7J CAPSULE BY SPECTRALLY TAILCRED NEUTRONS
(Japan Atemic Energy Research Establishment and Oak Ridge National Laboratory) .« « v v v v 0 0 v 0 s s s s 0 0 0 2 5 2 » 152

Several Japanese austenitic stainless steels. including specimens taken from the electron beam (EB) welds. have been
irradiated in the Ok Ridge Research Reactor {ORR} in Special spectrally tailored experiments. The first batch of specimens
have been retrieved at the damage level of 7.4 dpa and helium level of 102 appm in a type 316 stainless steel, and 130 appm
He in JPCA with 16wt % Ni. This irradiation produced significant alloy-to-alloy differences in Swelling at 400¢¢., One
low-carbon steel and an experimental ternary alloy have shown higher values of swelling. Irradiation in HFIR of the sane
set of alloys caused very high levels of void swelling only at 500*C and above. Metallurgical efforts to suppress such
swelling {1.e., cold werking and/or increased carbon level) were effective at this tenperature range. The present results
suggest that appropriate care also needs to be taken for the fusion application of this kind of alloy at lower temperatures
like 400°C. Welds in this experiment Showed no measurable degradation in swelling resistance compared to their base metals.

DETERMINATION OF CREEP-SWELLING COUPLING COEFFICIENTS FOR [RRADIATED STAINLESS STEELS (University of California-
Berkeley, Pacific Northwest Laboratory, and Westinghouse Hanford Conpany) « « v v & & & o % s & s s s s s s s s = « « « » 160

Irradiation creep data at ~400°C Were analyzed for two Z0% Cold-worked titanium-modified type 316 stainless steels.
Ore of these Steels was the fusion Prime candidate alloy designated PCA. The analysis was based an the assumotion that
the By * DS creep model applies to these steels at this tenperature. This assumptien was found to be valid. A creep-
Swelling coupling coefficient of D = 0.6 x 10- MPa=! was found for both steels, Which s in excellent agreement with
the results of earlier studies conducted using annealed AISI 304L and also 10% and 20% cold-worked AIS1 316 stainless
steels. There appears to be some enhancement of swelling by stress. leading to an apparent but misleading nonlinearity
of creep with respect to stress. The dependence of the creep-swelling coupling coefficient an irradiation tenperatwe
for temperatures greater than 400°C has not yet been established.

Refractory Metal Alloys 167

FFTFIWOTA IRRADIATION OF REFRACTORY ALLOYS UNDER CONSIDERATION AS PLASMA FACING COMPONENTS (Pacific Northwest
Laboratory) 169

A refractory alloy irradiation series involving four discharges of the Materials open Test Assembly (MoTA-1B through
HOTA-1E) has been canpleted. This experiment contains pure Mo, Mo-4iRe, TIM, and Nb-1Zr. Irradiation temperatures in
this experiment ranged frem 404 to 730°C with neutron exposures yielding 8.7 to 110.8 dpa. Measurement of density changes
and disk bend testing are planned to begin shortly.



6.3.2 SWELLING DEPENDENCE OF NEUTRON-IRRADIATED VANADIW ALLOYS ON TEMPERATURE NEUTRON FLUENCE. AND THERMOWECHANICAL
TREATMENT (Argonne Natlonal Laboratory and Tohoku University} .o v v v v v v v s 0 s 0 s 0 s 0 s 0 s 0 s 0 s 0 s 0 8 08 #

Swelling of vanadium alloys wes determined after Irradlation at 420 and 600°C to neutron fluences ranging from
03 x 1027 neutrons/m? (17 @a) to 1.9 x 1027 newtrons/m® (114 dpa). Binary and ternary vanadium alloys With Cr.
Ti, Mo, W, Kt, Fe, Zr, and Si additions were irradlated in either the fully annealed, partially annealed. or 10%
cold-worked condition. Upon irradiatien at 600°C, the swelling of vanadium to which Cr had been added was greatly
exacerbated. Whereas the swelling of vanadlum to which Ti. Mo, W and NI (3-20%} had been added was rot signlficantly
affected.  Swelling of V-Cr alloys upon Irradiatlon at 800°C was substantially reduced (<0.1% per dpa} by the addition
of Ti (1-15%). Upon Irradiation at 420°C, the swetling of the vanadium alloys was <0.2% per dpa. Partial annealing
or 10%cold-working had no significant effect on swelling of the alloys.

6.4 Copper Alloys

6.4.1 MECHANICAL PROPERTY CHAMGES AND MICROSTRUCTURES OF DISPERSION-STRENGTHENED COPPER ALLOYS AFTER KEUTRCN IRRADIATION
AT 411, 414, AND 529*C (University of I11ipois and Pacific Northwest Laboratory) « o @ s o & s o o s s 0 0 s s 5 s s » &

Dispersion strengthened copper alloys have shown promise for certain hlgh heat flux applications in both near term
and long term fusion devices. Thls study examines mechanical properties changes and microstructural evolution in several
oxide dispersion strengthened alloys which were subjected to high levels of 1rradiation-induced displacement damage.
Irradlations were carried out in FFTF to 34 and 50 dpa at 411-414°C and 32 dpa at 529°C. The alloys Include several oxide
dispersion-strengthened alloys based on the Cu-Al system, as well as ones based On the Cu-Cr and Cu-Hf systems, Of
this greup, certain of the Cu-Al alloys. those produced by an Internal oxidation technique to contain alumina weight
fractions of 0.15 to 0.25% cutperformed the other alloys in all respects. These alloys, designated CuA115, CuAl20,
and Cu4125, were found to be resistant to void swelling up to 50 dpa at 414°C, and to retaln their superior mechanical
and physical properties after extended irradiation. The major factor which controls the stability during irradiation
was found to be the dispersoid volume fractlon and distribution. The other alloys examined were less resistant to

radiation-induced properties changes for a variety of reasons. Some of these Include disperseid redistribution by batlistic
resolution. effects of retained dissolved oxygen. and horunhiformity of dispersion distribution. The effect of laser welding

was also examined. Thls joining technigue was found to be unacceptable since it destroys the dispersoid distribution and
thereby the resistance of the alloys to radfation~-induced damage.

6.42 BRAZING OF COPPER-ALWINA ALLOYS (Auburn University) « « o o o o o o o » & s s s s s s s s s s s = » » * « & ¢ ¢ ¢ @ % &

An fnduction braze has been developed to join copper-alumina alloys. Thls brazing technique 1s proposed to replace
current furnace brazing methods that have yielded peer results because of silver ingression along the fine graln boundaries
of the copper-alumina alloys. The induction braze (because of the short braze time) severely restricts silver ingression

along the grain boundarles of the alloy. Tensile tests of induction brazed lap joints fail in the base material rather than

the braze Indicating good braze propsrties.
6.43 A BRIEF REYIEW OF CAVITY SWELLING AND HARDERING |N IRRADIATED COPPER AND COPPER ALLOYS (Oak Ridge National Laboratory)

The 11terature on racdiation-induced swelltng and hardening 1n copper and its alloys s reviewed. Vold formation does
rot occur during irradiation of copper unless suitable impurity atoms such as oxygen or helium are present. Void formation
occurs for neutron Irradiation temperatures of 180 to $50°C, with peak swelling occurring at ~320°C for irradiation at a
damage rate of 2 x l0-' apa/s. The port-translent swelling rate has been measured to be ~0.5%/dpa at temperatures near
400°C. Dispersion-strengthened copper has been round to be very resistant to vold swelling due to the high sink denslty
associated with the dispersion-stabilized dislocation Structure. Irradiation of copper at temperaturss below 400°C gen-
erally causes an increase in strength dus to the formation of defect clusters which inhibit dislocation metien. The
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radiatton hardening can be adequately described by Seeger's dispersed barrier medel, with a barrier strength for small defect

clusters of a= 02. The radiatlon hardening apparently saturates for fluences greater than ~10** a/n? {~0.1 dpa) during
Irradiation at room tmperature due to a saturation of the defect cluster density. Grain boundarles can modify the
hardening behavlor by blacking the transmissicn of dislocation s11p bands. leading to a radiatlon-modified Hall-Petch
relation between yield Strength and grain size. Radiation-enhanced recrystallizatien can lead to softening of cold-
worked copper alloys at temperatures above 300°C.
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ELECTROCHEMICAL AND MICROSTRUCTURAL CHARACTERIZATION OF AN AUSTENITIC STAINLESS SUEEL IRRADIATED BY HEAVY IONS AT 515°C
(Oak Ridge National Laboratory and Japan Atomic Energy Research INStitute) . . . . . . v v v v v o o v v v mnn e nns

The electrochemical and microstructural behavior of a solution-annealed, heavy-ion-irradiated. austenitic stainless
steel, designated LS1A, have been investigated at 515°C after doses of 1, 10, and 30 displacements per atem (dpa).
Changes in electrochemical properties due to radiation induced segregation in thin radiation-affected layers of the
material were detected by the electrochemical potentiokinetic reactivation (EPR) tethnique using transmission electron
microscopy (TEM) disk specimens. At all doses, the Flade potential and reactivation charge were greater than those
measured for thermally aged control specimens. Flade potentials increased with increasing dpa while the reactivation
charge did not increase beyond 10 dpa. Grain face etching, similar to that found on EPR-tested neutron-irradiated
austenitic stainless steels, was observed on all specimens after testing. Grain boundaries were etched after doses of
10 and 30 dpa. The extent of grain face etching increased with increasing dose. Duplicate heavy-ion-irradiated spect-
mens were also examined by high resolution analytical electron microscopy (AEM). The 1-dpa specimen showed only a high
density of small faulted dislocations (~10 nm), and no grain boundary precipitation was observed nor was any grain
boundary segregation detected. AEM confirmed chromium depletion at grain boundaries as measured by EPR for the 1a-
and 30-dpa specimens. Depletion widths of approximately 10 nm and grain boundary chromium compositions of less than
10% by weight were found. Molybdenum was also depleted near the boundary, whereas nickel, silicon, and iron were enriched
for the 10- and 30-dpa irradiations. Precipitation of G and eta phases and larger dislocation loops {~60 nm) were
observed in the 10- and 30-dpa specimens.

ENVIRONMENTAL EFFECTS ON AQUEOUS STRESS CORROSION OF CANDIDATE AUSTENITIC STEELS F(IR ITER STRUCTURAL APPLICATIONS
(Argonne Natiomal Laboratory) . . . . . . . . . . . L oL, ok h s e e e e s e e

Susceptibility of Types 316 NG, 316, and 304 stainless steel to SCC was investigated at several temperatures
between 50 and 150°C in slow-strain-rate-tests (SSRTs) in oxygenated water that simulates important parameters anticipated
in first-wall/blanket systems. The water chemistry was based on a computer code that yielded the nominal toncentra-
tions of molecular radiolytic species produced in an aqueous environment under conditions likely to be found in the
ITER. To be conservative, however, the SSRTs were performed in a less benign, more oxidizing reference environment.
Predominantly ductile fracture was observed in crevice specimens of Type 316 stainless steel ($5) strained to failure

in a reference ITER water chemistry. The failure behavior of Type 304 SS crevice specimens heat-treated to yield sensitiza-
tion values of 2, 3, or 20 C/cm? by electrochemical potentiokinetic reactivation (EPR} demonstrated that degree of sensitiza-

tion had a dramatic effect on intergranular SCC (IGSCC) susceptibility. Type 304 55 specimens sensitized to the highest
value exhibited shorter failure times, lower maximum stresses, and lower reduction in area values than did less-sensitized
Type- 304 SS or Type 316 NG SS specimens. Scanning electron microscopy showed minimal evidence of SCC in the Type 316

NG and solution-annealed Type 316 SS but clear evidence of IGSCC in moderately sensitized (EPR » 20 C/cm®) Type 304 $5
specimens in these environments. Ranking for resistance to SCC in simulated ITER Mater by electron microscopy and SSRT
parameters (e.g., total elongation, ultimate strength, and reduction in area) is: 304 55 EPR = 20 ¢ 2 C/cm®) < 316 HG S5,

SEGREGATION IN THERMALLY AGED TYPE 304L ALLOYS FOR THE ICG-IASCC ROUND ROBIN (Oak Ridge National Laboratory) . . . . . .

Grain boundary segregation in thermally aged type 304 stainless steels has been investigated by X-ray microanalysis.
In one commercial alloy sensitized at low temperature, narrow (<10 nm) zones depleted of chromium, silicon, and molyb-
denum have been observed along with enrichment of phosphorus and nickel. For high purity alloys doped with either sulfur
or phosphorus, no significant segregation of either impurity was detected. In a second ecommercial alloy Which exhibited
no grain boundary precipitation, segregation of phosphorus, chromium, and molybdenum to boundaries was observed along
with a corresponding depletion of iron. The occurrence of phosphorus segregation |n the two commercial alloys and absence

in the high-purity, phosphorus-doped alloys seems to indicate some synergism of phosphorus Segregation with either chromium

or carbon segregation or with the precipitation of M,4Cg at the grain boundaries.

MEASUREMENT OF RADIATION-INDUCED SEGREGATION IN NEUTRON-IRRADIATED AUSTENITIC STAIKLESS STEELS (Oak Ridge National
Laboratory and Japan Atomic Energy Research Institute) . . . . . ... .. .. .. P

X-ray microanalysis of RIS to grain boundaries and large dislocation loops in neutron-irradiated USPCA has indicated

enrichment of silicon and nickel and depletion of chromium and iron. However, there are numerous artifacts which can lead
to erroneous results and must be recognized and avoided. Some of these effects incfude surface films, preferential etching,

overlapping RIS profiles from different defects, as well as the more obvious hole count and induced radioactivity of

neutron-irradiated material. For irradiated EP838, silicon, nickel, and iron are enriched at boundaries, whereas manganese

replaces chromium as the strongly depleted element. Preliminary measurements of RIS profiles at grain boundaries by
parallel electron energy loss spectroscopy (PEELS) are discussed. The relative advantages and disadvantages of EDS and
PEELS for such measurements are considered.
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6.5.5 RADIATION-INDUCED GRAIN BOUNDARY SEGREGATION AND SENSITIZATION OF A NNTRON-IRRADIATED AUSTENITIC STAINLESS STEEL (Oak
Ridge National Laboratory and Japan Atomic Energy Research Institute) e e e n o n o a o mm s a e 244

Analytical electron microscopy and electrochemical potentiokinetic reactivation {EPR) testing were applied to the
radiation-induced segregation (RIS) and sensitization of a titanium-modified austenitic stainless steel irradiated to
9 dpa at 420°C in the Materials open Test Assembly {MOTA) of the Fast Flux Test Facility {FFTF}. The EPR testing of
both selution annealed (SA) and 25% cold-worked (CW) materials indicated a significant Increase iNn the reactivation
charge {P3). Both optical and scanning electron microscopy of the specimen surface after EPR testing indicated preferen-
tial attack at grain boundaries, indicative of sensitization. |n addition. localized attack of the matrix was observed.
Though precipitates were occasionally present on grain boundaries. they were not chromium-rich Mz3Ce, but nickel- and
silicon-enriched G phase. Faulted 1e0ps, fine ¥* precipitates, and isolated cavities were observed in the matrix.
X-ray microanalysis indicated significant RIS at high-angle boundaries i n both materials. Depletion of chromium
to apparent levels of 10 at. % was observed in the irradiated SA material. The boundaries were enriched in nickel,
silicon. and titanium (up to 28, 6 and 1at. %, respectively) and depleted of iron and melybdenum (as low as
54 and 0.7 at. %, respectively). The width of the Segregation zone was very narrow (<6 nm). Similar grain boundary
RIS was observed in the Cold-worked material. There was also evidence for boundary migration in the cold-worked material
(boundary facetting and asymmetric conposition profiles). Voids and faulted dislocation loops in the SA material also
exhibited similar RIS.

6.5.6 DEVELOPMENT OF CERAWIC COATINGS FOR LIQUID METAL SLANKET APPLICATIONS (National Chung H$img University and Argonne
National Laboratory) « w s & s = o = # = = » = 2 = % = % = % » ® » ® B o® B ®o® ®o® o Eowowomow o= ow omwoEwoamowmwowow o 252

Based on a preliminary survey of more than 15 oxides and nitrides, four materials (€ad, Mgl, Y03, and BN)
were identified as candidates for insulator coating development. Additionally, Cra03, ¥x0, and (V,Ti)xN were included
for study because of their Chemical stability in liquid lithium and their potential as corrosion inhibitors. These
ceramic compounds were fabricated by a variety of techniques and exposed to flowing lithium at 400°C to assess chemi-
cal compatibility. Preparation technologies included hot-press-sintering of M30, Ca0, and Y,0s; diffusion coating of
Cr,04; oxidation of vanadium; and reactive sputtering of BN. Among the three hot-pressed-sintered materials. only
Y,0; displayed acceptable corrosion resistance when exposed to high purity lithium. A ferritic substrate alloy (HT-9.
coated with a I-pa-thick BN layer) was immersed in flowing lithium at 400°C for 1 h, after which 1t$ physical stability
and chemical conpatibility were determined to be unacceptable. Chromized ¥-20T1 and oxidized ¥-20T1 immersed in flowing
lithium at 410°C for 100 h showed greater potential for further develocpment than did the BN insulator coating. Prelim-
inary work has begun in the development of {n-situ-formed insulator coatings. The first step has been to examine the
characteristics of (V,Ti1}4N reaction prohrct layers formed after exposure of V-Ti specimens to flowing lithium.
Work s also in progress to test a self-regenerating Ca0*¥;05-1¥pe insulator coating ONn a vanadium substrate.

7. SOLID BREEDING MATERIALS 261
7.1 LITHIM MASS TRANSPORT IX¥ CERAWIC BREEDER MATERIALS (Argonne National Laboratory) o w v v v o o o v s s s # s s s = s s = 263

The transport of lithium by vaporization of L1OH({g} from lithium ceramics, particularly Liz0(s), poses a constraint
on tha maximum operating temperature of the blanket. Experimental measurements have shown that, depending On tempera-
ture, moisture pressure, and proximity of structural steels. the lithium transport process is cemplex. For conditions
wherein the L1;0(s) is "free standing," the lithium vaporization is controlled by the L1,0/H;0 system thermodynamics that
are already well established. Simpiy stated lithium transport as LIOH(g), increases with increasing temperature and
higher partial pressures @f moisture. In the proximity of stainless steel. there 18 an added Chemical potential
driving force due to formation of Li,Cr0,, LiFed, and LiNiC,. The transport of L10H{g) to the stainless steel is driven
by the concentration gradient of LiOH(g) from that at the Li;0(s) surface and that at the steel surface. This gas-solid
reaction may become important for blanket designs where the structural steel is very close to the Lt30($) ceramic.

72 DESORPTION CHARACTERISTICS OF THE LiA10,-H,0(g) SYSTEM (Argenna national Laboratory) .« « s = w s = o = = 2 = = = = = = = 268

The energetics and kinetics of the evolution of Hz@(g) and Hz(g@) from L1A10; are being studied by the temperature
programed desorption technique. The concentrations of Hy, H;0, Mz, and Oy in & helium stream during a tqerature ramp
are measured simultaneously With a mass spectrometer. The amount of Hy adsorptionldesorption is small compared to the
ameunt of H,0 adsorptionidesorption. After prolonged treatment with helium containing 990 ppom H at 400°C, H:Q evolution
into the He-H, stream was observed during 473 to 1023 K (200 to 750°C) ramps at rates of 2 or 5.6 K/min. The different peak
shapes reflecting this process were deconvoluted to show that they are composttes of only 2 or 3 repreducible processes. The
activation energies and pre-exponential terms were evaluated. The different behavior originates in the differences among
different surface sites for adsorption. The interpretation of higher temperature peaks [above 873 K (850*C)] must sti11
consider the possibility of contributions frem interactions with the steel walls.
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TRITIUM RELEASE FROM LITHIUM CERAMICS (Argonne National Laboratory, CEA/CEN, ENEAICRE, and Karlsruhe) « « v « « & & o & &«

Recent in-pile tritium extraction experiments from lithium ceramics have investigated the effects of tmperature.
material microstructure, purge gas composition, and tritium generation rate on the kinetics of tritium release. The
relationship between the tritium release characteristics and sample microstructure indicates desorption 1s the dominant
mechanism controlling tritium release for the conditions Investigated. Literature results indicate that this desorption

Step may be second Order and the activation energy of desorption nay vary signlficantly with surface coverage. The changes
in inventory with variations in the key parameters mentioned above were investigated to determine the applicability of these
reports to in-pile tritium release. The results suggest tritium release is first order, and that the desorption activation

energy is dependent on the surface coverage.

IN-SITU TRITIUM RECOVERY FROM L1,0 [RRADIATED IN FAST NEUTRON AUX - BEATRIX-II INITIAL RESULTS (Japan Atomic Energy
Research Institute, Pacific Northwest Laboratory, and Chalk River Laboratories) « « v v v v v v v & s s s 0 0 0 s = 5 s

The BEATRIX-II experiment in FFTF is an in-situ tritium recovery experiment to evaluate the tritium release charac-
teristics of Li30 and 1ts stability under fast neutron irradiation to extended burnups. This experiment includes two
specimens: a thin annular ring specimen capable of temperature transients and a larger temperature gradient specimen.
During the first 85 days of the operating cycle of the reactor, the tritium recovery rate of a temperature transient
capsule was examined as a function of temperature, gas flow rate, gas composition and burnup. Temperature changes in
the range from 500 to 650°C resulted in decreasing tritium inventory with increasing temperature. Lower gas flow rates
resulted in slightly lower tritium release rates while gas compesition changes affected the tritium release rate signif-
icantly, mere than either flow rate or temperature changes. Three different sweep gases were used: He-0.1% H,,
He-0.01% H,, and pure He. Decreasing the aumunt of hydrogen in the sweep gas decreased the steady-state release rate
by as much as a factor of two.

CERAMICS & & 4 & o 4 & & & 2 & s & & 2 & 2 & s & s & & s % s & # 2 & s = s @ ®# 2 = s = % @ & #» &« s @ % * &8 s @« s @ € @ &

1EA WORKSHOP ON IN-SITU MEASUREMENT CF ELECTRICAL PROPERTIES OF IRRADIATED CERAMICS (LOS Alames National
Laboratory) w v v v v v v n w n e e e e e mw e w e e e w e w e e e e wn o m e e e

This International Energy Agency workshop was held in Los Alames, NM June 27-29, 1990, |In attendance were

14 participants representing fusion ceramics programs in Spain, the Y.K., Japan and the U.S. The workshop was divided
into four Sessions: Background, Current In-Situ Work. Plans and Goals for Future work, and Recommenations. Informal
discussion sessions on various subjects were also included in tho workshop. Studies of in-situ electrical properties
have accelerated since the last gathering of this group, with recent findings demonstrating that dielectric breakmwn
as ‘w@” as enhanced conductivity can be induced by concurrent irradiation. Eased on present knowledge, recommendations
were made to designers of NET and ITER on materials selection and anticipated Performance, as well as on design-related
considerations.

IN-SITU MEASUREVENT CF RADIATICON INDUCED CONDUCTIVITY IN CERAMICS {Les Alames National Laboratory) .« v v v v v s s s » »

This report describes our experimental plan and schedule for measuring the radiation induced Conductivity (RIC)
in ceramics while being irradiated with 3 M protons. Inthe initial experiments, dielectric constant and loss will
be measured in pure and in Ti-doped sapphire. The measurements will be made at room temperature, at frequencies
between 100 Hz and 10 MHz, with and without an applied DC bias, and as a function of radiation flux and fluence.

The lon Beam Materials Laboratory (IBML) ion source at Los Alamos will be used with beam currents up to 1 micro-ampere.
Ye expect initial results to be available for the next semi-annual Progress Report.

MILLIMETER-WAVE TESTING OF ISOTOPICALLY ENRICHED ALUMINA (Los Alamos National Laboratory and Oak Ridge
National Laboratory) v v v w v v v & 4 0 0w m w n nwon e r e e e e e s awn e e e

In a Special fusion-neutron Irradiation simulation experiment, 170 has been substituted for **0 in 99.5% alumina
to be neutron-irradiated in the High Flux Isotope Reactor (HFIR) at Osk Ridge for raising the potentially deleterious
helium gas yield to levels closer to those expected frem the neutrons of deuterium-tritium (D-T) fusion reactions.
Earlier. we reported values of complex dielectric constant k* measured at Los Alamos at millimeter-wave (MMW)
frequencies for conventional (unenriched) 99.9% alumina test specimens, There specimens were made under the same
conditions applying to the present report of k* measured for **0-enriched specimens based on the same alumina System.
The present alumina has lower dielectric iosses than that reported in the earlier work. Furtherumre. we corroborate
the earlier finding that k* is a sensitive nondestructive measure of the quality of alumina being considered for
rf-windew use == and the overall quality of high-purity ceramics in general.
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WORKSHOP ON CERAMIC MATRIX COMPOSITE MATERIALS FCR STRWTURAL APPLICATIONS | N FUSION REACTORS (Pacific Herthwest
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The workshop to assess the potential application of ceramic matrix composites (CMCs) for structural applications
in fusion reactors was held on May 21-22, 1958, at University of California, Santa Barbara. "articipants included
individuals familiar with materials and design requirements in fusion reactors, ceramic comesite processing and
properties and radiation effects.

Clear advantages for the use of CMCs (i.#., SiC/SIC) are high-temperature operation. which would allow a high-
efficiency Rankine ¢ycle, and low activation. Limitations to their use are material Costs. fabrication complexity
and costs, lack of familiarity with these materials in design. and the lack of data on radiation stability at relevant
temperatures and fluences. Fusion-relevant feasibillty issues were identified.

DEVELOPMENT OF THIN-SECTION PUSH-OUT TECHNIQUE FOR USE N MEASURING RADBATION-INDUCED MODIFICATION OF
CMPOSITE INTERFACES (Rensrelaer Polytechnic Institute and Oak Ridge National Laboratory) « « « « s s « « s 2 s s s 2 2 = = 308

A technique for measuring the interfacial properties for extremely thin compnsite sections is presented. The data
shown is for a single composite section of 22 Ym thickness. By employing a Nanoindenter microhardness tester. composite
fibers were individually loaded and the debond and frictional Sliding Strength measured. 1t is shown that such a technique
can discriminate between the debond and frictional components of the interfacial band. The technique presented is a
substantial improvement over previous techniques in both thickness of composite section. fiber loading accuracy, and
percentage of fiber failures. Though the data presented i s only for a single section. the results are typical of other
sections tested. A statistical analysis of the data suggests that a Weibull treatment is more appropriate to interfacial
data than the commonly used normal distribution.

MEASUREMENT CF DIELECTRIC PROPERTIES |N ALUMINA UNDER IONIZING AND DISPLACIVE IRRADIATION CONDITIONS (Oak Ridge
National Laboratory) w o w s & & & & = % & = 2 % & = % 8 = » ® o® o# o o® B o®oE o ® o= ow oE o ® o owow o= owow s owwowonww oo 317

Several experiments have been compieted in Which the dielectric properties of alumina have been measured in the
presence of ionizing and displacive irradiation. Spent fuel elements from the High Flux Isotope Reactor (HFIR) at the
Oak Ridge National Laboratory were Used to provide an intense source of jonizing irradiation for seme of the measure-
ments. The TRIGA reactor at the University of I11inois was used to provide an irradiation field that produced
both ionization and atomic displacements. The results of these in situ measurements indicate that the dielectric
properties of alumina are more severely degraded by displacive irradiation than was indicated by earlier. post-
irradiation measursments,

DISLOCATION L3P FORMATION I N ION-IRRADIATED POLYCRYSTALLINE SPINEL AND ALMINA (Oak Ridge National Laboratory) . . « « & 323

The microstructure of magnesium aluminate spinel (MgA1,0,) and alumina (A1;04) has been examined with transmission
electron microscopy following ion irradiation to damage levels of 0.1 to 5§ ke¥/atem (L1to 50 dpa) at roem temperature and
B50°C. The ion irradiatlon produced interstitial dislocation loops of types a!4<110>{110} and al4<11_[_)>{111} in spinel along
with a very low density of a!ﬁ(lll){lll} loops. Dislocation loops of types a/3[0001](0001) and al3<1100)[1100} were ten-
tatively identified in alumina. The loop size increased and the density decreased gradually with increasing ftiuence in
spinel irradiated at 650°C, with the net result that the concentration of interstitials contained in the loops remained
nearly Constant at ~0.1 at. %. Defect-free regions were observed adjacent to grain boundaries and the irradiated surface
in spinel irradiated at 650°C. The denuded zone width was very small for spinel Irradiated at 25°¢ and A1,04 irradiated
at 650°C. For a given irradiation tenperature, tho loops in spinel were larger and of much lower density than the loops
in Al1;0,.

TECHNIQUE FOR PREPARING CROSS-SECTION TRAKSMISSION ELECTRON MICROSCOPE SPECIMENS FRCU ION-IRRADIATED CERAKICS (Oak

Ridge National Laboratory) « « « o = & & & we o = o o ¢ &+ = TR 334

The general techniques necessary t0 Produce® muiyn-yuu: wmmsm==m=s=======GEramic specimen for transmission electron
microscope observation are outlined. A particularly inportant peint is that the width of the glued region between faces
of the ceramic specimen must be <0.2 um to prevent loss of the near-surface region during ion milling. A recently
developed vise for gluing ceramic Cross-section specimens is described, and some examples of the effect of glue thickness
on specimen quality are shown.
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AN EVALUATION OF THE LOS ALAMOS SPALLATION RADIATION EFFECTS FACILITY (LASREF) FOR FUSION APPLICATIONS -
D. G. Doran (Pacific Northwest Laboratory)(®)

OBJECTIVE

To evaluate the appropriate role, both short-term and long-term, of the Los Alamos Spallation Radiation
Effects Facility (LASREF) In the US. Fusion Materials Program.

PROGRESS AND STATUS

Evaluation Committee

The makeup of the evaluation committee was as follows:
Members
D. G. Doran, PNL chairman

F. A Garner, PNL, radiation effects in metals and alloys, and chair of the Program Advisory Comnittee
for Materials Science at LAMPF

L. R. Greenwood, PNL, neutron environment characterization
M. W. Guinan, LLNL, cryogenic radiation experimentation
G. E. Lucas, UCSB, radiation effects on mechanical properties and specimen miniaturization

A. F. Rowcliffe, ORNL, radiation effects in alloy development

Advisors

m

W. Clinard, LANL, radiation effects in ceramics and diagnostics

=

Prael, LANL, high energy transport codes, viz. LAHET
W. F. Sommer, LANL, LASREF description and operation
F

. W. wiffen, DOE/OFE, fusion materials programs oversight

Facilitv Overview

The Los Alamos Meson Physics Facility (LAMPF) is an 800-MeV, nominally 1-mA (usually 0.6 to 0.8 mA), linear
proton accelerator with many experimental stations appended to it. When the residual proton beam is finally
dissipated in the beam stop, neutrons are produced by spallation, fission, and evaporation. LASREF was
designed to permit materials to be neutron-irradiated in the near vicinity of the beam stop, subject, of
course, to the operation of LAMPF. A unique feature of the facility is the large irradiation volume,
accessible via vertical "inserts" that can be tailored for specific experiments., including instrumentation
iTdesired. The minimum irradiation temperature, without refrigeration, is about 40°C. Ancillary
capabilities include remote handling equipment and hot cells.

Findinas (abbreviated from full report}

1. The operation of LAMPF was budget limited to 2500 hours in FY90 and current projections suggest it may
be limited to only 1900 hours in FY9]l., However, the US. Department of Energy (DOE) anticipates perhaps
3000 hours in FY92, according to J. N. Bradbury, the acting leader of the MP Division. This is still short
of Bradbury's "reasonable goal” of 4000 hours (last achieved in FY84).

2. The proton beam is pulsed with both coarse and fine structure. Each 0.5 to 0.8-msec pulse recurring at
120 Hz (8.3-msec period) contains 0.3-nsec pulses at about 200 MHz (5-nsec period).

(a) Pacific Northwest Laboratory operated for US. Department of Energy by Battelle Memorial Institute
under Contract DE-AC06-76RLO 1830.



The fine structure is of no concern for materials irradiations. The coarse structure off-time of 8 msec,
however, may be of the same order as the vacancy lifetime at high temperatures in some materials with high
sink densities, and is orders _of magnitude Iarﬁer than interstitial lifetimes. The inability to achieve
equilibrium defect concentrations may affect the microstructural evolution, which in turn may affect
dimensional stability, mechanical properties, and the establishment of the gradients that drive grain _
boundary segregation. Consideration of possible effects of pulsing should precede any LASREF irradiation.

The pulsed nature of the beam could possibly be used to advantage in ceramic insulators by providing some
information on charge carrier lifetimes.

In addition to the intrinsic pulsing, the beam experiences random interruptions at the following typical
rates: 30 "fast protects” (i.e., with automatic restart) of several seconds duration and 1 to 3 interrupts
of perhaps 20 minutes each per 24 hours.

3. A characteristic of the neutron energy spectra produced by a spallation neutron source is a "high-
energy tail™ extending, with rapidly decreasing intensity, to hundreds of MeV. The precise shape of _the
spectrum depends on the location along the beam direction (the highest energy neutrons are produced In_the
forward direction), on the material of the beam stop (ﬁa|S|ng the atomic number increases the yield while
softenln% the spectra), and the material surrounding the beam stop. Measurements near the position of
maximum Tlux have shown that, with the current copper target, about 5% of the neutrons are above 20 MeV.
This percentage can be decreased by several means, but these neutrons, which account for perhaps 15% of the
déip!acgments, produce most of the helium so are necessary if fusion-relevant helium/dpa ratios are to be
obtained.

The hi%h—qne(gy tail will produce displacement cascades and transmutation reactions that are not
characteristic of a fusion reactor. Both modeling and experiment suggest that observable effects of
displacement phenomena in metals and alloys are unlikely, although this remains to be demonstrated conclus-
|veI%. _Atypical transmutation reactions, and factors of two uncertainties in their calculated rates, are
not believed to be an important concern because attainable fluences are so low.

A third effect of _a high-energy tail _is to increase the_proportion of ionizing events, which could be a
consideration in interpreting radiation-induced conductivity measurements In LASREF.

The full report contains an appendix which discusses the characterization of the LASREF neutron environment.

4. The maximum displacement damage rate attainable in the current configuration is about 0.3 dpa (iron) per
year if operated at 4000 hours per year. This rate drops radially approximately as 1/r? and much less
rapidly along the beam direction.

5. LASREF is unique_in providing a large experimental volume that can be exploited for in situ
measurements, in having the potential for cryogenic irradiations, and in having a high ratio of neutrons to
gammas (total heating 1Is less than 1 qu in |r0n%. This large volume--12 vertical inserts, each having a
volume of 12 X 25 X 50 em*--is accessible only when LAMPF is down, although a small diameter (about 11 mm)
rabbit tube has been used for brief irradiations during accelerator operation (a furnace has been designed
to fit this tube). A larger "rabbit," about 7 X 10 x 10 cm®, has been designed for a proposed experiment.

6. An experiment at LASREF that requires a new insert and furnace is estimated to cost about $100K on a
full cost recovery basis. The neutrons are free at the present time, and installation of an experiment
should cause no interference with accelerator operation.

7. Potential upgrades of LASREF have been scoped but not developed in detail. Calculations indicate that
the peak flux could be increased a factor of five to about 1.5 dpa (iren)/yr at 4000 hours per year by
reducing the beam stop diameter and replacing the copper stop with a tungsten alloy. The estimated cost of
such _an upgrade, lasting 1% to 2 years, is about $600K. An additional estimated expense of $150K to modify
the isotope production stringers at LAMPF might raise the damage rate another factor of two.

The operating cost of LASREF for a sustained program of irradiations is estimated to be about $808K per year
for staff and $80K per year for hardware, assuming four inserts are used per year.

The flux (in the MeV _range and below) could also be increased through use of a neutron multiplier and/or
niu%ron re{hector. This option has not been scoped, but the damage rate might be raised by another factor
of two or three.

8. There is no sustained mission for LASREF in the metals and alloys segment of the fusion materials
program; the damage rates are too low even with a significant upgrade, and there is a question of pulse
effects at elevated irradiation temBergtures. I damage rates were raised to 3 to 5 dpa/yr, useful
mechanical property data might be obtained in the 40 to 300°C temperature range; however, a research program
to evaluate effects of the high-energy tail would have to precede heavy program use.
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9. There is a potential mission for LASREF in meeting the critical need of the CIT and ITER projects for
testing magnet materials and ceramic insulators, and for more general studies of special purpose materials.

The large irradiation volume makes possible instrumented in situ measurements on materials and, most
importantly, on components and subassemblies. Electronic noise at LASREF is high but should be
controllable.

For CIT, studies of the shear strength of organic insulators are needed to a dose of 1000 MGy over the
temperature range of 77 K to 300 K. Since there is experimental evidence that neutrons are more damaging
than gammas per unit energy deposition, neutron exposures of 300 to 1000 MGy, which should easily be reached
at LASREF, are required. The high neutron/gamma ratio at LASREF is important for assessing neutron versus
gamma damage. The establishment of a liquid nitrogen capability at LASREF looks relatively straightforward.
This would permit testing of RF windows at ITER-relevant temperatures as well as magnet materials.

For ITER, doses of only 30 MGy are required for organic insulators, but shear testing under a compressive
load is needed at 4 K.© In addition, studies of composite superconductors (i.e., superconductor, matrix, and
stabilizer) are needed to firmly establish exposure limits of candidate commercial materials. This work is
probably feasible at LASREF.

Any upgrade in flux would expand the types of materials that could be tested and would permit in situ tests
at more realistic fluxes.

(The full report contains further discussion of in situ testing and details on CIT/ITER.needs for
irradiation testing of magnet materials.)

10. There has been some use of LASREF by foreign laboratories. Interest in future experiments has been
expressed from a laboratory in the Peoples Republic of China (in situ mechanical testing), Tohoku University
(in situ creep) and KfA Jailich (JET/NET). The Japanese (Monbusho) program might indeed find LASREF
irradiations an appropriate bridge between their earlier RTNS-II irradiation program and the current FFTF
program.

11. The potential for having an FMIT-like, accelerator-based neutron source in the US. in 1995-6 should
not influence any actions regarding LASREF.

Recomnendations to QFE

1. Formulate a decision quickly regarding significant use of LASREF or the opportunity to take advantage of
the rather extensive capabilities developed there may be lost.

2. Do not establish a sustained program for alloy development for fusion applications at LASREF at this
time. The current damage rates are too low and pulse effects may introduce uncertainties at elevated
irradiation temperatures. To take advantage of a significant upgrade would require not only funding of the
upgrade and the LANL staff to support it, but also of a research program to evaluate spectral and pulsing
effects.  While the large irradiation volume and near-room temperature capability are attractive, they do
not justify a diversion of funds from current reactor irradiation programs.

3. Define, in conjunction with LASREF personnel, a potential LASREF irradiation program designed to meet
CIT/ITER needs for in situ testing of insulators, magnet components, and diagnostics (see Appendices 4 and 5
of full report). Funding should come from these projects.

3.1 Determine feasibility of developing a 77 K capability and estimate cost (rough estimate by Los
Alamos is $100K) and schedule.

3.2 Determine feasibility of developing a 4 K capability and estimate cost and schedule, unless the
Office of Basic Energy Sciences (OBES) plans to operate the cryogenic facility in the Bulk
Shielding Reactor (BSR} at Oak Ridge. Inthe latter case, assurance of sufficient irradiation time
for fusion experiments is needed.

3.3 Determine cost effectiveness of proposed LASREF upgrades in light of CIT/ITER needs.
3.4 Estimate operating costs for various scenarios.

4. Evaluate analytically the potential for increasing the peak flux through the use of a neutron multiplier
and/or reflector. The cost should be low if the large amount of Cray time required is made available at the
National Energy Research Supercomputer Center (NERSC) at Livermore. (Significant flux upgrades, with the
exception of decreasing the diameter of the beam stop, will soften the spectra; helium/dpa ratios lower than
fusion reactor first wall values are likely, though not so low as encountered in fission reactors.)



A decision on whether to proceed with a preliminary design and cost estimate for implementing this approach
would be dependent on its calculated benefits and the need as perceived in Recommendation 3.

5. Examine the potential for international participation--Monbusho, NET/ITER team laboratories--in LASREF
facility development and utilization.

6. Modify and further test the LAHET (high-energy transport) code if significant use of LASREF is contem-
plated. %A suggested apgroagh is_given in Appendix 3 of the full report; Some measurements will be made
shortly of helium concentrations in LASREF-irradiated specimens; these will provide a preliminary check of
calculated transmutation rates.) 1n addition, expanded calculations will be needed of the spatial
dependence of damage rates.

FUTURE WORK

The work of the committee has been completed and its reﬁort ("Report of the LASREF Evaluation Comnittee",
PNL-SA-18584, July 1990) given wide distribution. Further copies are available from the chairman.



DEVELOPMENT OF DISC COMPACT TENSION SPECIMENS AND TEST TECHNIQUES FOR HFIR IRRADIATIONS.
C. Elliott, M. Enmark, G. E. Lucas, G. R. Odette (University of California, Santa Barbara) and A. Rowcliffe (Oak Ridge National
Laboratory)

OBJECTIVE

The objective of this work is to develop techniques for evaluating fracturetoughness from specimens compatible with the HFIR
irradiation environment.

SUMMARY

Near term irradiationsof candidate alloysbeing planned for the High Flux Isotope Reactor (HFIR) in support of ITER and isotope
tailoring experiments necessitate the use of relatively small fracture toughness specimens, eg. down to 12.5mm in diameter. The
specimenswill also contain substantialamounts of helium. This work involved the application of elecropotential drop techniques to
determine J-resistance curves for this purpose in HT-9 specimenswith diameters of 40, 25 and 12.5mm at temperatures ranging from
20 °C to -100 °C; in addition, the effects of si& grooving were examined Good agreement between J-resistanée curves determined by
the electropotential drop and by multiple specimen techniques were obtained for all specimen geormetries, sizes, and temperatures.

PROGRESS AND STATUS
Inireduction

Irradiations in the High Flux Isotope.Reactor (HFIR) ate being planned for several purposes. One is to develop data pertinent to
anticipated operating conditions for the Intemnational Experimental Tokamak Reactor (ITER), where irradiation temperaturesin the range
60-350°C are needed[ 11 The other is to systematically determine the effectsof He/dpa ratio on the microstructural evolution and
mechanical properties of ferritic and austenitic steels using isotope tailoring.[2] In both cases it is desirable to cbtain fracturetoughness
dataon irradiated material. However, beczuse of irradiation volume and/or material constraints, it is anticipated that fracturetoughness
data will have tobe obtained from J-resistance (J-R) curves developed from single specimens having diameters as srall as 12.5 mm.
Huang and co-workers [3-5] have developed elecmpotential drop techniques for obtaining fracture toughness fromsmall specimens.
Our effort was undertaken to evaluate some subsequent improvementsto the electropotential drop technique for specimen geometries of
interest to HFIR irradiations, and to examine possible ways of lead attachment to specimensanticipated to contain significant amounts of
helium.

Experiments

Tests M date have been performed on specimens taken from the ESR heat of HT-9. Compact tension (CT) specimens with the geometry
shown in Figure 1were fabricated from 16mm thick plate in the stress relieved condition, for which microstructures have previously
been examined (6,7}, As tabulated, three. sizes were machined, having thicknesses of 12.8 mm, 8 mums and 4 mirm, In addition, two
initial notch depths were fabricated, with crack length to specimen width ratics (a/w) nominally 0.3 and 0.5. For the &/w =05

U
_____________ Dimensions (in mm)
------------- D I s I W sfW} B | C
40.0113.6[30.0[0.45]12.8]21.0
------------ ! 40.017.5 [30.0]0.25/12.8]15.0
25.0/7.9 |18.8]0.42[8.0 [12.5
"""""" 25.0(4.7 |18.8]/0.25[8.0 [9.4
n 12.513.0 [9.4 ]0.32]4.0 [5.5
: 12.512.3 |9.4 |0.25]4.0 [4.8
a
\, A s B

Figure 1. DISC compact specimen geometry, and tabulated specimen dimensions.



specimens, several specimens were side grooved 20% (= B-By/B) with a 45° notch and aroot radius of 0.5mm. Small nubs were
machined orto the faces of each disc compact tension specimen for the purpose of attaching the voltage measurement leads accurately
and, hence, measuring potentials reproducibly. [8] Finally, for purposes of comparison, 12mm thick square compact tension specimens
with the geormetry given in ASTM Standard E399 were fabricated with an afw of 0.5. Direct current leads were attached to the top and
lotton of each specimen by screws. Voltage leads made of 0.5 mm diameter 410 steel wire were spot welded to the nubs on the
specimen faces. The selectionof lead wire was chosen to approximate the composition of HT-9and hence reduce thermoelectric emf
contributionsto the voltage signal.[9] The highest sensitivity to crack length changes, and lowest sensitivity to lead location and crack
shape was found for leads attached to opposite sides of the specimenacross the crack plane; this is in agreementwith previously
reported results.[9] As discussed below, separate reference potential drop measurement leads were found to be unnecessary. Previous
experience with austenitic stainless steels suggests that difficulties may be encountered in welding leads to steels containing a few appm
helium; consequently, various welding techniques are currently being investigated using steels doped with helium via the it trick.

AU specimenswere pre-cracked and tested on a closed-loop, servohydraulicload frame. The specimenswere attached to the load frame
by pin and clevis grips; and the load train was electrically insulated from the machine by cerami¢ washers. DC currents of 10.5 and 3A
were applied frama stable current som e to the 12.8mm, 8mm and 4mm thick specimens, respectively. Each specimen was fatigue
pre~cracked at ambient temperature at a AK of approximately 24 MPa+/m to the desired initial crack length (eithera/w -0.3or 0.5).
Following pre-cracking specimenswere tested at ambient temperature by monotonic loading under displacement-cortrol conditions ata
displacementrate Of 5 umys to a final desired crack length, and specimenswere tested at low temperatures by submersion in an alcohol
bath during similar monotonic loading at a rate of 25umys. Crack lengths were monitored both by optical measurementsof surface
¢racks at ambient temperature and by potential drop mezsurements at all temperatures,each tequiring calibration to provide absolute
measures Of crack extension as discussed below. Load-ramdisplacementand potential-ram displacement data were recorded on a
computerizeddata acquisition system. Because the voltage leads hindered attachmentof a clip gage, ram displacementwas converted to
specimenload-line displacement through a calibration of system compliance. Following testing, unbroken specimens were heat tinted in
air, fatigued and then fracturedlat liquid nitrogen temperatures. The initial notch length (ai), fatigue-precrack(ao) and final crack length

(a) were measured fronthe fracture surface. Nine point averages of crack length were dotained f a the smooth specimens, and 18point
averages for the side-grooved specimens because of the larger variation of crack length with position as discussed below.

Multiple specimen JAa curves were obtained, when possible, from fractographicallymeasured values of average crack length change
Aa, and Ji¢ was determined using the procedures outlined in ASTM Standard E813. In addition, a variety of potential drop-crack length
calibrations were considered and evaluated as described below. Once calibrated, the potential drop data were used along with the load-
displacement data to evaluate J-Aa curves, and hence Jic, from single specimens by methods recommended by Hacken etal.[10] In both
cases, the tearingmodulus T was determined fromT =dJ/da (E/c42), where E isthe elastic modulus and o, the yield strength, and dJ/da

the slope of the J-Aa curve used to determine Ty,

Results

The crack shapes evolved in very different waysin the smooth and side-grooved specimens. As illustrated in Figure 2, the cracks in the
smooth specimens showed some tunneling. Tunneling was more pronounced under monotonic loading than fatigue, and slightly greater
in the largest specimens. However. in the side-grooved specimens, the tunneling profile was inverted, with the crack growing much
more rapidly at the surface of the side-groove thanin the interior.
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Figure 2. Comparison of crack shape geometries for smoothand side-grooved specimens with alw =0.5. Data shown here are for
12.8mm thick specimens.



The a/w =0.3 specimens showed anomalously high Jic and tearing modulus data, indicative of arm tending,(11] Consequently, these
specimenswere only used to extend the calibration curve between crack lengths and potential drops over a wider range of initial crack
lengths. We examined several different approaches to calibrating potential drop measurementswith crack length. Early workers
developedcalibrations between potentials normalized by a reference potential (Ug) and crack lengths normalized by either initial crack
lengths or specimen dimensions. For example, Ritchie (8} and others [12] have used the preduct of the specimen width and voltage
gradientin an uncracked region of the specimen for U,; whereas Huang [3-5] and others{12,13] have used the initial value of potential
drop for Ug. However, the former method requires an additional set of leads and measurements, while the latter can lead to calibration
curves that are sensitiveto crack and specimen geometry. Indeed, we found that normalizationagainst initial values of potential and
crack length gave calibration curves which were very sensitive to specimen geometry (especially smooth versus side- grooved
specimens), and slightly sensitive to crack geometry (especially fatigue pre-cracked versus blunted). More recently it has been
suggested that using a potential drop at a fixed value of crack length to width ratio(a/w) for U, results in a calibration curve that is less
sensitive to material and geometry.[9,10] Accordingly, we found that the potential data were collapsed when the crack length was
normalized by specimenwidth and the potential drop data were normalized against the potential drop at an a/w =05 fora particular
specimen geometry (ie, size and either grooved or ungrooved). Thisis shown in figure 3. This calibration was used to evaluate single

specimen J-Aa curves.
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Figure 3. Potential drop normalized by values at a/w=.5 versus crack length to specimen width ratio. The fitto the data is shown asthe
solid fine.

Representative single specimen J-Aa curves are shown for several specimen geometries in Figure 4. The end point data in Fig. 4 were
obtained from fractographic measurementsof Aa.  The procedure outlined by Hacken et. al. [10] fixes the end points (ao and a¢) to the

directly measured values, and hence the values of Aa determined from potential drop measurements agra exactly here, This procedure
alsocalculates J incrementally fromloaddisplacementdataand values of a between a, and a; calculated from potential drop, and hence
the end point values of J differ slightly in some cases. The largest source of uncertainty in the procedure is in establishing the point of
crack initiation. However, where comparisons could b« made, fractographic indications of initiation were in agreement with predictions
based on potential drop measurements. Althoughto date there are insufficient data to compare single specimen J-Aa curves to multiple
specimen curves for all the specimen geometrieswe investigated, where comparisons could be made there was reasonably good
agreement. This isshownin Table 1

The dependence of Jic and T on specimen size ad side grooving is alsoshown in Table 1. The values of Jie for the 12mm thick
specimens were in reasonable agreement With the values obtained fmm multiple specimen testson the square CT specimen (220 kJ/m2).
This is larger than the value of Jic = 95 kJ/m? form - 9reported by Huang and Wire (3), hut the particular heat reatment investigated
here results in @ somewhat lower yield strength and higher ductility, so that a higher Jic is not unexpected. There appears to be a
systematic decrease in Jiz With specimen size in the smooth specimensand it is somewhat aggravated in the side-grwved specimens.
Because of therelatively large toughnessand low flow sSmss of of the materialexamined, the minimum thickness required 1 meet the

ASTM validity criteria for Jic (ie, B > 25 Jic/oy) is approximately 9 mm, which islarger than the two smallest specimen sizes, smooth
and side-grooved. Although there have been argumentsto suggest that Jjc should increase with decreasing size below the minimum
thickness, the opposite has been observed in a number of instances, particularly when the test material has high toughness relative to
strength. (15,16] On the other hand, side grooving decreases the tearing modulus, but there appears to be less of a systematic
dependence of T on specimen size.
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Figure 4. Representative J-Aa curves obtained from potential drop data for the a) 12.8 mm and b) 4 mm thick specimens.

Table 1
Comparison of Potential Drop and
Multi-Specimen Data

B $G? |Jic (kJ/m?) T
PD! [MS2 |PD! |MS2 1p al D
12mm [No  [262 239 [376 [406 szTEt.? ime TCTStt
Yes (249 277 |225 221 3Bal;ed olzneclt?::ir:ed ‘Bsata
8mm |[No [180 [165 [377 [397
Yes |113 |[--- 326 [---
4mm |[No |158 [1133 [439 [555
Yes |77 ]--- [299 |---
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In any event, the relatively good agresment between potential drop and multispecimen data and the insensitivity of the calibration curve to
specimen and crack geometry suggest these techniques will be applicableto irradiated specimens. Thisis suppotted by results from low
temperature testing which are shown in figure 5. Here, Jic values obtained from the three specimen sizes are plotted asa function of test
temperature along with data obtained from largespecimens. These large specimen data were converted from valid K (ASTME399) data
by Jic =Ki¥E(1-v2). The validity lines for 4 mm, 8 mm, and 12nun thick specimensare also superitnposed.(Data below these lines
meet the ASTM size criteria.). As can be seen at the lower temperatures where Ji¢ is reduced and o, increased relative to the values of

the material at ambient temperature, the J1¢: data matches well with values determined using ASTM standard E399 and specimens meet
E813 size requirementsfor all specimen sizes.

500 . T . r
400 | TS~ - .
- -.._q_.-\\ O E399 Specimens
. TS ® 12 mm Specimens
300 - q-""-.,. .
__E ________ ~~. B 8 mm Specimens
=} e »
x T © 4 mm Specimens
2 - ... = [
wor . Validity for 12 mm
o ] ]
= \’ ---- Validity for8 mm
Ll 3 ° 1 — Validity for 4 mm
| I .
Bo
0 M 1 N
-200 -100 0 100
Temperature (°C)
Figure 5. LOW temperature test results for all specimen sizes,
SUMMARY AND CONCLUSIONS

We have investigated the applicability of electropotential drop techniques M obtaining J-Aa curvesfrom single specimenscompatiblein
volume and geometry with HFIR irradiation volumes. Both smooth and side-grooved specimensvere examined.  When the crack
length was normalized against specimenwidth and the potential was normalized against a reference potential obtained at a crack to width
ratio of a/w = 0.5 fora given specimen geometry, the data were collapsed for the range of specimen geometriesinvestigated. J-Aa
curves obtained firam potential drop data were in good agrssment with multispecimen data. A systematic decrease in Ji¢ with specimen
thickness was observed for both side-grooved and smooth specimens. The tearing modulus was reduced by side grooving but was less
dependenton specimen size. Smallervalues of Ijc and larger values of Flonstress obtained at lower test temperatures resulted in
satisfaction of the ASTM size criteria for obtaining fracture toughness information for even the smallestspecimens. Similar material
property changes anticipated in irradiated materials should permit the use of smaller specimensin HFIR irradiations.

FUTUREWORK

Work will continue on both ferritic and austenitic steels, with an emphasis on identifying viable techniques for lead attachment in
specimens containing helium.
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DESIGN, FABRICATION, AND OPERATION OF HFIR-MFE RB* SPECTRALLY TAILORED IRRADIATION
CAPSULES - A. W. Longest, D. W. Heatherly, E. D. Clemmer (Oak Ridge National Laboratory), and J. E. Corum (Midwest
Technical, Inc.).

OBJECTIVE

The objective of this work is to design, fabricate, and operate irradiation capsules for irradiating magnetic fusion energy
(MFE) first-wall materials in the High FIux Isotope Reactor (HFIR) removable beryllium (RB') positions. Japanese and U.S.
MFE specimens are being transferred to RB* positions following irradiation to 7.5 dpa at temperatures of 60, 200, 330, and
400°C in Oak Ridge Research Reactor (ORR) experiments ORR-MFE-6J and -7J.

SUMMARY

Design and fabrication of four HFIR-MFE RB* capsules (60,200,330, and 400°C) to accommodate specimens previously
irradiated in spectrally tailored experiments in the ORR are proceeding satisfactorily. These capsule designs incorporate
provisions for removal, examination, and re-encapsulation of specimensat an intermediate exposure level of 16 displacements
per atom (dpa) en route to atarget exposure level of 24 dpa. With the exception of the 60°C capsule, where the test specimens
are in direct contact with the reactor coolingwater, the specimen temperatures (monitored by 21 thermocouples) are controlled
by varying the thermal conductance of a small gap region between the specimen holder and the containment tube.

Irradiation of the 60 and 330°C capsules was successfully started upon return of the HFIR to full power operation on
July 17, 1990, As of September 30, 1990, these two capsules had completed 11/2 cycles of their planned 14-cycle irradiation
to a damage level of 16 dpa. Fabrication of parts for the other two (200 and 403°C capsules) is nearing completion. Assembly
of the 200 and 4X0°C capsules is scheduled for completion by the end of FY 1991; operation of these two capsules will follow
the first two (60 and 330°C).

Capsule design and preparation of fabrication drawings for re-encapsulation of the MFE specimens after 16 dpa into
two dual-temperature capsules (60/200 and 330/400°C) are scheduled to be completed in FY 1991.

PROGRESS AND STATUS

Introduction

A series of spectrally tailored irradiation capsules are being designed, fabricated, and operated as part of the U.S./Japan

collaborative program for testing MFE first-wall materials in mixed-spectrum fission reactors. The test specimens are being
irradiated in the new RB* facility' of the HFIR.

The first four HFIR-MFE RB* capsules were designed to accommodate Japanese and U.S. specimens previously
irradiated to 7.5 dpa at temperatures of 60, 200, 330, and 400°C in the ORR in spectrally tailored experiments ORR-MFE-6J
and -7J. Details of these ORR experiments, including descriptions of the test matrix, mechanical property specimens, and
techniques of spectral tailoring, have been reported elsewhere.”

The first four HFIR-MFE RB* capsules will be irradiated in pairs (first the 60 and 330°C capsules, then the 200 and
400°C capsules) to a damage level of 16 dpa. After these four irradiations, the test specimenswill be removed, examined, and
approximately one-half of them re-encapsulated into two dual-temperature capsules {60200 and 330/400°C) for irradiation to
24 dpa. Hafnium liners are being used to tailor the neutron spectrum to closely match the helium preduction-to-atom
displacement ratio (14 appm/dpa) expected in a fusion reactor first wall.

60°C Capsule

The 60°C capsule, designated HFIR-MFE-60J-1, is an uninstrumented capsule with the test specimens in contact with
the reactor cooling water. Capsule design, assembly, and details of the specimen loading were described previously.'

Irradiation of this capsule began July 17, 1990, at the start of HFIR cycle 289. As of September 30, 1990, 1 1/2 cycles
of its planned 14-cycleirradiation to a damage level of 16 dpa had been completed. Specimen operating temperatures in this
capsule are predicted to be within 10°Cof 60°C.
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330°C Cansule

The 330°C capsule, designated HFIR-MFE-330J-1, is an instrumented and singly contained capsule where the specimen
temperatures are monitored by 21 thermocouples and controlledby adjusting the thermal conductance of a small gas gap region
between the specimen holder outer sleeve and the containment tube. This capsule is cooled with 49°C reactor cooling water
flowing downward over the containment tube surface. Capsule design, assembly, and details of the specimen loading were
described previously.*®

Irradiation of this capsule began on July 17,1990, at the start of HFIR cycle 289. As of September 30, 1990, 11/2 cycles
of its planned 14-cycleirradiation to a damage level of 16 dpa had been completed. Measured temperatures from the 21 ther-
mocouples in the aluminum alloy specimen holder indicate that specimen operating temperatures are within 25°C of 33(°C,
which satisfiesthe temperature criterion for these experiments.

400°C Capsules

The 200 and 400PC capsule designs were described previously' and are basically the same as that of the 330°C capsule.
The main differencesin the three capsule designs are associated with (1) the number and spacing of the specimen holder slots
and holes to accommaodate the differentspecimen loadings, (2) the width of the temperature control gas gap region between
the specimen holder outer sleeve and containment tube to obtain the desired specimen temperatures, and (3) the test piece
included in the aluminum plug and holder above the test specimen holder to obtain extra information.

Fabrication of parts for both capsules is nearing completion. Assembly of the capsules is scheduled for completion by
the end of FY 1991. Operation of these two capsules will follow the first two (@0and 330°C).

HFIR-MFE RB* Facilities

Facility preparations required for operation of the HFIR-MFE RB* capsules were completed during the report period.
Preparations completed included final checkout of Materials Irradiation Facility No.3 (MIFJ), which is being used for the
HFIR-MFE-330J-1 capsule; connection of the instrumented 330°C capsule to the MIF-3 facility; and installation of a storage
rack for HFIR RB* capsules at the west end of the HFIR pool.

FUTURE WORK
Assembly of the 200 and 404°C capsules is scheduled to be completed in FY 1991.

Capsule design and preparation of fabrication drawings for re-encapsulation of specimens after 16 dpa into two dual-
temperature capsules (60/200 and 330/400°C) are scheduled to be completed in FY 1991
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APPLICATION OF BALL PUNCH TESTS TO EVALUATING FRACTURE MODE TRANSITIONIN FERRITIC STEELS,
J. McNaney, G. E. Lucas, G. R. Odette (Universityof California. Santa Barbara)

OBJECTIVE

The purpose of this study was to examine ball punch test techniques for determtining fractured e transition behavior in ferritic steel
specimens as small as TEM discs.

SUMMARY

An investigationwas made of the applicability of a ball punch test to evaluating the fracture mode transition in ferritic steel specimens
equivalent to transmission elecron microscopy [TEM) discs Both static and dynamic test conditions were examined in specimens with
and without several intentional defects. High displacement rates (> 4 mmys) resulted in adiabatic heating of the specimen during testing.
Smooth specimens were found to provide more reproducible and useful data than specimens containing holes and grooves. A good
correlation was found between the absorbed energy beyond maximum load and fracturemode transition, with the latter characterized by
either fractureappearance or Charpy impact energy.

PROGRESS AND STATUS
Introduction

A variety of techniques have been examined for extracting mechanical properties from specimens with relatively small volumes for the
purpose of optimizing irradiation volumes available to fusion reactor materials developmentefferts.(i] For this purpose. several studies
have examined ball punch tests applied to transmissionelectron microscopy (TEM) disC geometries to evaluate strength and ductility
paratneters, and in some instances fracture mode transitien.(2-7] In this study, we were particularly interestedin using the ball punch
test to characterize fracture mode transition in ferritic steels. Fracture mode transition is a phenomena that may be potentially limiting to
ferritic steels in fusion reactor environments,[8)] and we have a number of inadiation experiments either planned or completed which
include TEM-disc-type specimensof ferritic steels. However, most of the ball punch tests reported in the literature to date have been
conducted under slow strain rate conditionson s m t h specimens. We wanted to investigate the applicability of the technique under both
static and dynamic conditions on specimens containing a number Of different intentional defects, and to identify the most important test
parameters forcharacterizingfracture d € transition.

Experiment

Tests were performed on specimens taken from fiveferritic steels. rwo of which were in two different metallurgical Conditions. The
steelsand their nominal compositions are listed in Table 1. The A302B plate, A508 forging, and Linde 80 weld were low alloy, pressure
vessel steels with a tempered bainite microstructure.[9] The A508 material was in the as-forged condition as well as re-austenitized at
1038°¢ for 1h.[10] In addition, the Linde 80 weld was availablein both unirradiated and irradiatedconditions. The irradiated material
had besn exposedto a neuen flux of 3.6 x 1012 nfem2-s to a fluenceof 2.6 X 1019 n/cm?2 at a temperature of 305°C.[9] The HT-9
was taken from the stress-relieved condition of the ESR heat, and had a tempered martensitic structure.[11] The HSLA steel was an
ASTM A710 class of steel with a polygonal ferrite structure.[12] These steelswere selected to provide a range df mechanical properties

and microstructures. In addition, mechanical property and fracture mode transition data were available for these steels from previous
studies,[9,10,12,18)

Table 1
MAJOR CONSTITUENTS OF ALLOYS
{(weight %)
Alloy cC O Ni Mn Si Cr Mo ¥ Nb

A302B 023 020 017 147 026 005 052 - -
WELD 012 040 060 136 051 o OHM4 - ="
A8 022 002 063 064 028 034 058 002 -
HSLA 0.04 118 097 060 028 073 018 - 0.04
HT-9 020 0.07 051 051 017 121 104 028 -
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Specimens were fabricated from each material by sectioning coupons from available material, lappingthe couponsto the desired
thickness and punching 3 mm diameter disc specimens from the lapped couporis. The coupons were lapped to thicknesses between 0.25
to 0.28 mm, except the Linde 80 weld, which was already available as lapped coupons 0.45-0.53 mm thick. In punching the discs, the
coupons were clamped between the punch and follower rod with a force of 15¢ N. The resulting specimenswere flat with a thickness
variation less than 1% across the disc.

The effects of two intentional defects were examined in some detail. Concentric through holes were machined into specimenswith a

0.2 mm diameter carbide drill. In addition, annular troughs were machined into specimen surfaceswith a hardened steel trepanning tool.
The resulting concentric troughs were 1 mm in diameter, with a trapezoidal cross section 0.13 mm in nominal width at the base, 0.2mm
at the top and 0.1 mm deep. It was anticipated that such defects would concentrate elastic stressesby as much as a factor of 2.[13]

Specimens were tested on both a screw-driven instrumented load frame (for static and intermediaterate tests) and on a drop tower (for
dynamic tests). In each case, the specimens were deformed within a punch fixture placed within a temperaturebath. The punch fixture
is shown in Figure 1. It consisted of an upper and lower die which clamped the specimen in a recess in the lower die. The specimen
temperature was monitored by a thermocouple placed within 1 mm of the specimen circumference. A hardened steel punch tipped with a
1 mm diameter ball was used to deform the specimen into a shouldered recess 2!mm in diameter. For temperatures of 75 K and 298 K
down to 140 K, a liguid nitrogen-organic solvent bath was used to immerse the entire punch fixture. For temperatures between 75 K and
140 K, a concentric dual bath was used. The outer bath was filled with liquid nitrogen. The inner bath was maintained dry (to avoid
icing of the fixture) with forced, pre-cooled nitrogen gas. This cooled the specimen down to about75 K. The desired specimen
temperature was achieved by adjusting current through heating tape imbedded in the specimen fixture. Specimen temperatureswere
maintained to within +1 °C during the course of a test in either environment. Load on the specimen was monitored as a function of

punch displacement throughout each test. Following testing, selected specimens were examined by scanning lectron microscopy.

Top Plate

Alignment Pegs (2)

N
—_al OO

Bonom Plate

Figure 1. Schematic illustration of the ball punch fixture

Results

Materials varied in their reproducibility in load-displacement behavior, with  HT-Oand the HSLA steel showing the best and A302B the
worst. A typical set of load-displacement curves as a function of test temperature are shown for the HSLA steel in Figure 2. At ambient
temperature, the load-displacement curve is characteristic of a ductile metal, showing a) an initially linear-elastic regime followed by b) a
deviation from linearity, c) an inflection in the rising load-displacement curve, c[)a maximum and e) a sudden drop in load. These have
been interpreted as a) an initially elastic response, b) the formation and spread of yield zones to form a plastic hinge at the specimen
center, ¢) work hardening and the transition from bending to membrane stretching, d) localized necking and e) fracture,
respectively.[3,17] At ambient temperature it is clear that failure occurs by ductile fracture at the circumference of the contact area were
plastic strains are maximum.[14,15] As the test temperature decreases, the effective flow smss of the material, and hence the lced for a
given punch displacement, increases; however, the punch displacement at maximum load and at failure decreases. At the lowest
temperatures, the specimen fractures at the maximum load largely by cleavage. However, it is imponant to note that even at these low
temperatures both the load-displacement curves and the SEM micrographs showed evidence of yielding and substantial plastic
deformation prior to fracture. The increase and decrease in maximum load with decreasing temperatureis analogous to the behavior of
maximum load in instrumented Charpy testing of ferritic steels.[19]
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Figure 2. Load-displacernent curves as a function of test temperature for the HSLA steel.

We analyzed the data several ways for each material M correlate changesin tte fracturemode with changes in the load<lisplacernent
curve. Thisincluded examining total displacement to failure, displacementto maximum load, and plastic energy absorbed in deforming
the specimenup to the maximum load and beyond the maximum load. Each Ofthese shows a transition from relatively low values at low
temperaturesto higher values at temperaturesapproachingambient. The most dramatic "transition," however, was evidenced by the
energy absotrbed beyond maximum load (AE). Anexample is given in Figure 3 for the A508 steel. With decreasing test temperature, a

very steep transition to AE =0 occurs when cleavage fracturebecomes predominant.

Increasingdeformationrate and intentionaldefects were found to degrade the utillity of the bell punch data for monitoringfrachre d e
mansiden, Tests performed under dynamicconditions(ie, displacementrates of abut 4 - 200 mmy/s) were found to change the fracture
d eat75K from cleavage to ductile fracturein the steelsexamined. Simplecalculationsindicated that heating firom plastic deformation

100
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Figure3 Absorbedenergy beyond maximum load as a function 0f test temperature for the A508 stez!.
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was sufficiently adiabatic under dynamic conditions to elevate the specimentemperature above the transition. The effect of a concentric
hole was to indeed promote fracture, presumably by stress intensification; however, once initiated, cracks grew radially. At low
temperatures, the stress field falls off in the radial direction,[ 14} and hence the cracks grew stably. This produced loaddisplacement
curves with no obvious features corresponding to fracture, even when the fracture mode was cleavage. Finally, the presence of an
annular mough also promoted fracture and lead to rapid crack propagation around the trough circumference, thus producing a marked
drop in the load-displacement curve. However, differences between loaddisplacement curves obtained at high and low test temperatures
were less pronounced in specimenscontaining troughs than those without. Consequently, the optimum test conditions for monitoring
fracture mode transition in these small disc specimens appear to be Svooth specimens tested under static conditions. To ensure optimum
data resolution and temperature control, subsequent tests were conducted at displacement rates of 0.04 mmy/s.

Several approacheswere taken toward identifying transition temperaturesin the ball punch data that were correlatable to Charpy V-notch
(CVN) data The correlation leading to the best fit was found to be between the 41 J transition temperature (T41) in a CYN test and

temperatures (TSP) at AE =4.5 and 9 mJ for the 0.25 mm and 0.5 mm thick specimens, respectively. This correlation is shown in
Figure 4. The slope of the curve for both the .25 mm thick specimens and the 0.5 nun thick specimens is 0.189 °C/°C.  Accordingly,
for the A508 steel re-austenitization induced a 150 "'C shift in T4j, and a corresponding 33 °C change in TSP was observed; and in the
Linde 80 weld, irradiation induced an estimated shift of 144°C in T4 [18], and a change of 29 °C in TSP was measured.

As can be seen in Figure 4, TSP for the 0.5 mm thick specimens lies below that for the 0.25 mm thick specimens. A possible
reason for thisis as follows. It has been argued that the applied tensile stress should exceed some critical value or* for cleavage initiation
insmooth and blunt notch specimens.{8]1 Values of o¢* have been previously measured for the steels investigated here and range from
1800 MPa to 2400 MPa.[1(] A nurber of analytical and numerical calculations of the stress and strain dismbution in a sheet specimen
undergoing hemispherical punching indicate the maximum stresses achieved during punching are of the order 0.7, where x is defined in
the constitutive relation ¢ =xen.[14-16] From previous analysesof tensile and instrumented Charpy data on these steels,[9-12] upper
estimates of values of « at temperatures corresponding to AE = 0 are of the order 2000 MPa, and hence, maximum calculated stresses at
cleavage fracture would be in the range of 1400 MPa to 1600 MPa. This suggests that some stress intensification occurs, probably due
to local necking, with stress intensification factors of the order 1.2 - 1.4. Indeed, this is consistent with the significant plastic
deformation and surface roughening observed to occur prior to cleavage fracture in our tests. Moreover, it is expected that for a given
amount of local necking, the stress intensificationwould be smaller in the thicker specimens, thus requiring a lower test temperature to
achieve conditionsfor cleavage fracture Moreover, this small degree of stress intensificationrelative to stress intensification factors of
about 2.2 in Charpy testing[19] is consistent with the smallerchanges in transition temperature (by about 5 times) exhibited in the disc
specimen test compared to CY N tests. That s, increasing stress intensification (M) should increase the slope of the temperature
dependent yield stress (oy) relation at the point where Mo, = o¢*, and hence, increase the change in the temperature at which this equality

is satisfied for the changes in either &, or ap*
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o
-210 1 L 1 IR | 1 1 1 1 L
-100 -50 0 50 100 150 2090

Ta1(°C)

Figured. Correlation between the 41 J transition temperature in CVVN specimens and the temperature at 4.5 tmJ and 9 mJ of absorbed
energy beyond maximum lIced in the ball punch tests on 0.25 mm and 0.5 mm thick specimens, respectively.
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CONCLUSIONS

We have investigated several test parameters pertinent to obtaining fracture mode transition information ON ferritic stes!l disc
specimens from a ball punch test It was found that dynamictesting of such small specimensleads to adiabatic heating, and hence testing
was limited to static rates. While small concentric holes indeed promote crack initiation, the cradss grow stably into a falling radial stress

field, and fracturemode uansition is not obvious from load displacement data. Annular troughs also promote fracture, but the
differences in load-displacement behavior between ductile fracture and cleavagefracture regimeSare reduced. Hence, the bulk of the
testingwas performed on smooth specimens. It wes found that test temperaturesat values of absorbed energy AE =45 mJ for

025 mm thick specimensand 9mJ for 05 mm specimens correlate well with the 41J transition temperature in CVN tests, and hence

changes in transition tempetature induced by either thermal conditioning or irradiationcould be monitored by ball punch techniques.
However, the ball punch test is less sensitive to changesin transition temperature than the conventional CVN test,

FUTUREWORK

The test is being consideredfer severalirradiationexperiments.
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DEVELOPMENT OF PRESSURIZED TUBE SPECIMEN FOR CREEP TESTING OF BERYLLIUM - W. S. Neef, R W. Moir (Lawrence
Livermore National Laboratory), E. K. Opperman (Westinghouse Savannah River Company), and M. L. Hamilton
(Pacific Northwest Laboratory)

PURPOSE

The purpose of this work was to demonstrate that creep tests could be performed on beryllium in the same
pressurized tube geometry as i s commonly used in the FFTF/MOTA.

SUMMARY

The ability to fabricate a pressurized tube specimen from beryllium was successfully demonstrated. The
specimen failed at a midwall hoop stress of about 32 ksi in a burst test at 500°C.

PROGRESS AND STATUS
Introduction

Most of the proposed ITER blanket desians call for the use of bervllium as a neutron multiolier to increase
the tritium breeding ability of the blanket. In addition to its excellent neutron muTtiplication
characteristics, it is also a low activation material with high thermal conductivity. The main issues
related to the Ljse of beryllium focus on thermal and tritium transport, mechanical performance, and
compatibiTity.[}] As a nonstructural material that will probably rely on stainless steel for its support,
the most important performance questions concern deformation, stress on structural components and thermally
induced cracking. Due to the previous use of beryllium in both the fission reactor and aerospace programs,
a significant data base exists for the thermal, mechanical, physical and irradiation behavior of beryllium,
primarily in the form of relatively dense material containing 1to 2 weight percent BeQ. Lower density
forms of beryllium are proposed, however, for ITER blanket designs.

The baseline physical properties of beryllium are fairly well understood.l Mechanical properties,

however, are rather sensitive to microstructural variations as well as impurities, both of which are
dependent on fabrication techniques. While beryllium will not be a structural component in the blanket, it
i s nonetheless important to identify conditions of differential thermal expansion, swelling and creep where
the material will crack. Only minimal data are available on the effects of radiation on the properties of
beryllium in the temperature range of interest. In particular, irradiation creep needs to be determined to
predict the stress relief arising from stresses generated by differential swelling and by contact between
beryllium and steel.

Creep data on beryllium are virtually non-existent, particularly under neutron irradiation. One of the most
successful means of generating irradiation creep data has been through the use of pressurized tubes in the
FFTF/MOTA. The current effort was designed to demonstrate not only that such specimens could be
successfully fabricated from beryllium but also that burst tests on such specimens would provide valid data,
i.e., that failures would occur in the main body of the tube rather than in association with the end
hardware attachments.

Experimental Procedure

Pressurized tube specimens comprise a tube and two end caps, one of which has a small machined hole which is
closed with a laser weld after specimen pressurization. The end caps are typically made of the same
material as the tube and are welded to the tube by an electron beam process. Welding in this case was
viewed as undesirable due to the likelihood of enhanced susceptibility to radiation damage in the
recrystallized zone occurring in the weld joint. Brazing was considered unacceptable because no suitable
braze material is compatible with the sodium coolant in FFTF. A diffusion bonding technique was therefore
developed to enable the end caps to be attached to the beryllium tube.™ The bonds were leak checked to
verify the integrity of the bonding technique and a pressure test was performed to demonstrate the strength
of the bonds. While a number of the specimens were actually fabricated, ultimately only one leak-tight
specimen was obtained.

Results and Discussion

Brush Wellman provided the beryllium used for specimen fabrication. It was made to Lawrence Livermore
National Laboratory specification MEL 1319, which is similar to Brush Wellman specification S-65. It
contains -1%Be0 and has an average grain size (i.e., was fabricated from an average powder size) of -12 um.
Nominal rogm temperature values of yield strengrlq/and fracture toughness are 35 ksi (minimum) and

10 ksi{in) ™, respectively (241 MPa and 11 MPa(m)"?).
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Drawings of the specimen components are shown in Figure la. The beryllium tube and end caps were machined
from solid rod stock to very tight tolerances to ensure a successful diffusion bond. The thermal expansion
characteristics employed are given in Figure 2. The tube specimen was nominally 0.1800 % 0.0005 inches
(4.572 + 0.0127 mm) in diameter with a wall thickness of 0.0145 inches (0.3683 mm). The wall thickness was
reduced slightly (0.0005 inches, or 0.0127 mm} at the ends to create a ledge on which the end caps rested.
The end caps were straightforward plugs, i.e., similar to the standard end cap but without grooves for
radiography, etc. The components were diffusion bonded at 1160*C for one hour in a vacuum chamber that
measured 107® to 1077 torr at room temperature.

The first bonding attempt employed a molybdenum fixture split at its center plane and bolted together. The
thin film of release agent between the two halves of the fixture led to a slight loss of axial symnetry
within the fixture and resulted in small leaks in the finished specimen at positions located 90° from the
split line of the fixture.

The second attempt successfully employed both beryllium rings and molybdenum backup rings, as shown in
Figure Ib. The beryllium rings were placed on the outside of the specimen to facilitate the bonding
process, as shown in Figure Ib, while the molybdenum backup rings were used to hold the assembly together.
No attempt was made to prevent the beryllium ring from bonding to the outside of the beryllium tube; while
the ring was left in place for the current demonstration, it was to be machined away for any creep tests
placed in the FFTF/MOTA. The molybdenum rings were allowed to fall off the assembly as i t cooled from the
diffusion bonding temperature.

The molybdenum rings were 0.25 inch (6.35 mm} thick and measured 10 inch in outer diameter by 0.50 inch
inner diameter (25.4 x 12.7 mm). The beryllium rings were 0.25 inch thick, 0.50 inch in outer diameter, and
0.18 inch inside diameter (6.35 X 12.7 x 457 mm}. NO drawings exist for these components; rather, the
rings were machined to fit the tube so the nominal diametral clearance was 0.001 inch (0.025 mm} at both the
0.18 and 0.50 inch (4.57 and 12.7 mm} diameters.

A Cu-Ni tube was brazed with Q-SIL (28% copper, balance silver) to the Filllplug to pressurize the specimen
for this demonstration as shown in Figure Ib. Titanium hydride powder was mixed in a 30:1 ratio with a
lacquer-based carrier and painted on the surfaces to be brazed to enhance the wetting of the beryllium by
the braze. Brazing a Filltube was chosen in this case instead of using the standard laser-welded fill hole
to facilitate leak testing of the assembly with helium prior to the burst test. The specimen was soaked at
760°C for five minutes prior to brazing, which was performed at temperatures that ranged from 780 to 810°C
in a vacuum chamber that measured 10® to 3 x 1077 torr at room temperature. ~ Bffthe wetting agent had not
been used, much higher temperatures would have been required. The specimen was allowed to cool overnight
after brazing the pressurization tube into place. Several views of the finished assembly are shown in
Figure 3.

The burst test was performed at 500°C in air after stabilizing at the test temperature for about four hours.
The pressurizing medium was helium. The pressure was increased two times per minute, as shown in Figure 4,
at an average rate of about 0.775 ksi/minute (5.3 MPa/minute) until failure occurred at an internal pressure
of 6.52 ksi (45 MPa), corresponding to a midwall stress of about 32 ksi (220 MPa).™ The tube ruptured
with -3% ductility.

The ruptured tube is pictured in Figure 5. The burst was a small rupture in the middle of the tube, shown
at higher magnification under a scanning electron microscope in Figure 6. Figure 7 shows a view inside the
crack at the location indicated by the arrow in Figure 6. An optical metallograph is shown in Figure 8 of
the diffusion bonds between the tube and both the end plug and ring, taken at the end of the tube.

Figure 8 demonstrates that the bond between the tube and the end cap was quite good, with no visible gaps in
the metallographic section. A large amount of porosity is evident on the surface of the tube in Figure 6.
The same porosity is visible in Figure 8, where it is clear that the pores on the outer walls of the tube
have opened up significantly, presumably during the burst test. The fracture surface shown in Figure 7
appears to show a reasonable amount of localized deformation, most likely a result of shearing individual
grains until the pores link up.

CONCLUSIONS

Pressurized tubes can be fabricated from beryllium with beryllium end plugs. Failure in a pressure ramp
test at 500*C occurred at a stress of 32 ksi (220 MPa}.

FUTURE WORK

Specimen fabrication should be further refined to provide pressurized tubes without beryllium rings on the
ends. The parameters for welding of the laser Fillhole should be developed.



22

|-« 860 + .030————»]

I R Y I I I T Y F Y T Y Y I I T I T T

3 T 1520 5 +0005
1800 o + .0005 - - o G

* ¥ ! (Both Ends)

! |
.151 0" £.002 N
Except Ends as Noted t 1125 +.0030
015 +.005 R

+.0000
1515 ¢ -.0005 %
o —

.080 + .015
.015 +.005 R
+.0000 %2
151587 e T
i / 324 o +.001
P—Zl
080 +.015 39011084.3

Figure la. Components of beryllium pressurized tube specimen: beryllium tube, bottom plug and top fill
plug. Dimensions given in inches.



23

Mo Ring,
Be
BC Tube
Ring
Be /
Plug
T
N
N
%’//‘
—— 25— /
%
Cu-Ni Tube TW
- u \
Braze
Material

Figure Ib. Pressurized tube assembly with beryllium rings and molybdenum backup rings.

inches.

/ Be Ring

Be Fill Plug

39011084.2

Dimensions given in



24

< Berylllum 304 Stainless Steel

0.016
Copper Nickel

e Monel 403
0.014 —

Kovar

- -, , SAE
0.012 / 1020
87

= | / Steel
Q
§ S
< 0.010 [— ‘
g 446
? A Stainless
S B Steel
%]
=
g 0.008 [
o 97% Alumina
S = Ceramic
=
a
0.006 [—
Vacon 70 Molybdenum
B Tungsten
0.004 —
Graphite
0.002 —
B Fused Quartz
o L& ' i | z |
1} 200 400 600 800 1,000 1,200
Temperature (°C)
390110841

Figure 2. Thermal expansion characteristics of beryllium compared to other materials.



25

Figure 3. Pressurized tube of beryllium after removal of molybdenum backup rings, showing beryllium rings
attached to ends of specimen.
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Figure 4. Pressure ramps data for burst test at 500°C.
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Figure 5. Rupture tested specimen of beryllium Figure 6. Scanning electron micrograph of crack
showing failure location in beryllium burst test tube.

Figure 7. Scanning electron mictograph of inside
of crack at location shown by arrow in previous
figure.

Ring |

Figure 8. Optical metallograph showin?_porosity,
bond between beryllium ring and berryllium tube
(left arrow), and bond between beryllium tube and
beryllium end cap (right arrow).
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NEUTRON DOSIMETRY FOR THE MOTA-IF EXPERIMENT IN FFTF - L. R. Greenwood and L. S. Kellogg, Pacific Northwest
Laboratory(®

OBJECTIVE

To provide dosimetry and damage analysis for fusion materials irradiation experiments.

SUMMARY

Neutron fluence and spectral measurements are reported for the MOTA-IF experiment in the Fast Flux Test
Facility (FFTF). The irradiation was conducted from November 18, 1987, to January 8, 1989, for a total
exposure of 335.4 EFPD. The maximum fluence was 12.7 x 10% n/cm?, 9.56 x 10?% above 0.1 MeV producing 39.1
dpa in iron. Neutron energy spectra were adjusted at three positions and gradients were measured at nine
other locations.

PROGRESS AND STATUS

Twelve dosimetry capsules were positioned at different axial locations in the MOTA-IF assembly. Each stain-
less steel capsule measured about 2.1 cm long by 0.48 an o.d. and contained dosimetry wires for either spec-
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contained Fe and 0.1% Co-Al alloy wires. The Co, Sc, U, Pu, and Np materials were separately encapsulated
inV.

Following irradiation, each dosimetry capsule was opened in a hot cell and each individual monitor was iden-
tified and mounted for gamma analysis. The measured activities were then converted to saturated activities
by correcting for the sample weight, atomic weight, isotopic abundance, gamma absorption, reactor power
history, and fission yield, as needed. Neutron self-shielding effects were not significant since the Co,

Sc, U, and Pu were dilute alloys and the FFTF neutron spectrum has few neutrons at lower neutron energies.

Neutron burnup effects were found to be quite significant for the fission monitors and a small correction
was necessary for the *Co{n,qg) reaction. In the case of %Co, this correction can be applied using an
iterative procedure since the reaction itself is the sole source of the burnup. Hence, the burnup must be
at least as great as predicted by the measured value, namely exp{-st}, where s is the reaction rate and t
the total exposure time. Having corrected the reaction rate, the procedure can thus be repeated until it
converges. This iterative approach works quite well except for very lengthy exposures where we go beyond
the equilibrium activity. The procedure also includes the burnup of the product isotope (e.g., ®*Co). IF
we can determine the approximate ratio of the burnup reaction rate of the product isotope to that of the
target isotope, then we can simply maintain this ratio during the iterative procedure. This approach is
generally sufficient since the net corrections are not so sensitive to the reaction rates for the product
isotope. In the case of the 59Co(n,g) reaction, the maximum burnup effect was 2.8%.

Neutron burnup effects were found to be much larger and more difficult for the fission reactions. 1In all
three cases, the fission reaction is not the sole source of the burnup since the {(n,gamma) cross section
must also be included. Unfortunately, we have no measure of the {n,gamma} reaction rate. However, we can
readily calculate the rates using calculated neutron spectra. At each spectral location, neutron spectra
were provided by R. Simons (Westinghouse Hanford) based on the cycle BA irradiation. These spectra were
used with the STAY'SL computer code’ to determine reaction rates for both the fission and gamma reaction.
Since the absolute measured fission rates were not known, we assumed that the ratios of gamma to fission
were the same as the calculations and determined the total burnup cross sections from the measured fission
rates. Corrections were done separately for each fission product in order to account for the separate decay
and burnup rates for each product isotope. The results were then averaged to obtain a first order correc-
tion to the burnup effects. An iterative procedure was used to determine a second order correction, which
was found to be sufficient. The burnup corrections were thus determined to be between 10 and 25%. It
should be noted that although metal fuel was used in the IF irradiation, the 9A calculations were based on
the previous oxide fuel loadings. The effects of these changes are unknown.

In the case of #'Np, there is also concern that we can breed #®Pu, which will then also contribute to the
fission yields. Using the calculated reaction rates derived from the calculated neutron spectra, we esti-
mate that this effect may be as large as 4%. However, if the #®Pu fission yields are similar to those from

(a) Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle Memorial Institute
under Contract DE-AC06-76RL0 1830.
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Z'Np, then there may be only a small difference in the true fission rates for ®Np. It is also possible
that (gamma,n) effects are present; however, past experiments have shown that this effect is not sig-
nificant at in-core positions.

The corrected reaction rates are listed in Tables 1 and 2. _The values have an estimated absolute uncer-
tainty of about B4 although there is an additional uncertainty of about 5% for the fission reactions due to
problems in determining the burnup rates. These rates appear to be in reasonable a%reement with previous
measurements®-* except for the fission reactions. _Neither of the previous experiments made any attempt to
determine_neutron burnup corrections for the fission reactions. Hence, our values are about 20-30% higher
than previous measurements, allowing for differences in reactor power and core changes. As noted previ-
ously, the present results are for metal fuel, whereas both previous experiments were for oxide fuels.

The measured activities were used as input to the STAY*SL computer code to adjust the neutron spectra
calculated for cycle 9A. STAY“SL performs a generalized least-squares adjustment of all measured and
calculated values including the measured activities, calculated spectra, and neutron cross sections. Neu-
tron cross sections and their uncertainties were generally taken from ENDF/B-V, although new data were
available from ENDF/B-VI for the *Ti{n,p) and %Cu{n,a) reactions. The adjusted neutron fluence values are
listed in Table 3. The neutron spectral adjustments for the three positions are shown in Figures 1-3 where
the solid line is_the calculated spectrum and the dotted line the adjusted spectrum. In all three cases,
there were significant spectral adjustments. In general, the adjusted spectra reduce the flux at lower
neutron energies _but increase the flux from about 0.1 up to several MeV. The fast neutron flux is thus
higher than previously reported, mainly due to the burnup effects for the fission detectors.

Damage calculations were also performed for the three spectral positions using the SPECTER computer code.®
O?a and hflG¥m rates for Fe are shown in Table 3. Damage parameters for other elements or compounds are
also available.

Table 1
Activity Measurements at Spectral Positions (values in atom/atom-s at 291 M)
) ) 166 M67 M68

Material Reaction -59.4 cn -2.6 cm 166.3 cm
5Fa(n,p)>Mn 3.21E-12 2.72E-11 1.06E-12
Bra(n,g)>Fe 3.17e-11 3.50E-11 1.72E-11
674 (n,p)*sc 3.55E-13 2.92E-12 1.14E-13
#55¢(n,a)*sc 9.05E-11 1.15E-10 4.61E-11
3BNi(n,p)iCo 4.34E-12 4,05E-11 1.48E-12
Co{n,q)%Co 1.41E-09 2.15E-10 8.13E-10
83¢u{n,a)%®Co 1.76E-14 1.75E-13 5.54E-15
BN{ (n,x}Co 8.89E-15 B.17E-14 3.13E-15
6Ni (n,p}®Co 7.81E-14 6.96E-13 2.67E-14
235y (n, ) 7.58E-09 8.18E-09 3.19E-09
29py (n, ) 5.99E-09 8.16E-09 3.32E-09
BINp(n, f) 5.65E-10 2.02E-09 1.75E-10

Table 2

Activity Gradients for FFTF MOTA-IF (values in atem/atom-s at 291 MW)
Capsule Ht.. cm *Fe(n.p)**Mn 8Fe(n.q)%Fe ¥Co(n.q)%Co

69 -67.6 1.317E-12 3.264E-11 1.785E-09
66 -59.4 3.213E-12 3.168E-11 1.442E-09
70 -47.1 1.068E-11 3.295E-11 9.688E-10
71 -39.0 1.854E-11 2.758E-11 4.196E-10
72 -23.2 2.783E-11 3.172E-11 2.452E-10
67 -2.7 2.719E-11 3.497E-11 2.153E-10
73 15.7 2.205E-11 3.147E-11 2.201E-10
74 24.1 1.850E-11 2.833E-11 1.877E-10
68 66.3 1.062E-12 1.719E-11 8.237E-10
75 74.8 5.103E-13 1.314E-11 6.624£-10
76 108.0 4.015E-14 5.000E-12 2.751E-10
77 122.3 1.626E-14 3.607E-12 1.927E-10
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Table 3
Neutron Fluences and Damage Parameters (MOTA-IF, 335.4 EFPD, 291 M\)
(Uncertainties in %included in parentheses)

Neutron Fluence x10% n/cw? Damaae in Fe
Position Ht., cm Total >0.1 MeV >1 MeV dpa He, appm

66 -59.4 5.62 3.24 0.295 11.3 0.32
(29) (34) (22)

67 -2.6 12.7 9.56 1.74 39.1 3.07
(13) {18) (17}

68 +66.3 2.16 1.27 0.096 4.22 0.102
(28) (35) (21)
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Figure 1. Calculated (solid line) and STAY'SL-adjusted (dotted line) neutron energy spectrum for capsule 67
at -2.6 an in the FFTF MOTA-1F assembly.

The flux and damage gradients at other positions can be found from the activity gradient data in Table 2,
which is shown in Figure 4. Note that the *¥Fe and *°Ca{n,g) reactions peak outside of the core since they
are sensitive to the lower energy neutrons. The unusual behavior of the Co reaction is due to resonance
effects.

The fluence above 0.1 MeV was determined from the activity for the >*Fe(n,p) reaction. The spectral-
averaged cross section was determined at each of the three spectral positions. Since the spectral changes
are quite large, we assumed a linear dependence of the spectral-averaged cross section on the height. The
fluence above 0.1 MeV was then determined by dividing the 5"Fe(n,p) activity by the calculated spectral-
averaged cross sections. The resultant fast fluences are shown in Figure 5. Similarly, the ®Fe(n,g) and
59Co(n,g) reactions were used to determine the fluence below 0.1 MeV and the total fluence gradients are
also shown in Figure 5. Dpa in Fe was then determined assuming a fixed ratio of dpa to fluence above

0.1 MeV, the dpa gradients are also shown in Figure 5. These procedures are only approximate since we only
had three spectral measurements. Additional spectral monitors have been included with future runs in cycles
11 and 12 so that we can determine the fluence and damage gradients more precisely.
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Figure 2. Calculated ésolid line) and STAY’SL-adjusted (dotted line) neutron energy spectrum for capsule 66
at -59.4 cm in the FFTF MOTA-IF assembly.
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Figure 3. Calculated (solid line) and STAY’SL-adjusted (dotted line) neutron energy spectrum for capsule 68
at +66.3 cm in the FFTF MOTA-IF assembly.
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Figure 4. Activity gradients are shown as a function of height for the 5*Fe(n,p), *®Fe(n,g), and ®Co(n,g)
reactions.

FUTURE WORK

Dosimetry is now being fabricated for the MOTA-28 in FFTF for irradiation with cycle 12 starting in about
May 1991.

More comprehensive dosimetry will be available from cycle 11, which contains 12 spectral and 21
flux gradient sets. These samples should be received in about June 1991.

U W are also providing dosimetry
for the MFE-RB-200J1, -400J1, and JP-17, 18, and 19 experiments In the High Flux Isotopes Reactor at Oak
Ridge National Laboratory.
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MOLECULAR DYNAMICS OF COLLISION CASCADES WITH COMPOSITE PAIR/MANY-BODY POTENTIALS - S, P. Chou and
N. M. Ghoniem (University of California, Los Angeles)

OBJECTIVE

The displacement damage threshold and the size of void-defect recombination volume are two important
parameters for a fundamental understanding of radiation effects. This work is aimed at a new molecular-
dynamics code, CASC-MD, for low-energy ion collisions in solids. A composite pair/many-body potential is
developed and used for simulations of low-energy collision cascades in copper. Good agreement is obtained
with experimental data at 10 K.

SUMMARY

An empirical, composite interatomic potential is developed to describe interaction of energetic
particles by pair potentials at high energies and many-body potentials at low energies. Molecular-dynamics
studies of low-energy collision cascades are performed. The displacement threshold surface in copoer is
investigated and compared to experimental data. Our computer simulations show good agreement with'the
experimental results of King and Benedek at 10 K.

PROGRESS AND STATUS
1. Introduction

Pair-interaction potentials for the description of collision-cascade dynamics have been widely used to
investigate the transport of ions in solids and the generation of atomic displacements. Satisfactory results
have been achieved by using numerical simulation techniques such as the Monte Carlo and molecular dynamics
(MD) methods [1-14]. Displacement threshold energies, however, are generally in the range of few times the
lattice binding energy. Therefore, many-body effects are expected to be important in the sub- to tens-of-eV
range where pair potentials do not provide an accurate description of atomic interactions. Furthermore, the
many-body interaction of atoms at low energy can affect the morphology of the collision cascade because its
range of influence is greater than that of pure pair potentials. Therefore, in order to accurately treat
cascade dynamics, it is necessary to develop a more realistic treatment of atomic interactions at low
energies. A simple many-body potential based on the embedded atom method (EAM} is used in this work.

At high incident-ion energies, the interaction between the incident ion and a stationary one is pri-
marily that of a pair-interaction type. As the kinetic energy decreases, the effects of the surrounding
lattice become more significant and the interaction must contain many-body (local) contributions.

The EAM approach has been successfully applied to a variety of problems where the solid is very near its
equilibrium configuration. However, the method is not ab Initio, but rather can be viewed as a phenomeno-
logical approach that is based on density functional theory. The Hohenberg-Kohn theorem [19] states that the
total energy E[p{r}] is a functional of the electron density g(r}. The exact form of the functional depen-

dence is not unique, and empirical approaches must be followed to determine constants associated with the
assumed form. Although simpler approaches to the determination of the embedding functional and associated

constants have recently been reported in the literature [20,21], we will use the €AM approach as originally
developed by Daw and Baskes {15,16] and the approximations of Foiles [17]. It is recognized that the many-
body contributions to the potential are reasonably well represented by the EAM. However, the atomic dis-
placement process requires further knowledge of the potential at atomic separation distances that are shorter
than the range of EAM applicability. In Section 2, we describe an empirical method to determine a suitable
composite potential for copper that covers all ranges of interatomic distances. The computational method is
then described in Section 3. Results of cascade simulation in copper are given in Section 4, and conclusions
follow in Section 5.

2. Composite Potential

In order to treat the atomic interaction in a continuous manner, a potential that preserves the nature
of established interatomic potentials at the two energy extremes must be used. In our approach, Ziegler's
pair potential [22] is selected to describe the atomic interactions at the high-energy end and an approxi-
mation to the EAM many-body potential at the low-energy end. Far the transition region, a cubic-spline
potential is used which allows continuity of this composite potential throughout the entire energy range.
The high-energy pair potential is represented by Ziegler et al. [22] in the form

4
7;14e2 -buRs <
o1Rij) = ) e K0 (1)

k=I
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where Z4 and Zj are the atomic numbers of the interacting particles i and j, respectively, and Rij is the
separation distance between them; e is the electron charge; ¢y and by are constants; and ag is the“screening

length [22].

The approximate many-body EAM potential is derived by Foiles {17], based on the EAM framework originally
developed by Daw gt al. [15,16], and it has the form

3F; (pd A2F: (pad
SEAM(Rij) = #ij(Rij) + 2~*§5——l #3(Ri3) +——3iép-l [o}y(Ri 12 (2)

where F; is the embedding function for atom i,p?j(Rij) is the average local electron-density contribution

from atom j on atom i at a_separation .distance of “Ri: 4:: is the core-core pair repulsive potential
between interacting atoms i and j, and p? is the total Heraéé local background electron density from all of

the neighboring atoms on atom 1.
A transitional cubic-spline potential which bridges the Ziegler and EAM potentials is assumed as

3
#s5(Ry3) = E::dkR§j , (3)
k=0

where dy are splining constants. This assumed spline potential satisfies the following constraints:

¢Z(Rij)’R1'j=r'1 = ¢S(Rii),R1j=r‘1 ,

EaM(R13) Ry j=rp = 95(Ri ) |Ryjery

5¢Z(Rij)| _ a¢S(Rij)’
iy 'Rig=r1 T TaRy; [IRij=r1

6¢EAM(Rij)I 6¢s(Ri')|
Ry IRij=rz = TaRry; IRij=rz

The interatomic potential and force are thus continuous functions of the interatomic separation distance.
The values of ry and rz are chosen so as to reduce drastic force variations when a particle moves from one
potential regime to another. This is very critical because the force for the cubic-spline potential is only
piece-wise continuous. A proper selection of ry; and rp can reduce the degree of discontinuity in force deri-
vatives at these parametric distances. The interaction of two lattice atoms at a separation r is completely
described by the composite potential of the form:

$(Rij) = ¢7(Rj;) 0<Ryjsry
= ¢s(Rij) rL<Rijjery
= ¢eam(Rig) rgsRyjsre

where re is the cutoff distance = 5.0 /-\) for the low-energy many-body potential. It is worth mentioning
that this spline potential is flexible enough for extensions to other combinations of high-energy pair
potentials and of low-energy many-body potentials. Possible candidates for high-energy pair igteractions are
the Moliere and Kr-C potentials [22]. The distances rj and rp are chosen to be 1.5 A and 2.0 A, respective-
ly. The spline potential is not only a function of the interatomic separation, but is also a function of the
total average local electron density. For instance, in sputtering simulations, near-surface atoms sit in
different total average local electron densities than atoms in the bulk because of their neighboring atom
configurations.

Table 1 gives a typical set of fitting-parameters, dg, .for equilibrium lattice atoms in bulk copper.
The total average local electron density, g, is 0.0276 A=3. The local electron density for copper with an
FCC structure is based on the quantum mechanical wave functions of Clementi and Roetti [23], and the
embedding function for copper is derived from the work of Foiles et al. [18].

figure 1 show: ots of the composite_potential_as a function off the interatomic separation, and at
total zgverage Ioca? glectron densitlng% o% 0?02, 0.0276, and 0.03 A‘5. P
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Table 1. Spline-Potential 2.0
Parameters for Equilibrium
Local Electron Density
. 15f —0.
=
Index, k dg j_' -==0 0276
g 10} -
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Fig. 1. Composite pair/many-body potential for copper as a function
of the interatomic separation. The potential is shown for total
average local electron density, p, of 0.02, 0.0276, 0.03 A-3.

3. Computationa] Method

Because of computational constraints {e.g., the computer memory size and its speed, computing cost, and
the desired turnaround time), the MD technique can only simulate a small ensemble of atoms. It is important,
therefore, to develop appropriate boundary conditions so that simulation results are nearly size-independent.
The energy introduced by the primary knock-on atom {PKA) must be accurately dissipated in the form of atomic
displacements and at the computational cell boundaries. [1frigid boundaries are used, reflective energy
exchange with the rigid boundaries is likely to influence subsequent dynamics.

A new MD computer code, CASC-MD, has been developed to study low-energy collision cascades. With this
code, appropriate energy dissipation to below = 1e¥ is ensured in the following ways:

1. The computational cell size is varied to show that the collisional phase of the cascade dynamics is
accurately represented.

2. Two extra atomic planes are added to the computational box in the form of special viscoelastic
"boundary" atoms; thus atoms up to third nearest neighbors are included. Atoms on the third extra
plane are beyond the cutoff range of the EAM potential and therefore are not necessary.

The boundary atoms experience an incomplete configuration of neighboring atoms. To avoid the relaxation
of boundary atoms from their equilibrium positions, a balancing external force must be introduced. A spring
constant is also introduced which allows boundary atoms to oscillate around their equilibrium positions.

This spring constant k (a detailed derivation is given in the appendix) is given by

EMp

o (4)
where E is the modulus of elasticity (Young's modulus), Mg is the lattice constant, and N¢ is the number of
atoms in a unit cell. The equations of motion (EOMs) for boundary atoms are given by:

ax;
e 0 (5)
) Wiy -l k@i - Tie) + By (6)

where _X’]- and V1 are the current position,and velocity of particle i, ¢-j is the potential for particle j on
i,xie I's the equilibrium position, and Fy is the net balancing force. Adamping constant, #, is selected so
that the damping time constant is greater than the cascade propagation time across the computational box.

The main function of this fictitious force is to reduce the cascade energy reflection from cell boundaries.

The EOMs are integrated using Euler and leapfrog methods [24,25). The time step is chosen to be small
enough so that within each integration step, interatomic forces and potentials are near constant for all
particles in the system. This allows atoms in the Ziegler potential regime to move a small fraction of the
screening length for each time step. The time step is therefore dynamically computed throughout the whole
cascade simulation. A consequence of the use of dynamic time steps is that both the Euler and leapfrog
methods are accurate only to first order.
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4. Results

Figure 2 shows atomic trajectories at different times after the initiation of a 60-e¥ Cu PKA in copper
along the [110] direction in a (001) plane at 300 K. The initial and ending positions of lattice atoms are
marked by open circles. Their trajectories in between are connected using line segments. In this figure we
do not show boundary atoms for clarity of demonstration. The figure shows that the length of the linear
replacement collision sequence (RCS) reaches its final value after = 0.]5 ps. A linear replacement chain of
10.5 displaced atoms, the equivalent of a ne} displacement of about 25 A along the [110] direction, is pro-
duced. The initial speed of the PKA is 135 A/ps. The average kjnetic energy available for the RCS is about
half of the initial PEA energy. The average speed is about 95 A/ps. I1Fthe subsequent slowing down of the
RCS is considered, it is clear that the propagation speed of the RCS is faster than can be explained by the
speed derived from the kinetic energy alone.
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Fig. 2. Cascade trajectories at various times after the initiation of a 60-e¥ Cu PKA
in copper at 300 K (t = 0.03, 0.14, 0.29, 0.50 ps for, respectively, a b, c, d).

Figure 3 shows the total energy for the same 60-e¥ cascade as a function of time. The total energy of
the system starts at about 160 &¥, which includes 60 e¥ of PKA energy; the balance represents the thermal
energy content of the system of particles. The energies displayed in Fig. 3 are divided into kinetic and
potential components to show the exchange of these components as the cascade slows down. The total system
energy remains constant until boundary effects become significant at about 0.3 ps. Beyond that time, a
fraction of the cascade energy is dissipated in boundary regions. It is also shown that the exchange of
potential and kinetic energies occurs on a time scale of about 0.05 ps.
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_ Figure 4 shows the RCS and the elastic (sound) wave as functions of time. Also included is the expected
position of the Pka, If we assume that its energy Is not dissipated in the cascade and that it is free
streaming at the initial speed. The propagation of the RCS clearl¥ indicates that in near-displacement -
threshold interactions, focused collision se%uences subside very fast (on a time scale of about 0.1 ﬁg. The
sFeed_of cascade-energy propagation is much faster than the average thermal phonon (sound) speed. The
elastic wave speed, v, Is calculated for isotropic copper using the relationship [26],

vs = (E/p)V/2 (7)

where E is the modulus of elasticity and ¢ is the specific density for copper. The speed of cascade-energy
propagation is also_faster than the speed of higher order knock-on atoms. The collective motion of partici-
pating atoms in a linear RCS through the simultaneous potential field is responsible for this propagation
speed. The many-body interaction helps in this collective motion because of its long-range nature.

~ Figure 5 shows the total cascade kinetic energies for all of the atoms in the simulation system (includ-
ing boundary atoms) and for the atoms in the computational cell only (gxcludlng_boundary atoms% for the same
60-sV cascade. It can be seen that boundary atoms are not influenced by the existence of a collision cascade
until the end of the collisional phase. Therefore, the total s¥stem energy_remains unchanged until the cas-
cade energy reaches the boundary. The total system energy for the computational cell decreases because a
fraction of the energy is channeled into the boundary atoms. This behavior also ensures that there is no

energy reflection to Interfere with the cascade dynamics and indicates that the selected size of the
computational cell is adequate.

_ Figure 6 shows the maximum kinetic energy associated with ang of the recoils in two computational cell
sizes (545 _and 1301 atoms) for the same 60-ev collision cascade. Both simulations show that the duration of
the collisional phase is apBrOX|mater 0.15 ps. The kinetic energy of any of the atoms, at the end of this
collisional phase, is well below the energy necessary to cause an atomic displacement. Figure 7 shows the
cascade kinetic energy for two computational cell sizes. The cascade kinetic energy for the larger computa-
tional cell is summed over atoms which correspond to those in the smaller computational cell. At 300 k, the

initial thermal energ¥ content in the small computational cell is about 20 sv. Near thermalization is
achieved at the end of the Kinetic phase.

In Fig. 8, we compare the results of our calculations to the experimental measurements of King and _
Benedek [12) on copper at 19 K. Qur simulations indicate that while the displacement threshold energy is
around 20 ev for copper, substantially larger energy is needed to displace copper atoms along the (111} and
between the [:(0] and [100] directions. Our calculations are quite &onsistent with the experiments of King

and Benedek {12], who used a defect resistivity value of - 2.8 X 10=* ohm-cm to obtain the displacement
threshold surface.
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Fig. 3. Total, kinetic, and potential energies as Fig. 4. Comparison of RCS pr0pa%atign_With those
functions of time for a collision cascade Induced of an elastic (sound) wave and the initial PKA

by a s0-2% Cu PKA in copper.
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5. Conclusions

This study of the collisional phase of low-energy cascade evolution shows the following:
which leads to a stable Frenkel pair,
(2) The initial propagation of an RCS is much faster than the elastic (sound) wave in copper and is
showing that cascades propagate through collective atomic motions.

opment of a replacement collision sequence (RCS),
0.1 ps.
even faster than the initial PKA speed,
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in obtaining the experimental data.

(1) The devel-
is completed in about

(3) The close agreement of our MD results with the experimental data on the displacement threshold surface
indicates the usefulness of this composite potential for the simulation of low-energy ion-solid interactions.
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Appendix
The spring constant k is derived as follows. The uniaxial stress-strain relation is given by:
o = Ee ,
where a is the stress, E is the modulus of elasticity, and ¢ is the strain, given by a = F/A and ¢ = SM/M,

where F is the force, A is the area where the force is exerted, M is the length, and éM is the elongation.
Considering a slab of unit area, and a length of a lattice constant My, we can rewrite the first equation as

F = E(8M/Mg)
The total number Ny of atoms contained in this slab is:
N v 1 x Mg Ne
a3 3 Ne= 5 s
MO M3 M5
where Ny is the number of atoms in a unit cell. The last two equations yield the force per atom f as
F EMgpSM _
i M e
The "equivalent” spring constant is then given by
EMg
CT W
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FUTURE WORK

The methodology used in this work will be extended to the study of collision cascade interaction in
ceramic composite materials such as SiC.
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INFLUENCE oF COLD WORK AND PHOSPHORUS CONTENT ON NEUTRON-INDUCED SWELLING oF Fe-Cr-Ni ALLOYS - f. A. Garner
(Pacific Northwest Laboratory)(”)

OBJECTIVE

The overall objective of this effort was to determine the origin of the sensitivity of void swelling and
microstructural evolution in irradiated metals to environmental and material variables. A more specific
objective was to assist _in the interpretation of the results of the 5Ni doping experiment designed to study
the separate and s¥nerglst|c effects of helium and other variables. Two of these variables are cold working
and phosphorus content.

SUMMARY

Phosphorus additions can either increase or decrease void swelling of Fe-Cr-Ni alloys, depending on irra-
diation temperature, ghosphorus level and cold work level. The role of cold work is not always to suppress
swelling in Fe-Cr-Ni-P alloys, however, Bartlcqlarly at relatively higher irradiation temperatures, where
cold working often increases swelling substantially.

INTRODUCTION

Frequently one can generalize the action of a particular variable on a given physical process In terms of
its most oOften observed behavior, which would indicate a single major role for that variable. For example,
it_is well established that the addition of either phosphorus or silicon generally suppresses the onset of
void swelling in austenitic alloys. Recently, however, it has been shown that under some conditions the
addition of relatively low levels of either solute can substantially increase swelling in simple Fe-Cr-Ni
alloys, 1?9 as shown in Figures 1 and 2. This complex behavior is thought to indicate that two or more
competing mechanisms involving these elements are operating to control swelling and that in some cases the
competition is dominated by a secondary or tertiary mechanism.

As reviewed in reference 1, phosphorus forms precipitates at relatively high temperatures and concentration
levels and_strongly interacts with both vacancies and interstitials at all temperatures. Phosphorus also
acts to maintain dislocations induced by cold working, although this latter possibility has not been
explored preV|ousIY in simple austenitic alloys. A search was therefore initiated for previously irradiated
specimens that would allow study of the interactive effects of phosphorus and cold work.

The most extensive set of such specimens was found in the **Ni-doping helium effects experiments conducted
in FFTF on Fe-5Cr-25M1 and Fe-15Cr-25Ni-0.04P (wt%).) Unfortunately, the major influence of phosphorus
in increasing swelling lies in the range below 0.04% and at temperatures below 500°C.  In this temperature
range of the SNi experiment, density data have been measured only for the first discharge at 5.2 dpa, which
is below the threshold of significant swelling. Higher exposure ‘data are now being accumulated.

In another experiment, however, four nominally identical Fe-15Cr-25Ni alloys, varying primarily in phos-
ghorus content, were irradiated as TEM disks In the FFTF fast reactor to doses in excess of 30 dpa at 420,
520 and 600°C (+5°C) in both the annealed and 30% cold worked conditions. The compositions of these alloys
in Table 1, are identical to those that were irradiated in £8R-1I and shown in Figure 1. Immersion density
measurements were performed on two identical specimens at each condition.

One of the alloys in this experiment, E104 (Fe-15Cr-25Ni-0,055P), was also irradiated as TEM disks In £8R-i[
in the AA-XIV experiment to 14 dpa at 425, 500 and 500°C. In this experiment the alloys were irradiated in
each of the annealed {975°C/10m/WQ), 30% cold worked, and the cold worked and aged {650°C/10m/WQ)
conditions. Immersion density measurements were performed on one specimen each of every combination of
starting condition and irradiation temperature.

RESULTS

Swelling values for the FFTF irradiation were calculated from density change data and are shown in Figure 3.
Each data point, with one exception, represents the average of two separate but identical disks, whose den-
sities_agree within the =0.16% established as the convergence criterion for this measurement technique. The
eﬁceptlgn was the cold worked alloy E33 (lowest phosphorus level) at 420°¢, where some variability was
observed.
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FIGURE 1. Influence of Phosphorus on Neutron-Induced Swelling in EBR-II (AA-IX experiment) of Fe-25Ni-15Cr
at Various Combinations of Temperature and Fluence!!
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FIGURE 2. Influence of Silicon on Neutron-Induced Swelling in EBR-11 (AA-IX experiment) of Fe-25Ni-15Cr at
Various Combinations of Temperature and Fluence(l!
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TABLE 1. Phosphorus-Modified Alloys Irradiated in FFTF-MOTA to >30 dpa

E33 Fe-25.8Ni-14,8Cr (s 0.005P)
E103 Fe-24,1Ni-14.7Cr-0.013P
E104 Fe-25.0Ni-15.2Cr-0.055P
E105 F2-24,71i-15.3Cr-9. (07

12

420°C, 36.6 dpa 520°C, 34.7 dpa 600°C, ,31.8 dpa
10

® Annealed
8 B Cold Worked
Swelling
%
6
4
2
0
| | | | |
{ 0.04 0.08 0.04 0.08 0.04 0.08

Phosphorus, wt%
FIGURE 3. Swelling of Phosphorus-Modified fe-15Cr-2541 Alloys Observed in FFTF

At 420°C and 36.6 dpa the swelling behavior observed in FFTF in both the annealed and cold worked specimens
mirrors that seen in the same alloys when irradiated in the annealed condition in £BR-11 at 399 and 427°C,
|Ilustrat|n? once again the variouS outcomes of the competition of those mechanisms associated with phos-
phorus. Cold working reduces swelling at 420-c, in agreement with the general observation of cold work"s
influence. The swelling falls qU|ckI¥ at higher temperatures in the annealed low phosphorus alloy, as was
also observed In £8r-11. The curves Tor annealed materials at 520 and s00-c also exhibit the samé depen-
dence on phosphorus content as those observed in £BR-11

There were several unusual features observed In these data, however. First, the cold worked condition
swelled more than the annealed condition at 520 and 600°C. Second, and possibly even more important, the
reversal in swelling behavior with cold work was observed even in the lowest ptiosphorus alloy £33, Third,
in the cold worked condltlon_aIIoK E33 swelled more at 600% and 31.8 dpa than at 520°¢ and 34.7 dpa, as_
illustrated in_Figure 4. This behavior with temperature was unexpected and Indicates that the interactions
of cold work with both phosphorus and temperature are more complex than previously envisioned.

The density change data of alloy E104 from the £32-1( AA-XIV experiment are shown In Table 2. The decrease
of swelling with cold work at 420° is consistent with the behavior observed in FFTF. The influence of
anrea3|ng temperature at this low dose level does not yield the increase in swelling observed in FFTF,
owever.

DISCUSSION

The effects of cold working on complex alloys have been studied in many investigations, but only a few
studies have explored the effects of cold working on single Fe-Cr-Ni ternary alloys. In one recent study
conducted at very high helium/dpa ratios_in ORR, Fa-25Ni-l5Ce suffered a reduction in swelling from 1.04°to
0-2% upon 30% cold working and irradiation at 500:c to 13.6 dpa.‘® Swelling at other irradiation tempera-
tures in this experiment was too low to observe the influence of cold work. Similar behavior was observed
in Fe-15Ni-18Cr at s00°c, falling from 0.55 to -0.11%with cold work.
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FIGURE 4. Data from Figure 3 Replotted to Emphasize the Effect of Temperature on Swelling

TABLE 2. Swelling (in %) of Alloy E104 (Fe-15Cr-25Ni-0.055P) In the MXIV Experiment Irradiated in E3R-1I to 14 dpa
TemDerature. *C Annealed Cold Worked Cold Worked and Aaed
420 1.79 0.28 -0,36

500 -0.21 -0.28 TAS)]
600 -0.03 Nal2) NAle])

(@ NA = not available.

The >*yi-doping experiment at 495°c and 14 dpa showed a reduction in swelling with cold work in fe-15Cr-
25Ni 1IN the undoped condition and essentially no difference_in the doped condition, which experienced_a
higher helium/dpa ratio.®) At 600°C and 8.8 ‘dpa this experiment did not produce sufficient swelling in
Fe-15Cr-25N1 to assess the impact of cold work.!* However, there did appear to be a_slight enhancement of
swelling in_both the cold worked and annealed undoped conditions with phosphorus addition at 600°C, in
agreement with the present study.

The previously ?ublished EBR-11 studies from the aa-VII experiment!™7 all involved the irradiation of ter-
nary Fe-Cr-Ni alloys in the annealed condition. In one experiment designated AA-XI1, however, both the_
annealed and 30% cold worked conditions of alloy E20 (fa-24.4Mi-14.9Cr with <0.005 P? were irradiated side-
by-side in EBR-IT at 425 and S40°C to 18.5 and 24.5 dpa, respectively."™) The E20 alloy and the E33 alloy
of the current study are quite similar alloys prepared by the same vendor at the same time.

Note In Table 3 that the £20 alloy in £8R-[1 behaved the same as the E33 alloy in FFTF, showing a reduction
in swelling with cold work at 45T and an increase in swelling at 540°C. Figure 5_compares the behavior of
E20 in this and the earlier experiment. Note also that there 1s some variabrlity in the response of the
cold worked alloy. Such variability is frequently observed in cold worked alloys.

Table 3 also shows some previously unpublished results of another irradiation of the E20 alloy in the MXIV
experiment. At 14 dpa cold working decreases swelling at 425 and 500°C but increases it at 300°C, once
again demonstrating the reversal in the influence of cold work at higher temperatures.
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TABLE 3. Swelling Observed in Alloy E20 {Fe-24.4Ni-14.9Cr} in the AA-XI and AA-XIV Experiments in EBR-11I
Temperature,
°C, and Displacement Alloy Swelling,
Experiment Level, dpa Condition %
425  AA-XI 18.5 annealed 12.8(2)
425 AA-XI 18.5 30% CW 3.8(2)
540 AA-XI 245 annealed 1.14f2)
540 AA-XI 24.5 30% CW 4.81!")
3.61
425 AA-XIV 14.0 annealed 9.69(¢
425 AA-XIV 14.0 30% CW 2.85)
500 AA-XIV 14.0 annealed 1.80%¢)
500 AA-XIV 14.0 30% CW -0.01f!
600 AA-XIV 14.0 annealed 0.35(¢!
600 AA-XIV 14.0 30% CW 2.560¢
(a) Average swelling of four identical specimens
exhibiting very small differences in density.
(b) Separate measurements on two nominally
identical specimens.
(c) Measurement on one specimen only.
40 T T T T T
O A0°C AA-VII 425°C s40°C
® @rc  EXPERIMENT
B 454°C
0| 3 ;ﬁ»g - AAVIL -+ AA-VI -
O 538°C  400-510°C 400-510°C mi»w“c
SWELLING ,’ ” -
% / 536°C
2L -+ / = 4 / -
AA-XI 7 / 7
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/ AA)(I
/ mcou),wonxm
10 e 2 I, T /
/ AA-XI
/ AA-XI
/& 3% COLO-WORKED r/ ANNEALED
° ] -
0 & 0 0 5 0 ] s 1o 15 x 102
NEUTRON FLUENCE. n/cm? (E> 0.1 MaV)
FIGURE 5. Swelling of Alloy E20 {Fe-24.4Ni-14.9Cr) in Two Separate EBR-II Experiments. Note in the two

right hand figures that the influence of cold work reverses between 425 and 540% in the AA-XI
experiment. (8)

The action of cold work in enhancing swelling at higher temperatures may be similar to that observed
recently in pure nickel, as shown in Figure 6. Microscopy studies now in progress show that the effect

of cold work on the swelling of nickel at 500 and 600°C is to make it easier to establish (and maintain at
higher temperatures) a saturation density of dislocations early in the irradiation, a condition which pro-
motes early void nucleation. Swelling tends to saturate in pure nickel later in the irradiation because the
dislocation density drops sharply once void swelling begins. Swelling of cold worked materials at high
exposure therefore exhibits very little dependence on temperature.

Another comparison of the influence of cold work is shown in Table 4, which indicates that in FFTF
Fe-7.5Cr-35Ni exhibited the expected behavior at 420 and 520°C but that large increases in swelling were
observed at 600°C. The variability of swelling when enhanced by cold work is again highlighted by the fact
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FIGURE 6. Swelling of 99.99% Nickel Irradiated to 14 dpa in the EBR-II AA-XIV Experiment.‘® The cold

worked and cold worked and aged conditions do not exhibit the strong temperature dependence seen in the
annealed steel.

TABLE 4. Swelling Observed in Alloy E37 {Fe-7.5Cr-35Ni) in FFTF(2]

Temperature, Displacement Alloy Swelling,

o€ Level, dpa Condition

420 9 annealed -0.16
420 9 30% CW -0.26
420 46.5 annealed 0.09
420 46.5 30% CW -0.09
420 70 annealed 0.09
420 70 30% CW 0.09
520 14 annealed 0.16
520 14 30% CW 0.00
520 49.6 annealed 0.30
520 49.6 30% CW -0.36
520 75 annealed 0.02
520 75 30% CW -0.14
600 14 annealed -0.01
600 14 30% OW NM(b?
600 35 annealed 0.20
600 35 30% CW 2.50
600 60 annealed 0.12
600 60 309% CW 1.78

a) Measurements on one specimen each.
b M = not measured.
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that swelling was increased relative to that of the annealed condition at 600°C at both 35 and 60 dpa, but
was less at 60 dpa. It is not felt that swelling actually decreased on the average between 35 and 60 dpa;
rather, it is believed that the enhancement process is very sensitive to uncontrolled variables in the
experiment, often varying between nominally identical specimens irradiated in the same specimen packet.

The Fe-15Cr-25Ni alloy has been used as a standard material in a variety of irradiation studies conducted in
the U.S. fusion and breeder reactor programs. One study not mentioned previously involved the use of this
alloy in a correlation experiment between charged particle and neutron irradiations.'®!' in that study the
softness of this material was highlighted, indicating the ease with which dislocations were introduced dur-
ing specimen preparation and also the difficulty of maintaining them near specimen surfaces. Therefore,
there may be some merit to the comparison between the behavior of nickel and Fe-15Cr-25Ni with respect to
the influence of cold work at higher irradiation temperatures. Since phosphorus has been shown in type 316
stainless steel to assist in maintaining during irradiation the dislocation densities induced by cold
work,"™ this may account for the strong increase in swelling at relatively high phosphorus levels observed
in Figures 3 and 4, especially at higher temperatures where dislocations are more mobile.

Another series of ion irradiation studies by Lee and Mansur also highlighted the action of phosphorus to
maintain dislocation densities.!'*!*) |n their first study it was shown that two alloys (Fe-13.7Cr-15Ni

both with and without 0.05 wt% phosphorus) both swelled at comparable levels when irradiated in the annealed
condition to -90 dpa at 675% with nickel ions.(* This is in agreement with the neutron studies, since the
phosphorus-related peak in swelling was found to exist between these two phosphorus levels. Three other
phosphorus-modified alloys with silicon, titanium and carbon additions were each found to exhibit less swel-
ling in the annealed condition when subjected to a variety of irradiation sequences, some of which involved
helium coinjection. The compositions of these alloys are listed in Table 5.

In the second of these studies,!* the latter three alloys were irradiated at 675% in the cold worked condi-
tion, but with higher levels of helium coinjection. Figure 7 compares the swelling of these alloys in the.

annealed and cold worked conditions, each data set taken from separate publications.!!3-14 Although it is
not possible to make a comparison involving only a single variable due to the variations in helium injection

TABLE 5. lon-Irradiated Alloys Studied by Lee and Mansur(!3-19

Alloy Comoosition
B10 Fe-13.64Cr-15.15N7-0.050P
Bil Fe-13.63C4-15.20Ni-0.049P-0.18Ti-0.041C
B12 Fe-13.58Cr-15.15Ni-0.049P-0.17Ti-0.044C-0.835i
2.0
. Annealed
Swelling

% Alloy B10 Alloy B11

1. Cold-Worked Cold-Worked

Annealed

Alloy B12
] |

Cold-Worked

Annealed
I 1

| !
0 20 40 60 80 100 O 20 40 60 80 100 120

Total Displacement Level,dpa

1

FIGURE 7. Comparison of lon-Induced Swelling of Vario%s Phosphorus-Modified Alloys Irradiated at 675°C,
Showing That Cold Working Generally Increases Swelling{ld-14
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schedules, Lee and Mansur noted their expectation that both cold working and higher cavity densities induced
helium_injection should depress swelling. Note in_Figure 7 that if the differences in helium are ignored

the opposite” result is obtained; the cold worked condition of each alloy swells more than the annealed
condition.  This appears to confirm the conclusion of the current study concerning the interactive roles of
cold work and phosphorus on void swelling.

CONCLUSIONS

Phosphorus additions can either increase or decrease void swelling of Fe-Cr-Ni alloys, depending on_irra-
diation temperature, phosphorus level and the cold work level of the alloy. The role of cold work is not
always to suppress swelling, however, particularly at relatively higher irradiation temperatures where swel-
ling actually increases upon cold working. The dividing point where cold working reverses its role on swel-
ling appears to lie between 520 and 540°C for displacement rates typical of fast reactor irradiation.

FUTURE WORK
This effort will continue, focusing on microscopy examination on specimens irradiated in either FFTF or
EBR-1I.
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HELIUM MEASUREMENTS FOR THE MFE-4 SPECTRAL TAILORING EXPERIMENT - F. A. Garner (Pacific Northwest
Laboratory)® and B. M. Oliver (Rockwell International)

OBJECTIVE

The objective of this effort is to determine the role of helium on microstructural development and changes
in mechanical properties of model Fe-Cr-Ni alloys.

SUMMARY

Measurements of helium concentration have been made on Fe-15.1Cr-34.5Ni specimens irradiated at 330, 400,
500 and 600°C after irradiation in ORR to displacement levels ranging from 126 to 13.8 dpa. The
measurements compare well to previously calculated values, being 4 to 8% lower. Minor differences In helium
content were also observed between specimens from capsules that were assumed to have possessed identical
spectral environments.

PROGRESS AND STATUS
Introduction

In a companion report on N isotopic doping, it is shown that three simple Fe-Cr-Ni alloys irradiated in
FFTF do not exhibit a significant difference in mechanical properties when exposed to both breeder-relevant
and fusion-relevant helium/dpa ratios{'’. In another experiment conducted in ORR at much larger helium
generation rates, however, a significant increase inyield strength was observed (see Figure 1) relative to
that of a similar experiment in EBR-II.'?3 |n ORR these and several other Fe-Cr-Ni alloys were exposed tb
environments whose calculated He/dpa ratios ranged from 21 to 58 appm/dpa. This range reflects not only the
neutron spectra but also the variation in nickel content (20 to 45 wt%). These values were calculated using
dosimetry calculations and measurements provided in reference 4 for individual elements.

S

700 -

Average AYS (MPa)
3 88¢8

g

g(D 400 500 600

Temperature, °C

FIGURE 1. Comparison of Radiation-Induced Changes in Yield Strengths of Fe-15Cr-XNi and Fe-YCr-35Ni Alloys
Irradiated in the AD-1 Experiment in EBR-II and the MFE-4 Experiment in ORRZ.

(a) Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle Memorial
Institue under Contract DE-AC06-76RLC 1830.
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Table 1 lists the displacement and helium levels reported earlier for the ORR(yortion of this experiment.
Note that it was assumed that the 330 and 400°C irradiation sequences proceeded in the same spectral
environment and also that the 500 and 600°C sequences were irradiated together. Detailed microstructural
analyses of the ORR and EBR-II specimens are now in progress; the early results indicate that the larger
than” fusion-relevant levels of helium in the ORR experiment caused an extensive refinement of the micro-
structure, leading to suppression of swelling at the two lower irradiation temperatures and significant
increases in hardening at all four irradiation temperatures.

Table 1
Calculated Displacement and Helium Lev21s®) for the MFE-4 Experiment in ORR(23)

o 330 and 409°¢ 500 and $90°C
Composition. wth dpa He. appm dpa He, appm
Fe-15.7Ni-14.7Cr 13.4 371 12.2 332
Fe-24,4N1-14,59Cr 13.6 463 12.4 414
Fe-30.1N¢-15.10r  13.8 555 12.6 495
Fe-34,5Ni-15,1Cy 14.0 647 12.7 573
Fe-45.3N1-15.0Cr 14.3 832 13.1 740

(@) These values were calculated for the maximum flux position
using dosimetry calculations and measurements provided In
reference 4 for individual elements. Note that the dpa
levels increase with nickel content, reflecting the ]
contributions of the *®fe recoil atom during helium production.

Further analysis requires confirmation of the calculated helium levels. Using standardized procedures at
Rockwell International, >-®) measurements were made on fe-34.5Ni-15.1Cr specimens from each of the four
irradiation temperatures. The specimens for analysis were cut from the gauge section of previously tested
and broken tensile specimens.

Results

Table 2 lists the measured values of helium concentration for fe-34,5Ni-15,1Cr at_each irradiation temﬁera-
ture. When compared to _the previously calculated values for the maximum flux position it is obvious that
some small differences in neutron spectra and flux exist between the specimen locations in the 330 and 4¢0-C
capsules and also between the specimen locations in the 500 and &co°C_capsules as well. The measured values
are uniformly lower (4-38%) than the calculated values for all four of the irradiation capsules. These
relatively small differences in concentration reflect the impact of small differences in position between
the maximim flux position and that of the gauge sections of the tensile specimens.

CONCLUSIONS

Slight _differences in helium generation rate occurred in the various canisters used in the MFE-4 spectral
tailoring experiment. The helium concentrations measured for fFe-34.5Ni-15.1Cr are lower but within 4 to 8%
of the previously reported values calculated from dosimetry results. These differences arose from slight
differences in position between the specimens and the maximum flux position.

FUTURE WORK

This effort will continue, focusing on completion of the microscopy effort and on prediction of strength
increases from measured microstructural densities.
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THE INFLUENCE OF HELIUM ON MECHANICAL PROPERTIES OF MODEL AUSTENITIC ALLOYS, DETERMINED USING >*Ni ISOTOPIC
TAILORING AND FAST REACTOR IRRADIATION - M. L. Hamilton and F. A. Garner, Pacific Northwest Laboratory;)
B. M. Oliver, Rockwell International.

OBJECTIVE

The objective of this effort is to study the separate and synergistic effects of helium and other important
variables on the evolution of microstructure and macroscopic properties during irradiation of structural
metals.

SUMMARY

Tensile testing and microscopy continue on specimens removed from the first, second and third discharges of
the **Ni isotopic doping experiment. The results to date indicate that he‘l1um/dpa ratios typical of fusion
reactors (4 to 19 appm/dpa) do not lead to significant changes inthe yield strength of model Fe-Cr-Ni
alloys. Measurements of helium generated in undoped speamens from the second and third dlscharges show
that the hehum/dpa ratio increases during irradiation in FFTF due to the production of 3Ni. In specimens
doped with 5Ni prior to irradiation, the helium/dpa ratio can increase, decrease Of remain the same during
the second irradiation interval. This behavior occurs because the cross sections for the production and
burnout of 3*Ni are very sensitive to core location and the nature of neighboring components.

PROGRESS AND STATUS
Introduction

Until recently it has been impossible to conduct experiments in which spectrum-related parameters such as
helium/dpa ratio were varied without also accepting variations in other important parameters such as
displacement rate and temperature history. A technique currently being used, however, allows the study of
the influence of helium alone on density change, microstructural evolution and mechanical properties. This
technique utilizes isotopic tailoring to vary the helium production rate without |ntroducmg changes in
neutron spectrum or displacement rate.!:Z By producing alloys whose only difference is the presence or
absence of *Ni, an isotope that does not occur naturally, and irradiating doped and undoped spemmens side
by side in the appropriate reactor spectra, it is possible to generate substantial variations in He/dpa
ratio without varying any other important parameter.

A particular advantage of isotopic doping experiments is that one need not be concerned with the details of
temperature history, which is now known to heavily influence the outcome of some fission-fusion correlation
experiments.® Since both doped and undoped specimens are irradiated side by side, the primary variable is
only the helium/dpa ratio. The production rate of helium in doped specimens is also nearly constant
throughout the experiment, providing that no changes occur in the neutron environment.

This report addresses the tensile data obtained from a subset of the specimens irradiated in a larger
experiment currently being conducted in the Fast Flux Test Facility (FFTF) utilizing the Materials Open Test
Assembly (MOTA). A previous report addressed the results of the first discharge of this experiment from
FFTF; this report includes the first results of the second and third discharges.* The results of helium
measurements from the second and third discharges are also presented in this report.

. .

The alloys employed in this study were nominally Fe-15Cr-25Ni, Fe-15Cr-25Ni-0.04P and Fe-15Cr-45Ni (wt%) in
both the cold worked and annealed conditions. These alloys were chosen to complement those in several
earlier studies, one in the Experimental Breeder Reactor-11 {EBR-II}, de3|gnated the AD-1 experiment,®:® and
another conducted in the Oak Ridge Research (ORR) Reactor, designated MFE-4.5 The acquisition of the Ni,
the production of the *Ni-doped tensile specimens and their irradiation conditions are described in
Reference 1. Microscopy disks were also prepared and irradiated; the results of examination of the first
discharge of these specimens are described in detail in References 7 and 8. The miniature tensile specimens
measured 5.1, 1.0 mm and 0.25 mm in gauge Iength Wldth and thickness, respectively. They were tested at
room temperature at a strain rate of 4.7 x 107 sec™ in a horizontal test frame described in Reference 9.
Yield strengths were determined at 0.2% offset. In some cases more than one tensile specimen was tested,
but the majority of tests to date have involved only a single test specimen.

(a) Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle Memorial
Institute under Contract DE-AC06-76RLO.
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Table 2

Helium Concentration in the Gauge Section of Fe-34.5Ni-15.1Cr Tensile Specimens

Specimen “He Helium Concentration
Temperature Massi®) Measured {appm} (P
Soecimen °C {mg) {105 atoms)  Measured _ Averaqe'®) __ Calculated'®
JNOO-A 330 1.230 7.913 600.1 597 647
-B 2.089 13.30 593.9 +4
JNO9-A 400 1.736 11.47 616.3 611 647
-B 2.610 16.95 605.8 *=7
JN13-A 500 1.548 8.818 531.4 533 573
-B 2.157 12.38 535.4 +3
JN19-A 600 1.461 8.722 556.9 552 573
-B 1.196 7.011 546.8 27

a) Mass uncertainty is =0.001 mg.

Eb; Measured helium concentration in atomic parts per million {10® atom fraction)
with respect to the calculated number of atoms in the specimen.

Mean and le¢ standard deviation of duplicate analyses.

From Table 1.

—~—
o0
—
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Results of Tensile Tests

Figure 1 presents a_schematic representation of the various irradiation sequences of the °Ni experiment,
each defined by their irradiation temperature and their location in FFTF-MOTA. Tensile tests have been
completed on unirradiated specimens of all three alloys In hoth the annealed and 20% cold worked conditions.

Three tensile tests on unirradiated SEecimens were conducted for each undoped alloy in_both the cold worked
and the annealed conditions. Since the availability of doped specimens was rather limited, only one was
tested for each combination of doped alloy and thermomechanical starting condition. Figure 2 shows that the
rangg of yield strengths in the undoped specimens is not large and that the single doped specimen in each
condition did_not exhibit any significant difference in behavior. Also shown in _Figure 2 are the yield
strengths exhibited by the larger specimens of the unirradiated annealed alloys irradiated in the AD-1 and
MFE-4 experiment,® demonstrating excellent agreement among the three experiments.

Tests on several subsets of irradiated specimens have also been completed. These subsets are the first two
discharges at both 365 and 495°C (i.e., after MOTA-1D and MOTA-1E) and a single discharge at 600°C (after
MOTA-ID). The 600°C sequence was not continued to higher radiation exposure due to a large overtemperature
event in MOTA-10, reaching 8oe=c for fifty minutes. The 495% sequence also suffered an overtemperature,
reaching 629°C for fifty minutes, but was continued in the irradiation sequence along with a replacement
sequence at 495°C to explore the impact of the temperature excursion on the experiment. The sequence at
365°C did not experience a temperature excursion.

Figures 3-5 show the yield strengths measured at room temperature of specimens irradiated at nominal
temperatures of 365, 495 and 600°C. The width of the error bars at zero dpa corresponds to the variation
seen_in Figure 2 and provides a basis for determining whether variations observed between doped and undoped
specimens are significant compared to the scatter associated with the measurement technique.

The most significant features of the data shown in Figures 3-5_are, first, the relative unimportance of
isotopic doping at all three temperatures in determining the yield strength, and second, the convergence at

MOTA-1D MOTA-1E MOTA-1F MOTA-1G
Below-Core 6‘::’?)5:; — 10.3dpa >
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i
Lo R e agpe

Level s §00°C —
8.7M0dpa = . b
I Irradiation
Discontinued | Currently
| n Progress
Level 6 490°C I
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Figure 1. Schematic representation of irradiation sequences for the **Ni isotopic tailoring experiment.
“g(g)S%(R) " and "490°C(R)" refer to the replacement sequences inserted for the original sequences at 495 and
490%
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365 and 600°C of both annealed and cold worked specimens to strength levels that depend only on irradiation
temperature. A similar convergence has been observed previously in 316 stainless steel over a wide range of
irradiation temperatures, with convergence levels sensitive to both temperature and displacement rate.?

At 495°C only annealed tensile specimens were irradiated and therefore it is not possible to determine
whether convergence occurs at this temperature. TEM disks were irradiated at 495°C in both the annealed and
cold worked conditions, however, and convergent microstructures appear to have developed.”-® There is one
unusual feature at 495°C that was not observed previously in 316 stainless steel, however, in that the yield
strength first increased and then later decreased somewhat, implying that the saturation level was initially
overshot and the strength later relaxed toward the saturation level. Such behavior might arise from early
nucleation of a high density of Frank loops, which later unfault to form a somewhat lower density of network
dislocations. It might also result from void number densities that are initially rather high but later
reduced by coalescence. An example of the latter possibility has been observed previously in Fe-15Cr-20Ni
during ion-irradiation." The relative independence of the tensile behavior of annealed specimens on helium
content tends not to support softening behavior dominated by void coalescence, however. On the other hand,
microstructural data compiled from microscopy observations of specimens from the first discharge show that
the line length of loops at 495°C in both the cold worked and annealed specimens is comparable to the line
length of network distributions." This suggests that further unfaulting of loops might lead to the possi-
bility of softening. Microscopy is now in progress on the second discharge and should confirm whether the
preceding speculations are correct.

Results of Helium Measurements

Helium levels were measured, using standard techniques,!?'13 at Rockwell International on cold worked
Fe-15Cr-25Ni specimens from all irradiation temperatures in the second and third discharges (ie.,, after
MOTA-1E and -1F, respectively) and on cold worked Fe-15Cr-45Ni specimens at 365 and 480°C in the second dis-
charge. Helium production was not measured in the latter alloy for the first discharge (MOTA 10); instead,
helium levels for Fe-15Cr-45Ni in the first discharge were calculated from composition ratios and measure-
ments made on Fe-15Cr-25Ni.

Tables 1-3 present the helium concentrations obtained on two samples cut from each specimen from the second
two discharges of the 59N doping experiments. Note that the measurements made on specimens removed from
three of the second discharge groups (at 365, 495 and 465°C) and both of the third discharge groups
[495°C(R) and 490°C(R)] represent the average helium levels for irradiation during two MOTA irradiation
cycles (1D and 1E or 1E and 1F). Since the first and second sets of specimens discharged at each tempera-
ture were originally irradiated side by side it is possible to calculate the average helium formation rate
that occurred in the second MOTA irradiation cycle only. These values are shown in parentheses in Table 2.

As shown in Table 2, the helium generation rates in both undoped and doped Fe-15Cr-25Ni specimens at 365°C
(below the core) increased substantially in MOTA-1E compared to the rates observed in MOTA-ID. No change in
position occurred between the two irradiation cycles, although some changes were made in the surrounding
components. The average helium generation rates observed in Fe-15Cr-25Ni and Fe-15Cr-45Ni after the second
discharge at 365°C exhibited the expected dependence on nickel content, (1.24 and 16.5 appm/dpa predicted
vs. 1.20 and 16.7 measured for Fe-15Cr-45Ni) which tends to confirm the validity of heljum/dpa ratios calcu-
lated previously for Fe-15Cr-45Ni in the first discharge. As we shall see later, however, this conclusion
applies fully only to situations where the 25Ni and 45Ni specimens remain glosely side by side throughout
the full irradiation sequence.

In the original 495°C irradiation sequence in level 1, smaller but significant increases in helium genera-
tion rates were observed in both undoped and doped specimens relative to the increases observed at 365%
below core. These specimens were moved from the 1D4 position in MOTA-10 to the 1A4 position in MOTA-1E with
no significant consequence on the helium production rate of the undoped specimens.

The replacement irradiation sequence at 495°C started in position 1A4 in MOTA-1E, along with the second
irradiation cycle of the original 495°C series, and continued in position 1C3 in MOTA-IF. In the undoped
replacement specimen, cumulative helium/dpa ratios of 0.44 and 0.57 appm/dpa were reached in the first and
second segments. These are higher than the 0.35 (position 1D4} and 0.41 values (positions 104 and then 1A4)
reached in the original series. This implies that in level 1 some spectral variation occurred between 104
of MOTA-ID and 1€3 of MOTA-IF. When the 495°C replacement series was moved to position 1C3 in MOTA-IF for
its second irradiation cycle, however, this caused a substantial decrease in the helium production rate for
the doped specimens. This probably reflects changes in the spectrum due to neighboring experiments. The
production rate for the undoped specimens increased, however, reflecting the continued build-up of *Ni, a
process that would continue in all reactor positions.

In the 490°C replacement sequence, the helium production rate rose between MOTA 1E and MOTA 1F for both the
undoped and doped specimens. No change in position occurred during this irradiation sequence. Both the
original and replacement sequences proceeded in position 6E2, which is an above-core position possessing a
large axial gradient in neutron flux and apparently significant changes in the details of the spectrum that
affect the burnout and production of *Ni.
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Table 1
Helium Concentration in Cold Worked TEM Disks from Isotopic Tailoring Experiment
Doped Specimen Helium Concentration
Temperature Nickel With Mass(a) *He Measured (appm) b’
{=C) {(wt%) N dpa _(mq) (10" atoms) Measured Average's)
365 25 No 10.3 1.937 1.493 7.157 7.12
2.966 2.263 7.084 t0.05
365 25 Yes 10.3 2.744 48.86 165.3 165
3.186 56.34 164.2 +]
365 45 No 10.3 2.562 3.375 12.35 12.4
3.024 4.015 12.44 +0.1
365 45 Yes 10.3 1.996 36.48 171.3 172
3.339 61.24 171.9 +]
495 25 No 28.9 1.733 2.546 13.64 13.7
3.410 5.016 13.66 to.1
495 25 Yes 28.9 2.482 36.22 135.5 136
3.316 48.46 135.7 =]
495(R) ¢ 25 No 14.7 2.644 1.834 6.441 6.50
3.374 2.385 6.563 +0.09
485(R) 25 Yes 14.7 3.174 23.82 69.68 69.2
3.554 26.28 68.66 +0.7
495(R) 25 No 29.4 2.087 3.797 16.89 16.8
2.360 4.247 16.71 0.1
495(R) 25 Yes 29.4 2.826 36.49 119.9 120
2.983 38.66 120.3 +1
480(R) 25 No 2.13 2.881 0.1383 0.4457 0.440
4,212 0.1974 0.4352 +0.007
490(R} 25 Yes 2.13 2.861 6.691 21.71 215
3.643 8.386 21.37 t0.2
490(R} 45 No 2.13 2.709 0.1865 0.6452 0.640
3.241 0.2197 0.6353 t0.007
490(R) 45 Yes 2.13 2.785 7.296 24.55 24.1
3.555 8.959 23.62 i.0.7
490(R) 25 No 4.15 2.348 0.3590 1.420 1.42
3.797 0.5808 1.420 +0.00
490(R) 25 Yes 4.15 2.735 16.87 57.27 56.8
3.177 19.28 56.35 =0.7
465 25 No 0.28 2.825 0.02223 0.07306 0.0727
3.129 0.02438 0.07235 +0.0005
465 25 Yes 0.28 2.780 5.201 17.37 17.4
2.746 5.134 17.36 +0.1

(a) Mass uncertainty is =0.001 mg. Two samples were cut from each original TEM specimen.
(b) Measured helium concentration in atomic parts per million (107 atom fraction) with
respect to the calculated number of atoms in the specimen.

(c) Mean and le standard deviation of duplicate analyses.
(d) R denotes replacement series.
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Table 2
Helium Generation Rates Determined in Fe-15Cr-25N1

Helium Generation Rate {appm/dpa}

Temperature MOTA-ID MOTA-1E MOTA- IF
(€Y  Undoped Doped Undoped  _Doped = Undoped _Doped
365 0.30 13.9 0.69( 16.0%) no
(1.26)®  (19.1) discharge
495 0.35 4.69 0.47 4.71%@ no
(0.59) (4.73) discharge
495 (R} (<) not 0.44 4.71 0.57¢) 4.08(
irradiated (0.70) (3.45)
600 0.40 4.4 not not
irradiated irradiated
490 0.28 19.8 not not
irradiated irradiated
490(R) !¢ not 0.21 10.1 0.34t2] 13.7%)
irradiated (0.46) (17.2)
465 0.14 54.3 0.26 62.1%) no
(0.40) (71.1) discharge

(a) He/dpa level given is average for two cycle irradiation sequence.

(b) Helium/dpa levels in parentheses represent average values
calculated for second MOTA cycle only.

(c) R denotes replacement series.

Table 3
Cumulative Helium Generation Rates Determined in Fe-15Cr-45Ni
After Discharge from MOTA-1E

Temperature appm/dpa Neutron damage {dpa)
Undoped Doped MOTA-1D MOTA-1E Total
365 1.20 16.7 6.1 4.2 10.3
490R 0.30 11.3 0.01 2.13 2.13

Several consequences of changes in the neutron environment can be seen in the two irradiation sequences at
490°C. First, the helium/dpa ratios for both specimen types in the replacement sequence are somewhat lower
than that of the original sequence, probably reflecting differences in the loading of nearby components dur-
ing the operation of MOTA-10 and MOTA-IE. Second, based on the measured MOTA-1E production rates in undoped
Fe-15Cr-25Ni, we would expect the production rate in undoped Fe-15Cr-45Ni to be 0.38 appm/dpa, whereas only
0.30 appm/dpa was measured. The difference between helium levels in the 25Ni and 45Ni doped specimens is
also somewhat larger than expected. These observations imply that the 45Ni specimens, which were In a
separate packet from the 25Ni specimens, experienced a slightly different spectral environment, even though
they were in the same basket. This in turn suggests that radial gradients in spectral parameters must also
exist and that the specimens may not have been closely side by side.

The 465% low fluence sequence was conducted in above core position 8F1 in both MOTA-1D and MOTA-1E. In
this case the production rates of both the doped and undoped specimens increased. Note that the production
rates in the doped specimens are quite large, 54 and 71 appm/dpa in Fe-15Cr-25Ni in MOTA-ID and MOTA-1E,
respectively.

Review of the data in Tables 1 and 2 leads to the following overall conclusions: 1) helium production in
undoped specimens containing only natural nickel is greatest for irradiation within the core; 2) significant
increases in helium production rate occur with increasing exposure in undoped specimens regardless of loca-
tion with respect to the core. The percentage increases are greatest for irradiations outside the core.

3) helium production rates in specimens doped with **Ni dopant prior to irradiation tend to increase also,
but are much more sensitive to changes in neutron spectrum arising from changes in position or changes in



68

neighboring components. In some cases the helium production rate can actually decrease even though undoped
3ﬂe0|mens In the same reactor position experience increases in helium production. This difference is due to
the fact that **i production varies roughly as the second power of the dpa level, while the burn-out of *Ni
is roughly linear with dpa.* Both reactions are separately but strongly sensitive to fine details of the
neutron spectra.

Status of Other Tvpes of Examination

Electron microsco?Y has been performed by Prof. J. F. Stubbins_(NORCUS ass;g?ee at PNL from the University
of III|n0|sB on_all twelve specimen conditions of the second discharge at 35°C. Data analysis is now in
progress. Density change measurements are in IO%{GSS on TEM specimens from MoTA-1¢ at 36C. 46T (ori-
ginal) and 495C %replacement) and the second discharge of the 4%°C (replacement) from HOTA-1F.
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FUTURE WORK
This effort will continue, concentrating on microscopy and additional tensile testing.
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CORRELATION OF MECHANICAL PROPERTY CHANGES IN NEUTRON IRRADIATED PRESSURE VESSEL STEELS ON THE BASIS OF
SPECTRAL EFFECTS - H. L. Heinisch (Pacific Northwest Laboratory)(®

PURPOSE

To investigate the effects of the neutron spectrum on mechanical property changes in metals.

SUMMARY

Comparisons are made of tensile data on specimens of A212B and A3D2B pressure vessel steels irradiated at
low temperatures (40-90°C) and to low doses (< 0.1 dpa) with 14 MeV D-T fusion neutrons in the Rotating
Target Neutron Source (RTNS-I1}, with fission reactor neutrons in the Omega West Reactor (OWR) and the Oak
Ridge Research Reactor {ORR}, and with the highly thermal spectrum at the pressure vessel surveillance
positions of the High Flux Isotope Reactor (HFIR). For each neutron spectrum, damage cross sections are
determined for several defect production functions derived from atomistic computer simulations of collision
cascades. Displacements per atom (dpa) and the numbers of freely migrating defects are tested as damage
correlation parameters for the tensile data. The data from RTNS-II, OWR and ORR correlate fairly well when
compared on the basis of dpa, but the data from HFIR show that only about one sixth as many dpa are needed
to produce the same radiation-induced yield stress changes as in the other neutron spectra. In the HFIR
surveillance position a significant fraction of the displacements is produced by recoils resulting from
thermal neutron captures. Having energies of about 400 eV, these recoils are much more efficient per unit
energy at producing freely migrating defects than the high energy recoils responsible for most of the dis-
placements in the other neutron spectra considered. A significantly better correlation of data from HFIR
with those from the other spectra is achieved when the property changes are compared on the basis of the
production of freely migrating self-interstitial defects. This parameter may better represent the defects
participating in the radiation strengthening process in this temperature and fluence regime.

PROGRESS AND STATUS
Introduction

A critical issue in the development and testing of nuclear materials is the prediction of the radiation-
induced changes in properties of a material under one set of irradiation conditions from information
obtained under a different set of irradiation conditions. A good example of the importance of this is the
recent discovery' that pressure vessel steel in surveillance positions of the High Flux Isotope Reactor
(HFIR), irradiated in a very soft spectrum at very low flux, has embrittled much faster than predicted from
design data obtained at higher fluxes with harder spectra. This has raised concerns? that light water reac-
tor vessel supports may be subject to a similar underestimate of their embrittlement. The 'HFIR embrittie-
ment data were compared to the materials test data on the basis of displacements per atom (dpa), a damage
parameter that is widely used and has been found to account for differences in neutron spectra extremely
well in most cases.

A common reasonable assumption when data cannot be correlated on the basis of dpa (assuming material vari-
ables and temperatures are constant) has been that differences in the magnitude of the neutron flux, which
virtually always accompany spectral differences, are responsible. In this paper, however, spectral effects
beyond dpa will be considered. HFIR surveillance data will be compared with test data from other spectra

using damage parameters based on the production of freely migrating point defects.

Radiation effects data correlation and extrapolation are also important issues in the development of mate-
rials for fusion reactors. So far, direct comparisons of fission and fusion neutron damage have been pos-
sible only at extremely low doses (< 0.1 dpa) relative to expected service conditions. In recent direct
comparisons,' irradiations of metals and alloys were performed with 14-MeV D-T neutrons at the Rotating Tar-
get Neutron Source {RTNS-II)} and with pool type reactor neutrons at the Omega West Reactor (OWR). A302B
pressure vessel steel was included among the alloys in that experiment. A212B, the HFIR pressure vessel
steel,qwas also included in OWR irradiations, and its irradiation hardening was compared with that of
A302B.

A320B and A212B have very similar compositions, especially with respect to the elements suspected of
affecting embrittlement. The compositional differences are discussed in Ref. 4, where it is shown that
A212B and A302B steels displayed the same fluence dependence of irradiation hardening when irradiated in
OWR. At fluences low enough that impurity type and concentration are not affected by transmutations, itis
reasonable to assume that A212B will harden the same as A302B in any neutron spectrum. By making this
assumption in the present study, the data base for low-dose radiation-induced yield stress changes of A302B
and A212B is effectively broadened to include four very different neutron spectra (see Table 1).

(a) Pacific Northwest Laboratory is operated for the U.5. Department of Energy by Battelle Memorial
Institute under Contract DE-AC06-76RLO 1830.
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Table 1
Characteristics of Neutron Spectra

_HFIR()  _pref_  _pWRIe_  RINS- 1KY

Total Flux {n/cm?/s) 1.2x10%° z.2x10*  1.9x10™ 1.0x10'?
Thermal Flux Fraction 0.96 0.72 0.42 0.0

(E < 0.414 eV)
Flux Fraction (E > 0.1 MeV) 0.022 0.11 0.32 1.0
Flux Fraction (E > 1.0 MeV) 0.015 0.055 0.17 1.0

Damage Rate in Iron (dpa/s)  3.9x10°8®  1.8x10®  5.7x10% 3x10"':1to
3x10°

(a) Surveillance position, key 7, location 7, at pressure vessel.
(b} Location P8, outside core.

(¢) In core.

{d) Peak flux; fluxes in RTNS-II vary with distance from the source.

In this report the radiation-induced changes in yield stress occurring in all four neutron spectra will be
compared on the basis of several damage parameters, including defect production functions derived from
atomistic modeling results. In making these comparisons it is assumed that any differences in behavior due
to the differences in irradiation temperatures {90°C and 50°C) are small.

The Neutron Spectra

Data discussed here are for materials irradiated in RTNS-II, OWR, the surveillance positions in HFIR, and in
an out-of-core position in the Oak Ridge Research Reactor (ORR}. Characteristics of the four neutron spec-
tra used in the computations are listed In Table 1. The variation in neutron spectra is quite extreme: the
HFIR pressure vessel surveillance flux is dominated by thermal neutrons, while the RTNS-II flux consists
entirely of 14 MeV neutrons.

The damage rates in dpa/s in iron vary over 5 orders of magnitude. In RTNS-II the magnitude of the neutron
flux decreases with distance from the source, so doses varying by about a factor of 100 were achieved by
placing specimens at increasing distances from the source during the same run. Damage rates in RTNS-II var-
ied from 3 x 107! to 3 x 107* dpa/s, placing the damage rates in RTNS-II between those of HFIR and the other
reactors. In an earlier comparison of the tensile data from these irradiations," it was found that there
was no apparent effect of damage rate for the OWR, ORR and RTNS-II irradiated material. Thus, if the
"accelerated embrittlement” of the HFIR surveillance material is due to a rate effect, then this effect is
important only at extremely low fluxes.

Damaae Correlation Parameters

Perhaps the earliest attempts to account for the effects of the spectrum of neutron energies were to compare
property changes on the basis of the measured fast neutron fluence (commonly E > I MeV or E > 0.1 MeV).

This damage parameter, still in wide use, requires only limited knowledge of the neutron spectrum and relies
on the fact that, generally, most of the defects are produced by the higher energy neutrons. Of course,
comparisons on the basis of fast neutrons are strictly valid only ifthe high energy portions of the spectra
involved have the same shape.

In specific cases a significant fraction of the defects can be produced by other than the higher energy
neutrons. For example, thermal neutron capture by an iron atom results in a recoil atom of about 400 eV,
which produces displacement damage in iron or steels. Thus, in a highly thermal neutron spectrum, the fast
neutron fluence gives a poor representation of the displacement damage in iron.

Dpa was developed as a spectrum-sensitive exposure index and has been used as a highly successful correla-
tion parameter. Dpa is superior to fast neutron fluence because it takes into account the spectral shape
and includes some measure of the response of the material. Dpa is calculated measure of the average number
of times an atom of the material can be displaced during an irradiation, and it takes into account the frac-
tion of recoil energy lost to inelastic processes that cannot produce displacement damage. To obtain dpa
values, the displacement cross section must be known for the given neutron spectrum and material.®
Calculation of the dpa cross section for a given material requires a neutron spectrum, a set of neutron
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reaction cross sections, a model of the kinematics of the reactions that produce primary atomic recoils, a
model for the dissipation of the primary recoil energy as electronic excitation and damage energy, and a
model for the conversion of damage energy into dpa. Displacement per atom cross sections for iron are
routinely reported with dosimetry information, and they can be calculated for most elements in the specified
neutron spectrum using a computer code such as SPECTER.®

Dpa is a calculated measure of the potential to create point defects. It is not generally equal to, nor
necessarily even proportional to, the number of residual point defects. The actual number of radiation-
induced point defects present in a material at any time depends on the number of defects initially produced
by each recoil atom and on defect interactions that occur after the displacement events (which depend on the
spatial distribution of defects, crystal structure, material composition, time, temperature, and the mate-
rial's radiation and deformation history).

The fraction of initially displaced atoms that become residual defects varies with primary recoil energy
because the nature of collision cascades is energy dependent. Within a collision cascade created by a high
energy recoil, a significant fraction of the hundreds of initially produced point defect pairs recombines as
the Tocally high energy density in the cascade region dissipates in about 107! s (cascade quenching). At
this point the measured number of residual defect pairs (at low temperatures where defects are immobile)
resulting from a cascade is about 30-40% of the number of calculated dpa for the cascade.”’*® Most of the
residual defects form into clusters (the stability of which depends on the crystal temperature). During
continued local annealing for a short time within the cascade region, additional clustering and recombina-
tion takes place, while a small fraction of the residual defects escapes the cascade region, becoming freely
migrating defects.®

This picture of defect production in collision cascades has evolved over the past 25 years, aided especially
by atomic-level computer simulations. Early derivations of damage functions that reflect the numbers of
residual defects observed in computer simulations were performed by Doran et al.,'®11:12 who developed damage
functions for residual defects/dpa and freely migrating vacancies/dpa for iron. Heinisch, et al.*® per-
formed significantly improved simulations for copper and produced the functions for freely migrating defects
used in the present paper.!3

Above a threshold recoil energy (about 50 keV in iron) cascades tend to form multiple, separated damage
regions or subcascades.'® As a result, the fractions of initially produced defects that recombine or become
freely migrating defects are constant with energy above the threshold recoil energy for subcascade forma-
tion. At the other end of the energy scale, low energy recoils create only a few defect pairs. The energy
density in these cascades is not high enough to drive significant correlated recombination or clustering, so
during short-term annealing nearly all the point defects produced become freely migrating defects. Thus,
the efficiency of production of freely migrating defects relative to calculated dpa values is a function of
recoil, energy, becoming constant at higher energies.

Figure 1 shows the production of freely migrating defects and displacements as a function of recoil energy
in copper. The curves for freely migrating interstitials and vacancies are the functions determined from
atomistic computer simulations of displacement cascades,!® and they are given in terms of the expression for

100

Displacements

LR

10 Interstitials

IR IIIHI

1.0 Vacancies

Detects per Recoil

1 11 ti1l! l 11 it | L1 11Etl

FIGURE 1. The numbers of calculated disolacements. freely miarating vacancies and freely miarating self-
interstitials per recoil as a function of recoil energy. The free defect values are calculated with
functions from atomistic computer modeling, Ref. 6.



72

total residual defects extracted by Simons® from resistivity measurements. It was determined in the model-
|n¥ that short-term annealing in the cascade region at room temperature reduces the_number of residual point
defects by 22% at all energies. The displacement curve is calculated using the familiar NRT exprassion.!?

Oﬁa can be an effective damage correlation parameter only if the mechanism responsible for the propert
change of interest is proportional to dpa. This proportionality is influenced by the temperature and by the
rate of damage production as well as by the neutron energy sFectrum. Since environments with different
neutron spectra usuall¥ have different damage rates, spectral and rate effects are very difficult to isolate
from each other. The Tailure of mechanical property change data to correlate on the basis of fast fluence
or dpa has often been attributed to rate effects. For example, the initial comparison® of HFIR pressure
vessel surveillance Charpy data with reference data at higher damage rates was made on the basis of fast
neutron fluence. The "accelerated embrittlement” of the HFIR pressure vessel steel was attributed to
unspecified rate effects. Comparison of the HFIR data with recent low fluence tests by Nanstad et a1.!¢ in
ORR showed the same accelerated embrittlement in both tensile and Charpy tests when compared on the basis of
fast fluence (and dpa obtained from the fast fluence). They concluded that the results could be explained
by either rate effects or spectral effects, but not unambiguously, since the effects are concurrent and
inseparable in this case.

Failure of these data to correlate on the basis of dpa should not be surprising. At low doses property
changes are likely to be sensitive to the total number of residual point defects, the numbers of freel
migrating defects, or the numbers of defect clusters contained in collapsed displacement cascades. All of
these quantities vary with the recoil energy and are proportional to dpa only at high recoil energies.

Comoutations

In the absence of comparable information for iron, the damage correlation functions for copper reported in
Reference 13 were used, with modifications, for the pressure vessel steels. The magnitudes of surviving
defect fractions are expected to be somewhat different for iron and copper since the point defect distri-
butions initially produced by collision_cascades In iron are somewhat more diffuse than those in cepper.!*

In iron a smaller fractian of defect pairs recombines as the cascade region cools. To account for this,
parameter values in the expression for total residual defects were modified according to Simons® prescrip-
tion" to reflect more appropriate values for iron. The re00|l-ener%¥{dependent damage functions that
describe the partitioning of the residual defects. Parameters for these functions were taken to he the same
for iron as for copper. "Thus, at high energies, residual defects are 40% of the calculated dpa, freely
migrating interstitials are 5.6% and freely migrating vacancies are 1.4%.

The functions of copper in Reference 13 were based on short-term annealing of individual cascades through

Stage 111 recovery (approximately room temperature, where vacancies and divacancies are mobile. In iron
and pressure vesSel steels) vacancies are not mobile at the irradiation temperatures considered here, so

the freely migrating vacancies should really be considered as "potentially freely migrating vacancies."

Greenwood™s SPECTER computer cod=* was used to generate the primary recoil spectra for iron into which the
damage correlation functions were folded. For most cases for which the code was developed, thermal neutrons
have been thought to have little effect. Thus, in calculating some quantities, including the recoil
spectra, the code omits the contributions due to thermal neutron captures. They can easily be added
manually, at least to the level of precision necessary for the present investigation. The neutron spectra
for ORR  and HFIR had 56 energy groups, with a single energy group below 0.414 ev. Calculations utilizing
the recoil spectra are estimated to lead to variations on the order of 20-30% In calculating the defect
production cross sections. The extreme cases of neutron spectra here are so different that such differences
are negligible for our purposes.

Results

Irradiation temperatures for HFIR and ORR were 4% and 43°C respectively, while the &Tus- [l and OWR
irradiations were at s0°C. All the tensile tests were done at room temperature on flat miniature tensile
specimens. The specimens used at ORNL for HFIR and ORR were somewhat larger than those for the RTNS-iI and
OWR tests done at PNL. The ORNL specimens with a gauge width of 1.5 mm and thickness of 0.75 mm have a
cross sectional area about four times larger than the PNL specimens at 1.02 mm gauge width and 0.25 mm
thickness. While the specimen size, fabrication techniques and testing procedures may affect the measured
values of the yield stress in the two situations, the measured changes in yield stress due to irradiation
hardening have been found to be the same for both types of specimens.

Defect production cross sections were calculated for dpa, residual defects per atom at &« ({dpa), freely
mlqratlng |nte{sg;t|als per atom (fmipa) and freely migrating vacancies per atom (fnvpa). The calculated
values are in Table 2
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Table 2
Spectral Averaged Defect Production Cross Sections for Iron

Cross Sections, b

gepgglqﬂm doa rdna fmipa fmvpa
RTNS-11 2900 1200 170 42
OWR 250 110 19 8
ORR 7 36 11 7
HFIR 30 17 a 7

In Figure 2 the radiation-induced yield stress changes at room temperature in A3026 and A2126 pressure
vessel steels are plotted as a function of fast neutron fluence (E > 1 MeV) in the various irradiation _
environments. Each point is the _result of an individual test. The hand-drawn curve is simply to aid visual
organization. It is reproduced in the same position relative to the OWR data in Figures-2-4.

While the ?eneral trend of radiation hardening is observed In the data for all spectra in Figure 2, the data
are not well-correlated. In particular, in HFIR the fast fluence necessary to produce a yield stress change
of 50 MPa is less by about an order of magnitude than that in the other spectra, reflecting the "accelerated
embrittlement” in the HFIR surveillance tests.”

In Figure 3 the data are_replotted as a function of calculated dpa. For all but HFIR, the data grouping is
much tighter, being within a factor of 2 in dpa.

Figure 4 shows the yield stress data replotted as a function of fmipa using the calculated defect production
function shown in Figure 1. On the basis of fmipa the HFIR data are correlated to within a factor of two of
the OWR, ORR and RTNS-1I data. Relative to the comparison in Figure 3, the HFIR data have been shifted
toward the RTNS-11 data by a factor of 4.5.

Plots for rdpa and fmvpa are not shown. Using rdpa, the HFIR data shift toward RTiS-[[ by a factor of 1.4,
only a slight difference from dpa. Using fmvpa, the HFIR data shift by a factor of 16, resulting in an
over-correction, i.=., implying there is less hardening in HFIR than in other spectra.

Discussion

Of the damaﬁe functions examined in this ﬁaper, fmipa_produces the best correlation of the yield stress
changes of HFIR pressure vessel steel with those in different neutron spectra (Figure 4). Since the Charpy
test data and tensile test data exhibit a similar dependence on fluence,” the same correlation will occur
for embrittlement when fmipa is used as a damage parameter.

The dramatic improvement toward correlation of the HFIR data when fmipa_is used as a damage parameter is a
result of the 98% thermal neutron spectrum at the HFIR surveillance positions, combined with the increased
efficiency of freely migrating defects per dpa at low energies. Thermal neutron captures In iron produce
recoils with an average en@rg¥ of 395 «¥, enough to make about 4 displacements per recoil. Of the displaced
atoms, an average of 2.4 displaced atoms per recoil become freely migrating interstitials (according to the
model shown in Figure 1;. In contrast, the avera?e recoil from 14 MeV neutrons, about 200 kev, produces on
average about 1100 displacements but only 63 freely migrating interstitials. Even fewer vacancies
potentially escape the_cascades, but they are not expected to be sufficiently mobile below 100°c to be
considered” as freely migrating defects.

The hardening centers responsible for the increases in yield stress and embrittlement of A2128 irradiated in
HFIR and ORR are too small to be imaged by transmission electron microscopy.” A survey of post-irradiation
annealing studies on A21238' showed recoverY beglnnln% about 300°C. Thus, at irradiation temperatures below
100°c small clusters are expected to be relatively stable.

Hardening centers can consist of defect clusters_formed both immediately within cascades and by diffusion of
the freely m%grating defects. The freely migrating defects can_recombine, go to existing sinks, form
clusters or form complexes with interstitial impurities. Assuming that vacanc¥ migration is negligible,
interstitial-impurity complexes may be the most effective hardening centers. This IS consistent with the
much improved correlation of the HFIR tensile data on the basis of freely migrating interstitials.
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Figure 2. Change in 0.2% offset yield stress of A302B and A212B pressure vessel steels as a function of
fast neutron fluence (E > 1 MeV). The hand-drawn curve is simply to aid visual organization. Itis
reproduced in the same position relative to the OWR data in Figures 2-4.
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Figure 3. Change in 0.2% offset yield stress of A302B and A212B pressure vessel steels as a function of
dpa.
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Figure 4. Change in 0.2% offset yield stress of A302B and A212B pressure vessel steels as a function of
freely migrating interstitials per atom (fmipa).
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The atys- I and OWR data correlate well on the basis of dpa (Figure 2), but less well on the basis of fmipa
(Figure 3). In these much harder spectra the defect clusters fnrmed directly within cascades probably pro-
vide a ?reater contribution to the yield stress changes at low temperatures and doses than the small number
of freely migrating defects. Thus, it may be inappropriate to_compare radiation hardening data from all
four spectra on the same basis, since the contributions of various hardening mechanisms are probably dif-
ferent. Perhaps a better damage correlation parameter for comparing the data from all four spectra would be
an apgroprlate y weighted combination of freely migrating interstitials and clusters produced directly in
cascades.

A marked improvement in correlation of the HFIR and ORR embrittlement data was also achieved by Mansur and
Farrell,"" who compared the data empirically as a function of thermal neutron fluence. That correlation was
achieved because In these spectra most of the freely migrating defects are produced by the low energy
recoils from thermal neutron captures.

Inferences of freely migrating defect fractions from experimental measurements may be very useful for devel-
oping damage correlation functions. 4isdersitch'® has devised a simple empirical function to describe the
energy dependence of concentrations of freely migrating defects extracted from solute segregation experi-
ment~ .6Gascades were produced by ion bombardment at much higher temperatures than the neutron irradia-
tions dealt with here. Wiedersich's function and the function used here have the same general .
characteristics: a large fraction of the residual defects from low energy recoils are freely mggratlng, but
a very small fraction of defects from high energy cascades are freely migrating. The primary difference
between the empirical and the modeling-derived functions_is In the value of the fraction at high_energies.
Computer simulations™ gave limiting values for the fractions of freely migrating defects for individual,
isolated cascades In Cu. About 3% (relative to calculated dpa) of the interstitials always escaped the
cascades regardless of the parameter settings for clustering and recombination. Interpretations of the
solute segregation experiments'® imply that less than 1% of interstitials are freely migrating. Continued
investigation is needed to develop this approach for damage correlation, but the concept of diminished free
defect production at high energies is definitely well-established.

A single, easily calculated spectral correlation parameter, applicable in all neutron spectra, seems
unlikely. Dpa works well if the spectra are not radically different. If secondary aspects of defect
production in cascades, such as fmipa, are to be used as damage parameters, then their relationships to the
mechanisms of mechanical property changes under various irradiation conditions must be appreciated. At the
very least, researchers and test engineers should be aware that dpa is not always an appropriate damage
correlation parameter for spectral effects.
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LOW EXPOSURE SPECTRAL EFFECTS EXPERIMENT: IRRADIATIONS AT 473 K IN OMEGA WEST REACTOR - H. L. Heinisch and
M. L. Hamilton (Pacific Northwest Laboratory)'®)

PURPOSE

The purpose of this work is to determine the effect of the neutron spectrum on radiation induced changes in
mechanical properties of metals.

SUMMARY

Tensile tests have been performed on specimens from the last set of Omega West Reactor (OWR) irradiations
performed as part of the Low Exposure Spectral Effects Experiment (LESEX). Tensile data are reported.

PROGRESS AND STATUS
Introduction

The LESEX experiment was designed to allow direct comparisons of the damage caused by both fission and
fusion neutrons on the tensile properties and microstructures of metals and alloys.".' During the lifetime
of the Rotating Target Neutron Source {RTNS-11}, miniature tensile specimens and TEM disks of pure copper,
316 stainless steel, A30ZB pressure vessel steel and various copper alloys were irradiated with 14 MeV d-t
fusion neutrons to doses ranging from 0.0003 to 0.04 dpa at temperatures of 25, 90, 150, 200, 290, and
450°C. Companion irradiations with fission reactor neutrons to comparable doses in these materials were
performed at OWR at temperatures of 90, 200 and 290°C.

Tensile tests and microscopy were performed previously on specimens irradiated in both environments at 90
and 290°C.' The final OWR irradiations were performed at 200°C to three fluence levels. Mechanical
difficulties with the OWR irradiation vehicle, including the burn-out of the electrical resistance heating
coils, precluded its use for further irradiations, and it was decommissioned.

Exuerimental Procedures and Results

Tensile tests were recently performed at rocm temperature on the specimens irradiated at 200°C in OWR using
the same procedures as in the previous tests.! The restlts are given in Table 1.

As is shown in the table, the thickness measurements on each batch of specimens were generally quite consis-
tent, varying by less than 0.025 mm from specimen to specimen. The exceptions to this are the A302B
specimens, which were punched from slices of bar that varied in thickness much more than the rolled sheet
typically used for punched specimens. In addition, the two Cu5Ni specimens irradiated in capsule 014 {PX&8
and PX71} appeared to be slightly thinner than those irradiated in capsules 012 and 013. No explanation is
readily available for this observation.

A number of specimens exhibited a relatively sharp 'yield point' relative to the remainder of the tests,
where 'yield point' is used here to refer to a fairly sharp turn-over in the load-displacement trace at the
end of the initial elastic loading, followed by a brief plateau at approximately constant load before the
more typical increase in load observed with increasing strain. All of the SA316 specimens irradiated in
both OWR and RTNS-II have exhibited this phenomenon, the effect becoming stronger with increasing dose. The
duration of the plateau in terms of strain ranged from roughly 0.2 to 1%. The SA316 specimens irradiated in
014 actually exhibited a small (-3.5 MPa) yield drop rather than just a plateau. Other SA316 specimens in
this experiment have exhibited yield drops as well, especially at the higher doses and higher irradiation
temperatures. The CubNi specimens irradiated in 013 and 014, i.e., to the two higher dose levels, also
exhibited yield points. The fact that the Cu5Ni specimens exhibited the yield point plateau at only the
higher dose levels, coupled with the transition in the SA316 from a plateau to a drop in load, suggests that
the phenomenon is real, that it is a result of microstructural changes induced by neutron radiation, and
that it is probably similar in nature to the yield drops traditionally produced by the pinning of
dislocations by interstitial atmospheres.

Discussion
Figure 1 shows a comparison of the yield strength data from RTNS-II and OWR for solution annealed 316

stainless steel as a function of displacements per atom (dpa). Individual data points are shown only for
the current tests. Trend lines are shown for 200% along with those for 90°C and 290°C for comparison. At

(a) Pacific Northwest Laboratory is operated for the US. Department of Energy by Battelle Memorial
Institute under Contract DE-AC06-76RLO 1830.
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Table 1.
Room Temperature Tensile Data on Specimens Irradiated in OWR at 200°C
Specimen Capsule Fluencez Thickness YS UTS UE TE
Atloy ID ID {10E18 n/cm”) (mm}) {MPa) (MPa) {%) %)
cu -- -- 0.0 4824 205211
c59 012 8.5 0.257 126 204 18.8 23.2
C60 012 8.5 0.244 134 223 23.3 27.1
C64 013 37.8 0.234 185 244 16.2 21.3
C65 013 37.8 0.241 170 225 16.2 20.0
C70 014 82.8 0.236 197 236 13.4 17.1
c73 014 82.8 0.236 193 238 10.9 14.0
SA316 -- -- 0.0 -- 220211  574=x20
A58 012 8.5 0.295 303 616 46.7 54.5
A59 012 8.5 0.274 319 629 54.6 62.4
AB3 013 37.8 0.277 398 687 42.9 53.6
A64 013 37.8 0.297 336 625 39.5 NA
A68 014 82.8 0.297 446 681 36.1 42.6
A69 014 82.8 0.302 449 696 39.6 50.5
A3028 -- -- 0.0 -- 49524  645=10
E63 012 8.5 0.274 557 645 3.8 7.6
P64 012 8.5 0.244 512 571 4.6 6.5
E68 013 37.8 0.373 650 705 2.5 4.1
P65 013 37.8 0.338 652 729 4.0 7.0
P55 014 82.8 0.241 732 756 0.5 0.9
A2128 -- - 0.0 -- 428210 5656
H1g 012 85 0.277 455 519 3.3 4.7
H20 012 8.5 0.277 350 417 3.0 4.5
H31 014 82.8 0.244 471 525 3.5 4.7
H32 014 82.8 0.274 409 435 1.9 3.0
CudbAl -- - 0.0 -- 5026  219+15
sx49 012 8.5 0.249 103 229 25.7 30.8
SXs0 012 8.5 0.244 110 244 31.6 33.3
SX56 013 37.8 0.239 124 244 26.5 31.7
$Xe1 013 37.8 0.236 137 246 224 26.1
SX68 014 82.8 0.226 125 214 13.7 16.5
$X71 014 82.8 0.213 137 239 14.1 16.5
CuSMn - -- 0.0 -- 6622 23528
CX62 012 8.5 0.241 133 270 229 25.6
CX64 012 8.5 0.236 131 269 20.9 23.8
CX68 013 37.8 0.231 146 273 20.1 225
CX69 013 37.8 0.236 145 283 225 25.9
cx73 014 82.8 0.246 140 270 22.6 24.6
cx74 014 82.8 0.241 139 268 20.7 239
CuSNi -- -- 0.0 -- 50+4 219=2
PX55 012 8.5 0.246 134 231 222 27.8
PX56 012 8.5 0.234 108 237 225 25.7
PX62 013 37.8 0.241 173 245 20.4 26.4
PX66 013 37.8 0.241 191 251 18.0 24.6
PX68 014 82.8 0.201 225 278 15.0 18.1
PX71 014 82.8 0.198 203 240 13.1 16.8
CuA125 -- -- 0.0 -- 417+16 §56+16
JX21 012 8.5 0.274 545 571 0.6 4.4
JXz2 012 8.5 0.254 509 575 0.7 3.3
JX2Z29 013 37.8 0.257 543 566 0.6 3.6
Jx38 013 37.8 0.259 531 547 0.6 2.7
JX63 014 82.8 0.259 540 566 0.6 2.5
JX70 014 82.8 0.257 541 547 0.6 2.6
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Figure I. The changes in 0.2% offset yield stress of solution annealed 316 stainless steel irradiated at
90, 200 and 290°C in RTNS-II and OWR as a function of dpa. Individual data points are shown for only the
20°C irradiation in OWR.

90°C the yield strength change data from RTNS-II and OWR correlate well on the basis of dpa, while at 290
and 200°C irradiation in OWR produces more hardening per dpa than in RTNS-II. The trend line for 200°C in
OWR is placed midway between the two data points at each exposure. Considering the scatter in the data, the
difference in hardening in OWR and RTNS-II below 107 dpa implied by the trend lines may not be real. When
the microstructures of specimens from RTNS-IT and OWR at 90 and 290°C were examined by TEM,® it was deter-
mined that the very small clusters of point defects that were observed could account for the radiation
induced hardening, independent of irradiation temperature. It was suggested that these clusters nucleated
in OWR at temperatures below the target irradiation temperature during the daily ascent to power. This
effect would be expected to be small at 90°C, and indeed, no difference in the OWR and RTNS-II data was
observed. The temperature history effect, however, may well be responsible for the differences at 200°C.
Such a mechanism is consistent with the observed variation in the threshold for the divergence in hardening,
i.e., ~107% dpa at 200°C and -4 x 107% dpa at 290°C. Examination of the microstructures of the SA316 TEM
specimens irradiated at 200°C will provide additional information for understanding this behavior.

Detailed analysis of the yield stress data on copper, the copper alloys and the pressure vessel steels is in
progress. Some preliminary information on trends in the data are reported below.

At 200°C the yield stress changes of A3028 pressure vessel steel irradiated in RTNS-II and OWR correlate
well when compared on the basis of dpa. This was also observed at 90°C and 290°C.* The yield stresses for
A212 pressure vessel steel are anomalously low. At 90°C A302 and A212 were found to behave the same.® An
assortment of difficulties were encountered during the testing of the A212 specimens irradiated at 200°C.
Fortunately, several more irradiated specimens are available for testing.

Yield stress changes of pure copper irradiated in RTNS-II and OWR at 200°C do not correlate on the basis of
dpa. A factor of 10 less dose in dpa is needed in OWR to produce the same yield stress change as in
RTNS-1I. This is quite different from the factor of 2 more dpa needed to produce the same effect at 90°C.!
At 290°C the data from the two spectra were found to correlate with dpa. These results may be a further
indication of temperature history effects in the OWR irradiations.

The binary copper alloys in OWR show a variety of temperature sensitivities. CubMn shows essentially no
difference in yield stress with increasing dose at 200°C, while Cu5A1 shows a slight increase with dose. At
90°C these alloys display yield stress changes similar to that of pure copper. Cu5Ni displayed about the
same changes in yield stress at 200°C as at 90°C, indicating very little temperature dependence in this
fluence and temperature range.

CONCLUSIONS
The yield stress data for the 200°C OWR irradiations of the Low Exposure Spectral Effects Experiment show

very interesting differences from what would be expected based on projections from the earlier data at 90°C
and 290°C. At least some of the apparent inconsistencies might be related to temperature history effects we
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suspect were occurrin durin% the daily ascent to power of the OUR. Since the various materials have
responded in differen wa¥s 0 the temperature history, at least on the basis of tensile property changes,
the data may be quite useful in sorting out the operation of specific mechanisms involved in the effects.
Cha:acterlzatlon of the microstructures using TEH will provide additional information to consider in the
analysis.
FUTURE WORK
Microstructural analyses and further tensile data analyses will be done on the materials irradiated at
200-C .
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NEW INSIGHTS ON THE MECHANISMS CONTROLLING THE NICKEL DEPENDENCE oF SWELLING IN IRRADIATED Fe-Cr-Ni ALLOYS -
J. J. Hoyt, Washington State University and r. A. Garner, Pacific Northwest Laboratory'?’

OBJECTIVE

The object of this effort is to determine the origins of radiation-induced changes in structural materials.

SUMMARY

In a_previous report” the interstitial and vacancy biases for an edge dislocation in a binary alloy were
examined, assuming the existence of an equilibrium Cottrell atmosphere around the line defect. The Larche’
and Cahn _treatment of stress relaxation due to a solute atmosphere was employed with the Wolfer and Ashkin_
formulation for the bias of an_edge dislocation to compute the bias as a function of nickel concentration in
the Fe-Ni system. USIU% the minimum critical void radius concept, the concentration-dependent bias was
shown to offer a plausible explanation for the minimum in swelling observed at intermediate nickel levels
and the gradual _increase in swelling at higher nickel levels. In this report, a more realistic description
ofatPe comp05|t|o? dependence of vacancy diffusion has also been included, an addition which improves the
model substantially.

PROGRESS AND STATUS
Introduction

The swelling behavior of irradiated metals is strongly dependent on composition. For example, in Fe-Cr-Ni
alloys the swelling at relatively high temperatures decreases strongly with nickel until some intermediate
level of 40-60% nickel is reached.® Thereafter, increases in nickel result in a more gradual increase In
swelling. The strong decreases observed in swelling of austenitic alloys can be partially explained by the
effect of various solute additions (Ni ,Si,P) on vacancy diffusivity.®’ “However, at present, no mechanism
has been advanced for the slow upturn at higher nickel levels.

Although many studies have investigated the concentration dependence of various material parameters, few
have considered the effect of compositional variations on microstructural bias factors. The interaction of
a point defect, interstitial or vacancy, with the stress field of a given defect sink determines the bias
toward one point defect over the other. Since the stress field is altered in the presence of a solute
species, one would intuitively expect the bias to be dependent on its concentration.

Consider a binary alloy in which the solute atoms are oversized; i.s., the lattice parameter of the solute
in the pure state is_larger than that_of the host species iIn its pure state. To reduce the total strain
energy of a dislocation, the solute will tend to seﬁregate on the tensile side and be repelled from the
compressive side. In equilibrium a Cottrell atmosphere is established. Although this effect has long been
known, it was only recently shown that the_change in the stress field around a dislocation could be com-
puted for concentrated solutions. We_examine here the effect this change in stress field has on bias
factors for edge dislocations in Fe-Ni alloys.

Marwick” computed the bias for a free surface due to solute redistribution by numerically solving the
diffusion equations for solute, vacancy and interstitial species. The Marwick scheme is the preterred
method of computing bias factors, but Tor a general distribution of defect sinks with non-homogeneous stress
fields, the numerical solutions to the diffusion equations become quite intractable. We shall take a
sngIer approach and compute an initial bias by estimating the change In the stress field around an edge
dislocation due to a Cottrell atmosphere. The emphasis on the word jpitial arises from the knowledge that
sinks often become further enriched in various solutes via radiation-induced segregation.

Theoretical Background

Larche* and cahn® have developed a general theory for the thermochemical equilibrium of solids under
nonhydrostatic stress. A Cottrell atmosphere is one application of the theory and it was shown that the

[a) Pacific Northwest Laboratory is operated For the U.S. Department of Energy by Battelle Memorial
Institute under Contract DE-AC06-76RLO 1830.
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stress field with the solute atmosphere present is given by the stress field for a pure material but with
the varlou%yelastlc constants replaced by the open-field elastic constants. These constants, denoted by *,
are given

B = £/(4 txnzf) {la)
v* = (v - x9%E)/(1 + xnE) (1b)
(e78)* = 3 (1 - 2v*)/E* (1c)

where_linear elasticity has been assumed. The parameters E, = and » are, respectively, the elastic_and bulk
moduli _and Poisson's ratio. The quantity » is the fractional change in the lattice parameter (a) with
composition (c); i.=.,

(da) (2)

n =

=

Finall¥, « is given as (f*)', where " is the second derivative of the free energy with composition. All
parameters are evaluated at the average concentration.

To model in an approximate way the Fe-Ni system, the various material parameters need to be evaluated. In
general, E, « and ~ are dependent on the average concentration, but for simplicity we _assume they are con-
Stant. The values employed for the subsequent computations are the same as employed in an earlier study and
represent conditions typical of fast reactor irradiation.”" The fractional change in lattice parameter is
found by assuming a linear dependence vs. the concentration of Ni; i.e., Vegard*S law. Lattice parameters
of pure Ni and pure Fe are readily obtained.

To estimate_y, a model for the free energy of mixing in Fe-Ni must be assumed. (Since we are ultimately
concerned with the second derivative, the free energy and free energy of mixing can be used interchange-
ably.) . The simplest nontrivial free energy model is the regular solution approximation with a free energy
of mixing of the form

f=wc(l -c) tRT{cinct @ - c¢)in(l - c)) (3)

where ¢ Is the NI concentration, R is the gas constant and w Is an interaction parameter. The first term on
the right of Equation 3 is the temperature-independent enthalpy of mixing, AH. By adjusting w to fit the
experimentally measured aH, a better approximation to aH 1is established.

Figure 1 shows the enthalpy of mixing data for Fe-Ni measured by Kubaschewski et al.'! and the assumed model
used in the calculations « = 8510 J/mal1}, The assumed AH vs. c model is a reasonable approximation up to

the Invar concentration but is rather poor at higher Ni levels. Nevertheless, for the first evaluation we

expect the results to be qualitatively correct.

Using a perturbation technique for non-linear diffusion equations, Wolfer and Ashkin®® derived the bias of
9

an edge dislocation. In the absence of applied stress the bias is
0 v 220 R
Ziv =1t (gl2) /0162 In(d)] (4)

where R and a are outer and inner cutoff _radii respectively, measured in units of the Burgers vector and K
is thebso1tzmannfs constant. The subscript i or v refers to interstitial or vacancy. The quantity 8s,  is
given ‘

Bo, - Vi,vK Q- 2wu)2xe (- v) {5}

1.v

where v,  is the difference between the defect volume and atomic volume.

Equation 5 was derived assuming a stress field around a dislocation in an compositionally homogeneous alloy.
We now examine the change in 2 when the stress field relaxation is due to a solute atmosphere. Thus, Equa-
tions 1-3_are employed In conjunction with Equations 4 and 5 to arrive at the initial bias as a function of
average Ni concentration.

Figure 2 shows the ratio of Z over z vs. concentration of Ni (C,.) at various temperatures. The curves are
symmetric about C,. = 0.5, a direct consequence of emBonlng the regular solution approximation. The mag-
nitude of the chaﬁge in Z./7_ is only a few percent, but”this small "change can have a large effect on the
swelling behavior.11*  Note that the change of Z /7 is more pronounced at lower temperatures. Recall,
however, that the bias is only one factor which controls void nucleation and growth.
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FIGURE 2. Calculated Ratio of Z,/Z vs. Nickel
Concentration for Various Irradiation Temperatures.

FIGURE 1. Mixing Enthalpies of Solid Fe-Ni Alloys,

as Published by Kubaschewski and Coworkers®™® and the
Regular and Sub-Regular Models Assumed in This Study
for Illustration Purooses.

The interactive effect of a concentration-dependent bias factor and other relevant parameters on swelling
behavior can be examined using the concept of a minimum critical radius, Rrrlc For a void to grow it must
nucleate as a vacancy cluster and reach a critical size. Below this critical size, a cavity will spontane-
ously decrease in size unless stabilized by gas atoms.

The bubble to void conversion idea was first discussed by Sears!®, and later developed by Odette and
Stoller'® and Coghlan and Mansur."* It was also employed by Coghlan and Garner** to examine the effect of Ni
concentration on R _ in simple austenitic alloys. The latter study focused on the effect of compositional
changes in vacancy diffusivity on the minimum critical radius. The equations involved in the computation of
R_are lengthy and the reader is referred to reference 13 for details. The various material and kinetic

mc . . s - .

parameters needed are identical to those of reference 10. In the following it is assumed that the system
bias is equal to the bias of an edge dislocation; i.e., that the ratio of void bias for an interstitial to
that of a vacancy is unity. This may not be completely accurate but it is a common assumption and sim-
plifies the calculation.

Figure 3 shows the critical radius of Fe-Ni alloys vs. G at 475°C.
for the free energy, a peak is observed at C,, = 0.5 with an approximately 10% increase in over that of
the pure metals. Figure 3 suggests that the swelllng behavior of Fe-Ni would also be symmetric. However,
this conclusion neglects changes in vacancy diffusivity, the importance of which has been stressed in
earlier papers.>”’ In particular, it was shown that changes in the pre-exponential factor IF, with Ni content
are very important. As shown in Figure 4 D® is a moderately strong function of nickel content in Fe-Ni
alloys, peaking at intermediate nickel levels.

Again due to the symmetric form chosen

Esmailzadeh and Kumar® define the effective vacancy diffusion coefficient as

p9Ff _ DFe,v Cre * Dni,v i (6)

where C is the concentration and D, is the tracer diffusion coefficient normalized by the equilibrium

concentration of vacancies; i.e., CF = exp (-AHf/kT).
Thus,

eff - [D (Fe) Cp, t D:(Ni) Cyi] €xp (-aH /kT) (7)

where the term in brackets is D*",
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The quantities D: for fe and Ni in Fe-Ni binaries are given by Ruzikova', Million and Kucera''®! and were
used to calculate D° in Figure 4. The parabolic fit also shown in 4 was used with the sub-regular solution
model for the enthalpy of mixing to calculate the bias factors for an edge dislocation (Figure 5) and the
resulting minimum critical radius {Figures 6 and 71. In the sub-reaular model the interaction oarameter w
is assumed to be concentration dependent. In Figure 1 a sub-regula; model fit was obtained by assuming that
w varied linearly with nickel concentrations.
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Concentration for Various Irradiation Temperatures, Radius of FeNi Alloys at 475%.

Using the Sub-Regular Solution for Mixing Enthalpy.

The change in R with nickel content is also a function of temperature and increases strongly at higher
temperatures. ffote that the asymetric maxima in Figures 6 and 7 offer a plausible explanation for the
observed gradual upturn in swelling at high Ni levels. A similar conclusion cannot be drawn by considering
solely the impact of changes in Df.
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Figure 8 shows a plot of R vs. temperature for various nickel levels. These curves show that

very sensitive to nickel or temperature at relatively low temperatures, but is a steep function% &

ture at higher temperatures while being moderately sensitive to nickel, all in agreement with experimental
observat ions®.

Discussion

It must be stressed that the composition-dependent bias presented in this work refers to an initial bias.
The Larche' and Cahn formalism for the solute atmosphere around an edge dislocation refers to a system in
thermal equilibrium. During irradiation, a material cannot be considered in equilibrium, and dynamic
factors such as the inverse Kirkendall effect or solute drag become important. In the Fe-Ni-Cr system,
nickel always segregates at microstructural sinks. It would be unjustified to extend the above ideas to the
steady-state swelling behavior at late times without incorporating the time dependence of C,, at the sinks.
Wolfer and coworkers have shown that segregation of nickel at sinks changes their bias.!

CONCLUSIONS

Changes with composition of the pre-exponential coefficient for vacancy diffusion have previously been
invoked to explain the rapid decrease in swelling with Ni additions in irradiated steels. However, this
factor alone cannot explain the gradual increase in swelling with Ni content for C,. »0.5. It has been
shown that the combined effect of a concentration-degendent bias factor and changes in D° offers onse
possible explanation for the swelling behavior in Fe-Ni. The change in bias was assumed to arise from the
existence of a Cottrell atmosphere of nickel atoms around the dislocations.

FUTURE WORK

This effort will continue, exploring the interaction between the Cottrell atmosphere effect and other
composition-dependent operating mechanisms.
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THE INFLUENCE OF NICKEL CONTENT ON MICROSTRUCTURES OF Fe-Cr-Ni AUSTENITIC ALLOYS IRRADIATED wiTH NICKEL IONS
- T. Muroga and N. Yoshida, Kyushu University, F. A. Garner, Pacific Northwest Laboratory(®

OBJECTIVE

The objective of this effort is to identify the mechanisms involved in the radiation-induced evolution of
microstructure in materials intended for fusion applications. The results of this study are useful In_
interpreting the results of several other ongoing experiments involving either spectral or isotopic tailor-
ing to study the effects of helium on microstructural evolution.

SUMMARY

lon-irradiated Fe-15Cr-XNi (X = 20, 35, 45, 60, 75) ternary alloys and a 15Cr-85Ni binary alloy were exam-
ined after bombardment at 675% and compared to eaflier observations made on these same alloys after irra-
diation in EBR-II at 510 or 538°C. The response of the ion-irradiated microstructures to nickel content
appears to be very consistent with that of neutron irradiation even though there are four orders of magni-
tude difference in displacement rate and over 200°C difference in temperature. It appears that the transi-
tion to higher rates of swelling during both types of irradiation is related to the operation of some
mechanism that is not directly associated with void nucleation.

PROGRESS AND STATUS
Introduction

In an earlier report, the microstructures were examined for a series of Fe-15Cr-XN{ (X = 15, 19, 21, 30, 35,
45, 75) ternary alloys and a 15Cr-85Ni binary alloy after irradiation in the EBR-II reactor at 510 and
538°C. ') At 5io°C it was obvious that void nucleation was complete prior to the onset of steady-state
swelling at all nickel levels, implying that some process other than void nucleation determines when the
relatively rapid void growth associated with steady-state swelling_ occurs. At both 510 and 538°C a pro-
tracted loop dominance at intermediate nickel levels was observed In the disloecation microstructure along
with a_relatively low void density, suggesting a reduced bias toward preferential interstitial absorption as
a possible mechanism to produce lower swelling in this nickel range. The void densities also closely mir-
rored the total swelling behavior as a function of nickel content. Figures 1-4 show the relationships
observed between loop and void densities, swelling, dislocation density and matrix nickel content.

It was decided to test the generality of such observations over a broad range of irradiation conditions.

The first results of some other neutron irradiation studies are presented elsewhere.® A more rigorous
test of the generalltx_of these microstructural relationships was provided by microscopy observations of a
series of specimens which were ion bombarded at much higher displacement rates, then thinned and observed by
Johnston, Rosolowski, Turkalo and Lauritzen.!®) These specimens were found to be in excellent condition

more than 15 years after their original examination.

ExDerimental Details

The materials examined in this study were Fe-15Cr-XNi (X = 20, 35, 45, 60, 75) ternary alloys and a 15Cr-
85Ni binary alloy. These alloys were prepared separately by Johnston and coworkers and thus are nominally
but not fully identical to those used In the neutron studies. The irradiations were performed with either
4 or 5 Mev Ni* ions at 675°C reaching 30 to 190 dpa at a displacement rate of about 2x107? dpa/s. Prior to
irradiation, 20 appm of helium had been preinjected to depths where the microscopy was to be ﬂerformed. The
regions of the specimen examined by TEM were 700 to 850 nm from the ion-incident surface of the specimen.
Due to depth-dependent changes in displacement rate characteristic of heavy ion bombardment, variations In
depth of the foil from the incident surface resulted In variations in total dose. The alloys and irradia-
tion conditions examined are listed in Table 1. The microstructure and microchemistry of these specimens
were examined with a JEM-2000FX TEM equipped with an EDS systenm.

RESULTS AND DISCUSSION

Since ion miIIin? was performed by Johnston and coworkers at the final stage of specimen preparation, high
densities of small dots were observed in all specimens. Stereoscopic observations were carried out to
Q|st|nSU|sh_betwgen_heavy ion-induced microstructure inside the specimen and near-surface defect clusters
induced by ion milling. “Micrographs of the damage structures will be presented in another report.'®

(a) Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle Memorial
Institute under Contract DE-AC06-76RLO 1830.
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Table 1

Alloys (Fe-15Cr-XNi or 15Cr-85Ni) and Heavy lon Irradiation Conditions.
The irradiation temperature is 6/5°C.

Ni level 20 35 35 35 45 45 45 60 75 85
(wt%)
Ni* fon energy 5 4 4 5 4 5 4 5 5 5
(MeV)
Dose 30 30 53 110 58 120 190 111 116 115
o*
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Figure 1. Dependence of microstructural parameters on nickel content at 510°C and 2.6 x 10% n/m?
(E™> 0.1 Mev).!!

Figure 5 shows the measured microstructural parameters as a function of nickel content. Although only lower
dose microstructures were available for 20N and 35Ni alloys, the results concerning the nickel dependence
are qualitatively similar to those shown in Figures 1 and 2 except that both void density and swelling for
the 85Ni binary alloy are higher than those of the 75Ni ternary alloy. Garner(®l has shown that irradiation
of 85Ni-15Cr with either ions or neutrons yields different results, depending on whether the irradiation is
performed above or below 550°C, the order-disorder transition temperature for this alloy. Thus one would
expect some difference in behavior for neutron irradiations conducted at 510°C or 538°C and ion irradiations
conducted at 675%.

Figure 6 shows the dose dependence of both swelling and void density for the 35 and 45Ni ternary alloys.
The swelling under the accelerated irradiation conditions of ion bombardment at higher temperature indeed
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Figure 2. Dependence of microstructural parameters on nickel content at 538 and 2.6 X 10?® n/m* (E >
0.1 Mev). Swelling data obtained by immersion density by Garner and Kumar(*} are also shown.

appears to_obey the kinetics of transient and post-transient rapid increase observed in neutron irradiation
at lower displacement rate and temperature. Figure 6 also shows that the change in void density is small
dHrlng_thE_tranSEtlon between these two regimes, similar to the behavior of the neutron-irradiated specimens
shown"in Figure 3.

Profiles of nickel concentration across voids of about 100 nm in diameter are presented In Figure 7 for a
variety of nickel levels. The enrichment of nickel at voids is most prominent for lower nickel alloys.
Figure 8 shows, for the 45Ni ternary alloy, the dose dependence of swelling as well as the dose dependence
of nickel concentration at void surfaces and in the matrix. The nickel deoletion in the matrix coincides
with the onset of rapid swelling, once again consistent with the behavior of the neutron irradiated 30Ni
ternary alloy shown In Figure 4.

CONCLUSION

The nickel-dependent microstructural response of Fe-Cr-Ni alloys irradiated under very different conditions
appears to be quite consistent. It appears that void densitieS tend to saturate at nickel dependent levels
rather early in the irradiation. The transition to higher rates of swelling seems to require the later
operation of some other mechanism not directly associated with void nucleation.



90

30+ * Immersion Density <2 |ONi 2ONi
< {Garner , Kumnar 1987) e
a~ o
G) 20r / / T
=
— o*
"'-‘l -
% oF / / _75Ni 35N

e AA n*--
o x|, S mi—aN
— Fe—ISCr-XNi
- -0 510°C
E 10" F "A\ o - 4
>r I ONi
& —- 75N
) A
5 20 i ) :‘ <.} 3ONi |
o 10t o ~0—~ 35N
- o =~ 45N
§ 1 L 1 L 1 1
0 2 4 6 B 10 12

FLUENCE (10°®*n/m?2)

Figure 3. Fluence dependence of swelling and void density at 510°C.1Y Swelling data obtained by immersion
density by Garner and Kumar'®) are also shown.
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Figure 4. The fluence dependence of swelling and nickel concentration at void surfaces and in the matrix of
Fe-15Cr-30Ni irradiated at 510°C!



91

I Fe-I5Cr-XNi , 15Cr-85Ni , 675°C fa __
10~ 120dpa , *30dpa "
e 5MeV , *aMev Ni lons R A
2 °e
2 al o Swelling ° la t
- ® Void Density 0
o &
n 2 a8 0 T 2 =
O
o *t / o
0 4 O e e et AP o~
o 5F ## O Totdl Dislocation Density -5
'E . ® Loop Number Density -
o .l O Tangled Dislocation Density | &
=4 *o 14 >~
- [ M— ©
g 3| 13 +
)_
W £
= 1%]
S 2t {2 LZLJ
= o
8 o*# a %
“OF —— 41 O
- o o o] % )
2 | xi ‘\D____uha
0 i i

o 20 30 40 50 60 70 80 90
WEIGHT PERCENT NICKEL

Figure 5. Dependence of microstructural parameters on nickel content at 675% and either 30 or 111-120 dpa
after irradiation with either 5 or 4 MeV Ni ions.
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Figure 6. Dose dependence of swelling and void density in Fe-15Cr-XNi alloys irradiated with either 4 or
5 MeV Ni ions at 675°C
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FUTURE WORK

These results will be combined with the early neutron results and some theoretical analysis.

These will

then be published in the proceedings of the 15th ASTM Symposium on Effects of Radiation on Materials."")
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IMPACT BEHAVIOR OF 9Cr-1MoVNb AND 12Cr-1MoVW STEELS IRRADIATED IN HFIR -- R L. Klueh and 0. J. Alexander
(Gak Ridge National Laboratory)

OBJECTIVE

The goal is the evaluation of the impact behavior of irradiated ferritic steels and to relate the
changes to irradiation damage and transmutation helium.

SUMMARY

Charpy impact specimens of 9Cr-1Mo¥Nb and 12Cr-1MoVW steels and these steels with 2% Ni (9Cr-1MoVNb-
2Ni and 12Cr-1MoVW-2Ni) were irradiated in the High Flux Isotope Reactor (HFIR) at 300°C up to 34 dpa and
at 400°C to 42 dpa. Nickel was added to the standard composition to study the effect of transmutation
helium formed by reaction of 38Ni with thermal neutrons in the mixed-spectrum of HFIR. Helium levels
approaching 400 appm were achieved in the steels containing 2% Ni. Irradiation caused large increases in
the OBTT of all four steels. A saturation in the shift in DBTT with increasing fluence that was observed
in fast reactor irradiations does not apply to specimens irradiated in HFIR. Shifts in DBTT of over 300°C
were observed at 400°C for 9Cr-1MoV¥Nb-2Ni and 12Cr-1MoVW-2Ni; shifts of over 200°C were observed for the
standard steels. For all steels, the increase was greater at 400°C than at 300°C. The shifts are the
largest ever recorded for this type of steel and are attributed to the higher helium concentrations.

PROGRESS AND STATUS

Introduction

Because ferritic/martensitic steels are relatively immune to void swelling, they are being considered
as possible structural materials for the first wall and blanket structure of future fusion reactors. A
major concern involves the effect of irradiation on impact properties. Irradiation can cause a large
increase in the ductile-brittle transition temperature (OBTT) and a decrease in the upper-shelf energy
(USE). Even if the DBTT is below room temperature before irradiation, it can be well above room tem-
perature after irradiation. 1=7

A steel in a fusion reactor first wall will experience displacement damage from the high-energy
neutrons from the fusion reaction. In addition, large amounts of transmutation helium will form in the
material. To study the effect of simultaneously produced displacement damage and transmutation helium.
nickel has been added to 9Cr-1MoVNb and 12Cr-1MoVW steels.® When these nickel-doped steels are irra-
diated in a mixed-spectrum reactor such as HFIR, displacement damage is produced by the fast neutrons in
the spectrum, and helium is produced by a two-step transmutation reaction of 58Nj with the thermal neutrons
inthe spectrum. For a ferritic steel containing 2% Ni, the He/dpa ratio produced during irradiation in
HFIR is similar to that produced in a tokamak reactor. This technique has been used to examine the effect
of helium on tensile properties of specimens irradiated at 50, 300, 400, and 500°C,%:% and on the impact
properties of Charpy specimens irradiated at 50°C.5

Previously, we presented data for the standard 9Cr-1Mg¥Nb and 12Cr-1MoVW steels irradiated at 300 and
400°C in HFIR up to 42 dpa (ref. 7). The shifts in OBTT observed after irradiation at 400°C were the
largest ever observed for these steels. In this report, impact properties for nickel-doped 9Cr-1Mo¥Nb and
12Cr-1MoVW steels irradiated in HFIR at 300 and 400°C will be presented, and the results will be compared
with results from the irradiations of the undoped steels.’

Experimental Procedure

Specimens were obtained from 25-kg electroslag-remelted (ESR) heats of standard 9Cr-1MoWNb (heat XA
3590) and standard 12Cr-1MeVW (heat XAA 3587) compositions that were prepared by Combustion Engineering,
Inc., Chattanooga, Tennessee. Similar compositions with 2% Ni added were also prepared by ESR; these
heats have been designated 9Cr-1MoVNb-2Ni (heat XA 3591) and 12Cr-1MoVW-2Ni (heat XAA 3589). Chemical
compositions are given in Table 1.
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Table 1. Composition of 9Cr-1Mo¥Nb and Charpy impact specimens were obtained from
12Cr-1MoVW Steel hot-rolled plate in the normalized-and-tempered
condition. The normalizing treatment for the
Concentration,? wt % 9Cr steels was 0.5 h at 1040°C and for the 12Cr
~ O9Cr-IMoWN g-ob TZCr-TMoVW steels 05 h at 1050°C, after which they were
Element 0% Ni 2% Ni 0% N3P 2 Ni air cooled. The 9Cr-1MoVNb steel was tempered

(YRR 3590) (XAR 3591] (XA 3587) (XA 35897 1 h at 760°C; the 12Cr-1MoVW steel was tempered
25 h at 780°C. The 9Cr-1MoVNb-2ZNi and 12Cr-

1MoVW-2Ni steels were tempered 5 h at 700°C

C 0.09 0.064 0.21 0.20 Tempered martensite microstructures were

M 0.36 0.36 0.50 0.49 obtained by such heat treatments. Details on

P 0.008 0.008 0.011 0.011 heat treatment and microstructure have been

S 0.004 0.004 0.004 0.004 published. “»8

Si 0.08 0.08 0.18 0.14

Ni 0.11 217 0.43 2.27 Miniature charpy V-notch specimens were

Cr 8.62 8.57 11.99 11.71 machined from the heat-treated plate in the

Mo 0.98 0.98 0.93 1.02 longitudinal {LT} orientation. The subsize

v 0.209 0.222 0.27 0.31 specimens were essentially one-half the standard

Nb 0.063 0.066 0.018 0.015 size; they measured 5 by 5 by 254 mm and con-

Ti 0.002 0.002 0.003 0.003 tained a 0.76-mn-deep 30" V-notch with a 0.05-

co 0.013 0.015 0.017 0.021 to -0.08-mn-root radius. Such miniature speci-

cu 0.03 0.04 0.05 0.05 mens show a transition from ductile to brittle

Al 0.013 0.015 0.030 0.028 fracture similar to that found in full-sized

8 <0.001 <0.001 <0.001 <0.001 Charpy specimens, although over a different

W 0.01 0.01 0.54 0.54 temperature range.!0»11

As <0.001 <0.001 <0.001 <0.002

Sn 0.003 0.003 0.002 0.002 Two capsules, each containing 16 specimens

Ir <0.001 <0.001 <0.001 <0.001 of the nickel-doped and undoped 9Cr-1MoVNb and

N 0.050 0.053 0.020 0.017 12Cr-1MoVW steel specimens, were irradiated in

0 0.007 0.006 0.005 0.007 HFIR at the nominal irradiation temperatures of

300 and 400°C. One capsule contained the %Cr-

dBalance iron. IMoVNb series, and the other contained the 12Cr-
bStandard steel with no nickel added. 1MoVW series. For irradiation, specimens were

enclosed in stainless steel holders, and the

holders were placed inside aluminum sleeves. To

achieve the desired temperature, the outer

diameters of the steel specimen holders were
adjusted to compensate for the variation in nuclear heating rate along the length of the capsule. Nuclear
heating of the specimens and stainless steel holders provides enough heat to raise the sample temperatures
to the desired values. A thermal gradient exists from the interior to exterior surface of the specimens,
but this has been calculated to be less than 45°C. Three flux monitors were loaded into each capsule, and
these were analyzed to determine the fluences achieved.

The capsules were irradiated in HFIR peripheral target positions for 20 cycles to a maximum total
fluence of 20.2 x 102% n/m? and a maximum fast fluence of 56 x 102% n/m? (E » 0.11 MeV). At the capsule
midplane, a displacement-damage level of approximately 42 dpa was obtained. However, the fluence
decreases with distance from the midplane, and the displacement-damage levels at the ends of the capsules
were approximately 20 dpa. Displacement-damage levels for specimens between the midplane and the ends
varied between these limits. Similarly, helium levels also varied, depending on the position of the spec-
imens in the capsule and the amount of nickel present in the alloys. Up to -390 appm He was present in
the steels with 2% Ni.

Tests were carried out in a pendulum-type impact machine specially modified to accommodate subsize
specimens.”™  To obtain the DBTT and upper-shelf energy (USE), Iimpact energy-temperature curves were
generated by fitting the data with a hyperbolic tangent function.

Because of space limitations in the irradiation capsules, a limited number of irradiated specimens
were available (five each for the 9Cr-1MoVNb and 12Cr-1MoVW steels, but only three specimens each for
these steels to which 2% Ni had been added). The major objective of these studies was the determination
of the shift in DBTT. Consequently, the USE often had to be estimated. The DBTT was calculated for the
energy corresponding to one half of the USE and at fixed energy levels of 55 and 9.2 J (analogous to the
41 and 68 J often used for full-size Charpy specimens).ll

Results

Charpy impact results for the specimens irradiated in HFIR are given in Table 2. Also given are the
displacement-damage levels and helium concentrations for each set of specimens. Because the new results
on the nickel-doped steels are to be compared with the results for the standard steels irradiated in the
same capsules but previously published," the results for the standard steels are also given in the table.
As seen, the specimens irradiated at 400°C had damage levels of 38 to 42 dpa, while those irradiated at
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Table 2. Impact Properties of Cr-Mo Steels Irradiated in HFIR

Conditions Transition Temperature {°C) ADBTT2 l(JSE
(°C) J)
Temperature  Displacement He
(°C) (dpa) (appm) 1/2 USE 5.5J 9.2J
12Cr-1MoVW (Heat XAA 3587)
Control 0 0 -18 -58 -35 26
300 20-34 51-90 87 86 87 105 15
400 38-42 99-111 224 226 - 242 8
12Cr-1MoVW-2Ni (Heat XAA 3589)
Control 0 0 -32 -57 -25 17
300 20-31 184-284 130 132 153 162 10
400 38-42 353-391 296 323 —_— 328 60
9Cr-IMoVNb (Heat XA 3590)
Control 0 0 -29 -49 -37 25
300 20-34 16-27 138 136 138 167 20
400 37-42 30-34 175 174 182 204 12
9Cr-1MoVNb-2Ni (Heat XA 3591)
Control 0 0 =77 -115 -90 24
300 20-31 184-284 141 149 - 218 8
400 38-42 353-391 271 - - 348 ab

8Calculated from 1/2 USE OBTT.

bEstimated because of the small number of specimens

300°C were only 20 to 34 dpa. Helium concentrations varied considerably, depending on the amount of

nickel in the steel and the fluence.

Because the standard 9Cr-1MoVNb steel contained only about 0.1% Ni

compared to the 0.5% in the standard 12Cr-1MoVW (Table 1), the 9Cr-1MoV¥Nk contained less helium than the

12Cr-1MoVW after a similar irradiation.

Figures 1through 4 show the Charpy

12 Cr- | MoVW (Heat XA 3587)

DRNL-DG 89-12519

curves for each steel before and after irra- 4@ 1 ] T

diation; AOBTT values determined using the
DBTT determined as one-half USE are shown

in Table 2. Increases in DBTT of over
100°C occurred at 300°C and over 200°C
at 400°C for all four steels. The

largest change for each steel occurred
after irradiation at 400°C, and a

larger change occurred for the nickel-
doped steels (the ones with the higher

helium levels) than the undoped steels.

From Figs. 2 and 4, the dif-
ficulty is evident in estimating a
USE from only three test specimens
for 9Cr-1MoVNb-2Ni and 12Cr-1MoVW-2Ni
steels, especially at 400°C. Itis
also difficult to estimate the DBTT
at 400°C. Errors in the estimate in
DBTT at 400°C would appear to be such
as to lead to a lower value than
might result were more specimens
available. Nevertheless, the curves
were fitted by the hyperbolic tangent
function and were used to estimate a
DBTT, which is given in Table 2.
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Fig. 1 Charpy impact properties of 12Cr-1MoV¥W steel in the
unirradiated condition and after irradiation to 20-34 dpa (51-90
appm He) at 300°C and to 38-42 dpa (99-111 appm He) at 400°C in

HFIR.
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Fig. 2. Charpy impact properties of 12Cr-1MoVW-2Ni steel in the unirradiated condition and after
irradiation to 20-31 dpa (184-284 appm He) at 300°C and to 38-42 dpa (353-391 appm He) at 400°C in HFIR.
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Fig. 3. Charpy impact properties of 9Cr-1Mo¥Nb steel in the unirradiated condition and after irra-
diation to 20-34 dpa (16-27 appm He) at 300°C and to 37-42 dpa (30-34 appm He) at 400°C in HFIR.
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Fig. 4. Charpy impact properties of 9Cr-1MoVNb-2Ni steel in the unirradiated condition and after
irradiation to 20-31 dpa (184-284 appm He) at 300°C and to 38-42 dpa {353-391 appm He) at 400°C in HFIR.

Discussion

The objective in irradiating the nickel-doped and undoped 9Cr-MoVNb and 12Cr-MoVW steels in HFIR was
the determination of the effect of helium on properties. Transmutation helium is generated by an (n,a)
reaction between 3BNi and thermal neutrons in the HFIR spectrum. From previous work on the nickel-doped
steels, it was tentatively concluded that helium may intensify the effect of irradiation on the shift in
DBTT when irradiated at 50°C.® That experiment, like the present one, suffered from the limited number of
specimens that were frradiated. A similar conclusion that helium affected the results was reached when
the standard steels were irradiated in HFIR“»7 and compared with results obtained after irradiation in
fast reactors.>

For any test condition, Table 2 shows that the nickel-doped steels always had a larger ADBTT than the
standard steel. A possible conclusion from this observation is that helium caused the difference.
Because of the limited amount of data, such a conclusion can only be considered tentative; nevertheless,
it is worthwhile to examine the results in light of all data that bear on such a conclusion.

The most important question concerning the irradiation of the nickel-doped and undoped steels is:
What is the effect of helium and what is the effect of nickel? Previous work addressed this question by
examining the unirradiated microstructures and the microstructures after irradiation to ~39 dpa in HFIR,
where substantial helium formed, and to ~47 dpa in FFTF, where little helium formed.l2 That study showed
no major differences in the evolution of the micrestructures in the different reactors, with the exception
of the formation of wvoids and bubbles in the HFIR-irradiated steels. The formation of these cavities was
attributed to helium.

Differences in thermal aging behavior of the steels with and without nickel additions caused by
elevated-temperature exposure during irradiation are not expected to significantly affect the DBTT. Aging
for up to 2500 h at 400°C had no effect on the impact properties of any of the steels.“»5 Also, normalized-
and-tempered 9Cr-1MoVNb and 12Cr-1MoV¥W-2Ni steel specimens from the heats used in the present experiment
were aged for 13,000 h at 300 and 400°C with only a relatively minor effect on the DBTT and USE (Fig. 5).

Charpy impact specimens of these same heats of 12Cr-1MoVW and 12Cr-1MoV¥W-2Ni steels were previously
irradiated at 390°C to 12 dpa in EBR-II, where < 3 appm He was generated.® Shifts in DBTT of 122 and 90°C
were observed for the 12Cr-1MoVW and 12Cr-1MoVW-2Ni, respectively. The similarity of the shift in DBTT in
12Cr~1MoVW and 12Cr-1MoVW-2Ni when irradiated in EBR-1I was interpreted to mean that nickel did not signif-
icantly affect the properties and therefore should not affect them when irradiated in HFIR.® However,
when the ADBTTs determined after irradiation at 390°C in EBR-II are compared with those observed after
irradiation at 400°C in HFIR, it is obvious the ADBTT for both steels irradiated in HFIR is considerably
greater (242°C for 12Cr-1MoVW and 348°C for 12Cr-1MoVW-2Ni}). Either the higher fluence or the higher
helium concentration produced in the HFIR experiment caused the larger ADBTT.
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103

Nickel was shown by Odette and Lucas!® to have an embrittling effect (measured as an increase in the
OBTT) on pressure vessel steels irradiated in light-water reactors to fluences of -1-3 x 1022 n/m2 (note
the fluence is more than three orders of magnitude less than the fluences used in the present experiment).
These authors concluded that nickel acts synergistically with copper for high copper contents, but acts
independently at low contents {<0.1% Cu). Although the exact mechanism for embrittlement is unknown, it
is believed to be caused by “irradiation-induced fine-scale microstructural features."'?® For copper-
bearing steel, 1 nm copper-rich precipitates (containing nickel when nickel is present in the steel) were
established by small-angle neutron scattering. Low-copper steels also contain irradiation-induced
defects, although their precise character is as yet undetermined.!3

Such embrittlement caused by nickel is not believed to cause the effects observed in the present
experiment. First, if nickel caused the effect, similar effects would be expected for irradiations in
EBR-1I (fast reactor) and HFIR (mixed-spectrum reactor) when irradiated to similar fast fluences.  Second,
the effect in the pressure-vessel steels occurs with the formation of defects so small they cannot be
observed by TEM, but only by small-angle scattering.”™ When the steels used in the present experiments
are irradiated at 400°C in both fast reactors and mixed-spectrum reactors, dislocation loops are generated
and precipitate reactions occur.?s>1% However, the only significant difference in microstructure ever
detected when microstructures were compared for steels irradiated in a fast reactor and a mixed-spectrum
reactor is that the cavity concentration is greater in steels irradiated in the mixed-spectrum reactor, an
observation that has been attributed to helium.!2

The possibility of a transmutation reaction in HFIR, other than the (n,a) reaction with 58N to form
helium, was considered. Two reactions that occur in HFIR but not in the fast reactors are {n,¥) reac-
tions with 58Cr to produce 3!¥ and 55Mn to form S5Fe. There is also an {n,p) reaction with 3*Fe to form
5%Mn. However, the results of any such reactions on properties should be the same for steels with and
without nickel additions, because with the exception of the nickel, compositions are identical in the
undoped and doped steels.

The nickel-doped steels were also used to study the effect of helium on tensile behavior, and it was
concluded that helium affected the strength after irradiation in HFIR at 50 (ref. 15) and 400°C (refs. 9,16)
These conclusions followed from comparing the effect of irradiation on the steels with different nickel
content, although the conclusion on the 400°C tests was reached by also comparing the results from irra-
diation in HFIR at 400°C (ref. 9) to specimens irradiated in EBR~-II at 390°C (ref. 16}, where essentially
no helium was produced. It should be pointed out, however, that the effect on tensile properties attrib-
uted to helium did not appear to be as large as the effect on the impact behavior observed in the present
investigation.

Results from the present studies on the 9Cr-1MoVNb and 12Cr-1MoVW steels irradiated at 400°C are
significantly different from those obtained by Hu and GellesZ on different heats of these steels irra-
diated at 390°C in EBR-II (the EBR-11l-irradiated steels contained little helium). After 9Cr-1MoV¥Nb steel
was irradiated to 13 and 26 dpa, Hu and Gelles found a AOBTT of 52 and 54°C, respectively. The change
observed for 9Cr-1MoV¥Nb after -40 dpa in the present experiment was 204°C. Likewise, for the 12Cr-1MoVW
steel, Hu and Gelles? found &DBTTs of 124 and 144°C after 13 and 26 dpa, respectively, compared with 242°C
found in the present study.

These EBR-11 data indicate that a saturation in ADBTT occurred by 13 dpa for 9Cr-1MoVNb and 12Cr-
1MoVW steels.? Likewise, recent results for 12Cr-1MoVW irradiated in FFTF at 365°C indicated a saturation
in ADBTT occurred in 10 dpa (ref. 17). That saturation does not apply for the steels irradiated in HFIR.
This comparison between HFIR and EBR-II irradiations also suggests that fluence or helium concentration
are responsible for the differences in the shift in OBTT.

With respect to a saturation in ADBTT in HFIR, irradiations to hiaher dpa levels are required to
determine if saturation occurs. Irradiation of another heat of 12Cr-1MoVW steel in HFIR to 4-9 dpa and 25
appm helium' resulted in a ADBTT of 195°C at 400°C. indicating that some increase occurred at the higher
dpa and helium concentration used in the present experiment.

According to results in Tabie 2 for the HFIR irradiations, the ADBTT was always larger after irra-
diation at 400°C than at 300°C. This was true for both the 9Cr-1MoV¥Nb and 12Cr-1MoVW steels, with and
without the nickel additions. However, the irradiation fluences for the specimens irradiated at 300°C
were less than those irradiated at 400°C (an average displacement damage of about 25 dpa occurred at 300°C
compared to 40 dpa at 400°C). Linear extrapolation of the ADBTT data at 300°C to the higher fluence indi-
cates that the shift would still be considerably less at 300°C than 400°C for the 12Cr-1MoVW and 12Cr-
1MoVW-2Ni. The shift for the 9Cr-1Mo¥Nb-2Ni is calculated to be similar at the two temperatures, and it
would be slightly greater at 300°C for the 9Cr-1Mo¥Nb.

Previous results led to the conclusion that the ADBTT for 12Cr-1MoVW steel went through a maximum
with irradiation temperature around 400°C (refs. 4,6). Such a conclusion was based on a combination of
data obtained from EBR-II and HFIR.*»® Because of differences in the behavior of steels in the two reac-
tors, the use of the two types of data to reach such a conclusion is questionable. Based on HFIR data only,
a maximum may occur for 12Cr-1MoVW at 400°C. That tentative conclusion i s based on the extrapolation of the
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300 and 400°C data of Table 2 discussed above and data at 4-9 dpa that indicated that the shift at 400°C
exceeded that at 300°C and the shift at 300°C exceeded that at 50°C (refs. 4,6). More data from HFIR are
required to verify this observation and to determine if a similar maximum occurs in the 9Cr-1MoVNb steel.
Indications from the present experiment indicate the possibility of a broad peak around 300 to 400°C for
SCr-1MoVNb.

One explanation for a maximum is that it is caused by the irradiation-induced dislocation and precip-
itation structure that results when the steel is irradiated near 400°C (refs. 12.14). This structure
could have a maximum effect near 400°C, because at lower temperatures precipitate formation is inhibited
by unfavorable kinetics and at higher temperatures softening occurs because of precipitate coarsening.
This implies that the helium effect on ADBTT is superimposed on the effect due to the precipitate and
dislocation structure.

The microstructures of the steels with and without the nickel additions irradiated in HFIR to 37-39
dpa at 300, 400, 500, and 600°C have been examined.!2 Irradiation of the 9Cr and 12Cr steels at 300 to
500°C produced a dense dislocation structure, which achieved its maximum density at 400°C. The largest
amount of precipitate was observed at 400°C. There was a difference in the 9Cr and 12Cr steels in that
subgrain coarsening occurred in the 9Cr-1Mo¥Nb and 9Cr-1MoVNb-2Ni steels irradiated at 300 to 500°C. This
coarsening was accompanied by the dissolution of some of the finer MC precipitates. Subgrain coarsening
and dissolution was not observed for the 12Cr-1MoVW and 12Cr-1MoVW-2Ni steels at 300 and 400°C. Such
microstructural changes would be expected to exacerbate the loss of toughness, and that change along with
the effect of helium superimposed on these changes could cause the observed maximum. In the microstruc-
tural studies for the specimens irradiated to 37-39 dpa at 300 to 600°C. a maximum in void swelling was
observed at 400°C (ref. 12) Swelling was found to be enhanced by the presence of helium.!?2

Ifhelium is the cause of the large ADBTT for the steel irradiated in HFIR, the relative effect on
the ADBTTs for the standard 9Cr-1MoVNb and 12Cr-1MoVW steels at first appears incongruous. Although the
9Cr-1MoVNb steel contained considerably less helium (16-27 appm) than the 12Cr-1MoV¥W (51-90 appm), the
ADBTT of the 9Cr-1MoVNb after irradiation at 300°C exceeded that for the 12Cr-1MoVW. The AOBTT for the
12Cr-1MoVW exceeded that for 9Cr-1Mo¥Nb after irradiation at 400°C, but the difference {38°C) was quite
small, considering that the 12Cr-1MoVW contained about three times as much helium after irradiation at
this temperature.

These observations on the possible relative effect of helium in 9Cr-1MoVNb and 12Cr-1MoVW steels with
and without nickel added are in agreement with the swelling observations for these steels. After irra-
diation to 37-39 dpa in HFIR to form -32 appm He in 9Cr-1MoVNb and 87 appm He in 12Cr-1MoVW, swelling was
noticeably greater in 9Cr-1MoVNb than 12Cr-1MoVW (0.19% vs. 0.07%).12-18  Helium was concluded to enhance
swelling in both steels. An explanation for both the enhanced swelling and shift in DBTT for the 9Cr
steels may again be the difference in microstructures formed in the two steels during irradiation.
Subgrain coarsening would be expected to raise the DBTT. Such coarsening, which involves the movement of
dislocations, might also result in the agglomeration of helium, which could then enhance sweﬂfng.
Subgrain coarsening may be connected to the precipitate dissolution observed in the 9Cr steels;!® perhaps
it does not occur as readily in the 12Cr steels, because they have a higher carbon concentration.

Mechanisms by which helium affects strength, and thus toughness, have been speculated upon.® When
helium is in an interstitial position, it can readily diffuse through an altoy.2® However, the intersti-
tial helium can become immobilized when trapped by a vacancy into a substitutional position. At tem-
peratures <100°C, detrapping can occur either directly or by irradiation (by a neutron collision or by the
knock-on process).2! At somewhat higher temperatures, detrapping can involve replacement b a self
interstitial. Helium-vacancy clusters can form when the helium and vacancies are mobile."™ There are
also indi%gtions that helium refines the scale of loop nucleation and prolongs loop stability to high
fluences.

It is expected that helium in interstitial positions could cause an increase in strength, as could
the refinement of the scale of loop nucleation. If the helium effect is primarily associated with the
loop structure and the promotion of a higher loop saturation concentration, then a strength saturation
should occur at higher displacement-damage levels. The effect of interstitial helium would perhaps con-
tinue with increasing fluence and be more persistent, although saturation should again occur. Helium-
vacancy clusters will form as the helium concentration builds up. At some point, no new clusters will
form, and the newly generated helium will be incorporated in existing clusters and cause them to grow.

Finally, an inconsistency is observed when the data for 12Cr-iMoVW steel specimens irradiated at
300°C in HFIR to 4-9 dpa (ref. 4) are compared to those irradiated to 20-34 dpa. Although different heats
of steel were involved, the ADBTT for the steel irradiated to the lower dpa had the highest DBTT.

Although we cannot rule out the possibility that the ADBTT goes through a maximum with fluence at 300°C,
this is not expected. Data for the 300°C tests for both of these heats of steel displayed considerable
scatter in the upper shelf area. Perhaps this scatter coupled with the limited number of specimens
available made an accurate determination of the DBTT impossible. The 400°C data appear to be consistent.
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CONCLUSIONS

Charpy impact studies were conducted on specimens of 9Cr-1MoVNb, 9Cr-1MoVNb-2Ni = 12Cr-1MoVW, and
12Cr-1MoVUW-2Ni steels irradiated at 300 and 400°C in HFIR to displacement-damage levels of up to 42 dpa.
Because of the nickel present in the steels, irradiation in HFIR produced up to 390 appm He. The ADBTT
values of 204 and 242°C observed for 9Cr-1MoVNb and 12Cr-1MoVW steels, respectively, after irradiation at
400°C in HFIR were the largest values ever observed for these steels. They were considerably larger than
any shift observed after irradiation in a fast reactor, where a saturation value of ADBTT -54°C was observed
for 9Cr-1MoVNb and ~144°C for 12Cr-1MoVW after -13 dpa. It was concluded that this difference for irra-
diation in the two reactors was either due to the larger displacement-damage level reached in the HFIR
experiment, or else it was due to the large amount of helium generated in these specimens. The latter
conclusion is preferred based on the observations. Irradiation in HFIR to a still-larger displacement-
damage level is required to determine if a saturation of ADBTT occurs under radiation conditions in this
reactor.

Regardless of whether the effect of helium is accepted, the shift in DBTT after irradiation at 400°C
of 204 and 242°C for the 9Cr-1MoVNb and 12Cr-1MoVW steels, respectively, are the largest shifts ever
observed for these steels. If the ADBTT of the steels with 2% Ni are representative of these steels irra-
diated to He/dpa ratios typical of those expected in a fusion reactor, then a ADBTT approaching 350°C is
much larger than any increase ever expected for these steels. Therefore, before these steels are con-
sidered for use as a first-wall material, this possibility of helium affecting toughness must be more
fully investigated and understood.
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THE DEVELOPMENT (F FERRITIC STEELS FOR FAST INDUCED-RADIOACTIVITY DECAY -- R. L. Klueh and D. J. Alexander
(Oak Ridge National Laboratory)

OBJECTIVE

Induced radioactivity in the first-wall and blanket-structure materials of a fusion reactor will make
these components highly radioactive after their service lifetime, leading to difficult radioactive waste-
management problems. One way to minimize the disposal problem is to use structural materials in which
radioactive isotopes induced by irradiation decay quickly to levels that allow simplified disposal tech-
niques. W are assessing the feasibility of developing such ferritic steels.

SUMMARY

Irradiation of ferritic steels with neutrons at temperatures up to -450°C causes a loss of toughness.
This can be measured in a Charpy impact test, where an increase in the ductile-brittle transition tempera-
ture (DBTT) and a decrease in the upper-shelf energy is observed after irradiation. Reduced-activation
Cr-W steels with chromium concentrations varying from 225 to 12%were irradiated at 365°C to -7 dpa in
the Fast Flux Test Facility. Steels with 2.25% Q and a combination of 2% W and 0.25% V were less
severely affected by irradiation than steels with vanadium and no tungsten, tungsten and no vanadium, or
with 190N and 0.25% V. Two steels with 9% Cr showed the most resistance to a loss of toughness. A 9%Cr
steel with 2% W and 0.25% V showed an increase in DBTT of 68°C. This same composition with an addition of
0.07% Ta developed an increase in DBTT of only 4°C. These values compare to increases of over 100°C for
the rest of the steels.

PROGRESS AND STATUS
Introduction

A program is in progress to develop reduced-activation or fast induced radioactivity decay (FIRD)
ferritic steels that can be more readily disposed of or recycled than conventional ailoys.! Such alloys
cannot use molybdenum and niobium, which are present in the compositions of the conventional Cr-Mo steels
presently of interest for fusion reactor applications {2l/4Cr-1Mo, 9Cr-1MoVNb, and 12Cr-1MoV¥W). Composi-
tions for proposed experimental steels were based on variations of the compositions of the Cr-Mo steels,
with tungsten proposed as a replacement for molybdenum, and vanadium, titanium, and tantalum as replace-
ments for niobium. Various experimental alloys were preopsed as a way of determining the effect of dif-
ferent alloying elements on properties; these compositions are given in Table 1, along with the
designation for each alloy.

A range of chromium compositions from -2.25 to 12%

Table 1. Proposed nominal compositions for (all compositions are in weight percent) was proposed.’'
fast induced-radioactivity decay steel As a maximum level for tungsten, an atom-for-atom replace-
development program ment of molybdenum by tungsten was chosen; this required
2wt %W since the atomic weight of tungsten is approxi-
Nominal Chemical Composition,? mately twice that of molybdenum. A 0.25% V content was
Alloy (wt %) used to obtain a favorable vanadium/carbon ratio for car-

bide formation: a significantly higher vanadium concentra-

Cr ] Vv Ta C tion above that necessary to tie up the carbon would make
it difficult to dissolve the vanadium during the normaliza-
2.25CrV 2.25 0.25 0.1 tion treatment, thus decreasing the hardenability. Experi-
2.25Cr-1WVY 225 1 0.25 0.1 mental alloys with 0, 1, and 2% W were proposed to determine
2.25Cr-2W 2.25 2 0.1 the effect of tungsten, and an alloy with tungsten and no
2.25Cr-2WV 225 2 0.25 0.1 vanadium and one with vanadium and no tungsten were sug-
5Cr-2WV 5 2 0.25 0.1 gested to determine the effect of these elements on proper-
9Cr-2WV 9 2 0.25 0.1 ties." Tantalum was added to a 9Cr-2WV steel to get a
9Cr-2WVTa 9 2 0.25 012 0.1 steel analogous to the 9Cr-1MoVNb steel. A carbon level
12Cr-2WY 12 2 0.25 0.1 of 0.1-0.15% was proposed for all steels to help ensure

weldability. Of the Cr-Mo steels presently in the fusion-
dBalance iron. reactor materials program, only the 12Cr-1MoVW steel has
more carbon. That steel contains 0.2%C, which along with
05% Ni is used to eliminate delta-ferrite in this high-
chromium alloy.

V¢ previously reported on, the microstruc 2 temperi and tensile behayi 3 and Charpy impact
behaviors of ' Hesd exBerltmentaI Q‘,r-w A P R R Attt AP reportedp%n TP e ttect

*As a generic designation, the new class of steels will be referred to as Cr-W steels. (The only excep-
tion is the 2lCrv steel, which contains no tungsten.) This follows the procedure used for the Cr-Mo steels,
after which these steels are patterned, even though both types of steel may contain other alloying elements.
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of irradiation at 365°C in the Fast Flux Test Facility (FFTF) on the hardening behavior of the steels as
measured in tensile tests.® 1In this report, the effect of irradiation at 365°C in FFTF on impact behavior
is presented. For fusion-reactor applications, impact behavior is extremely important, because neutron
irradiation causes an increase in the ductile-brittle transition temperature (DBTT) and a decrease in
upper-shelf energy (USE) of ferritic steels. Developing steels that show only small changes in these
parameters is of utmost importance if ferritic steels are to be useful as structural materials for fusion
reactors.

Experimental Procedure

Eight heats of steel similar to those given in Table 1 were prepared by Combustion Engineering, Inc.,
Chattanooga, Tennessee. Melt compositions are given in Table 2. These are the same steels used in the
previous studies.?=5 |n addition to the nominal compositions of Cr, V, W, C, and Ta desired, the concen-
trations of other elements such as Mn, P, Si, etc., were adjusted to levels typical of commercial
practice.

Table 2. Composition of fast induced-radioactivity decay ferritic steels

Chemical Composition,? wt %

Element 2.25Cr-  2.25Cr-1W- 2.25Cr-2u- 5Cr-2W- 9Cr-2W- 9Cr-2W- 12Cr-2u-
0.25V 0.25V 2.25Cr-2w 0.25V 0.25V 0.25V 0.25VTa 0.25V
(heat 3785) (heat 3786) (heat 3787) (heat 3788) (heat 3789) (heat 3790) (heat 3791) (heat 3792)

C 0.11 0.10 0.11 0.11 0.13 0.12 0.10 0.10

Mh 0.40 0.34 0.39 0.42 0.47 0.51 0.43 0.46

P 0.015 0.015 0.016 0.016 0.015 0.014 0.015 0.014

S 0.006 0.006 0.005 0.006 0.006 0.005 0.005 0.005

Si 0.17 0.13 0.15 0.20 0.25 0.5 0.23 0.24

Ni 0.01 0.01 <0.01 <0.01

Cr 2.36 2.30 2.48 2.42 5.0 8.73 8.72 11.49

Mo 0.01 <0.01 <0.01

v 0.25 0.25 0.009 0.24 0.25 0.24 0.23 0.23

Nb <0.01 <0.01 <0.01

Ta <0.01 <0.01 <. 0.075

Ti <0.01 <0.01 <0.01

co 0.005 0.006 0.008

cu 0.02 0.025 0.03

Al 0.02 0.02 0.02 0.021 0.03 0.03 0.03 0.028

B <0.001 <0.001 0.001

W 0.93 1.99 1.98 2.07 2.09 2.09 2.12

aBalance iron.

All heats were air melted and then electroslag remelted (ESR) to obtain about 18 kg of usable
material. The ESR ingot was hot rolled to 15.9-mm-thick plate that was heat treated and used for making
the impact specimens.

A normalizing and tempering heat treatment was used. The 2.25Cr-ZW steel was normalized by annealing
1 h at 900°C and air cooling. The other seven heats were annealed 1 h at 1050°C and air cooled; the
higher temperature was used for these steels to assure than any vanadium carbide present was dissolved
during the austenitization. The 214CrV, 2lsCr-1wV, and 2144Cr-2W were tempered 1 h at 700°C, and the other
five heats were tempered 1 h at 750°C.

Irradiation of the six Charpy specimens from each heat was in the FFTF in the below-core specimen
canister of the Materials Open Test Assembly (MOTA). This is a sodium "weeper" that operates at ~365°C,
which is slightly above the coolant ambient temperature. Because specimens were at s]iahtly different
positions in the canister, not all specimens received the same fluence. All of the 2l4Cr steels were irra-
diated to about 1.98 = 102% n/m2, -7.3 dpa. The 5Cr-2WV¥ and 9Cr-2WV steels were irradiated to about
2.05 x 1026 n/m2, -7.6 dpa, and the 9Cr-2Wv¥Ta and 12Cr-2WV steels were irradiated to about 1.82 x 1028
n/m%Z, -6.7 dpa. Less than 1 appm He was formed during irradiation.

Subsize Charpy specimens were irradiated and tested. These were essentially one-third the standard
size and measured 33 mn by 33 mm by 254 wmm and contained a 0.51-mm-deep 30° V-notch with a 0.05- to
0.08-mm-root radius. All specimens were taken from the normalized-and-tempered 15.9-mm-thick plate along
the rolling direction with the notch running transverse to the rolling direction (L-T orientation).
Surface material was machined equally from both sides of the plate to allow for two rows of specimens to
be machined from the center of the plate.
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Details on the test procedure for the subsize Charpy specimens have been puhlished.® Each individual
Charpy data set was fitted to a hyperbolic tangent function for obtaining the transition temperature and
upper-shelf energy.

Results

Results from the Charpy impact tests on the irradiated and control specimens are given in Table 3.
This table gives the USE and the DBTT for each of the eight steels in the unirradiated condition and after
irradiation at 365°C; the shift in DBTT (ADBTT) is also given. The DBTT was determined at an energy that
is half the difference between the upper- and lower-shelf energies. Because the lower-shelf energy is
only a few tenths of a joule, the value determined by this method is essentially the same as that deter-
mined at half the upper shelf energy, a value which is often used.

Figure 1 shows the Charpy curves for the 2kaCr
Table 3. Impact properties of Cr-W steels steels. All four of these steels show a large
irradiated in FFTF at 365°C increase in DBTT and large decrease in USE. The
shift appears to be affected by the composition.
Upper-Shelf Although there was a difference between the DBTT

Al loy Specimen  DBTTP  ADBTT Energy after irradiation for the 2luCrV¥ steel, the one
Designation Condition? (°C) (°c) {(J) without tungsten [Fig. 1{a)], and the 2l4aCr-1WV
steel, which only contained 1%W [Fig. 1(b}],
2.25Cr¥ N&T 14 10 there was little difference in the ADBTT for these
| 250 236 4.2 two steels. Irradiation had a similar effect on
2.25Cr-1Wv N&T -28 118 the reduction of USE for these two steels. The
1 192 220 56 steel without vanadium, the 24Cr-2W, showed a
2.25Cr-2W N&T -19 9.2 significantly smaller shift in DBTT [Fig. 1(¢)]
| 140 159 4.6 than the other two steels. Finally, the 2l/aCr-2WV
2.25Cr-2wy N&T 4 9.1 steel, which contained a combination of 2% W and
1 111 115 5.2 0.25% V, showed the least shift [Fig. 1{d)] of the
5Cr-2WY N&T =0 9.2 21/4Cr steels.
| 33 103 6.5
9Cr-2WV N&T —60 8.4 In Fig. 2, the Charpy curves for the high-
1 8 68 6.4 chromium steels are shown. These steels also show
9Cr-2WVTa N&T —-88 11.2 a variation in ADBTT, with the 12Cr-2WV steel [Fig.
| -84 4 8.6 2(d)] showing the largest shift, followed by the
12Cr-2WV N&T -8 8.3 5Cr-2WV steel [Fig. 2{a)]. The 9Cr-2WV steel
| 156 174 59 [Fig. 2(b)] shows a still smaller shift. Finally,

irradiation of the 9r-2W¥Ta steel resulted in a
ADBTT of only 4°C [Fig. 2{c)], even though the only
difference between the 8Cr-2WV¥Ta and the 9Cr-2ZWV
steel is that the former contains 0.07% Ta.

Discussion

Optical microstructures of these eight steels when normalized-and-tempered as 15.9-mm-thick plate were
previously discussed.2 The microstructure of the 23/aCr¥ contained 30 to 35% tempered bainite, with the
remainder being polygonal or proeutectoid ferrite. The 2l4Cr-1WV steel contained -55% tempered bainite
and 45% polygonal ferrite. Less ferrite was observed in the 2laCr-2W and 21aCr-2WV steels: the 21Cr-2W
steel was essentially 100% bainite and the 21aCr-2WY steel contained 15-20% polygonal ferrite.? The
5Cr-2WY¥, 9Cr-2WV, and 9Cr-2WVTa steels were 100% tempered martensite.2 However, the 12€r-2WV steel con-
tained approximately 25% delta-ferrite, with the balance being martensite. The only major difference
observed in the martensite of these latter four steels by optical microscopy was that the 8Cr-2WV¥Ta had a
much finer prior austenite grain size than the other three steels.2

Since the shift in DBTT is expected to be related to the hardening caused by radiation, it is of
interest to consider the effect of irradiation on the tensile behavior. Specimens of the steels were ten-
sile tested after irradiation to -7 dpa (ref. 5). (Note that in this case the steels were heat treated in
the tensile specimen geometry, and because of the thinner sections, all the 214Cr steels were 100%
bainite.) All steels hardened during irradiation. Observations on the Cr-W steels indicated that steels
containing 214% Cr and a combination of vanadium and tungsten hardened less than those to which only vana-
dium or tungsten were added. For the steels containing 225, 5%, 9, and 12% Q and the combination of 2% W
and 0.25% V, the steel with 12% Cr hardened the most, while the other three steels hardened significantly
less. These three steels showed similar amounts of hardening. The 2Cr-2WVTa steel hardened the least of
all of the reduced-activation steels. The results on the Cr-W steels were compared to the 3Cr-1MoVNb and
12Cr-1MoVW steels, which were similarly irradiated. 1t was found that analogous steels hardened similar
amounts: the 9Cr-2WV¥Ta and 9Cr-1MoV¥Nb steels showed similar amounts of hardening, as did the 12Cr-2W¥ and
the 12Cr-1MoVW steels.?
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Charpy impact curves of the normalized-and-tempered steel and for the steel after it was

irradiated to -7 dpa at 365°C for (a) 2¥4CrV, (b) 2VYaCr-1WV, (c) 2laCr-2W, and (d) 2VaCr-2Wv steels.

From the observations on the Charpy tests on the 2laCr steels. there would also appear to be an effect

of composition on the shift in DBTT.

That is,
has a larger effect than vanadium alone,

Although these conclusions follow from the results in Table 3, their validity is unclear.

the difference in the microstructures of the different 2lalr steels.

of polygonal ferrite,

decreases,
tor,

Not onl

d

is the amount of poly.
can affect toughness:.

it appears that the combination of tungsten and vanadium
and 2% W has a larger effect than 1%W in combination with 0.25%
V. Finally, a combination of 2% W and 0.25% V appears to have an advantage over a steel with only
tungsten or with a comhination of only 1%@&/ and vanadium.

because of
The steels contain different amounts
and we previously showed that the amount of ferrite in a mostly bainitic microstruc-
ture can adversely affect the toughness in the unirradiated condition:
the DBTT decreases and the USE increases.’'
but it has also been shown that the type of bainite forme

as the amount of polygonal ferrite
gonal ferrite a fac-

Another complication in the comparison of the 2laCr steels is that the 2144Cr-2WV¥ steel was tempered at
750°C, compared to 700°C for the other 214Cr steels.
21aCr-2WY has validity. because even after this higher tempering temperature, the strength of the 21/4Cr-2wy
is either slightly greater or equivalent to the strengths of the three steels tempered at 700°C (ref. 3).

Furthermore,

Nevertheless,

low for these steels to be of interest for fusion applications.

the comparison of these steels with

iFthe other three 214Cr steels were tempered at 750°C, the strengths developed would be too
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Fig. 2. Charpy impact curves of the normatized-and-tempered steel and for the steel after it was
irradiated to -7 dpa at 365°C for (a) 5Cr-2WV, (b) 9Cr-2WVv, (c) 9Cr-2WVTa, and (d} 12Cr-2Wv steels.

Consider now the four high-chromium steels and the 2l/aCr-2WV steel. These steels were all normalized
and tempered similarly, and the 2144Cr-2Wv steel is the strongest of the eight steels -- slightly stronger
than 9Cr-2Ww¥Ta (ref. 3). For the four steels that contained only tungsten and vanadium, the 12Cr-2wV
steel shored the largest ADBTT. This is in qualitative agreement with the observations on the hardening
due to irradiation.5 The 2144Cr-2WV and 5Cr-?WY steels showed similar shifts in OBTT, but the shift for the
9Cr-2WY steel was significantly less. Finally, although the ADBTT of the 9Cr-2wv steel was relatively
small. the addition of the small amount of tantalum had a marked effect in reducing the AOBTT. This
observation that the toughness of the 9Cr-2WV¥Ta is least affected by irradiation also agrees with the

observation on the effect of irradiation on tensile properties, where this steel showed the least amount
of hardening when irradiated.S

The reason for the apparent effect of tantalum is unclear. Optical microscopy indicated that the
Prior austenite grain size of the 9Cr-?W¥Ta was less than that of the 9Cr-2Wv steel.2 This smaller grain
size could be caused by undissolved TaC restricting the grain growth of the austenite during normalization.
Because of the variable nature of the microstructures, it was difficult to quantify large difference in
the lath structure of the martensite of the two steels using transmission electron microscopy (TEM):
qualitatively, the average lath size of the 9Cr-2WvTa steel appears to be significantly less than that of
the 9Cr-2WV. Precipitates in both steels were a combination of My3Cg and MC, and slightly more precipi-
tate formed in the 9Cr-2WV steel." The MC in the 9Cr-2Ww¥ was vanadium-rich while the MC in the 9Cr-2wVTa
was a combination of vanadium-rich and tantalum-rich particles.’ In the wunirradiated condition, the
9Cr-2WVTa steel had a slightly higher strength3 and slightly lower DBTT (Table 3) (ref. 4). which could
possibly be attributed te the smaller prior austenite grain size and/or the smaller lath size.
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Prior austenite grain size and lath size offer an explanation for the reduced effect of irradiation
on hardening in the 9Cr-2W¥Ta steel. Such boundaries act as sinks for defects (vacancies and intersti-
tials) generated by irradiation. These defects cause the hardening, which, in turn, cause the shift in
DBTT. A decrease in the lath size and prior austenite grain size results in a larger amount of boundary
area available to act as a defect sink, thus reducing the defect concentration in the lattice. Fewer
defects result in less hardening and a smaller ADBTT. The observation of such a small increase in DBTT
for the 9Cr-2W¥Ta steel indicates that it may be possible to develop steels that resist a loss of tough-
ness when irradiated -- at least for irradiation in a fast reactor.

In a previous experiment, third-size specimens of 12Cr-1MoVW and 2l4Cr-1Mo steels were also irradi%ted
at 365°C. Increases in DBTT of 151 and 173°C were observed for 12Cr-1MoVW and 21/4Cr-1Mo, respectively,
much larger than the shift for 9Cr-2W¥Ta. Previous work has shown that the AOBTT for half-size Charpy
specimens of 9Cr-1MoVNb steel irradiated in EBR-TII to 13 dpa at 390°C was less than that for 12Cr-1MoVW
steel." A ADBTT of 52°C was observed for 9Cr-1Mo¥Nb, compared with 124°C for 12Cr-1MeVW steel. Irradia-
tion to 26 dpa showed little further increase in DBTT, which indicated that a saturation had occurred by
13 dpa. Assuming saturation is being approached for the 9Cr-2WVTa (specimens are presently being irra-
diated to determine saturation), this makes the slight change observed at 365°C for this steel especially
significant, since ADBTT increases with decreasing irradiation temperature when irradiated in a fast reac-
tor such as EBR-IT9 and FFTF.8

Cannon et. ail9 and Gelles"" reported on Charpy impact tests of Six reduced activation steels irra-
diated in FFTF to 10 dpa at 365°C. These steels had the following nominal compositions: 2Cr-1.5V-0.1C,
7.5Cr-2W0.15C, 9Cr-1v-0.1C, 9Cr-1W-0.1C, 12Cr-6Mn-1V-0.1C, and 12Cr-6Mn-1W-0.1C. Although there are
significant differences between these steels and those of the present investigation, there were some simi-
larities. The 7.5Cr-2W and 9Cr-1W steels showed the least change in properties upon irradiation with
shifts in DETT of 24 and 32°C, respectively. The 9Cr-1V steel developed a ADBTT of 62°C, while the 2Cr
and 12Cr steels had ADBTT values in excess of 200°C.

When the observations from the previous experiments!?9s!! are combined with those of the present
investigation, it appears that a chromium concentration of around 7-9% is favorable to minimize ADBTT.
Results from the gresent investigation indicate that tantalum affects that behavior, whereas the results
of Cannon et. all¥ indicate that tungsten in the absence of vanadium is important, while high vanadium
concentration in the absence of tungsten has a detrimental effect on 9% Cr steels. Note that these latter
steels in the work of Cannon et. al are significantly different from those of the present experiment due
to the much higher vanadium concentration used. Such a large vanadium concentration would make it extre-
mely difficult to dissolve all the vanadium carbide when these steels are heat treated. This could affect
the size of carbides present in the steel and subsequently affect the toughness.

The results of the present and past investigations should not be used to rule out the possibility of
using a low-chromium steel for fusion applications, especially since the 2}4Cr-2WV¥ steel was the strongest
of the eight heats in Table 1 (ref. 1). This is especially true iFftantalum could not be used in FIRD
steels. Tantalum is allowed under the Nuclear Regulatory Commission regulation 10CFR&1, for which FIRD
alloying elements have been determined. However, tantalum develops radioactive isotopes that have an
extremely high activity immediately after irradiation, and it may be eliminated for safety reasons.
Without tantalum, the 9Cr steels are substantially weaker than 2laCr-2wv steel.?

It has been shown that the DBTT and USE of 2l/4Cr-2Wv steel before irradiation can be substantially
improved when it is heat treated to obtain an all bainitic microstructure.® Such a heat treatment lowered
the DETT to ~52°C from 4°C and increased the USE to 114 from 9 J (ref. 5). As shown for 2}4Cr-1Mo steel,
it is possible to achieve good unirradiated and irradiated toughness on a low-chromium steel. Before
irradiation, 2l4Cr-1Mo steel had a DETT of -107°C. After irradiation, the DBTT was still lower than that
for 12Cr-1MoVW steel specimens irradiated similarly in FFTF, even though the latter steel had a lower
ADBTT. Furthermore, after irradiation the USE of the 2l/4Cr-1Mo steel remained higher than that for
12Cr-1MoVW steel before irradiation.® Thus, it appears that if a steel can be developed with a suf-
ficiently low DBTT and high USE before irradiation, the saturation value of ADBTT may not be too high
after irradiation for the steel to be of use. Just as tantalum appears to have a significant effect on
producing radiation resistance for a 9Cr steel, it may be possible to use composition variation to achieve
greater radiation resistance in a low chromium steel.

Finally, there is still a question of how large the saturation ADBTT might be in a fusion reactor --
as opposed to a fast reactor of the type used in the present studies. 1In a fusion reactor, large amounts
of transmutation helium will form in conjunction with displacement damage. Experiments to simulate the
effect of the simultaneous formation of displacement damage and helium have been attempted. This was done
by irradiating 9Cr-1MoV¥Nb and 12Cr-1MoVW steels with and without nickel additions in the High Flux
Isotope Reactor (HFIR). Thermal neutrons from the mixed spectrum of HFIR form helium in a two-step reac-
tion with 58Ni, while the fast neutrons in the spectrum form displacement damage (displacement damage
without significant amounts of helium is formed in a fast reactor such as FFTF or ERR-11). Such studies
have indicated that helium affects toughness.!? For the 9Cr-1MoV¥Nb steel, irradiation to 13 and 26 dpa
{<5 appm He) at 390°C in ERR-I1 resulted in shifts in DBTT of 52 and 54°C (ref. 9). However, irradiation
to 40 dpa at 400°C in HFIR, where 35 appm He was generated, resulted in a ADBTT of 204°C (ref. 12). Thus,
the saturation in ADBTT observed for the fast reactor irradiation does not apply. A similar effect was
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observed for 12Cr-1Mo¥W steel after irradiation to 13 and 26 dpa, where a saturation value of 144°C was
observed in EBR-IT at 390°C (ref. 9), but a value 242°C was observed after irradiating in HFIR at 400°C to
40 dpa and 110 appm He (ref. 12). At present, the difference in behavior in the two reactors has been
attributed to the heljum.!2 A similar helium effect would then be expected to occur in a fusion reactor.
There is no reason to believe the FIRD alloys should be different from the conventional ferritic steels.

SUMMARY AND CONCLUSION

Miniature Charpy specimens from eight reduced-activation Cr-W ferritic steels were irradiated to
-7 dpa in FFTF at 365°C. Alloys containing 2% W and 0.25% V with chromium levels of 2.25, 5, 9, and 12%
(designated 2W4Cr-2WY, 5Cr-2WV, 9Cr-2WVY, and 12Cr-2WV) were irradiated. A 9Cr-2WV steel with 0.07% Ta
(9Cr-2WV¥Ta) and 214Cr steels with 0.25% V and 0 and 196V {214Cr¥, and 214Cr-1WV) and with 2% W and no vana-
dium (2}4Cr-2W) were also irradiated. Irradiation resulted in an increase in the DBTT and a decrease in
USE. From observations on the 214Crv, 2YaCr-1Wv, 21/4Cr2W, and 21/aCr-2WV, it was concluded that vanadium may
exacerbate the shift in the absence of 2% W  These conclusions were complicated by differences in the
overall microstructure (amount of bainite and polygonal ferrite) of the steels and differences in tem-
pering conditions. Since toughness of the low-chromium steels can be affected by the amounts of bainite
and polygonal ferrite in the microstructure, it may be possible to promote improved irradiation resistance
i Fthe microstructures of the steels are entirely bainite. For the high-chromium steels, the 12Cr-2Wy
steel showed the largest change in properties, followed by the 5Cr-2WV steel. The 9Cr steels showed the
least change, with the 9Cr-2WV¥Ta showing only a 4°C increase in DBTT, indicating that tantalum had a
favorable effect on the properties. The results are encouraging in that they indicate that the effect of
irradiation on toughness can be favorably affected by changing the composition.
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COMPARISON OF THE EFFECTS OF LONG-TERM THERMAL AGING AND HFIR IRRADIATION ON THE
MICROSTRUCTURAL EVOLUTION OF 9Cr-1 MoVNb STEEL -- P.J. Maziasz and R.L. Klueh (Oak Ridge National Laboratory)

OBJECTIVE

The purpose of this work is comparison of reactor-irradiatedand long-termthermally aged specimens of 9Gr-1 MoVNb
steel to distinguish displacement damage effects from those due to elevated-temperature exposure alone.

SUMMARY

Both thermal aging at 482-704°C for up to 25.000 h and HFIR irradiation at 300-600°C for up to 39 dpa produce
substantial changes in the as-tempered microstructure of 8Cr-1 MoVNb martensiticlferriticsteel. However,the changes in
the dislocation/subgrain boundary and the precipitate structures caused by thermal aging or neutron irradiation are quite
differentin nature. Duringthermalaging, the as-tempered lathlsubgrain boundary and carbide precipitate structures remain
stable below 650°C, but coarsen and recover somewhat at 650-704°C. The formation of abundant intergranular Laves
phase, intra-lathdislocation networks. and fine dispersions of VC needles are thermal aging effects that are superimposed
uponthe as-tempered microstructure at 482-593°C. HFIR irradiation produces dense dispersions of very small "black-dot"
dislocations loops at 300°C and produces helium bubbles and voids at 400°C. At 300-500°C. there is considerable recovery
of the as-tempered lathlsubgrain boundary structure and microstructural/microcompositional instability of the as-tempered
carbide precipitates during irradiation. By contrast. the as-tempered microstructure remains essentially unchanged during
irradiation at 600°C. Comparison of thermally aged with irradiated material suggests that the instabilities of the as-tempered
lathlsubgrain boundary and precipitate structures at lower irradiation temperatures are radiation-induced effects, whereas
the absence of both Laves phase and fine VC needles during irradiation is a radiation-retarded thermal effect.

PROGRESS AND STATUS

Introduction

Since the early 1970s. there has been increased worldwide interest in the use of 9-12 Cr martensiticlferriticsteel as
alternatives to austenitic stainless steels for elevated temperature applications up to about 600°C in both nuclear and fossil
energy systems.”® The 8Cr-1MoVNDb steel was developed jointly by the Oak Ridge National Laboratory (Oak Ridge, TN)
and Combustion Engineering (Chattanooga, TN) in response to the mandate in 1974 by the U.S. Liquid Metal Fast Breeder
Reactor (LMFBR) Materials Program for a better steam generator material."**. Also designated T-91, this steel offers better
tensile and creep strength at 600°C relativeto standard 9Cr-1 Mo (F9) or other modified 9Cr steels {i.e., 9Cr-2MoVNDb or EM-
12) with better impact properties at lower temperatures.’ Because the martensiticlferritic class of steels also demonstrate
outstanding resistance to radiation-induced void swelling,”™ these steels have also been considered for in-core LMFBR
applications. Void swelling resistance plus good thermal conductivity and low thermal expansion have made 9Cr-1 MoVNb
an attractive candidate first-wall material for Magnetic Fusion Reactor (MFR) applications as well."™*

Many of the mechanical properties limitations that occur during long-termthermal aging or neutron irradiationof 9Cr
martensiticlferritic steels can be relatedto changes inthe as-tempered microstructure caused by such exposure. Long-term
aging of 9Cr-1Mo steel produces embrittlement by increasingthe ductile-to-brittletransition temperature (OBTT), which can
be related to Laves phase precipitation along grain boundaries.”” Radiation-inducedincreases of DBTT in 9-12Cr steels
appear caused by matrix hardening related to a variety of fine, radiation-produced microstructural defects."*

The purpose of this paper isto characterize the microstructural evolutionof 8Gr-1MoVNDb steel after irradiationin HFIR
at 300-600°C to 37-39 dpa (about 10,000 h) and after long-term thermal aging at 482-704°C for 10,000 and 25,000 h.
Particular emphasis is given to characterizationof the precipitate component of the microstructure using analytical electron
microscopy (AEM). The comparison of the long-term aging data with reactor-irradiation data allows radiation-induced
microstructural changes to be separated from those that are radiation-enhanced,-modified or -retarded thermal effects.
Correct phenomenological assessment combined with microstructure-properties correlations in future work can provide
insight to guide further optimization of 9Cr-1MoVNb steels for either nuclear or non-nuclear applications.

EXPERIMENTAL

The compositions of two heats (30176 and 30394) of 9Cr-1MoVNb steel produced by Carpenter Technology
(CarTech) and one heat (XA 3590) produced by Combustion Engineering (CE, Chattanooga, TN), which were investigated
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in this work, are given in Table 1. The major difference is that heats 30176 and XA 3590 both contain less Si than heat
30394, but all fall within the T-91 specification.' All of the steels were finished in a normalized (0.5 h at 1040°C. He quenched
to room temperature) and tempered (1 h at 760°C) condition. Tensile, creep and Charpy-impactspecimens were fabricated
from plate-stock of heats 30176 and 30394 and aged stress-free at 482, 538. 593, 650 and 706°C for 10,000 and 25,000
h. Material of heat XA 3590 was first processed into 0.25-mm-thick sheet stock from which standard 3-mm-diam transmis-
sion electron microscopy (TEM) disks were punched. These disks were then also normalized and tempered prior to
irradiation in the HFIR-CTR-30 experiment. Disks were irradiated at temperatures of 300, 400, 500 and 600°C to fluences
of fast and thermal neutrons that produced 36.5 to 385 dpa and 30-32 at. ppm He in about 10,000 h.

TEM disks were punched from slices cut from thermally aged tensile (shoulder) or Charpy-impact specimens.
Precipitateswere electrolytically extracted onto carbon fims from the TEM disks prior to electropolishing, and suspended
on either copper, beryllium or carbon-coated nylon grids for analysis using x-ray energy dispersive spectroscopy (XEDS).
The remainder of the slice was used for bulk electrolytic extraction of precipitates to quantitatively measure the weight

fraction of residue. Only extraction replica and thin-foil specimens

Table 1. Compositions of Comnercial could be made from the highly radioactive HFIR-irradiated TEM

Heats of 9Cr-1MoVNb disks.
Heat Designation Thin-foil specimens were examined using a JEM 100C TEM
equipped with an AMG objective lens pole piece to minimize
30176 30394 XA 35900 ferromagnetic displacements and stigmatism of the electron beam.

Phase identification and quantitative microcompositional analysis of

Alloy Composition? wt % oo . . .
both individual particles and large areas with thousands of particles

Cr 8.6 8.6 8.6 (broad-beam analysis) on the replica specimens were performed
Mo 09 10 10 using a Philips EM400T/FEG (100 kV, field-emission gun, with < 10
Vb 0.21 0.20 0.21 nm probe size) AEM with an EDAX 9100 analysis unit and a JEM
" o1z 0.6 0-203 2000FX (200 kV, LaB, gun) AEM with a TN-5500 Series !l analysis
Ni 0.09 0.09 0.1 unit. Only the normalized composition of metallic elements heavier
Si 0.11 0.4 0.08 than Al were analyzed using XEDS. More details concerning analysis
C 0.081 0.084 0.09 techniques can be found eisewhere.**
cu 0.04 0.04
W <0.01 0.05 0.01
P 0.01 0.01
N 0.0055  0.083 0.05 RESULTS

3Batance iron.  bg.q02 Ti. As-Tempered Microstructure of 9Cr-1 MoVNDb

The as-tempered microstructureof both heats of 9Cr-1 MoVNb
martensitic/ferritic steel consisted of small intragranular lath-shaped
ferrite subgrains within larger grains from prior austenite (Fig. la).

Tempering produced about 1.4-1.8 wt.% precipitation® (Table 2), distributed as mainly coarse M,,C, and some finer MC
particlesalonggrain and lath/subgrain boundaries (Fig. 1b). XEDS analysis of individual precipitate particles extracted onto
carbon replicafilms showed Cr-rich M,,C, and V- and Nb-rich MC phases (Fig. 1b). Quantitative broad beam XEDS analysis
indicated that 85-80 vol.% of the extracted precipitates were M_,C, and 10-15% were MC, with most of the MC particles
being VC. The as-tempered lath/subgrains contained dislocation networks, with densities that varied from 1-7 x 10* m?
in larger subgrains to less in smaller ones. The lath/subgrain boundarieswere also planar honeycomb arrays of dislocations
with a much higher density.

Microstructural Evolution of 9Cr-1 MoVNb Durins Thermal Asing

Microstructuralchanges were observed inthe 8Cr-1 MoVND steel at ail aging temperatures inthe range of 482-704°C
after 25,000 h. The data can easily be separated into two temperature regimes of quite differentaging effects. At the lower
temperatures of 482-593°C, there was litile change in the as-tempered lath/boundary and carbide precipitate structures,
while at 650 and 704°C, there was detectable recovery and coarsening of the lathlsubgrain boundary structure, and
coarsening of the as-tempered carbide precipitates. A considerable amount of new precipitation and an increase in the
concentration of dislocation networks were observed within subgrains in the lower temperature regime, while no new
precipitate phases were observed at 650 and 704°C in the lower Si heat of steel (Table 2).

Dislocation density within many subgrains increased during aging at 538°C for 25,000 h relative to the as-tempered
material (Fig. 2a and 2b). By contrast, aging for 25,000 h at 650°C produced almost no change in microstructure relative
to as-tempered material (Fig. 2¢). Aging for 25,000 h at 704°C caused recovery and coarsening of the as-tempered lath
subgrain structure into larger, equiaxed subgrains (cf. Figs. 1a and 3). Quantitative data on the weight percent of extracted
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Fig. 1. The microstructure produced in 9Cr-1 MoVND steel (heat 30176) after tempering for 1h at 760°C. a.) TEM of
athin-foil specimen. and b.) TEM of precipitates extracted onto a carbon replicafilm (with histograms of phase compositions
from quantitative XEDS analysis),

(4,500X) Si P V Cr Fe Ni Nb Mo Si PV Cr Fe Ni Nb Mo osrvcrl
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Fig. 2. TEM of the lath/subgrain boundary and matrix dislocation structures of 9Cr-1MoVNb (heat 30176) steel ina.)
the as-tempered condition and after aging for 25,000h at b.) 538°C and c.) 650°C.
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Table 2. Precipitation Data on Thermally Aged $Cr-1MoVNb Specimens
Aging Conditions
_— Bulk Phases Observed
Specimen Temper- Preclpltate  on Extraction
Designa- ature Time Extraction Replicas vla XEDS®
tion (°c) (h) (wt %)
Heat 30176 (0.1 wt % Si)
T-20 As-tempered (1 h @ 760°C) 1.713 Mz3Cs + VC + NBC
24047 482 25,000 2.087 Ho4Cy + Laves +\C
+ NbC + Cra(X)?
T-214 538 10.000 2.027 Mz3Cg * Laves + VC
T-344 538 25,000 2.358 Mq4Cy T Laves +\VC +
some flne Fe-Cr phase
T-362 593 25.000 2.247 Mp4Ce T Laves +VC +
NBC
T-246 650 10,000 1.748 Mz23Ce + VC + NBbC
T-378 650 25,000 1.810 Mz3Ce T VC + NBC
T-39%4 704 25.000 1.786 MaaCe + VC + NBC
Heat 30394 (0.4 wt % Si)
T-19 As-tempered (1 h @ 780°C) 1.833 M23Cg + VC + NbBC
23985 482 25.000 3.137 Mz3Ce T Laves 4+ vC +
NbC
T-19 As-temperad (1 h @ 760°C) 1.833 My3Ce + VC + NBC
23985 482 25,000 3.137 My3Ce¢ T Laves + VC +
NbC
818 538 25.000 3.183 My3Ce + Laves + VC +
NbC + some fine Fe-Cr
phase
1-313 850 10,000 1.802 Mz3Cg + VC + Noc
T-584 650 25,000 2.729 M;3Ce + Laves +VC +
NbC
'Phase identifled by characteristic spectra from individual par-

ticle analysis: relative phase fraction determined from broad-beam X&S
of many particies.

Grdar represents gacreasing phase fractlon.

ORNL~PHOTO 5039-390

Fig. 3. TEM of the lath/subgrain structure of 9Cr-1MoVNb (heat 30176) steel after aging for 25,000h at 704°C.
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precipitation from Table 2 are plotted in Fig. 4a. The amount of precipitation showed a significant increase at the lower
aging temperatures,

Both thin-foil TEM and quantitative AEM analysis on extraction replicas revealed abundant Laves phase formation
(Fe,Mo type) during aging. Quantitative data from XEDS broad-beam and individual particle analyses on extraction replicas
are given in Tables 3 and 4, respectively. Laves phase is highly enriched in molybdenum, and contains much more
molybdenum than the carbide phases. Therefore, Laves phase is best detected by monitoring the molybdenum content
of the broad-beam XEDS spectra. Correlation of broad-beam molybdenum content (so plotted as a function of aging
temperature in Fig. 4b) with the weight fraction of precipitate demonstrates that the increase in precipitation during aging
was due mainly to the formation of Laves phase.

Below 600°C, significantly more Laves phase was found in the heat of 9Cr-1MoVNb with more silicon (heat 30394)
than in the lower silicon heat (heat 30176) (Fig. 4a). The Laves phase composition did not show significant temperature
dependence in either heat of steel. However, the Laves phase composition is lower in molybdenum and higher in silicon
in the high silicon heat of steel (Table 4). No Laves phase was observed in the lower silicon heat of steel at 650°C after
25,000 h. By contrast, while no Laves phase was observed in the higher silicon steel after 10,000 h at 650°C, a large
amount of Laves precipitated after 25,000 h.

Laves phase was microstructurally distributed as thin films along grain and subgrain boundaries at 482 and 538°C
(Figs. 5 and 6). Laves phase formed as coarser particles at 593 and/or 650°C. In the higher silicon heat of steel, Laves
phase often formed as massive, globular particles that engulfed coarse boundary carbide particles at 482 and 538°C (Fig.
6b), and as boundary fims.

Fine VC needles were also produced by aging at 482-593°C for 25,000 h in both heats of steel, but not at 650°C and
above. Fine needles were also detected in the low-silicon heat of steel after 10,000 h at 538°C. The fine VC precipitates
were distributed uniformly within larger lath/subgrains, but were heterogeneously distributed on a coarser scale because
groups or packets of cells would have them while others would not. They were detectable only with higher-magnification
TEM, both in thin-foil and on extraction replica specimens, as shown in Fig. 7, because they made virtually no contribution
to the weight fraction of extracted precipitate or the XEDS broad-beam spectra. Compositionally, they were very similar
to the larger VC precipitates, although often they had slightly more chromium and less vanadium (Table 5).

The major changes produced by aging at 650°C and above were structure recovery and precipitate coarsening,
particularly at 704°C after 25,000 h (Fig. 3). Although the total weight fraction of precipitate remains about equal to tha

9 Cr-1 MoVNb, TEMPERED
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Fig._4. Plots of a.). weight fraction (wt.%) of precipitate extracted from bulk specimens and b.) the molybdenurn
concentration from quantitative broad-beam XEDS analysis of precipitates on extraction replicas, both from specimens of

the two heats of 9Cr-1MoVNDb steel after various aging treatments.
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Broad-Beam Compositional Averaging via XEOS of Precipitates Extracted onto Replicas from Aged 9Cr-1MoVNb Steel

Aging Conditions

Alloy Composition,? at. %

Temper - .
ature ~ Tine Phases ST P Ti V. cr M Fe Ni N Mo
(°c) (h)
Heat 30176
As-tempered My3Ce +VC + NEC 40 05 01 83 55 02 25 02 30 4,5027P
482 25,000 M;3Ce T Laves tVC + Noc + Crg(X)? 0.5 0.9 0.1 82 54.2 0.1 24.8 01 41 7.0[2]
538 10.000 M;3Cg + Laves 4+ VC 27 23 0.1 7.0 48.0 15 274 04 18 9.0[2]
538 25,000 M.3Ce T Laves + VC + fine Fe-Cr phase 24 13 0.1 66 456 0.6 293 0.1 18 12.3[2]
593 25,000 M3Ce + Laves *+ VC + HbC 3.7 212 01 55 447 0.5 275 01 21 13,7[2}
650 16,000 My3Cg * VC + KBC 45 14 02 6.6 63.2 12 170 03 2.3 4.4[2]
650 25,000 MysCe + VC + NbC 43 07 01 88 615 04 161 02 29 5,3[2]
704 25,000 Ma3Ce + VC +HBC 15 01 11.0 592 14 162 06 56 4.4[2]
Heat 30394
As-tempered Mz3Ce + VC + NBC 28 13 75 564 1.3 245 0.1 1.3 4.5[2]P
482 25.000 M,aCq + Laves T VC + MdC 3.8 1.2 01 9.4 396 0.6 27.4 0.2 3.9 13.8[2)
538 25,000 MzaCg + Laver + VC + NbC + some fins Fe-Cr 5.62.0 0.1 4.9 395 08 D8 13 15.0{23}
650 10,000 Mz3Cg + VC + NbC 1.3 16 02 85 59.7 13 17.9 0.4 3.8 s5.4[2]
850 75,000 My2Ce + Laves +VC + KbC 55 16 01 47 416 06 289 01 13 15.7[2]

aNormalized, averaged composition for etements heavier than aluminum.
PThe number of spectra obtained from different areas of the replica for the average broad-beam compesition.

Table 4. XEOS Compesition of the Laves Phase Extracted on Replicas from
Aged SCr-1MoVNb Steel

Aging Conditions

tompositior® (at. %)

Tempera- comments' -
ture Time Sl P Ti v Cr Hn Fe Ny No  Me
(*¢) (h)
Heat 30176
482 25,000 Large[2] 24 46 01 01 178 1.0 390 03 02 345
538 10,000 Large[33 76 5.20.1 04 12.8 1.443.40.4 03 283
538 25,000 Large{3] 71 2.80.2 0.6 12,2 0.9 43.0 0.2 0.3 318
593 25.000 Largef2] 82 34 0.2 01 96 06 451 02 03 R3
Heat 30394
538 25,000 Large[3] 134 36 2.213.5 0.8 38.2 0.1 05 270
650 25.000 Large[4] 115 3.20.1 03 128 0.642.60.7 0.7 281

8.arge particles are usually greater than 200 rm in size (numbers in brackets indicate
the number of individual particle spectra analyzed).

bNor‘maHzed, averaged conposition for slements heavier than aluminum.

produced during tempering, both TEM and AEM analysis of extraction replicas indicated coarsening of the carbide

precipitates, particularly the MC particles.'

Broad-beam analysis at 704°C indicates an increase in the relative volume

fraction of MC to M,,C, phases compared to the as-tempered material (more V and Nb. Table 3). While neither carbide
phase showed any significant compositional change when they were stable at lower aging temperatures, both showed
detectable compositional changes when they become unstable at 650-704°C. The M,,C, phase (average as-tempered
composition -- 62% Cr-29%Fe-5.5%Mo-1% V, with detectable Si, Nb and Mn as well) contained slightly more chromium and
less iron at 650 and 704°C. The VC particles become richer in niobium at the expense of chromium and vanadium at 704°C
relative to the as-tempered condition (Table 5), and the fraction of mixed V- and Nb-rich MC particles also appeared to
increase.
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Fig. 5. Precipitation of Laves phase as films along grain boundaries in 9Cr-1MoVNb (heat 30394) steel aged for
25,000h at 538°C, as shown with TEM in a.) bright-field, b.) precipitate dark-field and c.) selected area diffraction (SAD) I

modes.
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Fig. 6. Comparison of differences in the amount and distribution of Laves phase in different heats of 3Cr-1MoVNb
steel during aging at 538°C for 25,000h, a.) heat 30176 (0.1 wt.% Si) and b.) heat 30394 (0.4 wt.% Si). Both specimens are
extraction replicas.

Microstructural Evolution of 9Cr-1MoVNb [iuring HFIR Irradiation

Microstructural changes due to irradiationof the law-sificon heat of 9Cr-4 MoVNb in HFIR to 37-39 dpa (about 10,000
h) were observed primarily at 300-500°C; irradiation at 630°C produced almost no change relative to the as-tempered
microstructure. Radiation-induced dislocation loop and void formationwere confinedto very narrow ranges & temperature.
Tiny "black-dot" dislocation loop damage was observed only at 300°C (Fig. 8), while helium bubbles and voids were only
observed to form at 400°C (Fig. 9). By contrast. changes in matrix disiocation eoncentration, lath/subgrain boundary
structure, and carbide distribution and composition occurred as continuous functions of irradiation temperature from 300
to 500°C.

The matrix dislocation density of the SCr-1MGVND stest irradiated in HFIR followed a normal temperature dependencs,
with the highest dislocation concentration (a mixture of loops plus network) at 300°C (Fig. 8d), less at 400 and 500°C
(network onty)(Figs. 8a and 10}, and the lowest concentration at 800°C (Fig. 11). Quantitative measurements of dislocation
concentrationshowedthe network after irradiationat 400°C falling consistentlyto the higher side of the wide range observed
in as-tempered material (6 x 10™ and <1-7 x 10" m®, respectively)."* The concentration of dislocation networks after HFIR
irradiation at 500 and 600°C was very similar to that found in the as-tempered condition.
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Fig. 7. Fine MC precipitation formed during aging of 9Cr-1MoVNb steel at 538°Cfor 25,000h. a.) bright-field. ©.)
precipitate dark-field and c.) SAD TEM analysis from a thin-foil specimen of heat 30176 and d.) TEM of an extraction repfica
specimen of heat 303%4.

While the radiation-produceddislocation density followed a normaltemperature dependence, recovery and coarsen-
ing ofthe as-temperedfath/subgrain boundary structurewas observedto follow an inverse temperature dependence during
HFIRirradiation at 300-500°C. Recovery of the cellular subgrain structure was greatest at 300°C (Fig. E) and least at 500°C,
and at 600°C there was no discernible difference between HFIR-irradiated and as-tempered material (Figs. Bb and 11).
Evidence for recovery of the subgrain structure is best seen from comparison of lower and higher magnification TEM of
an as-tempered specimen with one irradiated in HFIR at 300°C in Fig. 8. At higher magnification. the small cell boundaries.
which often consist of dense honeycomb networks, were a dominant microstructural feature in as-tempered material, but
were almost completely absent after HFIR irradiation at 300°C (CFFig. Eb and Ed). Many large regions of matrix were also
free of subgrainstructure after irradiation a 400°C (Fig. 8a).* Alter irradiation at 500°C most of the initial subgrain boundary
Structure remained (Fig. 10}, but subgrain size was slightly coarser than found in either as-tempered material or material
irradiated at 600°C. One subtle hint that irradiation at 500°C had altered the structure is the fact that many carbide
precipitate particles were not associated with boundaries, as was the case in as-tempered material. At lower magnification,
i can be seen that coarser packet boundaries established during tempering and prior austenite grain boundaries (both
usually heavily decorated with carbide precipitates) were still visible after irradiation at 300°C (Fig. 8a and 8¢).
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Table 5. XgBS Composition of ¥ Individual Particles Extracted ON Replicas frem
Aged 9Cr-1Me¥Nb Steel

Aging Conditions

Phases Compos1t‘ionb (at. %)
Tempera- and
ture Time Comments' Si P Ti v Cr Mn Fe Ni Nb Ho
(°c) (h}
Heat 30176
Small VC [5] 1.4 0.1 01 740 16.9 05 6.3 0.6
As-tempered Larger §5C{1] 122 22 0.4 84.7 05
Small NbC[2] 153 3.3 05 80.2 0.6
482 25,000 g.b.€ \VC 3] 05 0.8 0.1 65.8 19.3 3.6 7.1 2.7
Larger matrix ¥C[1] 1.2 0.6 68.2 16.1 46 0.1 87 0.7
Very fine ¥C (3] 54 15 0.2 59.0 23.% 28 0.1 3.9 35
Larger matrix He¢[1] 5.9 16.4 34 01 06 01 725 0.8
Larger matrix MC[1] 30 03 516 12.8 11 0.1 269 4.2
538 10.000 Small ¥¢{%] 05 05 0.2 68.0 20.8 2.3 438 3.7 3.6
538 25.000 Larger VC[4] 0.6 0.1 604 224 31 01 4.3 1.0
Very fine ¥C[1] 81 0.2 525 231 93 01 2.7 4.0
593 25.000 Larger ¥£[2] 3.3 8.8 02 720 125 0.1 07 9.8 0.6
Small ¥C[1] 36 1.0 02 738 141 01 05 01 58 0.8
Larger RbC[1] 18 15 0.3 14.8 30 0.2 06 0.1 776 0.3
650 10,000  Small ¥C (3] 25 0.8 75.8 14.6 0.3 51 08
650 25.000 Larger VC[5] 1.3 11 01 672 16.2 1.3 121 0.7
Small VC[9] 2.8 0.0 01 751 135 0.6 6.6 0.6
Small KbC[2] 65 01 140 27 0.4 76.6 0.7
704 25,000 Larger VC [2} 11 0.7 664 6.6 0.7 05 236 0.2
Small VC[4] 0.5 0.7 707 121 09 06 14.0 0.6
Larger MC[3] 17 0.5 485 55 05 07 423 0.3
small MC[3] 1.8 0.4 492 52 05 0.6 410 0.6
Larger KbC[1] 3.6 0.4 8.1 1.7 06 09 84.0 0.4
Heat 30394
As-tempered Small ¥¢[1] 12 21 00 753 14.2 0.1 56 0.7
Small NpC{1] 6.4 2.0 15.2 30 0.5 71.6 11
538 25,000 Small VC[6] 1.0 776 153 5.5 0.3
650 10,000 Larger VC[2] 14 28 01 712 0.9 04 144 0.9
Smatl Ve[z2] 3.1 34 01 642 10.0 0.7 01 165 1.9
650 25,000 Smarl ve[s] 3.2 10 01 703 150 0.1 09 7.5 09

"Larger particles are greater than ~50 to 60 n# in Size. small particles are less than -30 to
40 im in size, and very fine particles are usually rods, ~5-nm-thick, 40- to i00-nm-long (numbars
in brackets indlcate the number of individual particle spectra analyzed).

Normalized, averaged compesition for elements heavier than aluminum. €g.b. = grain boundary.



124

RS

Fig. 8. TEM of the lath/subgrain boundary and matrix dislocation structures of 9Cr-1MoVNb (heat XA 3590) steel a.)
and b.) as-tempered, and c.) and d.) after HFIR irradiation at 300°C to about 37 dpa, at both lower (a,c) and higher (b,d)
magnifications.

HFIR irradiation produced no new precipitate phases in the 9Cr-1MoVNb steel (Table 6). There were, however,
changes in the as-tempered carbide structure that were parallel to the recovery and coarsening of the lath/subgrain
boundary structure, particularly in terms of temperature dependence. Microstructurally, there appeared to be dissolution
of many of the smaller M,,C, particles during irradiation at 300 and 400°C (Figs. 8d and 9a), which were associated with
the lath/subgrain boundary structure in the as-tempered condition. Most of the coarser M,,C, particles decorating packet
boundaries or prior austenite grain boundaries appeared unaffected by the irradiation, even at 300°C (Fig. 8c). Partial
dissolution of M,,C, carbides exhibited the same inverse temperature dependence during irradiation as found for recovery
and coarsening of the lath/subgrain boundary structure. Dissolution of small M,,C, particles was most noticeable at 300
and 400°C, but did not appear to be occurring at 500 and 600°C. Despite these changes in precipitate microstructure,
XEDS studies of extraction replicas indicated no change of the M,,C, phase composition during irradiation over the
temperature range of 300-600°C.

While the fine MC component of the precipitate structure was too difficult to observe consistently by TEM of the
complex microstructure of the irradiated thin-foil specimens, significant microstructural and microcompoasitional changes
caused by irradiation were observed by AEM analysis of these particles on extraction replica specimens. Previously,
quantitative data showed that MC particle sizes ranged from 17 to 60 nm in the as-tempered material, with more particles
at the smaller end of the size range.* By comparison, the MC particle sizes ranged from 30 to 120 nm after HFIR irradiation
at 400°C, with more particles at the larger side of the size range. The MC coarsening also had an inverse temperature
dependence, because maximum effects of irradiation were observed at 300 and 400°C, while there was no detectable effect
of irradiation at 600°C.
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Fig. 9. TEM of larger voids and finer helium bubblesformed in 9Cr-1 MoVNb (heat XA 3590} steel after HFIR irradiation
at 400°C to about 37 dpa, at lower (a) and higher (b) magnifications.

Irradiation dramatically changed the V and Cr concentrations of the MC phase particles in the 9Cr-1MoVNb steel,
and this effectalso had a strong, inverse temperature dependence. The pronounced increase in Cr & the expense of V
that occurs in MC particles during HFR irradiation at 400°C is shown clearly in Fig. 12. Irradiation appears to strongly affect
only the V and Cr concentrations. This effect of irradiation on MC composition is similar for both V-rich or mixed V- and
Nb-rich particles (Fig. 12). Both Table 7 and Fig. 13 show that the effect of irradiation on Cr and V contentof MC patrticles
was very stong at 300-500°C, but then becomesweaker at 600°C. The radiation-induced Cr-enrichmentwas maximum at
400°C and more temperature sensitive than V-depletion. which was greatest at 400-500°C. Clearly the MC composition
during irradiation at 600°C moved much closer to the MC composition observed during thermal aging, although an effect
of irradiation was still noticeable.
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Fig. 10. TEM the lath/subgrain boundary, dislocation and precipitate structures of 9Cr-1MoVNb (heat XA 3590) steel
after HFIR irradiation at 500°C to about 39 dpa.

ORNL-PHOTO 5042-90

—

Fig. 11. TEM the lath/subgrain boundary, dislocation and precipitate structures of 9Cr-1MoVNb (heat XA 3590) steel
after HFIR irradiation at 600°C to about 39 dpa.
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replicas from 9Cr-1MoVNb (heat XA 3590) steel in the as-tempered condition and after HFIR irradiation at 400°C to about
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Fig. 13. A plot of the average chromium and vanadium
concentrations of MC patrticles as functions of exposure tem-

perature, obtained from quantitative XEDS analysis of

extraction replicas made from 9Cr-1MoVNbD (heat XA 3590) steel
specimens which had been thermally aged or irradiated in HFIR.

The XEDS broad beam compositions of
extracted precipitates showed little difference after
irradiation, except for irradiation at 300°C (Table 6).
Given the MC phase composition produced during
irradiation, analysis of the broad-beam data for relative
phase fractions suggested a slight increase in the
amount of MC relative to M,,C, at 300°C (17 and 83%,
respectively). The amounts of MC relative to M,,C, in
specimens irradiated at 400-600°C were similar to that
found in the as-tempered steel (10-12 and 88-90%,
respectively). Bulk extraction measurements could not
be performed on radioactive material, so quantitative

changes in the total amount of precipitation could not
be observed.

DISCUSSION

The data on 8Cr-1 MoVND steel indicate that the
microstructural and microcompositional changes
produced by HFIR irradiationand by thermal aging are
quite different. However, it should also be obviousthat
the mechanisms driving such changes are also
different in each exposure environment. The
microstructuraldifferences betweenthermally agedand
HFIR irradiated9Cr-1MoVNb steel can be summarized
asfollows: a.) the as-tempered subgrain boundary and
precipitate structures are stable during aging at 600°C
and below, but unstable during HFIR irradiation at 300-
500°C; b.) Laves phaseforms abundantly during aging
below 600°C. but not at all during HFIR irradiation; c.)
additional fine VC needlesform during aging at 593°C
and below, but not during HFIR irradiation; d.) the MC
phase undergoes radical compositional changes
during irradiation at 300-500°C that are not observed
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Table 6. Broad-Beam Compasitfonal Averaging vla XEOS of Precipitates
Extracted onto Replicas from HFIR-Irradiated 9Cr-iMoVNb Steel

Aging Conditions
_— Composition® (at. %)

Tempera- Phases
ture Dese st TH v Cr Mn Fe Ni No Mo
(*c) (dpa)

As-tempered Mzl T Mcr2 P 09 04 9.7 533 0.1 265 04 34 48
300 36.5 Mz3Cs + MC[3] 20 0.1 105 538 0.6 256 0.1 26 3.6
400 36.5 M2aC¢ + MC[5] 19 006 57 617 0.7 23.2 05 26 3.6
500 38.5 Mz3Ce T MC[2] 28 0.3 5.8 58.6 0.1 221 20 3.2 46
600 38.5 My3Ce + MC[3] 1.4 0.3 6.9 60.7 39 226 01 1.1 3.1

8Hormalized, averaged composition for elements heavler than alumfnum.

Bine number of separate Spectra obtalned from different areas of the repiica for the average
broad-beam composition. SNene detected.

Table 7. XEDS Compositfon of Individual MC Particles Extracted onto
Replicas from HFIR-Irradiated 9Cr-1MoVNb Steel

Aging Cenditions
_— Composition? (at. %)

Tempera- Comments?

ture Dose st Tl v Cr Fe Ni Nb  Me
(*C) (dpa)

As-Tempered smal1P ve[e]® 1.6 0.6 640 16.6 1.6 ndd 1.3 52

Small NbC[2] 2.3 2.3 335 9.2 11 0.1 505 1.3

300 36.5 Smail VC[43 15 04 42.3 368 89 008 8.0 1.0
Small NbC[3] 22 02 114 172 100 03 539 3.1

400 36.5 Small vC[9] 32 05 350 465 55 0.4 74 1.4
Smail NbC[2] 04 12 88 342 45 0.8 46.1 3.5

500 38.5 Small vC{9] 25 0.1 339 419 100 1.0 75 15
Small MbCT2] 26 1.1 9.8 275 74 0.8 46.3 31

600 385 Small Mc[8] 21 04 53.6 279 1.0 nd® 73 1.4

ANormalized, averaged composition for elements heavier than aluminum.
Pparticies are less than 50 to 60 nm in diameter

CThe number of separate spectra obtalned from different particies for the
average phase compasitien.

dNone detected
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during aging at any temperature; e.) more dislocations are produced within the lathfsubgrains during long-term thermal
aging at 483-593°C than are produced during HFIR irradiation at 400-600°C. The radiation-induced loops at 300°C and
cavities at 400°C are, of course, also important differences between aged and neutron-irradiated material. However, these
microstructural features are the expected by-products of interstitial point-defects or helium atoms (from transmutation
reactions) produced by neutron irradiation, and will not be discussed further here. Helium effects on bubble and void
formation in 9 and 12 Cr steels irradiated in HHIR and FFTF have been extensively discussed elsewhere."*

The instability of the as-tempered carbide precipitate and subgrain boundary structures and the compositional
changes of the MC phase during HFIR irradiation at 303-500°C appear to be coupled microstructural phenomena. The
inverse temperature dependence suggests that these are radiation-induced effects rather than radiation-enhanced thermal
effects, Boththe as-tempered MC patrticle distribution and subgrain boundary structure coarsen during long-term aging,
but only at the highest temperatures. Both the degree of coarsening during lower-temperature irradiation and the
associated dissolution of M,,C, particles and compositional changes of MC phase during coarsening (more Cr instead of
less) also consistently pointto phenomenathat are radiation-inducedand essentially non-thermalin nature. Moreover,there
is a consistent correlation between changes of precipitate and subgrain boundary structures during aging and during
irradiation. This would imply that the precipitates pin the boundaries so that subgrain boundaries cannot migrate unless
the precipitates first become unstable. Infact, 12Cr-1MoVW steel similarly irradiated in HFIR at 300-500°C shows stability
of both the as-tempered subgrain and carbide Structures? an opposite effect of irradiation relative to the 9Cr-1MoVNb
steel, but consistent with precipitates preventing boundary migration. Thus, initial instability of the as-tempered carbides
(M,,C, in particular) in the 9Cr-1MoVND steel appears to be a root cause for the other microstructural changes observed
during irradiation at 300-500°C.

In contrast to the radiation-induced aspects of microstructural evolution directly observed in 9Cr-1 MoVNb steel
irradiated in HFIR at 300-500°C, the noticeable absence of both fine VC and coarser Laves phase precipitation suggests
that irradiation has retarded these thermal phenomena. However, the failure of these dominant thermal precipitatesto accur
during irradiation can also be related indirectly to the instability of as-tempered carbides during irradiation. The last
observation that seems intuitively strange is the increase in matrix dislocation concentration in aged comparedto irradiated
material. However, even this result can be explained in part by loop nucleationthat is very strongly dependent ontempera-
ture combined with thermal dislocation network recovery processes occuring at an enhanced rate during irradiation of the
9Cr-1 MoVND steel.

Microstructural evolution during irradiation is generally caused by several mechanisms acting in concert. including:
a) cascade damage and point-defect production, b.) annihilation, accumulation andlor migrationof radiation-producedpoint
defects, and c.) radiation-induced segregation (RIS) and radiation-enhanced diffusion, both of which are caused by the
fluxes of radiation-produced point defects. Microstructural changes during thermal aging are usually driven by solute
supersaturation and diffusion, and dislocation/boundary structure recovery processes.

It seems reasonable that the as-tempered microstructure established at high temperatures should be resistant to
recovery during long-term aging at lower temperatures. The formation of fine VMC carbides during aging below 600°C
apparently indicates that the decrease in the carbon solubility with decreasing aging temperature produces a new carbon
supersaturation (relative to that relieved by tempering), which then triggers additional carbide precipitation. The fine
distributionof VC needles s consistent with nucleationon the increased number of dislocations available at the lower aging
temperatures. The formation of Laves phase as films along grain boundaries or as crusts around carbide particles would
indicate that localized carbon depletion triggers the formation of this carbon-free intermetallic phase.®® The increase in
the amount of Laves phase in the higher silicon heat of 9Cr-1 MoVNDb steel is consistent with silicon acting as a catalyst for
the formation of that phase.®*

Processes involving radiation-produced point defect are almost certainly the cause of the radiation-induced
microstructural changes observed in 9Cr-1 MoVNDb steel, although several different mechanisms may be involved. While
cascade-dissolution of precipitate particles cannot be ruled out, dissolution of coarser M,,C, while smaller MC patrticles
survive would not suggest that this is the dominant mechanism. While RIS of chromium seems to be involved in the
radiation-induced chromium enrichment of the MC phase,™* it would not consistently explain the dissolution of Cr-rich
M,,C, particles. One simple explanation for initial carbide dissolution during irradiation could involve the supersaturation
of vacancies and their interaction with carbon atoms in the matrix. Binding of carbon atoms to the excess vacancies
produced during irradiation would cause an apparent increase in the solubility of the matrix for carbon, similar to the case
proposed recently for austenitic stainless steels.™ Increased solubility without changing the instantaneous matrix carbon
content would create a transient decrease in carbon activity which could then cause partial dissolution of pre-existing
carbide particles, as is observed. The other aspects of the microstructural evolution in irradiated 9Cr-1 MoVND steel seem
to support this simple mechanism. i depletion of carbon in the matrix below some critical concentration is a necessary
condition for Laves phase precipitation, then any increase in the matrix carbon content due to the carbon atom-vacancy
interaction would help to explain why Laves phase does not form during irradiation at 300-500°C. Carbide dissolution is
certainly also a contributingfactor to the instability of the subgrain boundary structure observed during irradiation, although
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biased absorption of radiation-produced point defects (i.e., interstitials to compensate for the vacancy supersaturation)
would ultimately drive continued boundary migration. The inverse temperature dependence of all of these coupled
microstructuralphenomenais certainly consistentwith their dependence on the radiation-producedvacancy supersaturation,
as the mechanismimplies. In summary, explanations based on changes the residual carbon content of the matrix at 600°C
and below, and differences during thermal aging and HFIR irradiation, help to provide a consistent interpretion of
microstructural behavior in aged or irradiated 9Cr-1MoVND steel.

Finally, two more questions should be answered: a.) are the microstructural data presented here consistent with
similar data on comparable aged or irradiated martensitic/ferritic steels? b.) do these data or mechanistic insights have
implications on the potential for further improvement of 9Cr-1MoVNb steel through alloy development? With regard to
stress-free thermal aging, microstructural data on the same two heats of 9Cr-1 MoVNb investigated in this work have been
presented for 5000 h at 593 and 704°C, in conjunction with fatigue studies at the same temperatures.”™ Little change was
observed in the as-tempered microstructure at 583°C, but subgrain structure and carbide coarsening was observed at
704°C. consistent with our data. Laves phase forms abundantly during aging of 9Cr-1 Mo steels at 500-550°C for 20,000
h [13], and its formation along grain and subgrain boundaries has been related to impact embrittlement at lower
temperatures [14,15]. Laves phase tends to form at higher aging temperatures in modified 12Cr-1Mo steels (600°C in FV
448 (12Cr-1MoVNb) and CRM-12 (12Cr-1MoV) [33], 500-700°C in 12Cr-1MoVW [341), and even more abundantly in similar
steels with more molybdenum (500-600°C in IMFS {10Cr-2MoVND) [35], 550-650°C in 13Cr-2MoNbV [18]). Laves can even
form after only 1 h at 730°C in a modified 10Cr-6Mo steel [36]. There is very little aging data at temperatures below 500°C
or for times beyond 20.000 h. Although some fine VC needles have been observed to form during tempering in CRM-12
[33)], our data on the abundant, fine formation of VC needles during aging at lower temperatures appears to be unique.

With regardto irradiated steels, the HFIR data on precipitation in 9Cr-1 MoVND steel irradiated at 300-600°C is also
unique. Direct comparison of the same heats of 9 and 12Cr steels irradiated in HFIR and in FFTF (an LMFBR) at 400°C
indicates there is little difference in the precipitate microstructure produced in either reactor. Consistent with our results,
Laves phase has generally not been observed in most 9-12Cr steels irradiatedin LMFBR's below 800°C (EM-10(8Cr-1Mo)
and EM-12 (8Cr-2MoVNb) [10], HT-9 [8, 24, 27], FV 448[33] or 13Cr-2MoNbV [18]). Laves phase has been observed at
615°C in CRM-12 (with radiation-produced composition modification) [33], and at 650°C in EM-12 [8] during LMFBR
irradiation. Only Suzuki et al. {36] found Laves phase below 600°C. in the 10Cr-2MoVNb steel irradiated in HFIR at 500°C
to 34 and 57 dpa. Inthis case, however,the Laves phase composition was highly modified by RIS during irradiationrelative
to the thermal phase composition. Our observations of instability of the as-tempered microstructure and the radiation-
produced compositional modification of the MC phase in 9Cr-1MoVNb irradiated at 300-500°C appear to be new findings.

With regard to further alloy development, new applications of 9Cr-1MoVNb today as either a core material in new
modular, inherently-safeadvanced reactors,” or as the first-wall material in a MFR. or as boiler tubing in fossil power plants'
all go beyond those for which this steel was initially developed and optimized.™* Furthermore, there is considerable effort
inthe United States"""'and in Japan’,"* to develop steels that have reduced long-term radioactivity after exposure in a fusion
reactor, but are metallurgically equivalentto conventional 7-9Cr martensitic steels (i.e., 8Cr-2WVTa or 8Cr-2WVTa). For non-
nuclear, high-temperature applications of 9Cr-1MoVND, loss of tensile strength, and creep-rupture and fatigue resistance
above 550°C appear related to microstructural instability. Laves phase precipitation after long-term exposure at 450-550°C
can cause impact embrittlement at lower temperatures and may also lead to structure recovery and softening due to
molybdenum depletion. Alloying to further stabilize the carbide precipitate structure (particularly the MC carbides) could
improve the high-temperature strength, while both minor compositional variations (lower Si, more C or B*®) or changes
in tempering conditions (highertempering temperatures and/or shorter times for more residual carbon in the matrix) could
reduce Laves phase precipitationduring aging. A major concern for the application of 9-12Cr martensiticlferritic steels in
fusion reactors is the increase in their DBTT caused by irradiation at lower temperatures (<450-500°C).*“ Although such
hardening-induced embrittlement may ultimately be related to point-defect and dislocation types of radiation damage in
these steels, radiation-induced coarsening of the as-tempered structure does not help; better unirradiated toughness
properties are often related to finer rather than coarser grain/subgrain structures. Stability of the as-tempered carbide
during irradiation may be related to alloying changes that either produce more precipitation during tempering or alter the
mixture of carbide phases or their compositions {i.e., M,,C/MC ratio, VC/NbC ratio, V/Cr ratio in MC phase) for better
resistanceto dissolution. The microstructural differences observed between aged and neutron-irradiatedspecimens of 9Cr-
1MoVNDb steel suggest that different optimization strategies will be needed for nuclear and non-nuclear applications.
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CONCLUSIONS

1. Microstructural evolution in 8Cr-1 MoVND steel was significantly different during long-term thermal aging as
compared to HFIR irradiation at 600°C and below.

2. During thermal aging for up to 25,000h, the as-tempered microstructure remained stable at 482-593°C, and
coarsened at 850 and 704°C.

3. Thermal aging produced abundant amounts of coarse Laves phase and fine VC needlesat 482-593°C. The higher
silicon heat of steel contained more Laves phase.

4. HFIR irradiation to 37-39 dpa produced "black-dot" dislocation loops only at 300°C, and detectable helium bubbles
and voids only at 400°C. No new precipitate phases were observed at 300-600°C.

5. The lath/subgrain boundary structure after irradiationat 300 and 400°C was considerably coarser than that found
in as-tempered condition, whereas the subgrain structure after irradiationat 600°C was similar to the as-tempered structure.

6. Some dissolution of M,,C, particles and coarsening of MC particles was observed after irradiation at 300-500°C,
but not at 600°C. Substantial modifications of the MC phase composition (increased Cr, decreased V} were also observed

300-500°C.
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MICROSTRUCTURE AND PROPERTIES OF WELDED W, V, and Ta MODIFIED FERRITIC STEELS WITH FAST
INDUCED-RADIOACTIVITY DECAY - C. A. WANG and B. A. CHIN (Auburn University).

OBJECTIVE

The objective of this study is to characterize the microstructures and mechanical properties of welded W, ¥, and Ta
modified low activation ferritic steels for fusion reactor structural applications.

SUMMARY

Sheet specimens of W, ¥, Ta modified low activation ferritic steels were welded using the gas tungsten arc welding
(GTAW) process. Autogenous bead-on-plate welds were produced on samples of 24CrV, 24Cr-1WV, 25Cr-2W, 25Cr-2WV,
5Cr-2WV, 9Cr-2WV, 9Cr-2WVTa and 12Cr-2WV. Sound autogenouswelds were obtained in all low activation 244 Cr bainitic
steels and the 5% Cr martensitic steel. Bend tests of the welds yielded insufficient toughness at the fusion zone in the law
activation 9 and 12% Cr martensitic steels. A post-weld heat treatment is recommended for the 9 and 12% Cr low activation
steels to restore toughness.

PROGRESS AND STATUS

Introduction

A series of femtic steels patterned on the chromium-molybdenum alloys, 24Cr-1Mo, 9Cr-1MoVNb and 12Cr-1MoVW,
were tested for weldability. The modified steels possess a fast induced-radioactivity decay rate and hence they are sometimes
referred to as low activation steels. These steels are being developed as candidates for the first wall and blanket structures of
fusion reactors. The use of these materials will minimize long-term radioactive hazards associated with disposal after service.
In these low activation alloys, elements which become activated during irradiation with long half lives (Mo and Nb) are replaced.
The major changes include the replacement of molybdenum with tungsten, the addition of vanadium in 2%% Cr steels, and the
replacement of niobium in the 9% Cr steel with tantalum."" These replacement elements radically modify both the mechanical
properties and weldability of the alloys. In this study, the effect of the alloy modifications on the microstructure and the
mechanical properties of the welds is investigated. Bainiticsteels{2¥Cr%) usually exhibit good weldability, while the martensitic
steels (5, 9 and 12 Cr%) are susceptible to embrittlement in the heat affected zone (HAZ).*> The objective of this study was
to characterize the welded microstructures and mechanical properties of these low activation alloys. Autogenous bead-on-plate
welds were produced using the gas tungsten arc welding (GTAW) process to explore the weldability of the steels.

Experimental Procedures

Eight heats of low activation femtic steels, patterned after commercial chromium-molybdenum steels (prepared by
Combustion Engineering, Inc.), were investigated in this study. The nominal chemical compositionsare shown in Table 1 The
as-received steels were heated at 700°C in an argon atmosphere followed by hot rolling to the final thickness of 0.76 mm. The
as-rolled materials were heat-treated prior to testing and welding to obtain properties of a standard reference condition. All
heats except heat 3787 were austenitized at 1050°C for 05 h, then water quenched. Heat 3787 was heated at %0°C for 0.5 h
then quenched. Higher austenitization treatments were used for all steels, except heat 3787, to ensure that the vanadium
carbides present were dissolved.*® Tempering was performed for 1h at 700°C for all heats. Autogenous bead-on-plate welds
were produced using the GTAW process to evaluate the weldability of all low activation steels. Welds were produced in a
protective argon atmosphere under a fully constrained condition. This restraint simulates anticipated conditions that will be
encountered in the maintenance and repair of structural components. The welding conditions used were 10 V-de, 38 A at a
torch speed of 4.6 mm/s. The W electrode size was 1/16 in. diameter which resulted in a heat input of 82.6 J/mm. This heat
input produced a full penetration weld with a 2.5 mm wide fusion zone perpendicular to the rolling direction.

Microstructures were observed using an optical microscope associated with an image analysis system to measure the
ferrite volume fractions present. In order to ascertain microstructure-property relationships, traverse diamond pyramid
microhardness (dph) measurements were made across the weld regions. A diamond pyramid indenter was used with a load
of 50 g for a duration of 12s. The specimen weld reinforcementswere mechanicallyground to be flush with the surface of the
base metal and then electropolished prior to subsequent testing. The three-point guide-bend test was used as one index to
evaluate weld integrity. Specimensused in this test had dimensionsof 0.76 mm x 8 mm x 43 mm. As-electropolishedspecimens
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Table 1. Chemical Composition of were etched to aid in identifying the fracture location.

Low Activation Ferritic Steels The initial three-point bend was made at a speed of
0.508 mm/min over a 25 mm span distance to produce a
100° angle at the fusion zone. The final 180° bend was

Chemical Composition,2:b wt %

Alloys Cr W v Ta C Mn Sq performed with a 1.5 mm thick space bar placed in
between the two ends of the specimen. Testing was
g;gg ggg 5 ggg g . 1(1] g;o 0.17 performed until the specimen broke into two pieces or
L5 o L e 0:%1 0:3‘; gig laterally contacted the space bar (i.e., a 180° bend).
3788 2.42 1.98 0.24 0.11 0.42 0.20 . . .
3789 5.00 2.07 0.25 0.13 0.47 0.25 Tensile test specimens were cut perpendicular to
3790 8.73 2.09 0.24 0.12 0.51 0.25 the weld bead and had a reduced gage section of 12.7
3791 8.72 2.09 0.23 0.075 0.10 0.43 0.23 mm length by 3.175 mm width by 0.76 mm thickness. In
3792 11.49 2.12 0.23 0.10 0.46 0.24 this study, tensile tests were performed at a speed of
ao 0.508 mm/min which resulted in a strain rate of 6.67 x
o = Opoas%oégg{igtsl gazgoogg:%ogeéoz 0.03, 10* s™. All tests were conducted at room temperature.
Ni ¢ 0.01, Mo < 0.01, Nb <0.01, Ti < 0.01, B < 0.001. The fracture surface examinations were carried out with
bralance iron. a scanning electron microscope (SEM) to investigate the
fracture mechanisms of the weld bend tested specimens.
All the observations were conducted at a 15 kV
accelerating voltage.
Results

The metallography examinations show that the as-welded microstructure consists of three distinct regions: fusion zone,
heat-affected zone, and unchanged base metal. Experimental results reveal that all the steels are free of cracks and readily
weldable. Microhardness measurements for each heat across the weld with corresponding microstructures are presented in Figs.
1-8. Optical micrographs show that 2%Cr steels are basically bainitic steels with different amounts of proeutectoid polygonal
ferrite in the base metal depending on the chemical composition. 25Cr-V steel contains 8-12% polygonal ferrite with the rest
being bainite, while 24Cr-1WV steel consists of 5-10% ferrite. With an increase in tungsten content, 25Cr-2WV steel has a
lower ferrite content of 3-8%. Without the vanadium addition, 2%Cr-2W steel is fully bainite and possesses a finer grain
structure as compared to the other 25Cr steels. The 5 and 9% Cr steels consist of a completely martensitic structure. A dual
phase structure is observed in 12 Cr-2WV consisting of 12-17% delta ferrite and martensite. Table 2 lists the microstructures
observed in the base metal for all the steels. :
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Fig. 1. Diamond pyramid microhardness measurements across the weld of 25CrV steel with corresponding
microstructures.
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Fig. 2. Diamond pyramid microhardness measurements across the weld of 25Cr-1WV steel with corresponding
microstructures.
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Fig. 3. Diamond pyramid microhardness measurements across the weld of 2%Cr-2W steel with corresponding
microstructures.
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Fig. 4. Diamond pyramid microhardness measurements across the weld of 25Cr-2WV steel with corresponding
microstructures.
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Fig. 5. Diamond pyramid microhardness measurements across the weld of 5Cr-2WV steel with corresponding
microstructures.
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Fig. 6. Diamond pyramid microhardness measurements across the weld of 9Cr-2WV steel with corresponding
microstructures.
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Fig. 7. Diamond pyramid microhardness measurements across the weld of 9Cr-2WVTa steel with corresponding
microstructures.
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pyramid microhardness measurements across the weld of 12Cr-2WV steel with corresponding

Fig. 8. Diamond
microstructures.

Experimental results of weld bend soundness tests

Table 2. ; .
are shown in Table 3. The specimens were free of

Microstructure of Low Activation Ferritic Steels

24Cr-v 8-12% polygonal ferrite + bainite cracks for all control steels under quenched and
g:gr—%ﬁv E-%?z go} y?gnaltferp te + bainite tempered conditions. The 2% and 5% Cr welded steels
& ully DALATSE SErUESULE exhibited adequate toughness in both initial and final
2%Cr-2wy 3-8% polygonal ferrite + bainite . . s .
5Cr-2WV Fully martensite structure bending tests. This is satisfactory. "[_'llu: welded 9% Cr
9Cr-2WY Fully martensite structure steels show adequate ductility in initial bend test but
9Cr-2WVTa Fully martensite structure failed at the fusion zone during the final bend test
12Cr-2wy 12-17% 8-ferrite + martensite sequence. As expected, the welded 12% Cr steel has

poor properties in weld bend response. All 12 Cr-2WV
steel samples failed at the fusion zone during either the
initial three point bend or the final 180° bend. Figure 9
shows the load-deflection curve for one of the 12 Cr-
2WYV steels which failed in the initial three point bend

Table 3, Results of Weld Bend Test test. The material failed at a deflection of between 1.6
24Cr-V Satisfactory to 2.0 mm. This result suggests that the toughness and
24Cr-1Wy Satisfactory ductility are very low for the 12 Cr-2WV steel weld.
2%Cr-2wW Satisfactory Brittle failures were observed in the 9-12% Cr steel
24Cr-2wy Satisfactory fracture surfaces as shown in Fig. 10. Both 9% Cr steels
SCr-zWv satistactory are dominated by brittle cleavage fracture with a small
9Cr-2wy Failed at fusion zone : -

90r-2WVTa Failed at fusion zone amount of dimple rupture at the rim around the fracture
12Cr-2WV Failed at fusion zone facets. A transgranular fracture mode was observed in

the fracture surfaces of 12 Cr-2WV steel.
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Fig. 9. Load deflection curve for the
12Cr-2WV steel during three-point bending.

Results of tensile tests are shown in Table 4. The 25Cr-
2WV steel have both the highest ultimate tensile strength and
0.2% offsetyield stress of the 24% Cr steels for both control
and as welded conditions. The lowest value of strength was
found in 25Cr-2¥. This is consistent with microhardness
observations. The 2%Cr-1WV steel shows a slightly lower
strength than 2xCr-2WV but a much greater strength than
2%Cr-V steel. To quantify ductility, uniform elongation was
used instead of the total elongation.  Highly localized
deformation and stretching are often observed after a major
crack initiates. The highest uniform elongation is found in
25Cr-V steel while 2% Cr-2WV steel appears to have the lowest
ductility of the 24% Cr steels. Failures occurred either in the
base metal or heat-affected zone (HAZ)/base metal interface
for all 25% Cr steels.

The 9 Cr-2WV'Ta steel has the highest tensile strength of
all heats for both the controi and welded conditions. This steel
also possesses a relatively high uniform elongation. The 5 Cr-
2wV steel shows the lowest values of both strength and
elongation for the 3-12% Cr steels. Even though the 12
Cr-2WV steel has only slightly lower strength than the 9 Cr-
2WV steels, it shows the highest ductility in uniform elongation
of the 5-12% Cr steels. Base metal failures were observed for
all the 5-12% Cr steels in tensile tests. It was found that the
mechanical properties of these low activation femtic steelswere
degraded after gas tungsten arc welding. The area under the
stress-strain curve, a rneasure of toughness, also decreased for
all heats of the 5-12 Cr steels after welding while the Young’s
modulus remains the same.

Dj .

Experimental results show that the welds in all steels
tested were free of defects. The low carbon content in all steels
tested contributes to this excellent weldability. Steels with a

higher carbon-equivalent will have greater hardenability and

Fig. 10. SEM fracture surface photographs
after bending test for (a) 9Cr-2WYV steel (b) 9Cr-
2WV¥Ta steel, and (c) 12Cr-2WV steel.

therefore be more susceptible to HAZ cracking due to
martensitic transformations. Results from GTA welding
are satisfactory for all steels in this study, especially for
the 1Z Cr-2W\ steel. The commercial 12Cr-Mo steels
crack extensively in the HAZ when Nno preheating is
provided."  This low susceptibility to HAZ cracking is
believed to be a result of the delta femte present in the
microstructure of the modified alloys.

The alloying additions were found to have a
significant effect on the base metal microstructure of
2%% Cr steels. The 24% Cr steels are typically
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Table 4. Results of Room-Temperature Tensile Test for composed of a bainitic structure. Without tungsten

Low Activation Ferritic Steels additions, 25Cr-V steel contains 8-12% proeutectoid
polygonal ferrite. As tungsten is added, 2R%Cr-1WV has
5-10% polygonal ferrite and 3-8% ferrite is observed in

Strength, MrPa Elongation, %

Steel uTs 0.2% YS Uniform Teotal  the 24Cr-2WV steel. No polygonal ferrite was observed

in the 25Cr-2W steel. This result suggests that the

2uCr-¥ Control 516 428 7.2 18.0  aqdition of tungsten reduces the formation of polygonal

Weld 443 326 6.5 15.0  forrite. Nevertheless, it was experimentally found that

ZHCr- LY \C/?\z%trol gég ggg gé lgg the 24Cr-2WV steel contained polygonal ferrite. This

24Cr-2w Control 441 368 70 ]7:3 phenomenon probably resulted from vanadium carbides

Weld 403 330 6.9 17.6  present in the steel not completely dissolving during

24Cr-2wv Control 727 588 6.6 I2.4  austenitization. Vanadium carbide ties up carbon that

Coez Wel(% | gég gg; ?1 lgg would normally be in solution and hence decreases the
- . : e 4710

see-an Weid 783 526 5.4 g Jemcensbility

HCESEnt SV%%"OI %}é g?g g% iég A martensitic structure is observed in the 5-12%

9Cr-2WVTa Control 874 615 8.1 1.6  Cr steels. This result implies that chromium effectively

Weld 864 586 6.7 11.4  promotes martensite formation instead of bainite. The

12Cr-2wy Control 832 578 9.4 13.2  5.9% Cr steels are fully martensite whereas the 12 Cr-

Weld 802 556 6.4 11.2 2WYV steel contains 12-17% é§-ferrite. The reason for

the ferrite presence is insufficient austenite-stabilizing
elements such as carbon, nickel and manganese. Both
ferrite and austenite exist in the microstructure at the
austenitizing temperature due to insufficient austenite forming elements. Austenite transforms to martensite upon cooling
whereas ferrite remains as it 1s. This ferrite is referred to as delta-ferrite.'*"* Unfortunately, carbon is restricted to 0.1% to
ensure sound welding while nickel is not favored from a low activation point of view. Therefore, composition modification with
manganese is one of the remaining choices to promote a fully martensitic structure in the 12% Cr steel."® On the other hand,
it is known that chromium and tungsten, ferrite-stabilizers. tend to promote delta-ferrite formation.

In the 9 Cr-2WVTa steel, a finer martensitic structure is found than in the other 9 Cr steels. This is attributed to the
«addition of tantalum which considerably decreases the prior austenite grain size. Tantalum behaves similar to niobium in the
commercial 9 Cr-Mo steels. Tantalum existsin 9 Cr-2WVTa steel in the form of carbide precipitates with a high melting point.
IDuring the austenitization process, tantalum carbide precipitates dissolve slowly or even remain in the solid form and act as
pinning particles to confine grain growth. Therefore, a finer structure is obtained after solidification.

Since hardness of martensite is not sensitive to the cooling rate,"* a comparison can be made to investigate the effect
d chromium on hardenability. By comparing all the steels, it is obvious that chromium contributes greatly to hardenability.
“The higher the Ct content, the higher the hardness. The lower hardness in the heat-affected zone for 12 Cr-2WV steel
compared to others is a result of the presence of delta ferrite. “he scattering of microhardness values at the fusion zone is also
attributed to the ferrite presence. Tantalum additions in the 9% Cr steels do not have much influence on the hardness but does
significantly reduce the grain size hy the carbide-pinningprocess. The high microhardness of the fusion and heat-affected zones
is attributed to untempered martensite. A very high dislocation density is a result of nonequilibrium solidification during fast
cooling from high temperatures. With tempering, dislocations are recovered which alleviates the hardness and brittleness to
siome extent.

Results from the weld bend tests show that all 25% Cr steels have excellent ductility in the welds. No failure was
observed in these steels. The microstructure of these steels consists of a bainite structure which has high strength and excellent
toughness. Similar properties were obtained for the 5 Cr-2WYV steel despite its martensite structure. It was found that the 5%
Cr steel showsan intermediate toughness between 2t and 9% Cr content steels. This is attributed to the medium hardenability
of the 5% Cr steel. The failures observed in the 9% Cr steelsare inherent in welds of materials with a martensitic structure.
"Tre constituents in the fusion zone consist of untempered martensite and polygonal ferrite. The untempered martensite is hard
amd brittle in nature. The ductility is relatively low in the as-welded condition. Carbide precipitates will form when steels are
siubjected to the tempering process and thus will toughen the material.

Fusion zone failures in initial three point bend tests show that the 12 Cr-2WYV steels display poor ductility in the weld
regian. Two reasons can be given for the deterioration of the 12% Cr steel. First, the high Cr content effectively increases the
lhardenability. The weld is cooled at a very high cooling rate from the melting point. The untempered martensite is hard and
brittle and deformation is restricted. Second, the presence of delta ferrite reduces the toughness substantially.”” Anderko et
al. also concluded that elements which suppressed the formation of delta ferrite produced lower DBTT than elements, such
ds Cr, that promote delta ferrite formation.'® The nonuniformity in structure and strength easily leads to crack formation.
IFracture surfaces of the weld bend test specimens show that brittle fracture is predominant in the 9% Cr steels with a
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transgranular cleavage mode. Some dimple rupture can he seen near the rim of the brittle cleavage facets in both steel fracture
surfaces. This dimple structure is referred to as the ductile fracture mode. This is probably where the soft ferrite phase is
located. The brittle fracture mode in 12 Cr-2WV steel is attributed to its high hardenability and the presence of delta ferrite
as discussed above.

Without vanadium addition, tempered 2% Cr-2W steel appears to have the lowest strength hut possesses excellent ductility.
Locally extensive deformation is observed during tensile tests after cracks initiate in the 24Cr-2W steel as seen in the total
elongation data. Tempered 2%Cr-V steel has a strength greater than 2%5Cr-2W steel. Extensive elongation is also observed for
the 24Cr-V steel. This differencein strength suggests the V has a greater effect on improving the tensile properties than W
does.

Tensile property results indicate that a large additive effect occurs in steels containing both W and ¥ The combined
use of W and V in these steels results in high tensile strength, accompanied by excellent ductility. The 235Cr-1WV steel has
a much greater tensile strength than both the 2%Cr-V and 2%Cr-2W steels but the tensile strength is slightly lower than the
25Cr-2WV steel. Observations reveal that coarser carbide precipitates are found in 25Cr-V steel and increases in W content
decrease the size of carbide precipitates.”? The transformation temperature is effectively decreased by W additions and
therefore finer precipitates are observed. Finely dispersed precipitates significantly impede the dislocation motion and increase
the strength. However, the addition of W or V alone does not give satisfactory strength. The steel with tungsten additions,
25Ct-2W, has a coarser carbide precipitate distribution than that of steels without tungsten, 23 Cr-V, or steels containing V,
24 Cr-2WV. This explains why the lowest strength is found in 23Cr-2W steel and shows the remarkable additive effect of W
and V.

The effect of chromium content on the tensile properties can he obtained by comparing the steels containing 2% Wand
0.25% V. The tensile test results show that strength increases with increasing chromium content. However, a different result
is presented by Klueh et al. They concluded that chromium had a nonlinear strengthening effect on these steels and showed
a minimum strength in 5 Cr-2WV steel due to the coarser carbide distribution!  The lower strength in the 12 Cr-2WV steel
is attributed to the large amount of delta ferrite present in the microstructure. The presence of delta ferrite increases the
nonuniformity of steel and hence the instability in deformation. However, the ductility remains adequate because of the soft
ferrite. With tantalum additions, the grain size of 9 Cr-2WVTa is effectively reduced by the precipitate pinning process and
strength, therefore, is increased.

Conclusions
From the results of this study, the following conclusions were drawn:

1. Sound autogenous welds can he achieved hy conventional gas tungsten arc welding in 21 and 5% Cr low activation
ferritic steels.

2. Post-weld heat treatment is necessary in the 9-12% Cr low activation steels to restore toughness.

3. Chromium, vanadium and tungsten additions strengthen all steels tested. Vv and W show significant additive effects.

4. Tantalum effectively refines the grain size and strengthens the steel presumably by a precipitate-pinning process.
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IRRADIATION EFFECTS OF GRAIN BOUNDARY CHEMISTRY OF MANGANESE STABILIZED MARTENSITIC STEELS - A. Kimura
Muroran Institute of Technology), L. A. Charlot, D. S. Gelles, D. R. Baer and R. H. Jones (Pacific
orthwest Labaratory(?))

OBJECTIVE

The objective of this work is to investigate the effects of irradiation on the grain boundary chemistry of
Mn stabilized reduced activation martensitic steels which exhibit irradiation-induced embrittlement and
transition from transgranular cleavage to intergranular fracture.

SUMMARY

The effect of neutron irradiation (10 dpa at 638K, FFTF/MOTA) on solute segregation to the grain boundaries
in reduced-activation 9Cr-1W-2Mn and 12Cr-1W-6Mn martensitic steels was |nvest|ﬁated using Auger electron
gpectroscop% (AES). The AES spectrum obtained from the grain boundaries in both martensitic Steels was
influenced by neutron irradiation. Neutron irradiation caused marked increases in the amount of inter-
granular segregation of Si in 9Cr and Mn In 12Cr steel, respectively, while no significant increase in
and/or P segregations were found In either steel. Large shifts in DBTT to high temperatures caused by
neutron irradiation observed in these two martensitic steels are interpreted In terms of site competition
between C and Si resulting from irradiation-induced/enhanced se%[egatlon of Si in 9Cr steel and weakening of
grain boundary strength by irradiation-induced/enhanced segregation of Mn in 12tr steels, respectively.

PROGRESS AND STATUS
Introduction

Martensitic steels are being considered as structural materials for fusion first wall application In part
because of better swelling and creep resistance properties than austenitic steels in the temperature range
between 400 to 600°C. However, the low temperature toughness of martensitic steels such as 9Cr-1W-2Mn steel
and 12Cr-1W-6Mn steel showed marked increases In ductile-brittle transition temperature (DBTT) following
neutron irradiation up to only about 10 dpa in FFTF/MOTA,2 Although it has been reported that the increase
in DBTT was directly related to the amount of Mn in steels (namely, an increase in lin concentration caused
the proportional increase in irradiation induced shifts in DBTT?) ‘the mechanism is still unclear. A trans-
misston electron microscopy (TEM) study of manganese-stabilized 12Cr-1Mo martensitic steel irradiated up to
10 dpa at 800K In FFTF/MOTA suggested that chi-phase at grain boundaries might cause the intergranular
embrittiement.® However, the cause of preferential formation of chi-phase at grain boundaries “is still
gnkn%yn. Pln his AES study, Kameda reported that neutron irradiation caused the intergranular segregation of
and/or P in iron.

The report describes the results of AES work showing the irradiation-induced changes in grain boundary chem-
istry and proposes_the mechanism of irradiation-induced intergranular embrittlement of Mn-stabilized reduced
activation martensitic steels.

Exoerimental Details

The materials used were reduced-activation 9Cr-1W-2Mn (L8-V02268-WHC/PNL) and 12Cr-1W-6Mn (L9-V02269-WHC/
PNL) martensitic steels. Notched plate s?eC|mens (12 x 2.5 x 5 mm’) were broken at temperatures ranging
from 110 to 150K in the vacuum (3 x 107'® Torr) chamber of the AES. both before and after irradiation in
FFTE/MOTA to a nominal fluence of 3 x 10%% n/cm? or 10 dpa at 638K, . In order to obtain an intergranular
fracture surface on unirradiated specimens, specimens were cathodically charged with hydrogen® at “room
temperature for 16 hr In 1N sulfuric acid solution doped with a small amount of arsenic trioxide. To
prevent escape of hydrogen, the hydrogen-charged specimens were kept in liquid nitrogen until AES tests were
carried out. AES analyses were performed on selected areas of individual grain facets on the fractured
surface with a primary beam size of 0.1 um operated at 3 keV and 10 keV. Auger signal peak heights of )
several elements such as Si-92, P-120, S-152, Mn-589, Mn-636 and Fe-703 were measured by setting a window in
a specific energy range for each element.

(@) Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle Memorial
Institute under Contract DE-ACD6-76RLO 1830.
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Results and Discussion

Scanning electron micrographs on the fracture surface of irradiated (a and c) and unirradiated but hydrogen-
charged (b and d) 9Cr and 12Cr steel are shown in Figures 1 and 2 respectively. Although both materials
fracture in the transgranular cleavage mode before irradiation,® both neutron irradiation and hydrogen
charging promoted intergranular cracking, which allows the grain boundary chemistry to be compared for both
the unirradiated and irradiated conditions. Typical examples of Auger spectra obtained from smooth grain
boundary facets in unirradiated and irradiated 9Cr and 12Cr steel are shown in Figures 3 and 4, respec-
tively. As clearly shown in these figures, a marked enrichment of Si in 9Cr steel and Mn in 12Cr steel was
induced by neutron irradiation, while no significant increase in P and/or S segregation was observed. The
nitrogen peak in the Auger spectrum of irradiated 12Cr steel comes from the adhesive used to keep the two
halves of the sample attached following fracture in the AES. No adhesive was used for 9 Cr steel. Results
were obtained on selected area AES analyses for segregated Si, P, S and Mn on individual grain boundary
facets of these two materials. The histograms plotted from 20-32 data points (individual grain boundary
facets) represent the variation of solute segregation from facet to facet. In both materials, little
significant effect of irradiation on segregation behavior of P and S was observed. However, the Si
histogram in 9Cr steel (Figure 5) and the Mn histogram in 12Cr steel (Figure 6) were influenced markedly by
neutron irradiation; irradiation induced/enhanced intergranular segregation of Si in 9Cr steel and Mn in
12Cr steel is apparent. However, no direct evidence was obtained from AES data as to whether Si and Mn were
in the elemental form at the grain boundaries.

The following mechanisms are considered: 1) segregation of Si in elemental form decreases the grain
boundary strength; 2) segregation of Si in elemental form enhances formation of Laves phase, which may cause
intergranular embrittlement; 3) Si compounds such as Si0, at grain boundaries cause the embrittlement.

Figure 1. Scanning electron photographs of fracture surfaces of neutron-irradiated (a and c) and
unirradiated but hydrogen charged (b and d) 12Cr-1W-6Mn steel. The squares in ¢ and d define selected area
analysis zones.



147

Figure 2. Scanning electron photographs of fracture surfaces of neutron-irradiated (a and ¢) and
unirradiated but hydrogen charged (b and d) 9Cr-1W-2Mn steel.

It_is well known that an increase In Si concentration In steel causes a shift of DBTT to high temperature
brittle transgranular cleavage fracture. This shift_has been interpreted in terms of an increase In the
general yield_stress caused by solid solution hardening by Si. More recently, it has been revealed that an
addition” of Si _caused the enhancement of intergranular segregation of boron and carbon by repulsive inter-
action, resulting in a change In fracture mode from intergranular cracking to transgranular cleavage
fracture.® Thus, the effect of SI in solid solution on the intergranular fracture toughness is beneficial_
rather than detrimental. However, it is also expected that Si at grain houndaries results In a decrease in
carbon segregation at the grain boundary (site_competition) and causes intergranular cracking. It has been
reported that Laves phase {Fe,W) was obServed in both irradiated and unirradiated 8-9Cr-W steels.”® The
nucleation rate of Laves phasé in 9Cr-1Mo steel (FeMo) was reported to be markedly influenced by an addi-
tion of Si; Laves phase nucleated two orders of magnitude faster In 0.7Si steel than in 0.01Si steel.
Although it is unknown whether Si interacts in the same manner with W as with Mo, it is possible that Si
segregation enhances the preferential formation of Laves phase at grain boundaries. However, no significant
increase in the segregation of W was observed in the irradiated specimen. According to the previous TEM
observation, some $i0 particles were observed In irradiated 9Cr-0.5V containing 0.3Si steel. As the steel
used in this work contains 0.15i, it is expected that the Si peaks observed on the grain boundaries In
irradiated 9Cr-1W steel came from the Si0, particles. However, the Si peak usually shifts to lower energy
S!ess than 80 eV) when Si 1is present in the form of $10,. So It is not likely that Si is present as Si0,.
Thus, only the site competition mechanism is likely in BCr-1W-2Mn steel .

An increase in Mn segregation in elemental form may explain the irradiation-induced increase in DBTT of
12Cr-1W-6Mn steel. The addition of Mn has been reported to have two effects with regard to temper embrit-
tlement, One effect is due to its interaction with phosphorus: 1) Mn accelerates the diffusion of P to the
boundaries™™ and 2) P segregation promotes Mn segregation.®® Another is due to Mn itself, which is a potent
element for intergranular embrittlement.’ In this study, little increase in P segregation was observed in
the irradiated 12Cr steel, suggesting that Mn by itself is a potent embrittling element. Another
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Figure 3. Typical Auger spectra of unirradiated [top) and irradiated (bottom) 9Cr-1W-2Mn steel

possibility is that segrggated Mn enhances the formation of chi-phase at the grain boundaries,® which may
cause intergranular embrittlement.

CONCLUSION

The mechanism of neutron irradiation-induced embrittlement accompanied by the transition In the fracture
mode from transgranular cleavage to intergranular glack!ng was investigated by means of the chemical )
analysis on the intergranular fracture surfaces using high spatial resolution AES. AES analysis for grain
boundary chemistry of both irradiated and unirradiated specimens revealed that irradiation (10 dpa)
induced/enhanced ‘Intergranular Si and Mn segregation in 9Cr-1W-2Mn and 12Cr-1W-6Mn steel. It is_proposed
that intergranular segregation of Si decreases C segregation at grain boundaries by site competition
mechanism (repulsive Interaction), resulting in the intergranular embrittlement of 9Cr-1W-2Mn steel. In
12Cr-1W-6Mn steel, it is proposed that the segregation of Mn reduced the grain houndary strength in
elemental form and/or by formation of chi-phase preferentially at grain boundaries.
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SWELLING BEHAVIOR OF AUSTENITIC STAINLESS STEELS IRRADIATED AT 400°C IN ORR MFE-7J CAPSULE BY SPECTRALLY
TAILORED NEUTRONS — T. Sawai [Japan Atomic Energy Research Establishment {JAERI}], H Kanazawa (JAERI),
P. J. Maziasz (Oak Ridge National Laboratory), and A. Hishinuma (JAERI)

OBJECTIVE

The objective of this work is to evaluate the swelling susceptibility of various Japanese austenitic
stainless steels, including weld specimens, in an irradiation environment with a fusion-relevant He:dpa
ratio.

SUMMARY

Several Japanese austenitic stainless steels, including specimens taken from the electron beam (EB)
welds, have been irradiated in the Osk Ridge Research Reactor (ORR) in special spectrally tailored experi-
ments. The first batch of specimens have been retrieved at the damage level of 74 dpa and helium level of
102 appm in a type 316 stainless steel, and 130 appm He in JPCA with 16 wt % Ni. This irradiation produced
significant alloy-to-alloy differences in swelling at 400°C. One low-carbon steel and an experimental ter-
nary alloy have shown higher values of swelling. Irradiation in HFIR of the same set of alloys caused very
high levels of void swelling only at 500°C and above. Metallurgical efforts to suppress such swelling
{i.e., cold working and/or increased carbon level) were effective at this temperature range. The present
results suggest that appropriate care also needs to be taken for the fusion application of this kind of
alloy at lower temperatures like 400°C. Welds in this experiment showed no measurable degradation in
swelling resistance compared to their base metals.

PROGRESS AND STATUS

Introduction

Austenitic stainless steels are one of the most promising candidates for use as structural materials
for fusion reactors. The relatively high susceptibility to void swelling is, however, among the problems
anticipated in its fusion application. Because of the lack of fusion-relevant irradiation data, swelling
behavior of austenitic stainless steels has been studied using various kinds of irradiation facilities. The
advantage of mixed-spectrum fission reactors for irradiation of austenitic stainless steel is that neutrons
can simultaneously produce helium and displacement, similar to the effect that 14 MeV fusion neutrgns will
have on all types of material. In mixed-spectrum fission reactors, the two-step transmutation of >¢Nf by
thermal neutrons' is employed to generate helium. Helium is generated from 33Ni which is only available
from the neutron absorption of ?8Ni. Therefore, helium production rate is relatively low at the initial
stage of irradiation as the amount of 3?Ni builds up from transmutation reactions. Beyond a certain dose,
59Ni is abundant and helium generation becomes quite high. Spectral tailoring is a method of controlling
this natural nonlinearity in He:dpa ratios and keeping the He:dpa ratio approximately linear and close to a
fusion-relevant level during the course of the irradiation. The ratio of thermal and fast neutrons is
changed during irradiation by introducing material around the experiment subassembly that absorbs thermal
neutrons, thus hardening the neutron energy spectrum.

Although there is good evidence that the co-generated helium affects the microstructural evolution under
irradiation, the quantitative effect of constant irradiation near the fusion He:dpa on void swelling has
been only recently demonstrated.? At low He:dpa ratios, void swelling is increased by helium assisting void
nucleation, while when the He:dpa ratio is too high, void swelling decreases because too many helium bubbles
act as the dominant point defect sinks.3s%

ORR irradiation using spectrally tailored neutrons is one of the three irradiation programs being con-
ducted by the U.S./Japan collaborative research program between ORNL and JAERI. Japanese specimens loaded
into ORR capules have two major characteristics. First, they have a wide variety of heats of austenitic
stainless steels with varying composition. They include JPCA, 316R, 316W, C, K, and HP heats of austenitic
stainless steels or alloys. JPCA, 316R, C, and K alloys were included in the previous HFIR phase lirra-
diation experiments of the collaborative program. Second, the Japanese ORR matrix includes welded speci-
mens, which are also a major objective of the Japanese test matrix in the HFIR phase II irradiation program.
The postirradiation examination (PIE) of welds of JPCA and 316W has been already completed and reported.?
Further details on specimen loading and objectives are given elsewhere.®

This is a report on the transmission electron microscopy (TEM) of the first specimens retrieved from
spectral tailoring ORR experiment. Duplicate specimens irradiated in ORR will be further irradiated in the
spectrally tailored HFIR RB* positions.
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Experimental procedure

Metallurgical Variables

Transmission electron microscopy disks of six different austenitic stainless steels were included in
the ORR-MFE-7J capsule. They are JPCA, 316W, 316R, C, K heats of steel and the HP alloy. Chemical com-
positions of materials used are given in Table 1, thermal and mechanical treatment in Table 2. JPCA is a
Japanese version of the primary candidate alloy for fusion application with slightly higher B and P levels
than the US. counterpart, and is expected to be highly swelling resistant. 316R is a standard type 316
steel. Two low-carbon stainless steels, C and K, are Ti and/or Nb modified exploratory alloys selected for
water-cooled systems, with special consideration given to their corrosion resistance in water. 316W is
slightly modified for swelling resistance and welded specimens were included; HP is an experimental high-
purity alloy. Specimens are also made from the EB weld portions of JPCA and 316W material. Details of these
weld and specimen preparation are given elsewhere.' TEM specimens were loaded into tubes and the entire
loading matrix of this experiment is already reported with a detailed description of their objectives.®

Table L  Chemical compositions of used materials

C 8i Mn P 8 Ni Cr %o Nb Ti B N

JPCA 0.06 0.50 1.77 0.027 0.005 15.6 14.2 2.3 -- 0.24 .G031 .0039
316R 0.06 0.61 1.80 ©0.028 0,003 13.5 16.8 2.5 -- 0.0056 - —
318% 0.06 0.75 1.5 0.020 0.004 16.4 139 23 0.06 0.08 - ,0084
C 002 051 1.5 0.017 0.007 156 154 2.4 0.08 0.25 -~ ,0018
K Nog 048 1,46 0015 C.005 17.6 18.0 26 ~-- 029 -- 004
HP .005 .005 - - - 11,8 1.1 - -~ - -~ .020
JPCA  PS2 1100 ¢ SA C Cs1 1100 C SA
PC1 PS2 + 10% CW ccl £S1 t 20% CW
316R 881 1050 C SA K KS1 1050 C SA
nl 881 + 20% CW KC1 KSL + 20% ON
3160 SW 1050 C SA HP HP1 1200 C sA

Irradiation Parameters

Irradiation of the ORR-MFE-6J/7J experiments began in April 1985, with the corepiece filled with water.
The accumulated irradiation with this core configuration was 389.8 full-power-days (FPO) at 30 mw (ref. 8).
On December 6, 1986, the irradiation spectrum was tailored by replacing the hollow aluminum core piece with
a solid aluminum one. This phase of the experiment was terminated on March 26, 1987, accumulating total
irradiation of 4747 FPD at 30 Mv (ref. 9). The average dpa rate was 5.91 dpa per full-power year by the
initial softer spectrum and 7.16 dpa per full-power year by the harder one.® The total damage level was
estimated to be 8.0 dpa (ref. 9) by neutronics analysis, and the actual analysis of dosimetry wires showed a
slightly lower value of 74 dpa at the location of maximum neutron fluence (close to the middle of the
experiment).l% Dosimetry indicated that type 316 stainless steel with 12 to 13 wt % Ni contained about 70
appm He, and that JPCA with about 16 wt % Ni contained about 130 appm He.

PIF and Specimen Status

Two TEM disk tubes were retrieved from the 400°C portion of ORR-MFE-7J capsule at this irradiation
level, tubes J7 and J9. Immersion densitometry®® was first carried out for selected disks, with Some
control (unirradiated) disks. For the first time in this collaboration, one of the Japanese assignees
(H. Kanazawa) observed the measurements and carefully monitored the condition of the densitometer.
Measurement was rerun whenever the densitometer showed less stability.

To prepare irradiated TEM foils, disks were electropolished using a modified Tenupol jet polishing
system. The polishing conditions are given in Table 3. Seventeen irradiated disks have been etectro-
polished so far, and identification numbers for these are listed in Table 4. This table also includes a
qualitative description of their polishing conditions and film numbers. As shown in Table 4, one specimen
(0813 of SA-JPCA) remains to be examined. An analytical electron microscope (AEM), JEM-2000FX, operated at
200 kY was used for the microstructural observation. Most radioactive specimens are routinely examined in a
single tilt holder for easier loading and less radiation exposure to the researcher; while this does limit
selection of diffracting conditions for imaging, usually gy;; or 92g0q9 Orientations are easy to obtain.
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Table 3. Electropolishing condi-
tions for the Tenupol

Electrolyte CH3CH20H (7 vol

+ stOq (1 vol
ALLOY ! .
Temperature  —15°C CONDITIOY NAME | ID¥ | POLISH NEGA #
Yoltage -14 v JPCA | sa 1100 ¢ PS2 oBll | A J16478-87
Current 140 mA 0B13 | 72
Flow Rate 1
P32 + CH 20% PC3 0F12 | X no nega.
OF13 | @ J16§41-72
Two more TEM tubes irradiated at ¢ SA 1100 ¢ csl e J18435-77
330°C were also retrieved from the SA + CF 203 cc1 oHil | O J18656-172
ORR-MFE-7J experiment. They were
tubes J1 and J3. The swelling at 330°C K SA 1050 C ES1 0712 | © J16398-738
is expected to be less than at 400°C,
and it could be still less than the SA + CH 20% KC1 1z | A J16488-503
detection limit of the Precision
Densitometgr [0.1% (ref. 12)]. ‘ 316R SA 1050 C 881 0K14 | @ 516172-221
These specimens are currently being SA + Cw 20% scl oLil | ® 116234-62
examined by TEM.  Several specimens
from both 400°C and 330°C are being HP SA 1200 C HP1 TXZZ | ® J16348-97
used for Electrochemical Potentio-
kinetic Reactivation (EPR} tests.!?
These activities are currently in
progress, so results are not
included in this report.
318% | base metal SWl r@os | O J15611-65
Results 516923-40
The immersion densitometry data weld metal swa RS56 | A J15839-63
are given in Table 5. The swelling RSs7| A J1S285-80
values of base metals are summarized
in Fig. 1 Cold work (CW) has effec- JPCA | bare metal PH1 RT10| O J15476-501
tively suppressed void swelling in
all alloys relative to the solution weld metal PH4 RUSE ﬁ P
annealed (SA) condition. In the SA RUBO

condition, the base metals showed

differences in their swelling

resistance related to differences in

alloy composition. The highest

swelling value of 0.7% was obtained for the HP alloy, while JPCA showed good swelling resistance even in the
SA condition. The two base metals used in the weld effects experiment were sufficiently resistant to
swelling that no measurable swelling was detected by densitometry. Moreover, the welding did not degrade
their swelling resistance within the detection limits of the densitometry data.

Microstructural observations were consistent with the densitometry results. Few fine cavities were
observed in OW materials, which produces very little measurable swelling. In six SA alloys, however, cavity
formation was different, as shown in Fig. 2. The size distributions of these cavities are given in Fig. 3,
showing a typical bi-modal distribution. The cavity statistics of the SA alloys are shown in Fig. 4, with
those after HFIR irradiation to 33 dpa at 400°C (refs. 14,15}). The averaged swelling values of immersion
densitometry are also included in this figure. The swelling values of TBM and immersion densitometry show
quantitatively good agreement. In the case of SA JPCA and SA 316W, where immersion densitometry could not
detect measurable swelling, the swelling values obtained from TEM were less than 0.1%, below the detection
limit of the densitometer. The highest swelling values were observed for HP and K alloys. The swelling
behavior and TEM disks of these alloys varied so much that the ratio of highest and lowest swelling values
exceeds 10.

Precipitates of MC type were also observed in titanium-containing alloys (JPCA, 316W, C, K}, using
Moire' fringes obtained with dynamical contrast imaging conditions (Fig. 5). MC precipitates were Observed
both in SA material and CW material, but the specimen of CW alloy K was not suitable for MC imaging.
Although no quantitative analysis of MC precipitates was done, it could be easily seen in the micrographs
that alloy C contained much more precipitation than either PCA or alloy K

Microstructural observation of weld specimens® did not show any degradation of swelling resistance in
JPCA or 316W relative to the base metal behavior. The cavity formation in weld metals was quite similar to
their base metals, and no heterogeneous cavity formation was observed. The cellular disTocation/subce?]
structure present in the as-welded metal remained after irradiation.
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Table 5. Results of immersion densitometry
Base metals of austenitic stainless steels
aLLoY | H.1p | mopEx Jc.in| copey| av.e iSHELL
P81 0A13 | 7.9057 | 417 T7.9166 | 7.9172 0.15
0A12 | 7.9039 7.91178 0.17
P82 0Bl | 7.9224 | OBX1| 7.9159 | 7.9159 | -0. 08
0Bl | 7.9132 0.03
PS3 0C12 | 7.9187f C17 7.9186 | 7.8179 0.02
0C15 | 7.9175 7.8171 0.01
PCl 0D12 | 7.8178 | D29 | 7.9157| 7.9157 -0.03
0D14 | 7.9257 MISSIN -0.13
PC3 OF11 | 7.9150 | F29 | 7.9144 [ 7.9149| 0.00
OF1t | 7.9184 7.9142 -0.04
7.9162
PAl OM11 | 7.9160 || 29 | 7.9206 | 7.9234| o0.09
0M14 | 7.9128 7.9262 0.13
351 OK15 | 7.8788 || OKX1 | 7.8877 | 7.8887| 0.13
0K13 | 7.8761 7. 8897 0.16
H | OL14 | 7.8899 | L29 | 7.8966 | 7.8953 ] 0.06
0L15 | 7.8957 7.8940 -0.01
181 0613 | 7.9044 0GX1 | 7.9125 | 7.9144 | 0.13
0615 | 7.8986 7. 9163 0.18
el oH11 | 7.9308 [ #12 | 7.9140 | 7.9172 | -0.17
QH15 | 7.9288 7.9203 -0.12
§1 0T12 | 7.8847 T30 | 7.9037 | 7.9074| 0.54
0T13 | 7. 8681 7.98111 0.50
cl 0J12 | 7.9047 (| J15 | 7.9000 | 7.9008 | -0.05
0J14 | 7.9035 7.9016 -0, 03
N1 TX12 | 7.8753 | TX96 | 7.9015 | 7.8984 | o0.29
TX11 | 7.8115 7. 8952 0.34
Pl TX22 | 7.8396 | TXX1 ] 7.9032 | 7.9023 ) 0.80
TX23 | 7. 8807 7.9013 0.53
TX25 | 1.8347 0.86

Weld joints of austenitic stainless steels

ALLOY “ H.I0| H. DEN “ C ID| C. DEN [ AV, C ﬁ SWELL
SW1 RQo9 | 7.8792 | rez2 | 7.8805 | 1.8836 | 0.06
RQ20 | 7.8769 7.8866 0.09
sz | Rase | 7.8847 | rex1 | 1.8873 | 7.8876 | 0.04
RQ6O | 7.8862 7.8818 0.02
SW3 RSO& | 7.8829 | RS21 | 7.8886 | 7.885"T 0.04
RSO7 | 7.888% 7.8828 -0.05
L
sW4 | RSSO | 7.8871 | RUX1 | 7.8877 | 7.8805 | 0.04
RS61 | 7.8715 7.8932 0.24
PW1 RTO06 | 7.9215 | RT22 T7.9203 | 7.9167 | -0.06
RT07 | 7.9168 7.98131 0.00
RT08 | 7.9182 -0.02
PW2 RTS57 | 7.9159 ]| RTX1 | 7.9216 | 7.9216 0.07
RT59 | 7.9171 0.06
PW3 RUO6 | 7.9213 | RU24 | 7.91986 | 7.9207| -0.01
RUOT | 7.9138 7.9218 0.09
pwa | Russ | 7.9215 | Ru74 | 7.9157 | 7.0107 | -0. 02
RU59 | NISSIN 7.0237
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This figure includes also that of HFIR irra-
diation [33 dpa, 400°C (refs. 13, 14)] and swelling values observed by imnersion densitometry.
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DISCYSSION

As shown in Fig. 4, the swelling
behavior of SA materials observed in
immersion densitometry and microstructural
observation coincides very well. Marked
alloy-to-alloy differences in swelling
behavior were clearly distinguished.
During HFIR irradiation of the same set of
alloys, the temperature dependence of
swelling baehavior shows that a substantial
alloy-to-alloy difference is on] observed
at 500°C or higher temperature.l*~16 The
quantitative cavity data of two alloys
(JPCA, 316R) irradiated in HFIR at
400°¢1%+15 ape included in Fig. 4. Cavity
data for C and K alloys have not yet been
quantified, but the micrographs show no
significant degradation in their swelling
resistance compared with JPCA or 316R.1®
The He:dpa ratio behavior is quite differ-
ent during HFIR and during spectrally

Fig. 5. MC precipitates in titanium-containing alloys. tailored ORR irradiation. During HFIR
Specimen of CW 316W was not irradiated and the specimen of irradiation, the He:dpa becomes very high
CW K was not suitable for MC imaging. in austenitic stainless steels only after

the first few dpa. At 33 dpa, the lowest
dose of this U.S.-Japan HFIR phase I frra-

diation, the amount of generated helium in JPCA reaches 2600 appm, and thus the final He:dpa ratio was 75
appm/dpa. At 400°C, this causes nucleation of many fine helium bubbles which then provide a very high sink
strength for recombination of both vacancies and interstitials. As shown in Fig. 4, the cavity number den-
sity after HFIR irradiation is much higher than that found after ORR irradiation. The microstructural evo-
jution of HFIR irradiation was dominated by the helium bubbles acting as neutral sinks so that the void
swelling of various alloys was suppressed.?™* Nevertheless, the relative swelling resistance shown in the
present ORR experiment is the same as observed during HFIR irradiation at 500 and 600°C.

Although SA alloys irradiated in ORR showed different values of swelling, their cavities have similar
bi-modal size distributions {Fig. 3). The average size of bfas-driven voids {the larger portion of the
distribution) tends to increase as the swelling resistance decreases. The nominal average diameter of cavi-
ties given in Fig. 4 does not adequately reflect this because there are so many small bubbles. As for the
cavity number density, the difference is smaller than that observed in cavity size. Two niobium-containing
alloys, 316W and €, showed slightly lower values of cavity number density, while the HP alloy showed more
cavities. The alloy-to-alloy difference of swelling behavior is, however, mainly due to the difference in
cavity size distribution, which would reflect changes in the critical cavity size.

In this experiment, some alloys included titanium as the swelling inhibitor. Titanium is expected to
form MC precipitates along dislocations, preventing the preferential absorption of interstitial atoms by
dislocations. These titanium-containing alloys, however, showed different levels of swelling resistance.
JPCA showed the best swelling resistance, as expected, while one of the low-carbon alloys, K, showed poor
swelling resistance. Because alloy K and another low-carbon alloy, C, both showed relatively poor swelling
resistance, it could be concluded that carbon is an important element for suppressing void swelling at these
irradiation conditions. Fine MC precipitates were observed in all titanium-containing alloys (JPCA, 316W,
¢, and K}, but the amount had ne relationship with their carbon content nor their swelling resistance.
Moire” fringe technique, employed to image tiny MC particles, has a high-resolution capability, but still
requires a particle size sufficient to form at least two fringes in a particle. Smaller particles, un-
detectable by TEM, could still be present and change the strain field around a dislocation, and thus contri-
bute to the effect on the overall bias factor of the system.

According to the first spectrally tailored experiment in ORR (MFE-4A/4B), the swelling of SA-USPCA
after 13 dpa reaches 0.35% at 400°C (ref. 2). Assuming the simitar irradiation response in both U.S. and
Japanese PCAs, the dose dependence of swelling would ba accelerated. This is consistent with the
established swelling behavior of neutron-irradiated austenitic stainless steel that a low-swelling
transient period is followed by an acceleration to a regime of near-linear swelling.* Another effect could
superimpose upon this dose dependence — the delay of helium generation. Even in this spectrally tailored
experiment, the initial generation rate of helium is relatively low. For example, the helium generation in
type 316 stainless steel irradiated in this experiment is estimated to be only 31 appm at the damage levell”
of 3.7 dpa. This He:dpa ratio of 8.4 is almost a factor of 2 less than the value of 13.8 achieved at higher
dose (= 102 appm/7.4 dpa). This could also affect the inftial nucleation of cavities and could have delayed
the cavity evolution. At the current damage level, one low-carbon steel, K, showed an unexpectedly high
swelling rate value (0.08%/dpa). It is possible that this rate would be even higher at a higher damage
level from the above consideration.
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The weld metal specimens showed no heterogeneous cavity formation,® although the cellural microstruc-
ture formed during solidification of weld remained unchanged in the irradiated specimens. The same welded
specimens did show heterogeneous void formation after electron irradiation.' In the case of electron irra-
diation, such differences in cavity evolution suggest that nucleation is also different relative to neutron
irradiation, where helium is available to stabilize cavity embryo. Further analysis will be given elsewhere.®

CONCLUSIONS

Austenitic stainless steels were irradiated in the ORR-MFE-7J capsule at 400°C to 7.4 dpa, with co-
generated helium and dpa at fusion-relevant He:dpa ratios. Imnersion densitometry and microstructural
observation revealed the following:

1 Cw materials showed good swelling resistance, but there was significant alloy-to-alloy variation of
swelling behavior in SA materials.

2. In SA materials, the relative ranking of various alloys with regard to swelling resistance observed
in ORR irradiation at 400°C was the same as observed during HFIR irradiation at 500°C or above.

3. Samples with higher swelling showed a bi-modal size distribution and the difference of swelling
resistance reflected the average size of larger bias-diven voids. The difference of cavity number density
plays a minor role in explaining the relative difference in swelling resistance in these alloys. Critical
cavity size and void growth rates are more important factors.

4. MC precipitates were observed in all of the titanium-containing alloys, but the amount of detec-
table MC precipitates had no relationship to their carbon content nor their swelling resistance.

5. Low-carbon steels showed relatively higher swelling in the SA condition, even when they contained
titanium as a solid-solution swelling inhibitor. Carbon i s obviously another important element to suppress
swell ing.

6. Swelling resistance is still an important factor to be considered for fusion application of auste-
nitic stainless steel at 400°C.

7. Welding did not degrade the swelling resistance in any of the alloys irradiated in these low-dose
experiments.
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DETERMINATION OF CREEP-SWELLING COUPLING COEFFICIENTS FOR IRRADIATED STAINLESS STEELS - M. B. Teloczke,
Univ. of California at Berkeley, F. A. Garner, Pacific Northwest Laboratory,("* and C. R. Eiholzer,
Westinghouse Hanford Company

OBJECTIVE

The objective of this effort is to provide irradiation creep data and design correlations for application to
fusion reactor design.

SUMMARY

Irradiation creep data at -400°C were analyzed for two 20% cold-worked titanium-modified t¥pe_316 stainless
steels. One of these steels was the fusion prime candidate alloy designated PCA. The analysis was based on
the assumption that the B t 05 creep model applies to these steéls at this temperature. This assumption
was found to be valid. A’creep-swelling coupling coefficient of D ~ 0.6 X 1072 MPa~! was found for both
steels, which is in excellent agreement with the results of earlier studies conducted using annealed AlSI
304L and also 10% and 20% cold-worked A1SI 316 stainless steels. There appears to be some enhancement of
swelling by stress, leading to an apparent but misleading nonlinearity of creep with respect to stress. The
dependence of the creep-swelling coupling coefficient on irradiation temperature for temperatures greater
than 400°C has not yet been established.

PROGRESS AND STATUS
Introduction

In a number of recent reports the creep-swelling relationship has been inv&gt%?ated for annealed AISI

304L17 and various thermomechanical treatments of AISI 316 stainless_steel.{®®T These studies were con-
ducted In EBR-11 and showed a remarkable consistency iIn results, indicating that irradiation creep at most
temperatures of interest could be described as consisting of several minor contributions (precipitation-
related dimensional changes and transient relaxation of cold-work-induced dislocations) and two major con-
tributions.'® The major contributions were associated with the creei)_compllancel B, a quantity unrelated
to void swelling, and a swelling-driven creeg component. While swelling itself 1Is Very sensitive to a large
variety of material and environmental variables, the instantaneous creep rate appears to be proportlona!
only to the applied stress and the instantaneous swelling rate. As discussed in other publications,!*®’ the
instantaneous creep rate can therefore be written in the fornm

B="¢/a =B+ D§, (1)

providing that the material 1is annealed and does not develop any significant phase-related strains or den-
sity chafgas. In this equation, 7 is the effective strain rate per unit stress, ¢ is the effective
stress (/3/2 a,...), B, ¥s the creep compliance, D is the creep-swelling coupling coefficient and S is the
instantaneous volumettic swelling rate.

Experimental Details

In this study the fusion prime candidate alloy [designated PCA (heat K280)] and another titanium-modified
type 316 steel [designated 09 (heat 83508)] were irradiated in FFTF/MOTA. For PCA, 2.24-cm-long helium-
pressurized tubes were used with outer and inner diameters of 4.57 mm and 4.17 mm, respectively. The 09
tubes were somewhat larger, with a length of 2.82 cm, and 5.84 and 5.08 mm outer and inner diameters. The
compositions of these steels are shown in Table 1. The specimens were removed periodically from the reactor
and their diameters measured at five equidistant positions using a noncontacting laser system.(""" _ The three
middle measurements were averaged to calculate the diametral strain. During any one_irradiation interval
the temperature is actively controlled within #5-c. The 09 tubes were placed in positions in MOTA that
operated at slightly higher {~20°C} temperatures and neutron fluxes than experienced by the PCA tubes. For
each set of tubes there were small cycle-to-cycle variations In temperature that arose as the tubes were
placed at somewhat different reactor levels during each MOTA reconstitution (see Table 2).

Results and Discussion

Figure 1 shows the total diametral strain for six nominally _identical PCA tubes irradiated side-by-side for
six irradiation cycles at ~400°C, These tubes varied only In their internal gas pressure, which yielded

(a) Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle Memorial
Institute under Contract DE-ACO6-76RLO 1830.



Table 1
Composition (wt%) of Stainless Steels Used in this Study

Fe Ni Cr Mo Mn Si C P Ta ir
PCA BAL 16.63 14.31 1.95 1.83 0.52 0.048 0.014 -- --
(0¢8] BAL 15.77 13.70 1.65 2.03 0.80 0.039 10.005 <0.0] <0.,01
S v Nb O Co Cu Al B N
PCA 0.025 0.4 0.02 0.31 0.4 0.02 0.05 0.001 0.008
09 0.003 0.01 .. 0.34 10.01 <0.01 <0.01 0.0005 0.04

_Table 2 o
Temperatures of Individual Irradiation Sequences

MOTA-1A MOTA-16 MOTA-1C HOTA- 1D MOTA-1E HOTA-1F

PCA

Temperature, °C 405 401 39 386 384 336
Neutron fluence, n cm? (£>0.1 MeV)  4.8x10* 5. 8x010% 11.9x10%®  15,.4x10%  19.2x10%%  24.3x10%
Cumulative dpa 20.4 29.3 50.2 65.3 81.1 106.8
D9

Temperature, ~C 427 431 420 404

Neutron fluence, n em? (£>0.1 MeV)  &.0x10% 9.2x10% 5. 7x10%  21,9x10%

Cumulative dpa 27.8 42.6 77.2 101.2

hoop stresses ranging from O to 200 MPz. Note that these data are plotted versus the estimated neutron
exposures expressed 1in units of dpa. An earlier report contained these data as a function of neutron flu-
ence for energies greater than 0.1 #ev. () Both the neutron fluence and dpa values have been upgraded
recently and are reported in Table 2.

The diameter changes of the zero stress tube reoresents primarily the contribution of void swelling. but
there may also bs some Secondary contribution from precipitation-ralated strains. The strains of the
stressed tubes include additional contributions from irradiation creep and possibly the stress-enhanced
portion of swelling

Figure 2 shows the total diametral strains for a similar set of Ds tubes that were irradiated at somewhat
higher fluxes and temperatures (-420°C). Although the total neutron exposure is nearly the same, only four
irradiation cycles were completed compared to the six completed for the PCA tubes. The D¢ tube at 290 MPa
failed in the last irradiation cycle, and therefore only three cycles are shown for this stress level.

In order for the creep data to fit the B t DS model, it is necessary for creep to be proportional to the
first power of stress and to increase Q|%ectlx in pr0ﬁort|on to the ‘instantaneous swelling rate. If we cal-
culate the midwall creep strains and divide them by the stress level, the validity of_these assumptions can
be checked. First, as shown in Figure 3, the creep strains are separated by subtracting the zero stress
swelling strains. Figure 4 presents a comparison of the stress-normalized midwall strains for each steel,
and Figure 5 presents a comparison of the range of the normalized creep strains and the stress-free swell-
ing. The latter figure shows that each of the steels exhibits accelerated creep rates that coincide with
the onset of accelerated §WeII|n?1 while Figure 4 shows that the stress-normalized creep strains appear not
to be completely linear with applied stress. However, this appearance may be misleading, with the slight
but steady increase in normalized creep strain arising from a somewhat incorrect assumption that swelling is
not_affected by stress. In general, increasing the stress levels progressively shortens the incubation
period of swelling in cold-worked austenitic steels.!!?!*) |t appears that there is a small but persistent
foeﬁt of sg[esg on the swelling incubation period and also that the effect of stress occurs relatively late
in the irradiation.

The PCA alloy at the lower displacement rate and irradiation temperature is _clearly swelling and creeping at
rates comparable to that of the 03 alloy, but the onset of accelerated strain rateS_occurs with a delay of
-10 dpa relative to that of 0. _This delay cannot be attributed to compositional differences alone, but
probanly arises from both compositional and environmental differences (%lsplacement rate and temperature).

It may also reflect some differences in production methods associated with the two tubes sizes.
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Figure 4. Stress-normalized midwall strains observed in (&) PCA and (b) 09 pressurized tubes. Gradual
increases in the normalized strain with increasing stress level is thought to occur as a consequence of
stress-enhanced swelling.
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Ifboth the small effect of stress on swelling and the possibility of precipitation-related strains are
ignored, one can calculate a first order estimate of the B, and O coefficients, using a least-squares
fitting procedure. The first step is to fit the stress-free linear swelling strain %SL) curve with an equa-
tion of the form

b -Cx
s, = 2 Tog [—‘L’—} (2)
(1+5b)e

were x is the dose in dpa, a is the steady-state swelling strain rate, b is the incubation parameter and c
is a parameter controlling the rate of curvature between the incubation and steady-state regimes.

The second step is to fit each creep strain curve in Figure 3 with an equation of the form

-CX
6=qx+£1og[_(twr_e)_] (3)

(1 +b)e™
Note that it is assumed that the incubation and curvature parameters are identical for both creep and
swelling. This is a reasonable assumption if the B, t DS model is correct. The degree of fit to the creep
strain curves in Figure 3 appears to confirm the va'11d1ty of this assumption.

Upon integrating equation {1} with respect to X
/5 = B x t DS +K, (&)

where § = 35 for small § . The parameter K = 0, since «(0) = 0 and S{0}) = 0. When expressed in terms of
midwall strain and hoop stress, e,, equation (4) becomes

E/UH = 3/4 [Bo t 0S]. (5)

Substituting equations (2) and (3) into equation (4) yields

-CXx -CX
3 SDa _{b+e)
gz+c_1og[_(u_e__)__1=35x+22alog[ b+e . (6)
Ty “H t b) ' ° {1 +b)e
Solving for Be and D gives
o 4a - A4
B, = 3, and D - 920, (7)

The least-squares fitting routines used to determine ¢, r, a, b and ¢ starts from an |n|t|a| raphlcal esti-
mate of these values. Table 3 shows that the first-order estimates of B, and D are -3 x 10°% MPa'! dpa™! and
-0.6 x 107 MPa’! for the D9 alloy. For the PCA alloy, the coefficients were found to be -2 x 1076 MPa’!
dpa’! and -0.6 x 1072 MPal, The 'value of 0.6 x 1072 MPa™! for O agrees with that observed in 304 and 316
stainless steels at =400°C, but the B, values found here are somewhat higher than the usually assumed value

Table 3
Calculated Values of Creep Coefficients

B 0

Alloy Leva®SAPa  MPal dpa’! MPa™!
PCA 30 2.1 x 1078 0.50 x 102
60 2.2 x 1078 0.57 x 1072
100 2.3 x 10°°® 0.64 x 107
140 2.4 x 1078 0.60 x 1077
200 2.4 x 1078 0.64 x 1072
D9 30 3.1 x 1078 0.46 x 107°
60 2.8 x 1078 0.63 x 10°?
100 3.3 x 1078 0.57 x 1072
200 3.7 x 1078 0.75 x 1072
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of -1 x 10® MPa~! dpal. The larger values of B, found here are thought to be a possible consequence of
ignoring the effect of stress on swelling. It s therefore_significant that the largest value of B_ was
found in the Do steel, which possesses the shortest incubation period and the largest effect of strdss, both
of which would tend to yield overestimates of B,.

Analvsis of Data at Hiaher Temperatures

Irradiation creep and thermal creep data are available for both of these steels at temperatures above 400°C.
A preliminary analysis shows, however, that_it may be difficult to extract meaningful values of B, and D
from these data. An overtemperature event in MOTA-10 resulted in a programmatic decision to terminate the
irradiation of many of the high;temperature tubes. At the lower fluence levels, swelling strains are often
too low to provide measurable DS contributions. Also, many of the hlgh-temperatgre specimens failed dur-
ing the overtemperature event. In addition, thermal creep becomes a large contributor to the strain at the
higher temperatures and tends to obscure the DS contribution to total strain.

An attempt is currently being made to extract an estimate of B, and D from other high-temperature data sets
that involved higher swelling levels.

CONCLUSIONS

Based on the results of this and other studies on vapieus austenitic_stainless steels irradiated at =400°C
in either EBR-1I or FFTF, it appears that the B t D£ model of irradiation creep is valid for application as
a design equation. This model can be_apelled to both PCA and austenitic steels in general, providing the
effect of stress on swelling is relatively small and occurs relatively late with respect to the onset of
rapid swelling. At 400°C the value of D In the 300 series of steels appears to be -0.6 x 107 MPa™!, rela-
tively independent of both com?03|t|on and thermomechanical condition. Unfortunately, the data available on
the two titanium-modified steels at higher irradiation temperatures are insufficient at present to establish
the dependence of the creep-swelling coefficient at higher temperatures.
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FFTF/MOTA IRRADIATION OF REFRACTORY ALLOYS UNDER CONSIDERATION AS PLASMA FACING COMPONENTS - F. A. Garner,
Pacific Northwest Laboratoryte!

OBJECTIVE

The objective of this effort is to provide data on the radiation response of refractory alloys being con-
sidered for short-term applications such as the ITER project and also for long-term fusion goals.

SUMMARY

A refractory alloy irradiation series involving four discharges of the Materials Open Test Assembly (MOTA-
1B through MOTA-IE) has been completed. This experiment contains pure Mo, Mo-41Re, TZM and Nb-1Zr.
Irradiation temperatures in this experiment ranged from 404 to 730°C with neutron exposures yielding 0.1 to
110.8 dpa. Measurement of density changes and disk bend testing are planned to begin shortly.

PROGRESS AND STATUS
Introduction

Dispersion-strengthened copper and several refractory alloys are now under consideration as possible
candidates for applications as plasma facing structural components for the ITER project. The refractory
alloys are Mo-(5-10}Re, Mo-(41-50)}Re, and Nb-1Zr. For ITER applications, the fluences currently envisioned
are fairly low (-3 dpa) at temperatures of 50-700°C. Long-term applications might require much higher
exposure levels, depending on the level of emphasis placed on low activation. Neither Nb, Mo, or Cu cur-
rently qualify as low activation materials.

A refractory alloy irradiation sequence involving four discharges from MOTA-18, 1C, 1D, and 1E has been com-
pleted. It contains pure Mo, Mo-41Re and Nb-1Zr, each in two different heat treatments (see Table 1). All
specimens are in the form of TBM disks. There are two specimens of each alloy in each packet. |n most
cases there are two identical packets for each set of irradiation conditions. Thus in most cases there are
four specimens for each set of alloy and irradiation condition. The refractory alloy T2V was also included
in a small subset of packages. Only one dose level at each irradiation temperature is available for TZM.
The dose levels for T2M range from 52.6 to 61.5 dpa, with the exception of the 431°C series, which reached
110.8 dpa.

Table 1
Specimen Identity

Identification Group Heat
Code Designation‘®’ Al lov Treatment ™)
AN A Pure Molybdenum HTB
AM B Pure Molybdenum HTA
A0 B Mo-41Re HTA
AP B Mo-41Re HTR
AT A Nb-1Zr HTB
AR B Nb-1Zr HTA
AK C ™ HTA

(a) All alloys except TZM were irradiated in packets containing
subsets of specimens designated either group A or B. Group C
(TZM) was irradiated along with some subsets of group B. See
Table 2, column 2 for details.

(b) HTA = solution annealed
HTB = 20% cold worked.

(a) Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle Memorial
Institute under Contract DE-AC06-76RLO 1830.
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The irradiations, with one exception in MOTA-ID, were conducted with active temperature control to =5°C.
(An overtemperature event of approximatly 1-h duration occurred in MOTA-1D, with varying impact on the
packet temperature, depending on the target temperature of each specimen packet.) The irradiation and
specimen matrix are shown in Table 2.

Those specimens retrieved from the MOTA-10 discharge received doses ranging from 0.7 to 15.0 dpa and will
provide a conservative estimate of the behavior required for the -3 dpa ITER application. Data at higher
dpa levels can be used not only for long-term fusion goals, but also to extrapolate back to fluence levels
below the 0.7 to 15.0 dpa range, i.e., those relevant to the ITER project.

Table 2
Irradiation Conditions for Refractory Alloy Experiment in FFTF-MOTA
MOTA-10 MOTA-1C MOTA-1D MOTA- 1E

Tempera- Tempera- Tempera- Tempera- Total
Packet Contents'®  ture. € dpa®  ture. °C dpa  ture, % dpa  ture. % dpa dpa
MAEZ A 431 15.0 -- -- -- -- -- -- 15.0
NAEZ A 431 15.0 420 35.3 -- -- == -- 50.3
NSEZ 0 431 14.1 420 33.1 -- -- -- - 47.2
PSEZ 0 431 13.0 420 32.2 404 24.0 -- -- 70.0
REEZ B 431 13.0 420 32.2 404 23.3 414 32.8 102.1
M6EZ 8,C 431 14.5 420 33.9 404 245 414 32.8 1057
PAEZ A 431 15.0 420 35.3 404 25.5 414 35.0 110.8
RAEZ A 431 15.0 420 35.3 404 25.5 414 35.0 110.8
MAE1 A 471 114 -- -- -- -- -- -- 11.4
NAE1 A 471 11.4 470 26.0 -- -- e e 30.2
N6E1 B 471 9.6 470 22.6 - -- -- -- 32.2
P6E1 B 471 0.7 470 20.3 470 14.7 == -- 43.1
R6E1 0 471 8.7 470 20.3 470 14.7 e -- 43.7
MEE1 B,C 471 10.4 470 24.5 470 17.7 == = 52.6
PAE1 A 471 11.4 470 26.8 470 19.4 - = 57.6
RAE1 A 471 114 470 26.8 470 19.4 -- - 57.6
MAE7 A 569 11.5 -- -- -- -- - = 115
NAE7 A 569 11.5 550 27.0 -- -- -- . 38.5
N6E7 0 569 12.2 550 20.6 -- -- .- = 40.8
PGE7 0 569 12.7 550 29.7 549 215 == -- 63.9
REET 0 569 13.1 550 30.0 549 22.3 -- o 66.2
MEET B.C 569 12.2 550 20.6 549 20.7 -- e 61.5
PAE7 A 569 11.5 550 27.0 549 19.6 == .- 58.1
RAE7 A 569 115 550 27.0 549 19.6 -- - 50.1
MAES A 645 115 -- -- - -- == .- 115
NAE5 A 645 115 652 27.0 -- -- - -- 30.5
N6ES B 645 12.2 652 28.6 -- -- - -- 40.0
PGES 0 645 12.7 652 29.7 650 215 o o 63.9
REES 0 645 12.7 652 30.0 650 22.3 -- == 65.0
MGES B,C 645 12.2 652 28.6 650 20.1 -- -- 61.5
PAEB A 645 115 652 27.0 650 19.6 -- -- 58.1
RAES A 645 115 652 27.0 650 19.6 -- ca 58.1
MAES A 722 11.5 -- - -- -- = -- 115
NAE6 A 722 115 730 27.0 -- -- -- -- 38.5
NGEB 0 722 12.2 730 28.6 - -- = o 40.8
P6EE B 722 12.7 730 29.7 730 21.5 - -- 63.9
REES B 722 13.1 730 30.0 730 22.3 - o 66.2
MGE® B,C 722 12.2 730 20.6 730 20.7 - o 61.5
PAES A 722 115 730 27.0 730 i9.6 -- - 58.1
RAE6 A 722 11.5 730 27.0 730 19.6 - -- 58.1

(a) Group A contains Mo (HTB) and Nb-1Zr {HTB}. Group O contains Mo-41Re (both HTA and HTB) and M (HTA)
and Nb-1Zr (HTA). Group C contains only T2V (HTA).
(b) dpa values calculated for stainless steel.
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Post-lrradiation Examination

Specimen packets from MOTA-16, -ic, and -lE are currently available in the fusion hot cell for removal and
sorting of specimens. Specimen packets from MOTA-ID have been requested for transfer from long-term storage
to the fusion hot cell. Density ch@nge measurements have been scheduled, with priority placed on the lower
fluence ITER-relevant specimens. Disk bend tests are also under consideration to examine the possibility of
radiation-induced embrittlement.

FUTURE WORK

This_effort will continue focusing on post-irradiation examination of existing specimens and on the
possibility of including minitensile specimens In MOTA during cycle 12 of FFTF
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SWELLING DEPENDENCE OF NEUTRON-IRRADIATED VANADIUM ALLOYS ON TEMPERATURE,
NEUTRON FLUENCE, ANI) THERMOMECHANICAL TREATMENT - B. A. Loomis (Argonne National
Laboratory). K. Abe (Tohoku University), L. J. Nowicki (ArgonneNational Laboratory). H. Chung (Argonne
National Laboratory). and D. L. Smith (Argonne National Laboratory)

OBJECTIVE

The objective of this research is te determine the composition of a vanadium-base alloy with the optimal
combination of swelling resistance, corrosion resistance. and mechanical properties in the environment of a
magnetic fusion reactor.

SUMMARY

Swelling of vanadium alloys was determined after irradiation at 420 and 600°C to neutron fluences ranging
fian 0.3 x 1027 neutrons/m?2 (17 dpa) to 1.9 x 1027 neutrons/m?2 (114 dpa). Binary and ternary vanadium alloys with
Cr, Ti, Mo, W, Ni, Fe. Zr, and Si additions were irradiated in either the fully annealed, partially annealed, or 10%
cold-worked condition. Upon irradiation at 600°C, the swelling of vanadium to which Cr had been added was
greatly exacerbated, whereas the swelling of vanadium to which Ti, Mo, W. and Ni {3-20%) had been added was
not significantly affected. Swelling of V-Cr alloys upon irradiation at 600°C was substantially reduced (<0.1% per
dpa} by the addition of Ti (1-15%). Upon irradiation at 420°C, the swelling of the vanadium alloys was <0.2% per
dpa. Partial annealing or 10% cold-working had no significant effect on swelling of the alloys.

PROGRESS AND STATUS

Introduction

The swelling of vanadium-base alloys with Cr, Ti, Mo, W, Ni. Fe, Zr, and Si additions on neutron irradiation
at 420 and 600°C to 77-84 dpa in the Materials Open Test Assembly (MGTA) of the Fast Flux Test Facility (FFTF)
has been reported by Loomis and Smith.'-3 These swelling results, obtained from determinations of the density of
the unirradiated and irradiated materials. have shown that the swelling of vanadium alloys upon neutron
irradiation can be effectively minimized by the presence of >3% Ti in the alloy. In this report, we present (1) some
additional data on the swelling (density change) of unalloyed vanadium and binary and ternary vanadium-base
alloys with Cr, Ti, Mo, W, Ni. Fe, Zr, and Si additions that were irradiated at 420 and 600°C to damage levels
ranging up to 114 dpa in the FFTF-MOTA and {2, microstructures of alloys observed by transmission electron
microscopy (TEM) after irradiation at 420°C to 114 dpa and 600°C to 84 dpa.

.MATERIALS AND PROCEDURES

Vanadium alloys with the compositions listed in Table 1 were obtained in the form of 50% cold-worked
sheets. Disk-shaped specimens -3.0 mm in diameter and =0.3 mm thick were obtained from the cold-worked
sheets for the swelling determinations. The cold-worked specimens were annealed at either 1125. 950, or 850°C.
for 1h in an ion-pumped vacuum system with a typical pressure of 1.3x 10-6 Pa. Spenmens annealed at 1125°C
had an average recrystallized grain diameter of 0.020 mm. In this paper, specimens that were annealed at 950
and 850°C are termed "partially annealed." In addition to the annealed and partially annealed specimens,
annealed specimens with 10% cold-work were also prepared. The specimens were irradiated in the FFTF-
MOTA. They were contained in sealed. Li?-filled, TAM Mo capsules during irradiation to prevent contamination
by oxygen, nitrogen, and carbon impurities in the Na coolant of the FFTF. The specimens were irradiated at 420.
520, and 600°C to neutron fluences (E >0.1 MeV; ranging from 0.3x 1027 neutrons/m?2 (17 dpa) to 1.9 x 1027
neutrons/mZ (114 dpa) during Cycles 7- 10 of the PFTF-MOTA. The irradiated specimens were removed from the
Li-filled TZM Mo capsules by immersion of the opened capsules in liqguid ammonia and subsequent immersion of
the specimens in a mixture of 50% ethanol and 50% methanol.

The swelling. S, of an irradiated specimen was obtained from a determination of the density ofan unirra-
diated specimen, Dann, and the density of an irradiated specimen, 1J;ry, by immersion in carbon tetrachlonde.
ie., S= Dann-Dirnr¥Dirr. Specimen density was determined with a precision of z0.1% from three to six separate
determinationg on each specimen.
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Table 1. Composition of Vanadium and Vanadium Alloys Used in this Study?

Nominal Allov

Composition Concentration {ppm)

ANL ID (wt. %) 0 N C Si Al

BL-1 V—4Mo 230 73 0 110 <100
BL=2 v- 9w 300 150 120 50 <100
BL-3 V-12Ni 490 280 500 405 <100
BL—4 V-10Cr 530 76 240 <50 1190
BL-& B-14Cr 330 3 3] 200 <50 2/40
BL-10 V-15Ti-7.5Cr 1110 250 400 400 30
BL-11 V-5Ti 1820 530 470 220 115
BL-12 V-10T4i 1670 390 450 245 <100
BL-13 V-14Ti 1580 370 440 205 <100
BL-15 V-18Ti 830 160 380 480 3
BL-16 V-20Ti 390 530 210 480 -
BL-20 \% 570 110 120 325 <100
BL-24 V-15Cr-5Ti 1190 360 500 390 40
BL-25 V-14Cr-0.3T4 390 i} 120 <50 3270
B1-26 V-14Cr-1Ti 5680 86 140 <50 300
BL27 V-3Ti-1Si 210 310 310 2500 160
BL-28 Vanstar-7¢ 275 540 740 - -
BL-34 V-9Ti 990 180 420 290 <100
BL-35 V-10Cr 340 45 120 <50 1450
BL-36 \% 810 8 250 <50 <100
BL-42 V-3Ti-1Si 580 190 140 5400 290
BL-43 V-10Cr-5T4i 230 3L 100 340 140

aChemical analyses of these materials were performed by the Analytical

Department of the Teledyne Wah Chang Albany Company, Albany, OR.
komplete composition of these materials is presented in Ref. 6.
¢V-9Cr-3Fe-1Zr.

Irradiated specimens were prepared for TEM by electrochemical thinning to perforation in a solution of 14%
sulfuric add-72% methanol-13% butyl cellosolve at -5°C. Microstructures were examined with a JEOL 100CX
electron microscope operating at 100 KeV.

EXPERIMENTAL RESULTS
Density Change (Swelling) Data

The dependence of density change (i.e., swelling) on Ti concentration of vanadium-base alloys after irradi-
ation at 420°C to 114 dpa and at 600°C to 77-84 dpais shown in Figs. 1and 2, respectively. Of the alloys, V-3Ti-18i
alloy showed the highest swelling upon irradiation at 420°C to 114 dpa. Even so, swelling of all the alloys at 420°C
to 114 dpa was <0.02% per dpa (Fig. 1). The addition of 0.3% Ti to the V-14Cr alloy reduced swelling of this alloy
from 39% to 14%upon irradiation at 600°C to 84 dpa (Fig. 2). Anincrease of Ti concentration to 5%reduced
swelling of the V-14Cr alloy further to «10%. The datapresented in Figs. 1and 2 suggest that swelling of V-Ti
and V-Cr-Ti alloys is relatively independent of Ti concentration in the range of 3-20%.

Addition of either 9% W, 4% Mo, or 12% Ni to vanadium slightly decreased the swelling of vanadium on
irradiation at 420°C to 114dpa and at 600°C to 84 dpa. The Vanstar-7 alloy exhibited 7-10% swelling upon
irradiation at 600°Cto 77 dpa.

The dependence of swelling of vanadium and V-Ti alloys on irradiation damage (dpa) at 420°C is shown in
Fig. 3. These results show that vanadium and V-3Ti-18i exhibit maximum swelling (-3%)at 60-80 dpa, whereas
swelling of V-(5-20)Ti alloys is relatively independent of irradiation damage.
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The dependence of swelling of V-Cr-Ti alloys on irradiation damage at 420°C is shown in Fig. 4. These
results show that upon irradiation at 420°C, V-Cr binary alloys exhibit maximum swelling at =30 dpa, whereas
V-15Cr-(1-5)Ti alloys exhibit maximum swelling at 60-80 dpa.

The dependence of swelling of V-15Ti-7.5Cr, V-15Cr-5Ti, V-10Cr-5Ti, V-3Ti-18i, and V-20Ti alloys on
irradiation damage at 600°C is shown in Fig, 5 (from Ref. 3). Swelling data obtained by TEM of the irradiated
alloys are also shown in Fig. 5. On the basis of these data, the swelling of V-157i-7.5Cr, V-15Cr-5Ti, V-10Cr-5Ti,
V-3Ti-18i, and V-20Ti alloys upon irradiation at 600°C to 84 dpa is .10, 0,03, 0.03, 0.01, and 0.01% per dpa,
respectively.
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Swelling of the partially anrnealed and 10% cold-worked V-Ti and V-Ti-Cr alloys does not significantly differ
fran the swelling of annealed alloys.

TEM Microstructures

The microstructures obtained by TEM for unalloyed V, V-10Cr, V-3Ti-1Si, V-20Ti, V-15Cr-1Ti, and V-15Cr-
5T1 after irradiation at 420°C t0 114 dpa are shown in Fig. 6. The swelling values determined by TEM agree well
with the swelling (density change) data presented in Fig. 1, i.e., swelling of V-3Ti-1Si > V > V-10Cr > V-20Ti >
V-15Cr-1Ti > V-15Cr-6Ti. FOr comparison, the microstructures obtained by TEM of V-15Cr-5Ti, V-15Ti-7.5Cr,
V-20Ti, V-3Ti- 181 after irradiation at 600°C to 84 dpa (from Ref. 3) are shown in Fig. 7.

CONCLUSIONS

Swelling of VV-Cr-Ti alloys upon neutron irradiation at 600°C is strongly dependent on Ti concentration.
V-Cr-Ti alloys with >3% Ti exhibit greater resistance to irradiation-induced swelling. Swelling of V-Ti and V-Cr-
Ti alloys is nearly independent of Ti concentration in the range of 3-20% Ti. Swelling of V-15Ti-7.5Cr, V-15Cr-5T4,
V-10Cr-58Ti, V-3Ti-18Si, and V-20Ti alloys upon neutron irradiation at 600°C to 84 dpa is 0.10, 0.03, 0.03, 0.01, and
0.01% per dpa, respectively. Swelling of the vanadium alloys on irradiation at 420°C to 114 dpa is <0.02% per dpa.

Partial annealing and 10%cold-work have no significant effect on swelling of the vanadium alloys.

FUTURE WORK

The swelling, precipitate composition, and precipitate crystallographic structure for vanadium-base alloys
after irradiation at 420,520, and 600°C to 21-114 dpa will be determined by TEM, Energy Dispersive X-ray
Spectroscopy,and Electron Energy Loss Spectroscopy.
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Fig. 6. Microstructuresof
vanadium alloys after
irradiation at 420°C to 114 dpa
in the FFTF-MOTA.
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Fig. 7. Microstructures of vanadium alloys
after irradiation 11t 600°C to 84 dpain the FFTF-

MOTA.
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MECHANICAL PROPERTY CHANGES AND MICROSTRUCTURES OF DISPERSION-STRENGTHENED COPPER ALLOYS AFTER NEUTRON
IRRADIATION AT 411, 414, AND 52% - k. R. Anderson (University of Illinois, F. A. Garner, m. L. Hamilton
(Pacific Northwest Labaratary),'®) and J. £, Stubbins (University of Illinois)

OBJECTIVE

The %bjective of this effort is to identify suitable copper alloys for high heat flux applications in fusion
reactors.

SUMMARY

Dispersion strengthened copper alloys have shown promise for certain high heat flux applications_in both
near term and long term fusion devices. _This study examines mechanical properties changes and microstruc
tural evolution in several oxide dispersion str@n%_hened alloys which were su?iected to high levels of
irradiation-induced displacement damage. Irradiations were carried out in FFTF to 34 and 50 dpa at
¢11-414°C and 32 dpa at 523°C.

The alloys include several oxide dispersion-strengthened alloys based on the Cu-Al system, as well as ones
based on the Cu-Cr and Cu-Hf systems. Of this group, certain of the Cu-Al alloys, those produced by an
internal oxidation technique to contain alumina weight fractions of 0.15 to 0.25% outperformed the other
alloys In all respects. These alloys, designated CuAlls, £uAl20, and Cual?5, were found to be resistant to
void swelling up to 50 dpa at 414°c, and to retain their superior mechanical and physical properties after
extended_irradiation. The major_factor which controls the stability during irradiation was found to be the
dispersoid volume fraction and distribution.

The other alloys examined were_less resistant to radiation-induced properties changes for a variety of rea-
sons. Some of these include dispersoid redistribution by ballistic resolution, effects of retained dis-
solved oxygen, and_nonuniformity of dispersion distribution. The effect of laser welding was also examined.
This joining technique was found to be unacceptable since it destroys the dispersoid distribution and
thereby the resistance of the alloys to radiation-induced damage.

PROGRESS AND STATUS
Introduction

Severe radiation and thermal environments are foreseen In advanced nuclear reactor applications. These
conditions require the development of new radiation resistant materials which are also immune to thermally
induced problems, such as thermal shock, thermal fatigue, irradiation and thermal creeg, and thermal!¥ )
induced static stresses. Many of these problems can be minimized by using high strength materials with high
thermal conductivity. ngper-base alloys appear to fill this need.” A S|?n|f|can; number of scoping studies
have identified one specific class of copper alloys as showing exceptional potential for use in these
demanding nuclear applications: oxide-dispersed Copper alloys.! 't

This study evaluates a wide varjetr of oxide-dispersed alloys and identifies the factors that influence
their microstructure and mechanical propert chgngeg during” irradiation. This evaluation, coupled with con-
ductivity measurements, provides the basis for judging the suitability of specific OX|de-d|spersed alloys
for fusion applications.

Experimantal Procedure

Zone-refined, Marz-grade copper and four different types of oxide-dispersed copper alloys were neutron irra-
diated in sealed helium-filled capsules in the Materials Open Test Assembly of the Fast Flux Test Facility
to 34 displacements per atom (dpa$ at 414°C, 50 dpa at 411°C, and 32 dpa at 529°C, Table 1. Irradiation
temperatures were actively controlled to +5°c. Two alloys were irradiated in the laser-welded condition in
order to determine the viability of this fabrication technique in nuclear service. Thermal aging was also
performed at 420°c or s21<¢ for "1026 hours to assess alloy thermal stability.

The_four types of oxide-dispersed alloys examined are shown, along with their composition and final proc-
essing condition, in Table 2. These alloys include three commercially available copper alloys strengthened
by varying quantities of aluminum oxide (CuAlls, Cual20, and CuA125), one alloy strengthened by chromium
oxide (CuCr), one alloy strengthened by hafnium oxide (CuHE?, and_two castable oxide-dispersed alloys. The
grain sizes of these alloys prior to irradiation are provided in Table 3. More specific information

(@) Pacific Northwest Laboratory is operated for the U.S. Department of Energy by Battelle Memorial
Institute under Contract Df-ACDE-78RL0 1830.
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Specimen Irradiation Conditions

MOTA | E MOTA 1D MOTA 1D

Material  411°C 414°C 529-¢ ()
Alloy Code 50 dpa 34 dpa 32 dpa
Marz cu RO dzt(P) d/t ale)
CUA125 R4 d/t -
CuA125 (welded) an d/t - =
CuA120 ux d/t d/t d/t
CuAll5 +B VO d d/t d
0D5-1 3F d/t - -
0DS-1 (welded) 3H d/t b
0DS-4 M d/t -
CuCr 3A d/t --
CuHf 3B d/t -

(a) Overtemperature of 201°C for 50 minutes and
2 undertemperatures.

by d/t = TEM discs t tensiles.

Ec} d = TEM discs.

TABLE 2
Composition and Final Processing Conditions of Copper Alloys
Alloy Code Composition {wt%) Final Processing Condition(2)(b)
Marz Cu RO 99.999% Cu Annealed

CuA125 R4  0.25% Al as Alumina, bal. Cu  50% CW
CuAl125 3N 0.25% Al as Alumina, bal. Cu 50% CW t welded
CuAl20 UX 0.20% Al as Alumina, bal. Cu 20% CW
CuAll5+B VO  0.15% A1 as Alumina, Annealed

< 200 ppm Boron, bal. Cu

CuCr 3A  3.5% Cr Oxide, bal. Cu 20% CW, 1/2 hr 450°C, Air Cooled
CuHf 3B 1.1%Hf Oxide, bal. Cu 20% CW, 1/2 hr 450°C, Air Cooled
0Ds-1 3F  0.25% Mg, 1%Alumina, bal. Cu 40% CW

0DS-1 3H 025% Mg, 1%Alumina, bal. Cu 40% CW t welded

ODs-4 M  05% Mg, 1% Alumina, bal. Cu  40% CW

(a) All heat treatments in argon
(b) cw =.cold worked.
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Grain Size in Plane of Rolling Direction

Material Average Grain Approximate
Material Code Diameter {microns) ASTM Grain Size
Marz Cu (RO) 120 3
CuA125 (R4) elongated 0.6 x 2.4 nid)
CuA125 welded (3N) elongated 0.6 x 2.4 NM
CuAl120 (ux) elongated 0.45 x 3.0 NM
CuAl115+B {V0) elongated 0.5 x 3.0 NM
cucr (34) 1.0 - 11.5(';) M
CuHf (3B) 1.0 - 11.5(P) M
0DS-1 (3F) 210 2
0D5-1 welded {3H) 210 2
0Ds-4 (3M) 100 1

(a) Not meaningful.

{b} Exhibited highly deformed, randomly shaped grains that could
not be adequately characterized. Approximate size 1.0 to
11.5 microns.

regarding the sources and processing of these alloys is given elsewhere.”® All specimens in this study were
inthe form of 3 mm TEM discs and miniature tensile specimens, the dimensions of which are given
elsewhere 1819

The tensile properties of unirradiated, thermally aged, and irradiated miniature tensile specimens were
determined at room temperature using a precision horizontal tensile testing frame.”® The 0.2 offset yield
strength, ultimate tensile strength, fracture strength, uniform elongation, and total elongation were deter-
mined. Specimen thicknesses were measured with a micrometer prior to testing. All testing was performed at
room temperature (24°C) at a crosshead velocity of 2.413 x 107® m/sec (9.5 x 10° in./sec), which corre-
sponds to a strain rate of 4.7 x 107* sec™t,

Fractography was performed with a JEOL JAM 35C scanning electron microscope (SEM). A JEOL 840 SEM with a
Link Systems energy-dispersive x-ray spectroscopy (EDS) and image analysis system was also used. Fracture
surfaces required examination soon after tensile testing due to rapid formation of an oxide layer that
obscured detail at magnifications over approximately 1000X. Examination of the bulk microstructure was
carried out with a JEOL JEM 100CX transmission electron microscope (TEM) operated at 100 kV.

Results

The results of room temperature tensile tests are given in Table 4. The yield and ultimate tensile
strengths generally showed the same behavior with respect to specimen condition. The trends in the yield
and ultimate tensile strengths, and uniform and total elongations, are compared in Figure 1 for alloys
irradiated at 411°C to 50 dpa. Data for Marz copper are included for comparison.

Tensile properties were sensitive to several types of microstructural changes during irradiation and, to a
lesser extent, changes during thermal aging. The alloy dimensional stability under irradiation, primarily
influenced by void swelling, is shown in Figure 2. That and other microstructural changes are discussed
subsequently.

Discussion
The discussion of alloy performance is best grouped into four classes: copper-alumina alloys, the CuCr

alloy, the CuHf alloy, and castable copper OBS alloys. It is clear, however, that the performance of all of
these materials is linked to dispersoid stability under irradiation and to the level of retained cold work.
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TABLE 4

Average Tensile Properties from Copper and Copper Alloy Miniature Specimens

Maierial

Alley Yield (0.2% offset) Uhimaie Tensile Fracture Uaniform Total Number

Codr Strengrih Strength Strength  Elongation Elemgation  of
Specimens
MPa  (ksi} MPa (ks MPs__ (ksi) (%) (T

RO Man Cu

Unisradiated 14.7 (10.8) 1706 (24.7) 45 (0.6) 232 29.0 2

Aged 4209C, 1016 hrs. 70.5 (10.2) 1706 {247 21 (0.3 16.7 208 1

Irr. 34 dpa, 414°C 64.0 (5.3) 116.1 (16.8) 103.4 (15.0) 97 101 1

Irr, 50 dpa, 411°C 630 (9.1) 1312 (19.0) 119.7 (11.4) 147 15.0 2
YO CuAlls

Unirradiated 274.4 (19.8) 3593 (52.1) 266.2 (18.6) 124 155 3

Aged 420°C, 1026 hes. 3017 (43.8) 3%1.4 (56.8) 1063 (44.4) 134 18.3 2

ler. 34 dpa, 414°C 2951 (42.8) 172.1 (54.0) 302.6 (43.9) 121 111 1
¥4 CuAl20

Unirradiated 4712 (68.9) 499.8 (72.5) 405.1 (58.8) 13 16 7

Aged 420°C, 1026 hn. 4227 (61.3) 444.1 (64.5) 387.1 (56.1) 35 5.9 2

Aged 521°C, 1026 hres, 3929 (17.0) 4259 (61.8) 156.8 (51.8) 56 83 2

lrr. 34 dpa, 414°C 177.1 (54.7) 4111 (59.6) 345.6 (50.1) 79 9.9 2

Ire. 50 dpa, 411°C 176.1 (54.5) 196.5 (17.5) 3534 (11.2) 111 14.1 2

brr. 12 dpa, 529°C 188.4 (56.3) 440.9 (61.9) 3784 (54,9} 106 147 2
R4 CuAl2s

Unirradiated 501.0 (72.7) 556.1 (80.7) 462.7 (67.1) 1.5 4.1 4

Aged 4200C, 1026 hes, 4711 (68.6) 501.6 (2.8} 425.4 (61.7) 4.3 8.4 2

b 10 dpa 411°C 461.2 (66.9) 481.0 (69.8) 4142 (60.1) 8.3 115 2
I'N CuAl25 Laser Welded

Unirradialed 145U (21.01 201.8 (29.6) 146 1.1 8.6 13.6 3

Aged 420°C, 1026 hrs, 708 (10.3) 02,1 (29.3) 95.0 (13.8) 214 309 2

Irr. S0 dpu, 4119C 72,9 (10.6) 142.Y (20 119.7 {20.3) 13.0 13 2
A CuCr

Unirradiated 158.8 (23.0) 299.7 (41.5) 2199 {31.9) 220 30.1 2

Aped 420°C, 1026 hrs. 1489 (21.6) 2949 (42.8) 202.8 (29.4) 226 11.0 2

lrr. 50 dpa, 411°C 1610 (23.6) 1080 (44.7) 295.1 (42.8) 18.8 19.8 1
3B CuHf

Unirradiated 378.1 (54.8) 4616 (66.9) 317.0 (46.0) 42 87 1

Aged 4209C, 1026 hrs. 154.0 (22.3) 110.0 (41.0) 2049 (29.1) 209 216 2

Irr, 50 dpa, 411°C (upper)326.8 (47.4) 320.5 (46.5) 2511 (36.4) 163 205 2

(lower)305.4 (44.3)

I F 00s-|

Unirradiaied 312.0 ¢45.3) 344.6 (50.0) 1719 (25.8) 08 37 2

Aged 420°C, 1026 hrs. 622 (9.0) 218.1 (31.6) 757 (1100 338 398 2

Irr, 50 dpa, 411°C 870 (12.6) 1115 (22.0) 921 (13.4) 8.4 9.3 2
3H ODS-1 Laser Welded

Unirradiated 1906 (27.6) 2289 (33.2) 1329 (19.3 15 15 3

Aged 420°C, 1026 hrs. 1415 (20.8) 2244 (32.5) 115 (11.2) 23 4.7 2

Iir. 50 dpa, 411°C 1231 (17.9) 1259 (12 1) e 170 0.4 04 2
IM 0Ds-4

Unirradiated 178.3 (40.4) 3526 (51.1) 214.8 (31.2) 0.8 3.8 2

Aged 4209C, 1026 hm. 552 (8.0 2271 (32.9) 1506 (21.8y 371 40.9 2

In. 50 dpa, 4110C 195 11,5y 167.9 (13.6) 45.1 (65.5) 133 1.5 2
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Figure 1. Tensile properties of the oxide-dispersed alloys compared with zone-refined Marz copper.
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Figure 2. Swelling levels as measured by immersion density.
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Figure 5. TEM micrographs of CuA115, (a) unirradiated and (b and ¢} irradiated to 50 dpa at 411°C. Total
recrystallization following irradiation is evident in (b), and the development of damage structure in areas
of low dispersion density is seen in (c).

Copper-Alumina Alloys

The three copper-alumina alloys in this study, CuAl115, CuAT20, and CuAl25, were produced using powder met-
allurgical, internal oxidation techniques by SCM Metal Products, Inc. under the trade name of Glidcop.??
Their Universal Numbering System designations are €15715, C15720, and C15725. The alloys were produced from
Cu powder containing small amounts of aluminum in solid solution. The powder was subjected to an elevated
temperature oxidizing atmosphere where the aluminum was preferentially oxidized. The powder was then con-
solidated by rolling at elevated temperature between thin sheets of OFHC copper. The copper cladding, which
served to reduce wear of the rolls and extrusion dies, was removed by sanding. The respective volume frac-
tions of alumina in CuA115, CuA120, and CuA125 are 0.7%. 1.0%, and 1.3%. Although the difference in alumina
content is not the only variation between these alloys, it is by far the most important.

The aluminum oxide phase was determined by electron diffraction to be primarily gamma alumina, in agreement
with the work of Livak et al.!® Particle diameters ranged from 2 m to 1 um with an average of approxi-
mately 7 nm. This average particle size is close to the 12 M particle size that provides maximum theoret-
ical strengthening for alumina in copper.?! Electron diffraction also revealed the presence of a
significant quantity of Cu,0 in the matrix, as would be expected from this alloy production technique. A
trace quantity of alpha aluiminum oxide and a relatively non-stoichiometric aluminum oxide were also observed
inisolated regions of TEM foils. The oxide dispersions are not completely uniform; however the uniformity
is the best available from commercial practice. The fine dispersion of gama alumina not only serves to
provide substantial Orowan strengthening, but also provides excellent retention of cold work at elevated
temperature.??

The volumetric swelling of all three copper-alumina alloys was low, as shown in Figure 3. The swelling
level was found to decrease with increasing volume fraction of alumina (Figure 4). While the three alloys
had different levels of cold work, the amount of cold work has a minimal influence on swelling in these
alloys. This was established from annealed, 20%. and 80% cold worked CuA120 irradiated to 34 dpa at 414°C,
which swelled -0.22, 0.31, and 0.30%, respectively.

A careful TEM through-focus series on several CuA115, CuA120, and CuA125 specimens irradiated to 50 dpa
revealed no void formation. However, in limited regions of foils where a low dispersoid density was pre-
sent, a minimal yet distinct damage structure was observed. An example of this damage structure in CuAll5
irradiated to 50 dpa is shown in Figure 5. Frank loops ranging in size from 4.0 to 12 mm in diameter were
present. Both of these structures are often considered to be precursors to void formation. A small
quantity of helium bubbles measuring 3.2 to 20 fm in diameter with an average diameter of 4.0 mm were also
seen. No neutron irradiation study has found void formation in copper-alumina alloys; however, a high
damage level ion irradiation study of CuAl60 by Spitznagel and Davis showed limited void formation in
regions of low dispersoid density.?? The helium bubbles are probably due to a B (n,e) ’Li thermal neutron
reaction with the 200 pom (max) boron remaining in this CuA1l5 alloy following deoxidation.®® |If this is
the case, the boron must have been in solid solution rather than particulate form, since halos of helium and
lithium, which form around boron-containing particles, were not observed.24?7
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The room temperature tensile properties of these alloys in the unirradiated condition agree relatively well
with those in the published industrial Titerature.?? SEM fractography on broken tensile specimens,

Figure 6, revealed the failure mechanism to be microvoid coalescence. Alumina particles of all sizes were
observed to be sites for microvoid nucleation.

Room temperature tensile properties of these alloys following jrradiation are dependent primarily on the
amount of retained cold work. CuA115, which was irradiated in the annealed condition, shows very small
changes in the tensile properties following irradiation. However, recrystallization was observed following
irradiation to 50 dpa at 411°C. Prior to irradiation, grains were elongated with an average grain size of
0.5 x 3.0 um. Recrystallization during irradiation produced Targer, more equiaxed grains measuring

1.4 x 2.5 um on average. Despite recrystallization, significant decreases in Hall-Petch strengthening are
not expected due to the small magnitude of this change and the decreased sensitivity of Hall-Petch
strengthening at small grain sizes. In addition, the Hall-Petch strengthening for FCC metals is not as
substantial as in BCC and HCP metals due to the larger number of slip systems and Tow critical stresses.
The tensile failure morphology was microvoid coalescence, with fracture surfaces nearly identical in
appearance to the fracture surfaces of unirradiated specimens, Figure 6.

E

Figure 6. SEM fractographs of tensile failure surfaces for the CuAl alloys, (a,c,e) unirradiated and
(b,d,f) irradiated. CuA115 (a,b) was irradiated to 34 dpa at 414°C (b); CuA120 (c,d) was
irradiated to 50 dpa at 411°C (d); and CuA125 (e,f) was irradiated to 50 dpa at 411°C (f).
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The 20% cold worked CuA120 exhibited significant reductions in strength and large increases in elongation
for both the thermally aged and irradiated conditions. TEM examination of specimens irradiated to 50 dpa at
411°C revealed complete recovery and recrystallization. The average grain size prior to irradiation was
0.45 X 3.0 pm. FO||0WIQ? irradiation to 50 dpa at 4112, grains were equiaxed with an average grain diam-
eter of 0.7 ym. The failure morphology of both unirradiated and irradiated miniature tensile specimens was
by microvoid coalescence, though fewer large alumina particles were found on the irradiated alloy fracture
surfaces, Figure 6. The only prior neutron irradiation studies of this aIIoK showed no significant mechan-
ical property or microstructure changes following irradiation.””* However those studies examined substan-
tially lower damage levels, 3 and 15 dpa.

CuA125 was irradiated in the 50% cold worked condition to 50 dpa at 411°C. TEM examination of irradiated
specimens showed the alloy to be approximately 40% recrystallized. Prior to irradiation, this heavily cold
worked alloy had an average grain size of 0.6 X 2.5 pm.  During irradiation, recovery and recrystallization
produced regions with equraxed grains with 10 um average diameter. Recrystallized areas contained a lower
density of alumina particles than the unrecrystallized, slightly polﬁgonlzed areas. These microstructural
changes resulted in decreased strengths and increased elongations. However, the changes were not as large
as In the fully recrystallized CuA120 alloy. The tensile fracture surfaces, Figure 6, show a microvoid
coalescence failure morphology. A decrease in the quantity of large alumina particles on the irradiated
alloy fracture surfaces was observed, similar to CuAl20.

Previqus neutron irradiation studies of CuA125 involved tensile testing of specimens irradiated to 16 dpa at
430°C."> This work revealed decreased strengths and increased elongations in agreement with the results
here. However, no recovery or recrystallization and only minimal microstructural changes were observed by
TEM examination. It is pessible that recovery and recrystaltization may have been present, but not revealed
by limited sampling volume during TEM examination.

There is substantial evidence for ballistic redistribution (recoil dissolution) of the alumina dispersion in
these alloys by neutron irradiation. This evidence arises from three sources: immersion density measure-
ments, SEM examination of fracture surfaces, and electron diffraction patterns. Neutron-induced recoil
dissolution of particles, at its S|mplestg IS a process where the atoms composing a particle are ballis-
tically ejected by impinging neutrons.?’-2® Ballistic dissolution of the alumina dispersion was first con-
sidered after noting the densification of CuA125 at 50 dpa. Commonly, densification is due to_?hase_changes
or phase modifications. In this simple, fully dense alloy, one chan%e that could provide densification is
dissolution of alumina. SEM fractography of CuAl20 and CuA125 tensile specimens revealed a reduced quantity
of large alumina particles following irradiation. (Only a very few large alumina particles were observed in
the CuA115 alloy prior to irradiation; therefore, no definitive statement can be made about dissolution in
this alloy.) Densification may also arise from the formation of solid transmutants, primarily nickel and
zinc. This possibility is being explored.

The best evidence for ballistic redistribution is taken from the electron diffraction patterns of CuAl120 and
CuA125 before and after irradiation. The characteristic ring patterns from the fine dispersion of particles
in the unirradiated material decreased substantially in intensity following irradiation. In addition, the
ring resolution became less distinct, su%gestlng radiation damage of the dispersoid itself. Figure 7 shows
a larger alumina particle in CuA115 for both the unirradiated and irradiated to 50 dpa at 411°C conditions,
where a distinct damage structure in the irradiated alumina particle can be seen.

None of the previous neutron irradiation studies involving _copper-alumina alloys have noted ballistic dis-
solution of the alumina dispersion. However, high energy 10n irradiation of CuAl60 at 250 and 500°C 020
dpa did cause dissolution and amorphization of the alumina particles.??:?® Such recoil dissolution of
particles has also been predicted theoretically.?:3?

The dissolution phenomenon ma¥ have severa canseouences.. At higher damage levels, the alloy may become more
susceptible to volumetric swelling by void formation due to both a decreasing amount of alumina and an
increase in dissolved oxygen. This will also affect electrical and thermal conductivity. Furthermore,
strength :gvelskmay suffer both due to the loss of particulate strength and the concomitant inability to
retain cold work.

Laser welding was found to be an ineffective joining method for alumina-dispersed copper alloys. Laser butt
weldlng of CuAl2 .sgbstant all redqied the q%ant|$¥ of aluglna in the welq se%tlgn. Th*s loss of dls?er
sion caused ‘Trradiation-induced swelling ard'tensile property changes similar to those of Marz copper-is -
The overall swelling of CuA125 laser-welded TEM discs was approximately 9% due to void formation solely iIn
the weld region. Unirradiated tensile strengths of welded specimens were slightly greater than for pure
copper, but with nearly identical fracture surfaces. Following irradiation, similar results were found,
however, the grain structure was columnar along the direction of welding and not equiaxed.
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0.1l um

Figure 7. Large alumina particles in CuAll5, (a) unirradiated and (b) irradiated to 50 dpa at 411°C.

Conper-Chromium Oxide

The copper-chromium oxide alloy was produced by hot extrusion of a mixture of OFHC copper and chromium oxide
powders. TEM and SEM examination revealed a range of chromium oxide particle sizes from 0.012 to 0.7 um in
diameter, with an average diameter of 0.05 um. Electron diffraction also indicated the presence of a small
quantity of Cu,0 in the matrix. Fractography of unirradiated tensile specimens revealed several large,
irregularly shaped inclusions. The appearance and electrical charging of these inclusions during SEM exam-
ination suggests that they are ceramic. Windowless EDS chemical analysis showed varying quantities of cal-
cium, magnesium, aluminum, and oxygen. These elements are the SamMe as those commonly found in ceramic
refractories, indicating that these inclusions were possibly pieces of ceramic furnace lining or slag in the

original OFHC copper powder.

The volumetric swelling of this alloy was approximately 6% following irradiation to 50 dpa at #11°C, pri-
marily due to void formation and dissolution of the refractory inclusions. SEM tensile fractography follow-
ing irradiation revealed both voids and the presence of other cavities containing only trace remnants of the

refractory inclusions, Figure 8.

As in the case of the copper-alumina alloys, evidence of ballistic redistribution of the oxide dispersion
was found. TEM examination of unirradiated material revealed large, relatively spherical chromium oxide
particles, Figure 9. Following irradiation, these large particles were seen to be redistributed into
smaller, less distinct particles with sizes ranging to below 2 nm in diameter, Figure 9. The redistribution
of the oxide dispersion in this alloy is more prominent than in the copper-alumina alloys, probably due to
the lower thermodynamic stability of chromium oxide compared to aluminum oxide.

P
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Figure 8. SEM fractographs of CuCr tensile fracture surfaces, (a,b) unirradiated and {c,d) irradiated to
50 dpa at 411%. The influence of large inclusions on the fracture morphology can be noted.

Prior to irradiation, this alloy exhibited a moderate tensile strength and an elon?ation comparable to that
of zone-refined copper. The failure morphology was trans?[anular by microvoid coalescence, Figure 8. The
yield and ultimate strengths of this alloy chgn?ed_only slightly following irradiation to 50 dpa at 411<C,
even though TEM examination revealed substantial microstructural evolution. This is due to the competing
influences of several strengthening mechanisms. The initial 20% cold work was completely recovered during
irradiation. Recr¥stalllza§|on produced a grain size that was too large to be measured using TEM; high
radioactivity precluded optical measurement. The reduction In cold work and grain size strengthening were
offset by increased Orowan strengthening from a finer, redispersed particulate distribution and a slight
contribution from voids, Figure 9.

The reduced total eiongation fn the irradiated &11by""s a direct conseauence of a limited reduction of area

promoted by voids and cavities. Just as in zone-refined copper, voids ‘acted as sites for failure by micro-

void_coalescence, reducing the ability of this alloy to undergo localized deformattion. Cavities, which were
previously occupied by inClusions, also acted as sites for crack nucleation and pwopagation, Figure 8.

Hafoi ]

The copper-hafnium oxide a.}nv was produced by a hot extrusion of a mixture of OFHC copper and hafnium oxide
powders. SEM examination revealed large rounded hafnia particles ranging in diameter from 0.05 to 0.65 gm
with an average of 0.25 wm. TEM bright and dark field imaging also revealed many smaller, less distinct
hafnia particles, as small as 2.5 nm in diameter. A small quantity of Cu,0 was seen and many small uniden-
tified particles also were manifested In the diffraction pattern as widely scattered spots.

Volumetric swelling of 0.15% was measured by density change following irradiation to 50 dpa. However, TEM
examination found no signs of voids. Helium bubbles, Frank loops, and other precursors to void formation
also were not observed.

TEM examination revealed extensive redistribution of the dispersion, again most probably by a ballistic
mechanism. This was evidenced bK a reduced quantity of the large, rounded hafnia particles as well as many
smaller polygonal particles which were not present prior to irradiation. These particles measured an aver-
age of 0.1 um in diameter and are shown in Figure 10. A significant quantity of new particles, averaging
5nm In diameter, of the same structure as the larger polygonal particles are also seen. SAD indicated that
these particles are most probably monoclinic Hf0,.
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Figure 9. TEM micrographs of CuCr, (ag unirradiated and {b,c) irradiated to 50 dpa at 411%.  The
irradiated material 1s shown in a bright field (b) and dark field (c) pair.

This alloy exhibited good tensile strength and reasonable elongation iIn the unirradiated condition. The
failure morphology was transgranular by microvoid coalescence, Figure 11. Thermal aging for 1026 hours at
420°c promoted a substantial reduction in tensile strength and increase in elongation, probably due to
recovery of cold work.

The influence of the redistribution of the oxide dispersion was dramatically illustrated in the tensile
properties of this alloy following irradiation to 50 dpa_at 411°C. A prominent yield point drop was obser-
ved. This yield point phenomenon, commonplace in ferritic steels and other BCC metals, 1is highly unusual in
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Fi?ure 10. TEM micrographs of CuHf irradiated to 50 dpa at 411-¢. A bright field (a) and dark field

(b) pair is shown where two distinct particle distributions can be seen.

FCC metals. Figure 12 shows tensile curves for this alloy in the unirradiated, thermally aged, and irradi-
ated conditions. The irradiation-induced yield point is of approximately of the same magnitude as the wlti-
mate tensile strength of this alloy. Follewing this yield drop, the tensile curve was wavy, becoming
smoother at higher strains.

In addition to extensive redistribution of the oxide dispersion, TEM examination revealed total recovery and
recrystallization during irradiation. Pinning of a low density of dislocations by redistributed hafnium is
directly responsible for the unique tensile properties. There is some doubt as to the form of the redis-
tributed hafniun. There is a large size difference (23%) between copper and hafnium.! Thus, despite_argu-
ments for the lack of a shear component iIn the substitutional atom strain field and a consequent inability
to pin screw dislocations, it may be that the large size difference would nevertheless cause such an effect
here. Alternatively, dislocations may act as sites for preferential hafnium oxide reformation during irrad-
iation, effectively Blnnlng them with small hafnia particles. It was not possible to distinguish between
these possibilities by TEM examination techniques.
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Figure 11. SEM fractographs of tensile fracture surfaces of CuHf, (a,b) unirradiated and (c,d) irradiated
to 50 dpa at 411°C.

500
4001/’__\\\\
& 300
o

& 200

100

£ (%)

Figure 12. Tensile curves of CuHf in the unirradiated, thermally aged, and irradiated to 50 dpa at 411°C
conditions. The upper and lower yield phenomenon in the irradiated condition is notable.



193

Fractography revealed no_apparent change of failure mechanism fo[lowin% irradiation. Failure was seen to
occur by transgranular microvoid coalescence, as also shown In Figure 11.

Castable 0DS Comer Allovs

These alloys were cast from a melt composed of a fine dispersion of copper-coated colloidal oxide particles
added to magnesium-bearing OFHC copper. Magnesium should promote effective incorporation and retention of
the dispersed oxide during casting. One goal of the alloy design was to create a castable oxide-dispersed

alloy that could also be welded.

These alloys showed extremel¥ poor swelling resistance following irradiation to 50 dpa at 411°C: 10.75% for
ODSa@tand 29.4% for oDS-1. The swelling level of 0DS-1 was the same as pure copper under these irradiation
conditions.

The unirradiated alloys exhibited minimal uniform tensile elongations due to microporosity, Figure 13. The

microporosity was in the form of planar arrays of bubbles along cold rolling directions. ~ Laser-welded ODS-1

had spherical microporosity in the melted and undeformed weld region. Thermal aging at 420°C for 1026 hours
romoted substantial decreases In strength and increases In elongations, verifying the poor thermal sta-
ility of these alloys.

Poor tensile properties following irradiation were due not only to ﬂoor thermal stability but also to sub-
stantial void formation. The farlure morphology was identical to that observed In irradiated copper:
transgranular by microvoid coalescence with surfaces often lying parallel to but not on the grain bound-
aries, Figure 13.°

The poor irradiation performance of these alloys IS most probably attributable to a supersaturation of dis-
solved oxygen introduced during the casting process. However, it was not possible to obtain a measurement
of the matrix oxygen concentration independent of the dispersed oxide to verify this postulate. Neverthe-
less, the microporosity found on fracture surfaces of unirradiated material supports this conclusion. Sev-
eral researchers have shown that dissolved oxygen is highly efficient in promoting void formation In cep-
per,1*16.32 g ch as found here. Studies of electrolytic tou%F pitch copper irradiated in EBR-II to 13.5 dpa
at 400°C found swelling of 34% or ~2.5%/dpa.'*'® These results indicate that stringent oxygen-free casting
practices must be observed when producing not only these alloys, but possibly other copper alloys. With
such practice, it is possible that these castable 0DS alloys would possess acceptable radiation” resistance.

CONCLUSIONS

Zone-refined copper and several oxide-dispersed copper alloys were neutron irradiated to 34 dpa at 414°C,
50 dpa at 411¢C, and 32 dpa at 529°C and a wide range of irradiation response was observed. The most
important conclusions from this study are as follows:

1. The_chemical composition of the dispersed oxide has a significant influence on the radiation
resistance of oxide-dispersed _alloys. Aluminum OX|de—d|SEersed alloys_were much more stable than
either chromium or hafnium oxide-dispersed alloys. A highly unusual "yield point phenomenon was
observed in hafnium oxide-dispersed copper due to extensive redistribution of the oxide dispersion
during irradiation.

2. All oxide-dispersed alloys showed some dissolution and restructuring of the dispersion by ballistic
recoil during irradiation.

3. The radiation resistance Of aluminum oxide-dispersed alloys {CuA115, CuA120, and CuA125) was found to
be directly dependent on the amount of dispersed oxide In the matrix. Volumetric swelling decreased
%ﬁ the ?Tount of dispersed oxide increased, though it was small in all cases. No voids were found in
ese alloys.

4. The tensile properties of the aluminum oxide-dispersed alloys (CuAT15, €uA120, and CuAi25) following
|rrgd|%t|on were dependent on the amount of retained cold work, which was also related to the alumina
content.

5. CuA125 was found to be the most radiation-resistant alloy in terms of swelling, tensile properties,
and conductivity.*® It appears to be the best copper alloy for elevated temperature, neutron
environment exposure.

6.  Laser welding was found to be an ineffective joining method for oxide-dispersed alloys. A_substan-
tial loss of the dispersion In the weld region led to irradiation performance nearly identical to the
poor performance observed In pure copper.
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Figure 13. SEM fractographs of the tensile fracture surfaces of the ODS-1 alloy, (a,b) unirradiated and
(c,d) irradiated to 50 dpa at 411°C. The strong influence of the void structure on the tensile fracture
behavior is clearly evident in the irradiated material.

7. Oxygen contamination during casting must be prevented for copper alloys in nuclear service since
oxygen promotes extensive radiation-induced void formation. Dissolved oxygen may become a concern
even in the presence of oxide particles if ballistic dissolution places significant amounts of oxygen
into solution.

FUTURE WORK

Analysis of specimens irradiated to 100 and 150 dpa will be performed.
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BRAZING OF COPPER-ALUMINA ALLOYS - B. A. Chin, C. K. Lee and R. C. Wilcox, Auburn University,
Auburn, AL 36849.

OBJECTIVE

The objective of the research is the development of an induction brazing process for GLIDCOP
al-15 using a silver-based brazing alloy. This objective centers on minimizing the time
required at elevated temperatures during the brazing process in order to eliminate the
problems of furnace brazing.

SUMMARY

An iInduction braze has been developed to join copper-alumina alloys. This brazing technique
is proposed to replace current furnace brazing methods that have yielded poor results because
of silver ingression along the fine grain boundaries of the copper-alumina alloys. The
induction braze (because of the short braze time) severely restricts silver ingression along
the grain boundaries of the alloy. Tensile tests of induction brazed lap joints fail in the
base material rather than the braze indicating good braze properties.

PROGRESS AND STATUS
Introduction

The GLIDCOP A1-15 alloy (coa alloy 1s5715) for use in tokamak fusion reactors. This chaice
was made because of the alloy®s high heat carrying capacity, high electrical conductivity,
and the ability to retain a cold worked structure at elevated temperatures. Specific uses
of the alloy are as a structural material in diverter and limiter assemblies and as magn=ts.
However, the successful use of this alloy depends on the ability to join the alley during
fabrication without destroying its properties such as the high heat carrying capacity, and
electrical conductivity. Thus, a brazing process that does not alter the alloy"s structure
or properties is highly desirable for the design of these devices and their Successful
application in tokamak reactors.

The development of an induction brazing process for GLIDCOP Al1-15, a cold worked copper-0.15
aluminum alloy, will eliminate 3 major problems associated with furnace brazing of GLIDCOP
A1-15:
1. Plating the joining surfaces prior to brazing if a material (braze alloy) is used.
2. Using an inert cover gas or a vacuum pump to prevent excessive oxidation.
3. Lowering of the yield and ultimate tensile strength by approximately 20% due to
recovery of the matrix.

Experimental Procedure

Brazed joints will be produced by using a 50 kv induction furnace with an oval shaped helical
ceil. The samples will be electrically insulated from the coil by means of a quartz tube.
Very fine copper wire is to be wound about the joint that is to be brazed to hold the 0.07¢
mm thick 8Ag-5 brazing alloy in place and to keep the two metal strips straight. A range of
braze times and power settings for consistent brazing have been developed.

Microhardness measurements will be made both lengthwise and across the brazed section.
Measurements will be made at a number of places in the brazed section and at 1 mm intervals
from the brazed region into the base metal.

Rectangular strips of constant cross-sectional area are to be machined into tensile specimens
from a brazed single overlap joint. A pin loaded single-lap shear test specimen (Figure 1)
according to the AMERICAN WELDING SOCIETY STANDARD is to be used for evaluating the strength
of brazed joints in shear. Additional mechanical testing will be done using miniature
tensile specimens (Figure2). Strain data for the miniature specimens will be obtained using
a LASERMIKE 162-100 Laser Scanner with a LaSERMIKE 101c Processor. The processor will be
interfaced with a plotter.

Fatigue specimens of constant cross-sectional area will be produced by butt brazing thick
platas, Miniature Tatigue specimens will then be machined from this butt joint.
Transmission electron microscopy size (3 mm diameter) fatigue specimens also will be made.
These later specimens will be used for determination of the effects of stress cycling on the
structure of the alloy.
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Descriution - Modified Standard

G —gage length ..ccivvvenrnnnnnnnas 12,2 mm

W = width ..civsreinnnnsnnnnnsnnnnnnss 3.2 mm

T = thickneSS .ivsssssnnssnnsssssnnnns 0.7 mm

R - radius of fillet, min. .........us 3.2 mn

L = overall length, min. ............ 48.8 mm

B - length of reduced

Section, MIN. s ssnnnnnnnnsnns 13.7 mm

c = length of grip section, min. ....12.2 mm

E - width of grip section approx. ....7.6 mm

D - diameter of hole for pin ......... 3.2 mm

F - edge distance from

PIN, APPFOX. sssesssasssnsssnnnns 6.4 M
A = jJoint overlap ..ccervvnnnnnssnnnns 7.1.mm
Figure 1. aws standard Pin Loaded Single-Lap Shear Test
specimen
Description = Miniature W I
G —-gage length .....ivvviieeeennnnns 5.1 mm G
T = thiCKNESS .cvvievvrcsnrnsnsnsnnnnns 0.7 mm R — ‘
R = radius of fillet, min. ....... .44 1.6 mm
L - overall length, min. ............ 12.7 mm
E - width of grip section approx. ....2.5 mm
A - Jointoverlap ......ccivvnns 2.0 - 2.8 mm
gure 2. Miniature Tensile Specimen Dimensions —] ; kﬁ-_-E
f
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Recent Results

Preliminary results of induction brazing of GLIDCOP Al-15 using the BAg-5 alloy have been
obtained by varying the heating time and power used. The best brazing results were obtained
using a power setting of 45 to 50 for the pin-loaded specimens and a setting of 55 for the
miniature samples. The greater power requirements of the miniature samples was the result
of fabrication of a large specimen from which the miniatures were machined. The minimum
brazing time required to produce mechanically sound joints was 4 to 5 seconds using a 50 Kw
induction furnace and a tightly wound oval-shaped helical coil. Both the miniature and the
pin loaded specimens required this amount of brazing time. For times less than 4 seconds,
the Filler metal did not completely melt resulting in incomplete bonding. At a brazing time
of 6 seconds the base copper alloy had a tendency to distort (wrinkle). The alloy started
to melt in 7 to 8 seconds.

Table 1 shows some typical values of yield strength for pin loaded samples along with the
overlap length and the furnace power settings. For the pin-loaded specimens with an overlap
of slightly over 6.4 mm, the yield strength was generally of the same order as that of the
unbrazed material. This would indicate that little degradation of the alloy occurred during
induction brazing under the given conditions.

Table 1. Yields strength of induction brazed pin-loaded GLIDCOP
Al-15 joints. (Braze time - 4 seconds).

Yield Strength Overlap length Power Setting
(MPah {mm) {(unitless)
328 6.91 55
228 7.72 55
313 6.86 50
324 7.85 50
365 7.24 45

316 6.73 45
ORNL yield strength data at room temperature for unbrazed
GLIDCOP al1-15

315

325

Calculations were performed to study the extent of diffusion of silver from the brazing alloy
into the GLIDCOP &1-15 base material. Such calculations could help to determine the possible
damage caused by diffusion of silver to both the microstructure and properties of the joint
as a result of induction brazing. The following assumptions were made in these calculzations.
1. Silver content in the braze filler (Bag-3) was 45%
2. Solvent: copper
Impurity: silver
Diffusion coefficient of silver in copper: 0.&3 cm®/sesc (1)
Activation energy for volume diffusion: 46.5 Kcal/mole,
Activation energy for surface and grain boundary diffusion was assumed to be
one-half of that for volume diffusion: 23.3 Xcal/mole.
The resulting data on the diffusion of silver into copper are listed in Table 2.

Table 2. Amount of silver diffused into copper as a function
temperature and depth of penetration.

Depth of Percentage OF Silver Present
Penetration Temperature
into copper {mm) 1273°K 1173°K 1073°K
Volume Diffusion
0.025 0.0 0.0 0.0
0.0025 5.4 0.0 0.0

surface and Grain Boundary Diffusion
0 025 39 36 32
0 0025 45 45 45
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TO verify these calculations, EDX analysis was performed on various types of joints and on
the filler material. The Ffiller alloy Bag-5 has a nominal composition of 45 Ag, 30 cu and

25 Zn by weight. EDX analysis showed a composition of 44.3 Ag, 30.2_cH and 25.1 Zn. Several
furnace brazed lap joint ‘specimens were produced for comparison with the iInduction brazed

samples. The Standard Ticusil Cycle [2] was used for furnace brazing. This cycle was chosen
because the composition of the Ticusil filler alloy is 68.8 Ag, 26.7 cu and 4.5 Ti which is
the closest to the BAg-5 composition. The furnace brazing cycle used was as follows:

1. 25K per minute to 1088°K, hold at 1088*K for 20 minutes

2. 5°K per minute to 1143°K, hold for 5 minutes

3. Cool at 2.5°K per minute to room temperature.

EDX analysis of the furnace brazed joint using the Bag-s Tiller alloy showed two major
results. = First, the zinc in the filler material decreased from 25% to 1.7% or less. Second,
a measurable amount of silver was found at about 0.37 mm below the external surface of the
lap joint (Fig. 3) indicating considerable diffusion of the filler material into the copper
alloy. The thickness of the copper was only 0.76 mm.

Induction butt joints and lap joints did not have such change in composition of the filler
material during brazing. A decrease in zinc from 25 to 218 did occur in butt joints for an
increase in brazing time of 5 to 14 seconds. The longer time permitted a higher temperature
to be reached. Lap joints suffered a greater decrease in zinc to about 10.5% for a 4 second
braze. The loss of zinc during brazing is time-temperature dependent. The lap joints are
heated to a higher temperature than the butt joints because of the smaller mass of material
to be heated. A loss of about 50% of the silver during induction brazing also was noted.
However, this might be the result of thinner joints and thus picking up more copper from the
base alloy during the EDX analysis.

Examination of the microstructure of the brazed lap joints indicated that the brazing
procedure produced virtually no diffusion zone at the copper-silver interface (Figure 4).
Also, no indication of recrystallization was found in the GLIDCOP alloy after brazing. e
size of microhardness indentations showed little or no difference along the length of the
alloy after brazing or between the alloy and the brazing alloy.

Twelve miniature tensile specimens with brazed joints have been made and six have been
tensile tested (Table 3). Miniature samples were made by machining small specimens from a
larger overlap joint. Machining was tedious and time consuming. The brazing operation
produced inconsistent samples because the filler metal thickness could not be controlled in
the large overlap. The filler metal had a tendency to melt and run with gravity producing
a thickness variation. Some of the filler tended to be extruded from the joints and bonded
to the Glidcop outside ofthe overlap. This producedlocallythickened sections. This local
thickening will be difficult to correct when dealing with specimens of such dimensions. In

Fig. 3. SEM photomicrographs of a Fig. 4. SEM photomicrographs of a
furnace brazed joint showing the pin-loaded brazed joint showing the
amount of diffusion of the brazing joint at the center.

alloy with the joint at the center.
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Table 3. Miniature tensile specimen joint dimensions

Width Overlap Overlap Filler Yield Tensile Fracture

Thick- Length Thick- Strength Relative
ness ness to
(mm) (mm) (mm) (mm) MPA MPA Brazed Area
0.94 1.57 2.16 0.20
0.89 1.35 2.79 0.03
1.12 1.40 2.67 0.08
1.09 1.35 2.67 0.03 270 316 outside
1.12 1.52 2.03 0.20
1.14 1.50 2.03 0.18 192 266 outside but

w/cracking in
brazed region

0.99 1.35 2.67 0.03 153 198 outside
1.02 1.42 2.03 0.10
0.98 1.42 2.54 0.10
1.08 1.37 2.41 0.05 260 307 outside
1.02 1.57 2.16 0.05 300 300 inside
1.02 1.60 2.16 0.08 230 288 inside

addition, since the sheet thickness of the Glidcop alloy remains‘the same, the change in
thickness of the filler metal would now be large relative to the width of the joint. These
specimens contained varying overlap lengths and joint thicknesses.

The small size of these miniature specimens made fabrication more difficult than for that of
the larger specimens. Also, the bending moment due to eccentric loading during ten51;e
testing is more significant with the miniature specimens than with the.other s;mples. This
probably resulted in incorrect strain measurements obtained during tensile testing of the six
miniature specimen in Table 3. In addition, small imperfections are relatively larger
compared to the sample dimensions and all measurements must be made with greater precision.

Discussion

The initial results indicate that a satisfactory induction brazing process using BAg-5 can
be achieved. The 4 to 5 seconds brazing cycle provides a sound bond between the filler and
the Glidcop alloy without the use of a wetting agent (flux). Additionally, very little
oxidation occurred even though neither a flux or a protective atmosphere were used. Minimal
secondary cleaning will be required.

The average yield strength of the pin-loaded specimens was 329.2 MPa with an average
deviation of 14.3 MPa. (The room temperature average yield strength from ORNL data of
unbrazed Glidcop was 325 MPa). No significant loss in yield strength was incurred during the
brazing process. The 228 MPa value was discarded because of premature failure resulting from
improper joint fabrication.
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A BRIEF REVIEW OF CAVITY SWELLING AND HARDENING IN IRRADIATED COPPER AND COPPER ALLOY:
S. J. Zinkle (Oak Ridge National Laboratory)

OBJECTIVE

The purpose of this report is to assess the current understanding of radiation effects in copper and copper alloys.

SUMMARY

The literature on radiation-inducedswelling and hardening in copper and its alloys is reviewed. Void formation does
not occur during irradiation of copper unless suitable impurii atoms such as oxygen or helium are present. Void formation
occurs for neutron irradiation temperatures of 180 to 550°C, with peak swelling occurring at —-320°C for irradiation at a
damage rate of 2 x 107 dpa/fs. The post-transientswelling rate has been measuredto be ~0.5%/dpa at temperatures near
400°C. Dispersion-strengthenedcopper has beenfound to be very resistant to void swelling due to the high sink density
associated with the dispersion-stabilized dislocation structure.

Irradiation of copper at temperatures below 400°C generally causes an increase in strength due to the formation of
defect clusters which inhibit dislocation motion. The radiation hardening can be adequately described by Seeger's

D e r P e e A A B A g G G e IO S A o emparatiia e 18 A eHn A Re o7
defect cluster density. Grain boundaries can modify the hardening behavior by blocking the transmission of dislocation

slip bands, leading to a radiation-modified Hall-Petch relation between yield stength and grain size. Radiation-enhanced
recrystallization can lead to softening of cold-worked copper alloys at temperatures above 300°C.

PROGRESS AND STATUS

Introduction

Copper and its alloys have been the subject of numerous radiation damage studies, dating back to the 1950s."
Most of these studies were fundamental in nature and employed low damage levels. A large amount of our present
understanding of the properties of point defects in metals, along with more applied aspects such as dispersed barrier
strengthening in metals (radiation hardening), can be attributed to these early copper irradiationstudies. Radiationeffects
incopper are also oftechnological interestbecauseits highthermal and electrical conductivity make & usefulfor applications
such as fusion reactors.

This raport reviews the current state of knowledge 0On radiation-induced swelling and hardening in copper and its
alloys. The extensive literature on radiation-modified solute segregation and precapltatlon “ will not be addressed directly.
The effects of irradiation on the electrical properties of copper are also well studied,’,’ but will not be covered here. There
have been numerous fundamental studies on radiation hardening conducted on copper and its alloys. This paper will
concentrate on irradiation-inducedchanges in the tensile properties. Very little is known about the effects @f irradiationon
creep”’ or fatigue of copper.

There have been relatively few investigations on the performance of copper and copper alloys in high neutron
irradiation environments. Figure 1 summarizes the temperatures and doses investigatedfor copper irradiatedto neutron
damage levels greater than 1 displacement per atom (dpa) (refs. 8-20). Itisworth noting that essentially all of these high
fluence studies have been performedwithin the last five years. The most extensive investigation of copper at high damage
levels was conducted by Brager and Garner and coworkers,'"® where the microstructure, density changes, electrical
resistivity. and tensile properties of copper and a range of solid solution, precipitation- strengthened, and dispersion-
strengthened copper alloys were measured at temperatures >400°C. The temperature dependence of void swelling and
defect cluster formation over the temperature range of 182through 500°C has been determined by Zinkle and coworkers'**
There is a strong need for higher fluence data at irradiationtemperatures <350°C, where most of the applications occur

for copper in high irradiation environments.

VOID SWELLING IN COPPER AND COPPER ALLOYS

It was noticed shortly after the discovery of void swelling in irradiated metals by Cawthorne and Futton®* that impurii
gases. in particular oxygen and helium, could exert a significant influence on void formation.**
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ORNL-DWG 90M-12161 Oxvygen effects on void formation
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480 A series of neutron, ion and electron

irradiation experiments by a group of French
scientists”  demonstrated that preimpianted or
residual impurity oxygen could have a dramatic
u | effect on void swelling in copper. Void
formation was not observed in "degassed
copper foils subjected to ion®™® or electron
v, A irradiation at 450°C, and void annealing studies

¢ on oxygen preimplanted specimens showed
that the surface energy could be reduced to
nearly half of the pure copper value for oxygen
O o contents of -100wt ppm (ref. 27).
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v Several recent studies have confirmed
A and quantified the influence of small
concentrations of oxygen on void formation in
copper.”™™ In a high fluence ion irradiation
EEE B BE B § &= study,” void formation was not observed in
high-purity. low-oxygen copper over the broad
temperature range of 100 through 500°C.
A BRIMHALL et al, 4 HARLING ¢t al. Figure 2 shows the low-magnification
B WOLFENDEN A BRAGER 8 GARNER microstructures of some of the irradiatedcopper
© VANDERMEULEN @ ZINKLE 8 FARRELL specimens from this study. Conversely. ion
¥ LIVAK el al, B GARNER et. al. irradiation of copper containing 360 appm O
(introduced by annealing high-purity copper in
inert gas containing a trace amount of impurii
oxygen) resulted in copious void formation at
0.1 IS N S R N N SN N SR 375and 475°C.* Figure 3 shows an example of
0 100 200 300 400 500 800  the void formation observed in ion irradiated

oxygen-bearingcopper. Theoreticalanalyses —
IRRADIATIONTEMPERATURE (*C) have found that the void is oenerally not

thermodynamically stable in pure copper in

comparison with the vacancy loop or stacking
fault tetrahedron (SFT}. A model based on
oxygen chemisorption on void nuclei surfaces
(which causes a reduction in surface energy and hence can stabilize void formation) is in reasonable agreement with
experimental observations on the effectof oxygen on void formation.” Figure 4 shows a quantitative comparison of the
predicted and observed effectof oxygen on void formation (open symbols indicate void formation was observed, andfilled
symbols indicate no void formation occurred).

I
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Fig. 1. Summary of high dose neutron irradiation experiments
on copper and copper allows **

The charged patrticle studies have provedto be important for understandingthe importance of impurii atoms on
void formation. Itis clear that impurities such as oxygen needto be controlled in order to minimizethe propensity of copper
for void swelling. The strong role of impurity oxygen has also been recently demonstrated in a neutron irradiation
experiment'* on electrolytic tough pitch (ETP) copper, which was of nominally high purity but contained about 300 wt ppm
O (1200 appm Q). The oxygen-bearing ETP copper swelled at a rate that was four times larger than that of oxygen-free
copper (34% vs. 8% swelling after 13.5dpa at 400°C).

Helium effects on void formation
There have been several experimental studies on the effects of helium on cavity formation in copper,®**** but
further information is needed at fusion-relevant conditions (-7 appm Heldpa). Most of these studies either preinjected
lium?2-22e or produced helium viathermal reactor irradiationof boron-dopedcopper usingvery large Heldparatios. ®**
%%'t% methods are unsatisfactoryfor determining the effectof helium in fusion reactor environments. Figure 5 shows an
example of substantial cavity swelling that occurred during simultaneous irradiation of copper with helium and heavy ion
beams.”* Void formation was not observed in specimens that were not exposed to the helium beam. According to
experimental results and theoretical calculations. the amount of helium needed to stabilize cavity formation in pure oxygen-
free copper is very small-on the order of <1 appm He (refs. 26,42).
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YE-14469
ipa at Damage Peak

0 1 2 3 o
BEPTH {ym}

Fig. 2. Cross section microstructure of pure copper
following 14-MeVv Cu** ion irradiation to a peak damage leve!
of 40 dpa a 100 through 400°C.* The original surface lies
to the left in all ofthe micrographs, and the measured ion
damage range was about 3.5 um.

0.5 1.0 1.5 2.0
DEPTH (jum)

Fig. 3. Cross-section microstructure of copper
containing 360 appm O following 3.8 MeV Fe** ion irradia-
tion to @ peak damage |evel of 17 dpa at 475°C.* The
ion damage range was about 1.3 um. The very small circular
and large triangular features are gue to surface contamina-
tion of the TEM foil.
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Fig. 5. Cross-section microstructure of copper following simultaneous dual beam irradiation at 440°C with 4 MeV
Fe** ions and 200 to 400 keV He' ions. The peak irradiation damage level was 16 dpa at a depth of about 1 g#m, and a
uniform He concentration of 48 appm was injected at depths of 0.5 to 1.1 um.” The calculated damage level at a depth of
05 um was -10 dpa. and the cavity swelling was -3.5%.
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Severalresearchers have irradiated dilute Cu-B alloys in order to probe helium bubble formation in neutron-irradiated
copper.™** The reaction “B{n,e)’Li produces both helium and lithium during irradiationin a thermal neutron environment,
both of which are essentially insoluble in copper. It has been observed that the cavity formation in boron-doped copper
is due to the helium produced by the (n,a) reaction (as opposed to the lithium)."" These studies have provided useful
informationon the thermal stability of helium bubbles and on the conversion of bubbles to voids.

Preinjection of small amounts of helium (upto 100 appm) enhances void formation in pure copper during irradiation
to moderate damage levels (-20 dpa).® However, preinjection of large amounts of helium (2000 appm) apparently

overstimulates void nucleation and suppresses observable cavity swelling.” As discussed later, there is relatively little
informationavailable on helium effectsin swelling-resistant copper alloys.

Effects of temperature and fluence on swelling

Copper has been found to contain voids following neutron irradiationat temperatures between 160 and 550°C (0.33
ta 0 GO, T ) 1o 0 The temperature dependence of the cavity swelling of copper following low dose neutron irradia-
tion™**“*"I5 similar to that observed in many other metals: The void size increases gradually with increasingtemperature
while the cavtty denstty decreases rapidly, which results in a swelling peak at intermediate temperatures (-300 to 325°C for
copper). Figure 6 shows the measured swelling as a function of irradiationtemperature for copper irradiated to a damage
level of -1 dpa.”™® The measured temperature-dependent cavity swelling was similar for both pure copper and a helium-
containing dilute Cu-B alloy. This is interpreted as evidence for a very small incubation fluence for void swelling due to the
presence of large amounts of impurity oxygen in both materials (accordingto conventional radiationdamage theory, helium
has only a minor effect on the post-transient cavity swelling rate).
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Fig. 6. Temperature-dependent cavity swelling in copper and Cu-18 wl ppm "B following
fission neutron irradiation at a damage rate of -2 x 0" dpa/s.”®® The irradiation produced
-100 appm He in the Cu-B alloy.

The primary effect of a variation in the damage rate on swelling is to shift the peak swelling temperature. An order
of magnitude decrease in the neutron flux (from2 x 10' to 2 x 10° dpa/s) decreased the location of the peak swelling
temperature by ~20°C.** The peak swelling temperature shift between neutron (2 x 10' dpa/s) and ion (1x 10° dpa/s)
irradiated copper is -165°C.*#

Voids have been detected in copper following irradiation to fluences as low as 1 x 10*' n/m? (refs. 48.49). The
swelling behavior at low doses {<0.2 dpa) is often nonlinear, and transient swelling rates in excess of 1%/dpa have been
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observed in some studies of neutron-irradiated

copper.®®  The void formation is often very Garner, Brager and Anderson
heterogeneous for these low dose irradiations.®** -
Higher dose neutron and electron irradiation studies Pure Copper Cu-5Ni
have found that a steady state void swelling rate of 0.4 0 -
to 0.9%/dpa eventually occurs, with no evidence for o
saturation up to swelling levels in excess of 60% (refs. 50 - 9
11-16,33,53,54). Some of the electron irradiation -+ ORR, am»c“c
studies™ suggest that the steady state swelling rate w b g EE‘;E'_'I‘I' Pl
is ternperature-dependent,™* but these observations  Swelling, O FFTF, 430°C
might also be attributable to thin foil effects. Figure 7 % &¥1% oL % X FFTF, 411-414°C
shows the fluence-dependent swelling observed in © fo}
copper following neutron irradiation at ~420°C (refs. §
14,15). The transition fluence for void swelling in 2
irradiated pure copper is apparently very small, ~1 dpa 0.5%/dpa
(refs. 14,15,33,41,53). 10 -
. i I 1 1 i O, L ! |
Influence of nongaseous solutes on void swelling 0¥ 25 s 75 10 o0 25 S0 75 100 125
Displacements Per Atom —
With the notable exceptions of Ag, Al, and
Cd,*""* the addition of alloying elements to copper Fig. 7. Comparison of the swelling behavior of
generally results in a reduction of void swelling. The copper and a solid-solution Cu-5% Ni alloy following
primary influence of solute additions appears to be an fast reactor irradiation at temperatures near 400°C
extension of the transient regime of void swelling (as (refs. 14-16).

opposed to a reduction in the steady state swelling
rate)™" although further studies are needed to confirm
this finding. Reduced swelling compared to pure
copper has been reported for solute additions of Au,

Be, C, Fe, Ge, In, Mg, Ni, Pt, Sb, and §i,/+»®@8#a88%2 Faure 7 compares the fluence-dependent swelling behavior of
Cu-5%Ni with pure copper following neutron irradiation near 420°C (refs. 14-16). It can be seen that the addition of nickel
suppressed swelling at low doses (16 dpa), but had little effect on the swelling behavior at high doses.

Several potential physical mechanisms have been proposed to explain the observed suppression or enhancement
of void swelling in solid solution copper alloys. Radiation-induced segregation of the solute atoms toward or away from
void embryos could modify the surface energy of the void nuclei, and thereby enhance or suppress void swelling. Solute
trapping effects could enhance the recombination rate of point defects and thereby suppress void swelling, but most
substitutional solutes are not effective interstitial traps at temperatures above 100 K (refs. 60,61). On the other hand,
interstitial solutes could impede the migration of irradiation-produced interstitials and thereby increase the probability of
vacancy-interstitial recombination. Reductions in stacking fault energy due to solute additions should in principle make other
vacancy cluster morphologies favorable compared to the void.”*** However, experimental results on copper alloys of
low stacking fault energy do not show a direct correspondence with a reduction in void swelling.® Further study in this area
would be obviously worthwhile, but solid solution alloying does not appear to be useful for preventing cavity sweliing at high
doses in copper.

Void Swelling in Precipitation- and Dispersion-Strengthened Copper

The presence of a second phase in copper results in better swelling resistance compared to pure copper and solid
solution copper alloys. trradiation studies have been performed on aged Cu-Co, Cu-Be, Cu-Fe, Cu-Cr, Cu-Ti, and Cu-Zr
binary alloys along with more complex alloys such as Cu-Cr-Zr, Cu-Be-Ni, Cu-Ni-Sn, and Cu-Ni-Ti.""*"*%* Good swelling
resistance {<2% sweliing) has been observed in Cu-2%Be and Cu-3.5%Ti during fast reactor irradiation near 420°C to doses
of 34 to 50 dpa.""® All four of the ternary alloys studied to date show reasonable swelling resistance during high-fluence
fast reactor'™"™® or dual-ion® irradiation, although the results are dependent on the initial thermomechanical treatment. For
example, Cu-Ni-Be has been shown to be very swelling resistant during dual-ion* irradiation to 20 dpa at 250 to 500°C (30
appm He/dpa) and during fast reactor irradiation at 410°C to 34 dpa.™™ Conversely, fast reactor irradiation to 48 dpa at
430°C produced swelling in excess of 12% for cold-worked and aged Cu-Ni-Be."" Lower swelling levels were observed
in an annealed and aged Cu-Ni-Be alloy. Tensile™ and TEM™ measurements revealed that recrystallization along with

precipitate coarsening had occurred in the cold-worked alloy during irradiation at 430°C, and this led to the swelling
instability.

Several studies have demonstrated that oxide dispersion-strengthened copper alloys containing inert particles of
AlLO,, TiQ,, HfO, or ZrO, are swelling resistant." "™ Dispersion-strengthened Cu-Cr,O, has poor swelling resistance relative
to Cu-AlLQ,, etc.,” and has poor strength at elevated temperatures.” The Cu-AlLQ, dispersion-strenathened alloys have
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received particular attention due to their excelient swelling resistance during high-fluence fast reactor irradiation at
temperatures of 365 to 530°C (refs. 11-16,18) and during dual ion beam irradiation.” Substantial void swelling has been
observed inone series of commercial oxide dispersion-strengthened copper alloys following high-fluence neutron irradiation
due to the presence of excess oxygen inthe matrix.'"

It appears that the swelling suppression in precipitation- and dispersion-strengthened copper is partly due to point
defect trapping at the precipitate-matrix interface, but is primarily due to the presence of a high dislocation density. The
swelling resistance is generally best in alloys that contain a stabilized cold-worked structure due to the additional point
defect sink strength supplied by the dislocations. During high fluence ion™ or neutron irradiation,'™ " void formation is
initiated in regions of the matrix that have recrystallized (leaving a low defect sink density). A large part of the swelling
resistance of dispersion-strengthenedalloys can be attributed to their superior resistance to recrystallization (precipitate
overaging does not occur since the dispersion is inert in the copper matrix). Figure 8 summarizes the swelling behavior
of three grades of a commercial dispersion-strengthened copper, GlidCop, following neutron irradiation near 410°C (ref.
15). The swelling resistance of the GlidCop alloys improved with increasing dispersoid content and cold-work level.

There is astrong needfor irradiationdata on swellingresistant copper alloys at fusion-relevantHe/dpa ratios. Fission
reactor irradiation of copper generates only -0.2 appm He/dpa, which is more than one order of magnitude smaller than
the DT fusion first wall generation rate for copper of -7 appm He/dpa. Spitznage! et al.* found that dispersion-strengthened
copper had about five times higher swelling following dual-beam irradiation at 30 appm He/dpa as comparedto specimens
irradiated without helium coimplantation. On the other hand, Cu-Ni-Be specimens did not exhibit observable cavtty swelling
after either dual-beam or single ion-beam irradiation to 20 dpa. The relatively high swelling that was observed in the
GlidCop Al-15 alloy compared to the Al-20 and Al-25 alloys following neutron irradiation (Fig. 8) may have been partially
enhanced by the presence of a small amount of residual boron (<200 wt ppm) remaining from a preirradiation deoxidation
treatment. A boron content of 100wt ppm would transmute during high-fluencefast reactor irradiation to produce -100
appm He when fully burned up.

F.A. Garner and HA. Brager RADIATION HARDENING
FFTF, 411-414°C
12 Radiation Hardenino in Pure Comer
™
Numerous fundamental studies on radiation
10 - hardening have been conducted on pure copper over
the past 40years.¥™ Significant amounts of hardening
sl occur in annealed copper for irradiation temperatures
<350°C. It has been demonstrated"™* that the
Density CuAl15 strength increase is due to "black spot® formation
Change [ Ainnesied (small dislocation loops and SFT). The yield strength
o increase is described by Seeger's'" dispersed barrier
3 model,
C(;.II)AICZ 5Id Worked CuAlz20
50% Cold-Worke u
2 20% Cold-Worked At=aGbyNd M
Qom——=—"f >~ — — — — — — — — — — —~ —
Ao =MA< (2)

20 25'; 5'0 75 160 where G is the shear modulus, b is the magnitude of
_ the dislocation Burgers vector {a,/v2 for copper), N
Displacements per Atom and dare the density and mean diameter of the defect

Fig. 8. Swelling behavior of three commercial
dispersion-strengthened copper alloys following fast-
reactor irradiation at 411 to 414°C (ref. 15). The alloys
contained 0.15, 0.20, and 0.25 wt % Ai inthe form of

Al,O, particles. The Cu-Al15 alloy contained <200 wt ppm

B due to a preirradiation boron deoxidation treatment.

clusters, a is the barrier strength coefficient, and M is
the Taylor factor {M = 3.06 for fcc polycrystals) which
describes the relationship between shear stress (4r)
and polycrystallineyield stress (As,) (ref. 75). Various
experimental and theoretical studies have found that
the barrier strength coefficientfor defect clusters
formed during room temperature neutron irradiation of
copper isa = 0.2to 0.25 [73,75,78).
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The fluence dependence of radiation hardening in copper was the subject of a long-standing controversy,"* with
dfferent research groups claiming that the strength increase was proportional to the one-third power of Ruence'" or the
square root of fluence with a saturation term.""* ltwas also recently suggested that the hardeningwas best described by
a one-fourth root dependence over an extended Ruence range."™""

Part of the cause of the controversy can be resolved by examination of recent TEM studies on the fluence
dependence of the defect cluster density in neutron-irradiated copper. Figure 9 shows that the defect cluster density in
copper irradiated near room temperature — is initially proportional to fluence up to ¢t -5 x 10° n/m*. This produces a
strength increase proportional to /gt in this fluence regime since the defect cluster size was essentially independent of
fluence [Eq. (1)]. The fluence dependence of the cluster density at higher fluences is strongly dependent on the purity
wntent of the irradiated copper (in particular interstitial impurities).”" Several studies on high-purity copper and other fcc
metals have demonstrated that there is a substantial fluence range where the defect cluster density is proportional to (#t)"”
(refs. 77,80,87,88), which would produce a one-fourth root dependence of hardening on fluence [Eq. (1)]. This has been
interpreted as evidence for the interaction of freely migrating defects with defect clusters from surrounding displacement
cascades, causing shrinkage and annihilation of some clusters. Simple theoretical models predict a square root
dependence on fluence for the defect cluster density when migrating defect interactions with defect clusters are
occurring.®”**  Copper containing moderate amounts of interstitialimpurities does not show a deviation from the linear
accumulation of defect clusters until ¢t >5 x 16% n/m”. This suggests that the impurities are blocking migration of the freely
migrating interstitials. Hence, irradiation of nominally pure copper specimens containing differing amounts of interstitial
impurities will produce differing radiation hardening rates over certain fluence ranges.

For defect cluster densities > 10%/m°, there is an increasing probability of cascade overlap events, i€., a
displacement cascade occurs in the vicinity of an existing defect cluster and causes its annihilation with the result that there
is no net increase in defect cluster density. The TEM measurements (Fig. 9) suggest that the maximum defect cluster
density in copper irradiated with neutrons near roomtemperature is ~10*/m® Higherfluence studies are neededto confirm
the saturation density of defect clusters. A saturation inthe radiation hardening on neutron-irradiatedcopper has similarly
been observed™™ at fluences ~ 10 n/m* (-0.1 dpa). Figure 10 shows the yield strength of neutron irradiated copper as
afunction of fluence." Inthis study’* an apparent saturation in hardening already occurred at a fluence of 10* n/m® (E >
1 MeV). A similar saturation in hardening also has been observed in ion-irradiated copper.*
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Fig. lo. Measured yield strength of polycrystalline copper following fission reactor irradiation near room
temperature.®

An interesting observation that is deserving of further study concerns the effect of grain size on the radiation
hardening rate. Several studies have shown that the strength increase as a function of fluence is higher for small-grained
compared to large-grainedcopper.”* Figure 11 shows an example of the dependence of yield strength on grain size for
neutron-irradiatedcopper.” It has been suggested that this effect is due to grain boundaries blocking the transmission of
slip bands.” It is not clear whether this grain size-dependent radiation hardening rate continues at higher fluences.

TemDerature Dependsnce of Radiation Hardening

There have been extensive studies on the temperature dependence of radiation hardening in pure copper utilizing
isochronal and isothermal annealing.*™ The flow stress in irradiated copper decreases with increasing irradiation
temperature due to two factors. First, the barrier for dislocationsto shear defect clusters is thermally activated. In addition,
the defectclusters responsiblefor the radiationhardening of copper are thermally unstable at elevated temperatures. Figure
12 shows the temperature-dependent defect cluster density observed in copper following ion irradiationto a damage level
of 10dpa.® Similar results have been obtained in other studies of neutron-** and ion-irradiated™ copper. The room
temperature strength of ion-irradiated copper also shows a similar dependence on irradiation temperature.™

The defectcluster density that is produced during irradiation at elevated temperatures is shown in more detail in Fig.
13 (ref.20). The defect cluster density decreases by over three orders of magnitude betweenthe irradiationtemperatures
of 182and 450°C. The results demonstrate that the defect clusters responsible for radiation hardening are highly sensitive
to irradiation temperatures >182°C. The decreased cluster density at elevated temperatures is a further indicationthat the
defect clusters are thermally unstable, although additional factors such as the temperature dependence of the production
of defect clusters directly in displacement cascades may also be playing a role.

At high fluences. some hardening from cavity formation is expectedto occur.” However, experimentalresultsindicate

that the yield strength of irradiatedcopper decreases when void swelling becomes very high, due to a lack of load-bearing
area.”
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A loss of ductility is associated with radiation hardening. Figure 14 shows the total elongation of annealed copper
is rapidly reduced by neutron irradiation.”* and that cold work shortens the Ruence required to reach the embrittled state
€ <2%). Confirmation of this cold-work effect on radiation embrittlement is needed.

Other studies have shown that copper becomes severely embriiled in the presence of large cavities, introduced by
the tritium trick®'™ or neutronirradiation.® Helium embrittlementeffects have also been suggested in Some Cu-B irradiation
studies,"* but more data are needed.

Alloving Effects on Radiation Hardening

High-strength copper alloys are desirable for several applications in fusion reactors. Their strength is generally
achieved by classical precipitation hardening. or by pinning a dislocation structure with precipitates or an inert dispersed
phase such as ALLQ, particles. Radiation-enhancedrecrystallization is an important phenomenon in cold worked copper
alloys at irradiationtemperatures >300°C,"*"******® The enhanced diffusion associated with irradiation can accelerate the
dislocation recovery and grain recrystallization processes, particularly if the dislocation structure is not pinned effectively.
A substantial loss of strength associated with the recrystallization generally occurs in alloy systems whose strength is
derived from a cold-worked structure that is stabilized by precipitates.’® In addition. established phenomenon such as
radiation-enhancedprecipitate overaging or loss of coherency"** in classic precipitation hardened systems such as Cu-Be
should cause a large strength decrease. These softening effects are offset to a certain degree at low irradiation
temperatures {<300°C) by the increased hardening associated with defect cluster formation.'*®***'®

The most promising radiation-resistant copper alloy system from both a cavity swelling and retained strength
perspectiveis dispersion-strengthenedcopper. The commercialdispersion-strengthenedalloys GlidCop Cu-Al,O, have been
foundto be resistantto radiation-enhanced recrystallization for irradiationtemperatures as high as 420to 530°C and doses
as high as 100 dpa.®'*"""** (However. one study"' reportedthat neutron irradiationat 410°C to 50 dpa caused substantial
recrystallization in two GlidCop Cu-AlLO, alloys.) The resistance to recrystallization may be attributed in large part to the
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chemical inertness of the Al,O, patrticles, along with a high dislocation barrier strength for the particlesthat inhibits particle
shearing. One concern is the possibility of radiation-induced dissolution of the ALQ, particles during high-fluence
irradiation due to displacement cascade effects (ballistic dissolution) as observed by Spitznagel et al.* However, several
experimental %' and theoretical'™"* studies on Cu-A1203 and other copper alloys have found that particles of sizes
appropriate for dispersion strengthening (d > 10 nm) are stable during irradiation. Since the patrticle dissolution rate is
dependent on temperature, dose rate and displacement cascade size, further study is warranted.

CONCLUDING REMARKS

Examination of the existing data base for irradiated copper showsthat the irradiationtemperature determineswhether
cavity swelling or radiation hardening effectswill occur. Figure 15 shows in schematic form the temperature regimes that
are important for cavity swelling and radiation hardening of neutron-irradiated copper. Radiation hardening effects are
significant for temperatures <300°C, and the saturated defect cluster density is nearly constant for temperatures <180°C.,
The decrease inthe defect cluster density at temperatures >180°C allows cavity growth to become appreciable due to the

decrease in sink density. The amount of void swelling becomes small at temperatures >500°C due to thermal annealing
of voids.

The strength of copper and copper alloys can be either increased or decreased by irradiation, depending on the
cold-work level of the material and the irradiationtemperature. Strengthening due to defect cluster formationis appreciable
for irradiation temperatures <300°C. The strength increase associated with defect cluster formation in copper apparently
saturates during neutron irradiation near room temperature at a dose of -0.1 dpa. Radiation-enhanced recrvstallization and

accelerated precipitate overaging can lead to a decrease in strength in cold-worked or precipitation-hardened systems for
irradiation temperatures 1300°C.

Cavity swelling during irradiation is of concern chiefly for irradiation temperatures of 200 to 500°C. Small amounts
of swelling may occur at temperatures as low as 180°C and as high as 550°C. The swelling peak at low doses occurs at
-320°C. It is apparentthat small amounts of impuriiies (either gaseous or solid) are essential for the formation of cavities
during irradiation. Only a small amount of oxygen (-10 appm) or helium (-1 appm He) is heeded to stabilize cavities in

pure copper. Deleterious matrix solutes such as oxygen should be minimized through careful control of the manufacturing
process in order to produce materials suitable for high radiation environments.
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There is a strong need for high fluence studies on copper alloys at irradiation temperatures <350°C in order to
generate data on tensile property changes, cavity swelling resistance, and microstructuralchanges. Additianal low dose
studies would be useful for understanding the details of the dose dependence of the defect cluster density (including
impurity effects) and other matters of fundamental interest, including the effect of grain size on radiation hardening. In
addition, irradiation data are required on fatigue and creep behavior, and the effects of irradiation on brazed or welded
joints. Data are needed on the influence of helium on cavity swelling in swelling-resistant materials such as dispersion-
strengthened Cu-Al O, alloys. Froma design standpoint, it is not particularlyusefulto study He effectsin pure copper, since
He should have little influence on the swelling behavior of materials that swell readily in the absence of helium.

Dispersion-strengthened alloys such as GlidCop Cu-Al,O, are the most promising class of commercially available
copper alloys interms of radiationresistance. The radiation resistance of this material can be attributedto its very high sink
density (dislocations plus Al,O, particles). Unlike precipitates, the high density (10%/m?) of small {(d = 10 nm) inert ALO,
particles are resistant to overaging and thermal dissolution effects during irradiation. Additional high-dose studies are
needed to confirm the absence of appreciable displacement cascade dissolution of particles in dispersion-strengthened
copper. Similar dispersion-strengthened alloys based on other alloy systems (¢.g. Fe or Ni matrix) would be worthy of
further investigationfor fusionreactor structuralapplications. Precipitation-strengthenedalloys such as Cu-Cr-Zr or Cu-Ni-Be
may be suitable for high-fluence applications at temperatures where radiation-enhanced recrystallization is not of concern
(<300 to 350°C).
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ELECTROCHEMICALAND MICROSTRUCTURALCHARACTERIZATION OF AN AUSTENITIC STAINLESS STEEL
IRRADIATEDBY HEAVY IONSAT 515°C - G. E. C. Bell (Oak Ridge National Laboratory), T. Inazumi (Japan Atomic
Energy Reasearch Institute, assignedto ORNL) and E. A. Kenik (Oak Ridge National Laboratory)

OBJECTIVE

The objective of this work is to evaluate radiation-induced sensitization of austenitic stainless steels under simulated
fusion reactor conditions by the electrochemical potentiokinetic reactivation (EPR) test technique.

SUMMARY

The electrochemical and microstructural behavior of a solution-annealed, heavy-ion-irradiated, austenitic stainless
steel, designated LS1A, have been investigated at 515°C after doses of 1, 10, and 30 displacements per atom (dpa).
Changes in electrochemical properties due to radiation induced segregation in thin radiation-affected layers of the
material were detected by the electrochemical potentiokinetic reactivation (EPR) technique using transmission
electron microscopy (TEM) disk specimens. At all doses, the Flade potential and reactivation charge were greater
than those measured for thermally-aged control specimens. Flade potentials increased with increasing dpa while the
reactivation charge did not increase beyond 10dpa. Grain face etching, similar to that found on EPR-tested neutron-
irradiated austenitic stainless steels, was observed on all specimens after testing. Grain boundaries were etched after
doses of 10 and 30 dpa. The extent of grain face etching increased with increasing dose. Duplicate heavy-ion-
irradiated specimens were also examined by high resolution analytical electron microscopy (AEM). The 1-dpa
specimen showed only a high density of small faulted dislocations (-10 nm), and no grain boundary precipitation was
observed nor was any grain boundaty segregation detected. AEM confirmed chromium depletion at grain boundaries
as measured by EPR for the 10- and 30-dpa specimens. Depletionwidths of approximately 10 nm and grain
boundary chromium compositions of less than 10% by weight were found. Molybdenumwas also depleted near the
boundary, whereas nickel, silicon, and iron were enriched for the 10- and 30-dpa irradiations. Precipitation of G and
eta phases and larger dislocation loops (-60 nm) were observed inthe 10- and 30-dpa specimens.

PROGRESS AND STATUS

Introduction

The dose rate {dpa/s) in material bombarded by heavy ions is between 2 and 6 orders of magnitude higher than that in
both fission and fusion reactors. As such, heavy ion irradiation is often used as an accelerated method for
investigating radiation-induced segregation (RIS) and the evolution of microstructures in materials during neutron
irradiation. Although irradiation by heavy ions does not induce radioactivity in the material and simplifies handling
and testing as compared with neutron-irradiated materials, the penetration distance of the heavy ions is small (on the
order of 1 um) and the volume of affected material is correspondingly small. However, analytical techniques which
sample small volumes of material, such as analytical electron microscopy {AEM},1-2 or electrochemical technigues
which detect changes in surface properties are well suited for use with heavy-ion-irradiated material. Examination by
AEM allows characterization of the radiation-produced microstructure and microchemistry while electrochemical
methods yield information about the effect of these microstructuralchanges on the corrosion properties of the material.
Correlation between the microstructuraland electrochemical results gives insight into radiation-assisted corrosion
phenomena, such as irradiation-assistedstress corrosion cracking (IASCC). Inthis research, we investigated the
changes in electrochemical properties, as measured by the electrochemical potentiokinetic reactivation (EPR)
method,3 of an austenitic stainless steel irradiated by heavy ions at 515°C to doses of 1. 10, and 30 dpa. Surface
morphology after testing was examined using scanning electron microscopy (SEM). The radiation-produced
microstructures and grain boundary microchemistry of duplicate specimens were examined by AEM.

Experimental

imen ial. Irradiafi Preparati ndifions - The material investigated was an experimental austenitic
stainless steel alloy, similar to type 316 stainless steel, designated L SIA (Fe-16.4Cr-13.7Ni-1.0Si-2.0Mn-1.7Mo-
0.15Ti-0.08C, wt %). Complete details of the specimen preparation and heavy ion irradiation were reported
elsewhere.2 A detailed diagram of the specimen radiation damage region and the electrochemicallytested areas is
shown in Fig. 1. Disk specimens of 3 mm diam suitable for both electrochemical testing4 and evaluation by AEM were
punched from 0.25-mm-thick sheet stock and solution annealed at 1150°C for 1 h before irradiation. The specimens
were mounted on a thermal-control block during irradiation and the temperature of the specimenswas measured

using an infrared pyrometer. The center 2.5-mm-diam region of the disks was subjectedto a normally incident beam
of 4 MeV Ni++ ions with a beam current of -0.6 ampsfcm2, which produced a peak damage profile at approximately

0.7 um below the original surface at a dose rate of approximately 1.2 x 104 dpa/s. The nickelions came to rest
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approximately 1 um below the incident surface and the bombarding ions produced a peak nickel enrichment of
approximately 0.1% nickel by weight per dpa. Control specimens of the solution-annealed material were thermally
aged at 515°C for 9 h in vacuum to simulate the thermal history of the most heavily irradiated specimens.

Prior to EPR testing, the surface of the specimens was sectioned to 0.5 pm below the original surface by
electropolishing near -10°C in a 10:6:1 methanol:betyl cellusolve:perchloric acid solution. In this way, the peak
damage region is exposed during electrochemical testing while any changes in alloy composition due to ion
implantation should be minimized. The specimens were then rinsed in alcohol and stored in acetone until just prior to
testing. In preparation for electrochemical testing, the specimen surface was masked with silicon rubber and vinyl
tape such that only the central 2-mm-diam (0.0314 cm2} region of the heavy ion irradiated surface was exposed to the
electrochemical testing solution.
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Single-1 aoo EPR - The details of the EPR method and experimental apparatus has been describedin detalil
elsewhere.34 The conditionsfor the single-loop EPR tests are summarized in Table 1. Inthe case of radiation-
induced segregation, chromium is depleted at grain boundaries and other microstructural defects without precipitation
of a chromium-rich phase via the reverse-Kirkendall effect5 and has been detected by electrochemical methods for
neutron irradiated material.8 By comparing the dissolution charge (integral of the dissolution current) and film
breakdown potential (Flade potentials) of control and heavy-ion-irradiated materials, the degree of sensitization
attributable to the heavy ion irradiationdamage can be quantified. More positive Flade potentials and higher
dissolution charges are indications of less stable passive films and increased susceptibility to localized corrosion. The
Flade potential, EF, was defined as the first inflection point of the potential versus current curve during the controlled
cathodic potential scan. Since the potential scan rate is constant and applied potentialis proportionalto time, the total

reactivation charge, OTRMa', was calculated by integrating the potential versus current curve from (initial passivating)

+200 mV vs saturated Calomel electrode (SCE) to free-corrosion potential. SEM examination was performed after
EPR testing using either a Joel JISM-35GF or Hitachi 8000,

Analytical Electron Microscopy - Duplicate specimens were sectionedto the peak damage region by electropolishing
near-10°C in a 10:8:1 methanol:betyl cellusolve:perchloric acid solution. Analytical electron microscopy was
performedin a Philips EM400T/FEG microscope. Analyses were performed in the scanning TEM mode with a probe
-2 nm in diameter. Details for high spatial resolution X-ray microanalyses at boundaries and defects have been given
elsewhere.'

Table 1. Summary parameters for single-loop electrochemical
potentiokinetic reactivationtests.

Test Parameter Condition

Potentiostat Princeton Applied Research model 273/342
Test Solution 05 M H2SCy4 +0.01 M KSCN

Solution Temperature 30+ 1°C

Surface Preparation Electropolishing

Surface Conditioning -600 mV vs. SCE for 120S

Pre-test Delay -600 Sto stabilize Ecorr

Initial Passivation Conditions +200 mV vs SCE for 120 s

Reactivation Scan Rate 6 Vih

Final Potential Ecorr - 50 mV vs.Saturated Calomel Electrode (SCE)

Besults

ical - The EPR results for the heavy ion irradiated and thermal control specimens are shown in Fig. 2 and
Table 2. The thermal control specimen (515°C for 9 h) behaved similar to a solution-annealed specimen and did not
exhibit a reactivation peak or Flade potential, indicatingthat no electrochemically detectable thermal sensitization
(precipitation) had occurred even during the longest heavy ion irradiation (30 dpa). Irradiation by heavy ions at
515°C to 1 dpa was sufficient to cause the occurrence of a Flade potential and corresponding reactivation peak.
Irradiationto 10 dpa increasedthe reactivation charge by more than 2 orders of magnitude. Similar reactivation
charges (EPR curves) were obtained for the 10- and 30-dpa specimens. In general, the Flade potential increased with
increasing dose while the reactivation charge did not increase beyond 10 dpa.

= - Scanning electron micrographs of the post-EPR test heavy ion irradiated surfaces are
shown in Fig. 3. [Note magnification difference between (a) and (b) and {¢}]. The thermal control specimenwas not
etched or pitted during the EPR test and is not shown. Light, grain face pitting (etching) of the 1-dpa specimen was
found and accounted for the existence of a Flade potential and reactivation peak (charge). No grain boundary etching
was observed for the 1d p a specimen. The 10- and 30-dpa specimens were similar in appearance to each other and
showed etching of both grain boundaries and grain faces after EPR testing. The 30-dpa specimen was more heavily

etched at grain boundaries (-0.5 to 1 um width), as compared to the 10-dpaspecimen (-0.1 to 0.3um width) and the
etching of the grain face coarsened with increasing dose.
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Fig. 2. Single-loop EPR results for heavy-ion-irradiated and
thermal control specimens of LS1A, 515°C.

Table 2. Summary of Flade potentials and reactivation charges for
thermally-aged and heavy ion irradiated at 515°C.

Temperature Timed T Dose Flade Reactivation
T c) {h) (dpa) Potential,EF  Charge, aR
— (mV vs SCE) (Clem?)
515 9.0 0 N/A N/A
515 0.3 1 -114 0.006
515 28 10 +52 1.165
515 6.9 30 +70 1166

890516

10 11091

TO 11094

(@ ' - w W

Fig. 3. SEM micrographs of post-EPR test LSIA 515°C heavy-ion-irradiated surfaces. (&) 515°C; 1 dpa.
(b) 515°C; 10 dpa. {c} 515°C; 30 dpa.
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i (AEM) - After a dose of 1dpa at 515°C, only a highdensity (-5 X 1020 m-3) of small defects
(=10 nm diam) were observed [Fig. 4{a)]. Their contrast behaviorwas consistent with that for faulted dislocations. NO

grain boundary precipitationwas observed, nor was any grain boundary segregation detected. With the 10-dpa
material, both faulted dislocation loops (-60 nm diam) and similarly sized precipitates were observed [Fig. 4(b}}. The
precipitates were enriched in silicon and nickel and had large interplanar spacings cansistent with G and eta phase
silicides. Both G and eta phase were identified at the grain boundaries from X-ray microanalysis and electron
diffraction. The two phases were distinguished via the chromium level in the precipitate relative to the matrix (G phase
contains -5wt % Cr, whereas eta phase contains -30 wt % Cr).8 Figure 5(a) shows a grain boundary with a G phase
precipitate. X-ray microanalysisindicated RIS at the boundary [Fig. &{b}]. Chromium was depleted from a region

-10 nm wide near the boundary with a minimum value of 10 wt % Cr. Molybdenumwas also depleted near the
boundary, whereas nickel, silicon, and iron were enriched near the boundary.

Inthe material irradiatedto 30 dpa. precipitates of G and eta phase dominated the matrix with dislocation segments
and some faulted loops [Fig. 4{¢)]. NO voids or cavities were observed in either material or after irradiationto 70 dpa at
515°C. G and eta phases were also observed at grain boundaries. X-ray microanalysiswas performed 0N a similar
alloy with lower silicon which was irradiatedto 30 dpa at the same time. Figure 6 shows the grain boundary
composition profiles typical for that specimen. Similarto the 10-dpa specimen, the chromium was depleted in an
-10-nm-wide region at the boundary with a minimum value of 11 wt % Cr. Whereas iron was locally depleted at the
grain boundaty, a region approximately 4 to 20 nm on either side of the boundary was enriched in iron with respect to
the surrounding matrix. A similar but less pronounced enrichmentwas observed for chromium. Molybdenum was
also depleted at the grain boundary, whereas enrichment of silicon (-2wt %) and nickel (-25wt %) occurred in a
narrow band at the grain boundary. Just outside of that region a depletion of silicon and nickel relative to the matrix

was observed.

YE-14439 YE-1444n

Fig. 4. Microstructure of heavy ion irradiated LSIA.
(a) LSIA inadiatedto 1 dpa at 515°C exhibiting high
density (-5x 1020 m-3) of small (-10 nm diam) faulted
loops. (b) LSIA irradiatedto 10dpa at 515°C exhibiting
taulted loops (L)and G and eta phase precipitates (P).
(c) LSIA irradiated to 30 dpa at 515°C exhibiting extensive
precipitationof G and eta phases, formation of dislocation
segments, and isolated faulted loops.
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Susceptibility of austenitic stainless steels to intergranular stress corrosion cracking (IGSCC) has been termed
sensitization and is attributedto the depletion of chromium at grain boundaries when M23Cg precipitates in the
boundaries. The EPR test method was developed to quantify the susceptibility of austenitic stainless steelsto IGSCC
in aqueous environments due to thermal sensitization in the heat-affectedzones of welds. Chromium depletion via
radiation-induced segregation has also been proposed as a possible mechanismfor IGSCC observed in light-water
reactors and the phenomena has been called IASCC.?2 Recently, we have successfully applied EPR to the detection
of chromium depletion in an austenitic stainless steel via RIS.6.10  Inthermally sensitized material, only grain
boundariesare etched during EPR testing; grain faces of thermally sensitized material are unaffected. However, grain
face etching and pitting was observed in this study on heavy-ion-irradiated material similar to that previously observed
on EPR-tested neutron-irradiated austenitic stainless steels.”-8 It is possible that chemical changes in the nitrogen-
deaerated EPR test solution via yradiolysis could have caused the etching of grain faces for neutron-irradiated
material. However, since grain face etching has been observed for both heavy-ion- and neutron-irradiated austenitic
stainless steels, it does not appear to be the result of chemical changes in the EPR test solution due to y-radiolysis. As

acorollary, grain face etching during EPR testing in the present work does not appear to be attributable to changes in
alloy chemistry due to implantation of a major alloy element (nickel).
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The results of post-EPR SEM examination of the specimens correlated with the AEM results. NO grain boundary
etching was observed after 1 dpa dose and, correspondingly, no segregation (chromium depletion) was observed at
grain boundaries. On the other hand, for both 10- and 30-dpa specimens, very clear grain boundary and chromium
depletion via RIS was detected with AEM. Itis apparent from these resultsthat EPR is able to resolve very thin
chromium depleted zones (-10 nm); however, the width of the resulting post-EPR grain boundary etching could not be
directly related to the measured RIS chromium depletion width. Once the passive film in the chromium-depleted
region at the boundary breaks down, dissolution occurs not only in the chromium-depleted region but also beneath
the surface and then over a wider region during the active portion of the EPR test.

It should be notedthat, as a result of the narrow width of the RIS profiles relative to the excited volume for X-ray
microanalysis, the AEM measured profiles differ from the actual profiles. The measured profiles represent a
convolution of the actual profiles with a "broadening" function related to the size of the excited volume. As a result, the
measured chromium profile underestimatesthe actual chromium depletion at the grain boundaries. Therefore, actual
chromium levels at the grain boundaries are well below the 12 wt % chromium requiredto maintainthe stainless
character of the alloy. Further, sensitizationvia RIS, as measuredby EPR, is exacerbated by the simultaneous
depletion of molybdenum, which also helps form a passive film, from the grain boundary region.

We previously reported? 8 that the presence of grain face etching tends to obscure the quantitative interpretation 01
EPR results relative to determiningthe susceptibility of the irradiated material to IGSCC or IASCC because current
flows from both the grain boundaries and the grain faces. However, the results of EPR on neutron-irradiated surfaces
can be correlated to RIS at microstructuralboundaries (e.g., grain boundaries, dislocations, and voids).8 We feel that
the grain face etching of both heavy-ion- and neutron-irradiated materials was the result 01 RIS (chromium depletion)
at dislocations and/or precipitates in the irradiated material. 1.8 The extent or coarseness of the grain face etching
paralleled the increased size of the microstructuraldefects and may be an indication of RIS at these defects.18

Irradiation by heavy ions did not significantly increase the measured reactivation charge beyond 10 dpa. This isin
agreement with Bruemmer et al.*1 who reported that chromium depletion profiles at grain boundaries in similar
austenitic stainless steels heavy ion irradiated at 500°C were fully developed by 5 dpa, and chromium-depletion
widths on either side of a grain boundary were 10 nm. Because the distance between defects is much smaller than

grain diameters, RIS profiles at other defect sinks in the bulk material were also probably fully developed by 5 dpa
near 500°C.

Grain boundary etching was deeper for 30-dpa specimens as compared to the 10-dpaspecimens although the
reactivation charges were nearly equal. The total reactivationcharge is the sum of the contributions due to the grain
boundaries and that of the grain faces:

Q;ma‘ G G
-Qg Qg = %R Arotat - (1)
QTotaI A "
R ce "B GF "GF
= Qg = QR +aR , {2)
A Total ATotaI ATc:utal

where q g. q%B. and ng are the reactivation charges per unit tested specimen area, grain boundary area, and grain

face area, respectively; and A, Agg. and Agp are the associated areas. Since the total grain boundary area is

Age  AgF

<<
ATotal  ATotal

small comparedto the grain face, ,the measured q should be relatively insensitive to changes in

qSB, corresponding to deeper grain boundary etching
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Although it was not evident from the measured reactivation charges, electrochemical changes continued to occur
beyond 10dpa. Flade potentials increased with total dose to 30 dpa, with a significantly larger change occurring
between 1 and 10 dpa, as compared with that between 10 and 30 dpa. The Flade potential is a measure of the
inherent stability of the passive film on the stainless steel (i.e., higher Flade potentials imply less stable or thinner
passive films). This increased instability may be due to compositional variations {&.g., chromium depletion) in the film
or locally higher diffusivities of cation vacancies in the film and/or the metal substrate due to dislocations as suggested
by Chao et al.12 and later Urquidi-Macdonald and Macdonaid.’3 However, dislocations produced by cold working do
not Significantly affect the results of EPR and do not per se produce grain face etching for austenitic stainless steels of
similar composition.8 Therefore, the grain face etching observed appears to be due to RIS of chromium at
dislocations. The higher Flade potential of the 30-dpa specimen may also account for the deeper etching at the grain
boundaries because the passive film tends to first break down at grain boundaries and these regions of the specimen
would be in the active region for a longertime at a fixed scan rate.

The results of our research with heavy-ion-irradiated materials are very similar to those which we have obtained with
neutron-irradiated materials.8 It appears that heavy ion irradiation is a useful method for simulating and investigating
the effects of radiation-produced microstructure on the electrochemical and subsequent corrosion properties of
materials.

CONCLUSIONS
The following conclusions can be drawn from these results:

1, Grain face etching in both heavy-ion- and neutron-irradiated materials was the result of radiation damage to the
material. Grain face etching is due to chromium depletion via RIS at dislocations and not due to enhanced vacancy
diffusion through the passive film. The coarseness of grain face etching increased with increasing defect size and
density.

2. The Flade or passive film breakdown potential of LS1A increased with increasing radiation dose to 30 dpa.
indicating decreased passive film stability or thickness with increasing radiation dose. A large change occurred
between 1 and 10 dpa with a smaller, but detectable, change occurring between 10 and 30 dpa.

3. Reactivation charge did not increase significantly beyond 10 dpa, although deeper grain boundary etching was
observed in the 30-dpa specimen. Reactivation charge was relatively insensitive to depth of grain boundary attack
during EPR testing for irradiated materials because the totai reactivation charge is dominated by the grain face

reactivation charge, QEF.

4. AEM showed that chromium was depleted from a region -10 nm wide near grain boundaries and reached a
minimum value of 10wt % Cr for both the 13- and 30-dpa specimens. Molybdenum was also depleted near the
boundary, whereas nickel, silicon, and iron were enriched near the boundary. Chromium depletion at grain
boundaries was not measurable in the $15°C, 1-dpa material. The width of the resulting post-EPR grain boundary
etching is not directly related to the RIS chromium depletion width.

5. It appears that heavy ion irradiation is a useful method for simulating and investigating the effects of
radiation-produced microstructure on the electrochemical and subsequent corrosion properties of materials.
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ENVIRONMENTAL EFFECTS ON AQUEOUS STRESS CORROSION OF CANDIDATE AUSTENITICSTEELS
FOR ITER STRUCTURAL APPLICATIONS - A. B. Hull, M. R. Fox,d. W. Pascoe, and T. F. Kassner (Argonne
National Laboratory)

OBJECTIVE

The corrosion resistance of the structural material to be used in an aqueous environment characteristic of
candidate first wall/ blanket systems in the International Thermonuclear Experimental Reactor (ITER)has not
been quantified. Information obtained on the stress corrosion cracking (S8CC) susceptibility of several candidate
stainless steels under ITER-relevant conditions will help to identify an optimal combination of structural mate-
rials, coolant chemistry, and operational conditions for the ongoing ITER design work. The objective of this task
is to provide baseline information on the SCC susceptibility of these candidate stainless steels in high-purity
oxygenated water that simulates many important parameters anticipated in ITER first wall/ blanket systems.

SUMMARY

Susceptibility of Types 316NG, 316, and 304 stainless steel to SCC was investigated at several temperatures
between 50 and 150°C in slow-strain-rate-tests{85RTs) in oxygenated water that simulates important parameters
anticipated in first-wall/blanket systems. The water chemistry was based on a computer code that yielded the
nominal concentrations of molecular radiolytic species produced in an agueous environment under conditions
likely to be found in the ITER. To be conservative, however, the SSRTs were performed in a less benign, more
oxidizing reference environment.

Predominantly ductile fracture was observed in crevice specimens of Type 316 stainless steel {38) strained to
failure in a reference ITER water chemistry. The failure behavior of Type 304 85 crevice specimens heat-treated
to yield sensitization values of 2, 3, or 20 C/em? by electrochemical potentiokinetic reactivation (EPR) demon-
strated that degree of sensitization had a dramatic effect on intergranular SCC (IGSCC) susceptibility. Type 304
88 specimens sensitized to the highest value exhibited shorter failure times, lower maximum stresses, and lower
reduction in area values than did less-sensitized Type 304 SS or Type 316NG SS specimens. Scanning electron
microscopy showed minimal evidence of SCC in the Type 316NG and solution-annealed Type 316 SS but clear
evidence of IGSCC in moderately sensitized (EPR = 20 C/em2) Type 304 SS specimens in these environments.

Ranking for resistance to SCC in simulated ITER water by electron microscopy and SSRT parameters (e.g.,
total elongation, ultimate strength, and reduction in area)is: 304 SS (EPR = 20 < 2 C/em?) < 316NG SS.

PROGRESS AND STATUS
Introduction and Backeground

The ceramic breeder with a beryllium multiplier has been selected as the first option for the ITER driver
blanket, with the Pb-Li breeder as an alternative. The first wall and shield are integrated with the blanket, and
all concepts utilize water cooling; austenitic stainless steel is used for the structure. Research and development
needs! for ITER with respect to aqueous corrosion include establishing a reliable data base on the following
parameters:

o Reference materials (Types 316, 316L, and 316NG SS; solution-annealed/cold-worked).

o Water chemistry (high-purity water with stable radiclysis/electrolysis products, e.g., dissolved O3, Ha0g,
H, (atppm levels)and flow rate < 5 m/s.

o Temperature (nominally 60-150°C)with periodic increases to 250°C (conditioning)or 350°C {bakeout).

e Stress conditions to simulate high thermal stresses (exceeding yield), static and cyclic operation (ITER
=104 cycles), and tensile residual stresses.

o Coolant channel geometry/material microstructure, including weldments (both diffusion and fusion
welds) and crevice/notch sensitivity.

« Radiation type (gamma,electron, neutron), dose (fast neutron fluence to 5 x 1022 nvt), and effects(up to
2500 appm hydrogen generation).
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Earlier work23 focused on developing criteria to define the simulated ITER water chemistry and establish
the experimental protocol. Interim results from a series of experiments  evaluate SCC susceptibility of Types
316NG, 316. and 304 SS have been reported previously.4 No indication of SCC was observed in testa conducted at a
strain rate of 3 x 10-7 &1 in oxygenated water with sulfate additions(0.1-1.0 ppm) at temperatures of 95 and 150°C.
The results described in the present report are from additional tests5 on these steels under more severe
conditions, namely lower strain rates and with the addition of hydrogen peroxide to the oxygenated water.
Experimental Procedures

Cylindrical tensile specimens with a 6.35-mm diam. and a 36.0-mm gage length were fabricated from Types
316NG, 316, and 304 S8 and then heat treated. 45 The heat treatments given 1 Type 316NG SSdid not produce
sensitization.6 For comparison with tests on Type 316NG S8 (Tables 1and 2), analogous SSRTs were performed
on crevice specimens of sensitized Type 304 53, which are expected to exhibit greater sensitivity to SCCin
oxygenated water. Tables 3 and 4 give details of the degree of sensitization produced in Type 304 88, as deter-
mined by electrochemical-potentiokinetic-reactivation (EPR).7 Crevice specimens (Fig. 1) were created by drilling
two small-diameter (=0.8-0.9 mm) through holes in the gage section of the specimen and placing a corresponding
austenitic stainless steel pin in the top hole to form a tight crevice; the bottom hole was left open.5 Reference
SSRTs were performed in air with an Instmn Model 1125tensile testing machine at strain rates of »10-5 g-1;
additional air tests and SSRTs at lower strain rates were conducted in small-diameter autoclaves with a once-
through water system. Water chemistry was established by bubbling a 20% 05-80% N, gas mixture though
deoxygenated/deionized feedwater (conductivity<0.2 uS/em) contained in a 130-L stainless steel k. Hydrogen
peroxide and/or sulfuric acid (0.1or 1.0ppm) was added 10 the feedwater before sparging with the gas mixture
ensure adequate mixing. An external silver/silver chloride (0.1M KCl) reference electrode, a thermocouple, and
platinum and Type 304 S3 electrodes were located at the autoclave outlet 1 establish the redox and open-circuit
potential, respectively. The electrochemical potentials (ECPs) measured during the experiments were converted
to the standard hydrogen electrode (SHE)scale by using the thermocell and liquid junction potentials.8

Tests were either carried to failure or interrupted at <20% strain. Tests tofailure were characterized by
time-to-failure, total strain, maximum stress, and fracture surface appearance. Interrupted tests were
employed to reduce loading severity and help avoid artifacts associatedwith very high plastic strains. The load
applied to each specimen was recorded continuously as a function of time, and an engineering-stress-vs-strain
curve was produced for each specimen. Total elongation and reduction in area were determined by measuring
the fractured specimen. In all cases, the fracture surfaces of the specimens strained to failure were examined by
both optical and scanning electron microscopy (SEM) to determine the fractions of the reduced cross-sectional

Table 1.  Influence of Temperature and Water Chemistry on SCC Susceptibility of Type 316NG SS Crevice Specimens

SSRT Parameters

Strain Feedwater Chemistry* Yield  Fail. Max.  Total  Reduct. Potentials
Test Heatt Temp. Rate  HgOp Oy Cond. pHat Stress Time Stress Elong. in Area Fracture 304 88 Pt
No. No. =Cy ) {ppm) (ppm)} (pS/em) 25°C  (MPa) (h) (MPa) (%) (%) Morphologyh mV(SHE) mV(SHE}
3 467958 95 e’ - 7.2 0.97 5.68 267 195 457 21 60 090,01 T 346 449
42 Pe1576 95 ax10°7 7.0 7.1 0.81 5.76 140 281 469 30 54 10D 413 473
6 590019° 95  3x107 7.2 B6& 4.72 164 250 436 27 60 09D,01T 428 559
30 467958 105  2x10°7 5.3 7.6 0.94 5.73 191 358 463 26 61 10D 499 414
29 Pe1576 105 2x1077 6.1 7.9 0.90 5.72 151 400 424 29 60 1.0D 489 392
14 467958 150  wxw? 7.0 6.9 0.92 571 177 661 441 24 59 09D, 01T 418 380
13 Po1576 150  3x10°7 57 7.0 0.92 5.60 137 252 400 27 61 0.9D,01T 431 410

# Conductivity and pH were adjusted by additionof HgS0y; pH values of 4.7 and 5.7 correspond to 1.0and 0.1 ppm of acid.

b Ductile (D) and transgranular (T} in terms of fraction of cross-sectional area. Characterizationof fracture surface morphologies is in accordance with
illustrations and definitionsin Refs. 9 and 10.

“HeatNo. 590019 is Type 316 88, not Type 316NG SS, and was hydrogen-charged before straining.
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Table 2. Failure Behavior of Type 316NG S8 Crevice Specimensin Air

SSRT Parameters
Strain Yield Failure Max. Total Reduction

Test Heat Temp. Rate Stress Time  Stress Elong. in Area Metallographic
No. No. °C) (s~1) (MPa) (h) (MPa) (%) (%) Characterization
7 467958 ® 1x10-5 272 58 478 21 53 0.9D,0.1T
41b  P91676 % 3x 107 158 - — 17 18 __

46 Po1576 105 2x10-7 150 401 424 2 57 0.8D,01T
.4 467958 150 1x 105 204 7.0 435 2% 63 0.9D,0.1T
13 P91576 160 1x10-5 158 72 400 2% 62 09D ,0.1T

2Ductile (D} and transgranular {T) in terms of fraction of cross-sectional fracture surface area. Characterization
of fracture surface morphologies is in accordance with illustrations and definitionsin Refs. 9and 10.
PInterrupted test.

Table 3. Influence of Temperature, Water Chemisiry, and Degree of Sensitization on SCC Susceptibility of Type 304 Crevice Specimens?®

SSRT Parametsrs

Strain Feedwater Chemistry® Yield Fail. Max. Total Reduet Potentials
Test EPR  Temp. Rate HoOg Oy Cond. pHat Stress Time Stress FElong. inArea Metall © 304 88 Pt
No. (Chem2) 0 (1) (ppm) (ppm) (uSfem) 25°C (MPa) (h) (MPa) (%) (%) Charact.  mVY(SHE) mV(SHE)
21 2 150 3x10°7 60 73 0.95 5.63 159 249 426 27 61 086D,005T 4317 418
24 2 150 ax10-7 60 76 094 579 170 173 368 19 42 08L 01T 424 418
2 3 95 3x10°7 - 74 95 415 151 280 424 29 58 08D, 01T 394 549
27 20 52 ax10°7 70 18 1.03 571 213 259 495 28 42 101 580 445
23 20 95 ax10-7 59 78 083 5.78 185 247 469 27 49 1.01 415 331
31 20 105 2x10°7 72 76 092 5.73 210 334 463 24 41 101 493 406
a2d 20 105 2%10°7 67 70 0.93 6.10 205 - . 21 13 NA 526 505
22 20 150 ax10°7 10 67 0.99 573 157 124 323 13 37 1.01 426 417
2gd 20 150 3x10°7 6 7 09 5.7 178 - . 8 6.6 IC

* Spacimens of Type 304 85 (Heat NO. 30956) were sensitized to EPR values of 2 to 20 C/em? and were exposed to environments for = 10h before straining.
b Conductivity and pH were adjusted by addition of HgS0y4; pH valuesof 4.7 and 5.7 correspond to 1.0and 0.1 ppm of acid.

¢ Ductile (D), transgramular {T), and intergranular{I) in terms oOf fraction Of cross-sectional area. Characterization of fracture surface morphologies is in
accerdance With illustrationsand definitionsin Refs. 9and 10. Ininterrupted tests 32 and 28, incipient cracks(IC) in hole or crevice regions were observed,
or characterization resultswere not available {NA},

dnterrupted teats; amicrometer was Used to measure the gage section before and after straining.

area with ductile, transgranular, and intergranular morphologies.®:1¢ The crevice and hole regions of the
specimens subjected to interrupted tests were sectioned parallel to the line of tension by electrical discharge
machining. The sections were then examined by SEM to ascertain the existence of incipient cracking. The
chemical compositions of materials used for this study and the experimental methods have been fully described
in previous papers.5:6,11,12

Cracking susceptibility can be assessed from SSRTs by using various parameters. Total elongation, reduc-
tion in area, and maximum stress are often used, as are fracture surface morphology and maximum crack
length present (either on the fracture surface or on the sectioned surface after test interruption). Because of the
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Table 4. Failure Behavior of Type 304 SS Crevice Specimens in Air

SSRT Parameters
Strain Yield Total Reduction

Test EPRa Temp. Rate Stress Elong. in Area Metallographic
No. (C/em?2) (°C) (s~1) (MPa) (%) (%) Characterization
43 2 150 3x10-7 168 16 7.5b NA

33 20 % 3x10-7 181 18 21b NA

44d 20 105 3x 107 192 32 41 06D,041

3 2 150 3x10-7 174 17 18b NA

aType 304 SS (Ht. 30956) sensitized to EPR values of 2 and 20 C/cm2.

bInterrupted test; gauge section measured by micrometer after straining,

¢Incipient cracks (IC) in hole (ICp) or crevice (IC.) region of interrrupted—test specimens; NA
refers to characteriztion results not yet available. Ductile (D) and intergranular (I) in terms of
fraction of fracture surface area (Refs. 9, 10).

dRun to failure; thus, No. 44 was also characterized by failure time 297 h) and ultimate strength
(464 MPa).

! ] Fractured at Crevice Region

-
(
-

o« | —& \

.

% Sectioned at Hole Region

Fig. 1. SSRT crevice specimen and typical sectioning to reveal shallow cracks in
hole region after specimen failed at crevice region. SEM photographs show that
Types 316NG and lightly sensitized 304 SS exhibit predominantly ductile fracture.
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high SCC resistance of Type 316NG S8 relative to that of sensitized Type 304 S8, itis difficultto quantify the SCC
behavior of Type 316NG SSin terms of crack growth ratell from SSRT results. An alternative, employed here, is
evaluation of SCC susceptibilityin terms of the load-carrying ability of geometrically identical specimensin air
and in water.

Ultimate strength, total elongation, and reduction in area are shown graphically in Tables 2-4. For Type
316NG 88, there is relatively little variation in SSRT parameters from air to water. Variation in the strength of
two heats of Type 316NG 8S is most apparent from the ultimate strength of the crevice specimensin both air and
water, i.e,, itis apparent that Heat 467958 is stronger than Heat P91576. This can perhaps be attributed to the
higher Si concentration in the former heat.5

The maximum stress of Type 316 SS is less than that of either of the two Type 316NG SS heats, which again
may be attributable to the bulk composition of the steels (Table1). Type 316 SShas 0.05% C and 0.01% N, whereas
Type 316NG SS has 0.02% C and 0.10% N.5

The ultimate strength of Type 316NG S8 is consistently higher than that of sensitized Type 304 SS at corre-
spondingtemperatures (Fig. 2). With the moderately sensitized Type 304 S8, there are significant differences
between testsin air and the water environment in which intergranular cracking was observed on the fracture
surfaces (Tables3 and 4). Degree of sensitization had a large effect on total elongation of the more highly sensi-
tized material at 95 and 150°C (Fig. 3b); for example, total elongationwas only about 13%at 150°C,

As determined by reduction in area (Fig.4), Type 304 SS with a moderate degree of sensitization exhibited
greater SCC susceptibilitythan either the Type 318NG or the lightly sensitized Type 304 SS. Totallyintergranular
failure occurred even at 52°C (Table3). This work substantiates earlier results13,14 indicating that to prevent SCC
in near-term fusion reactors operating at temperatures of < 100°C, it is imperative to control sensitization in the
steel. Temperature does not have a large effect on SCC of the lightly sensitized specimens. Although heat treated
identically, SSRT specimens 21 and 24 exhibit remarkably different SCC susceptibility, particularly asjudged by
fracture morphology (Table 3). The degree of sensitization produced by heat treatment at low temperatures can be
strongly dependent on intergranular carbide spacing; thus, wide variation can occur in the amount of chromium
depletion from boundary to boundary,15 perhaps resulting in effectively variable sensitization. This phenonemon
may contribute to some of the variability exhibited in these lightly sensitized (EPR = 2 C/em?2) specimens.

The difference in morphology exhibited by a moderately sensitized Type 304 S8 after failure in air and in
water is shown in Fig. 5. Although some evidence of intergranular fracture surface is seen in the air-tested
specimen (Fig. 5a and b), it is much more pronounced in the specimentested in water (Fig.-5¢ and 4d).

CONCLUSIONS

Susceptibility of Types 318NG, 316, and 304 SS to SCC was investigated at several temperatures between 50
and 150°Cin SSRTsin oxygenated water that simulates important parameters anticipated in first-wall/blanket
systems. The water chemistry was based on a computer code that yielded the nominal concentrations of molec-
ular radiolytic species produced in an aqueous environment under ITER-type conditions. However, to be
conservative, SSRTs were performed in a less benign, more oxidizing reference environment containing -7 ppm
oxygen, 6 ppm hydrogen peroxide, and 0.1 ppm sulfuric acid.

Predominantly ductile fracture was observed in crevice specimens of Type 316 SS strained to failure in a
reference ITER water chemistry. The failure behavior of Type 304 SS crevice specimens heat treated to yield
sensitization values of 2, 3, or 20 C/em?2 by electrochemical potentiokinetic reactivation demonstrated that the
degree of sensitization had a dramatic effect on IGSCC susceptibility. Type 304 S8 specimens Sensitized to the
higher value exhibited shorter failure times, lower maximum stresses, and lower reduction in area values than
did less-sensitized Type 304 SS or Type 316NG SS specimens.

Scanniing electron microscopy showed minimal evidence of SCC in the Type 316NG and solution-annealed
Type 316 S8, but clear evidence of IGSCC in moderately sensitized (EPR = 20 C/cm2) Type 304 8S specimens.
Ranking for resistance to SCC in simulated ITER water, as determined by electron microscopy and SSRT
parameters {e.g., total elongation, ultimate strength and reductionin area),is: 304 8S (EPR = 20 <2 C/cm?2) <
J16NG SS.
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i

Fig. 5. SEM photomicrographs of fracture surface of Type 304 SS (EPR =
20 C/cm?2) crevice specimens in (a,b) air at 105°C and (c,d) oxygenated water at
105°C. Strain rate = 3 x 107 s-1.

FUTURE WORK

Experiments will be continued to investigate the SCC susceptibility of selected austenitic steels (such as
Types 316, 316L, and 316NG SS) in the solution-annealed, solution-annealed and cold-worked, and solution-
annealed and moderately sensitized conditions of interest to ITER applications. The existing data base will be
extended to =300°C. SSRTSs will be performed on weldment specimens to examine the appropriateness of different
welding options.
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SEGREGATION IN THERMALLY AGED TYPE 304L ALLOYS FOR THE ICG-IASCC ROUNO ROBIN -- E. A. Kenik (Oak Ridge
National Laboratory)

OBJECTIVE

Comparative studies of segregation produced both by thermal aging and by irradiation are under way
utilizing analytical electron microscopy for comparison with the propensity toward irradiation-assisted
stress corrosion cracking in austenitic stainless steels.

SUMMARY

Grain boundary segregation in thermally aged type 304 stainless steels has been investigated by X-ray
microanalysis. In one commercial alloy sensitized at low temperature, narrow (<10 nm) zones depleted of
chromium, silicon, and molybdenum have been observed along with enrichment of phosphorus and nickel. For
high purity alloys doped with either sulfur or phosphorus. no significant segregation of either impurity
was detected. In a second Commercial alloy which exhibited no grain boundary precipitation, segregation
of phosphorus, chromium, and molybdenum to boundaries was observed along with a corresponding depletion of
iron. The occurrence of phosphorus segregation in the two commercial alloys and absence in the high
purity, phosphorus-doped alloy seems to indicate some synergism of phosphorus segregation with either
chromium or carbon segregation or with the precipitation of Mz3Cg at the grain boundaries.

PROGRESS AND STATUS

Introduction

The International Cooperative Group on Irradiation-Assisted Stress Corrosion Cracking (ICG-IASCC) is
concerned with the possibility of irradiation-enhanced sensitization and stress corrosion cracking in com-
mercial nuclear power reactors. While IASCC is a current materials problem for fission reactors, it has
ramifications for proposed water-cooled fusion instruments, such as the International Thermonuclear
Experimental Reactor (ITER). One of the concerns is that radiation-induced segregation (RIS) could result
in sensitization and stress corrosion cracking of austenitic stainless steels. The relation of grain
boundary chemistry and the propensity toward IASCC is being studied. The analytical techniques being
applied to the measurement of near-grain boundary chemistry include analytical electron microscopy, Auger
electron spectroscopy (AES), and atom probe field ion microscopy. Grain boundary chemistry of both ther-
mally aged and irradiated materials will be studied. The current report is based on the preliminary X-ray
microanalysis study of several of the aged materials.

Experimental Procedure

Table 1 gives the compositions of the alloys studied. Most of the alloys were received in the as-aged
condition (650°C. 50 h). The AJ9139 type 304L material received a complex heat treatment aimed at pro-
ducing narrow chromium-depleted zones at the grain boundaries {621°C, 24 h; 850°C, 50 h; 400°C, 100 h).
Analytical electron microscopy was performed on a Philips EM40BOT/FEG in the scanning transmission electron
microscopy mode with a probe diameter of <2 nm (ref. 1). Subtraction of "in-hole" spectra from the mea-
sured EOS spectra corrected for I) the normal "in-hole" counts associated with uncollimated radiation from
the microscope illumination system. A liquid nitrogen cooled specimen holder was employed for X-ray

Table 1. Alloy Composition (wt %)

Heat Cr Ni Si Mh Mo S P N c Comments
AJ9139 18.37 8.13 047 0.93 0.25 0.028 0.026 0.048 0.066 Commercial
V9468 18.68 8.90 «0.01 1.06 <0.005 0.019 <0.005 0.0034 0.0015 UHP + S
BPV6G3 19.06 9.02 0.02 115 <0.005 0.0055 0.05 0.0022 0.0015 UP + P
BPV&ED4 19.14 9.02 0.46 1.16 <0.005 0.0043 <0.005 0.0022 0.0011 UHP + Si
BPV606 18.25 8.61 <«<0.01 1.16 <0.005 0.0067 <G.005 0.110 0.0026 UHP + N

K34043 17.23 10.7 0.40 1.61 2.06 0.015 0.022 0.072 0.016 Comnercial
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microanalysis in order to minimize contamination under the focussed spot. However, many of the alloys had
Mc, martensite start, temperatures between 0 and —130°C and transformed during cooling. This was espe-
cially true for the high purity alloys with their low carbon levels. The presence of the magnetic marten-
site made specimen tilting and correcting the astigmatism of the SIEM probe difficult. In some cases the
stresses generated by the transformation cracked the thin area of the specimen and fractured some of the
grain boundaries. The quoted compositions are in weight percent as measured, and no attempt has been made
to deconvolute the effect of excited volume size on the actual composition or profiles.

Results

The aged AJ9139 material exhibited heavy grain boundary precipitation of M23Cg. Some boundaries con-
tained a continuous or nearly continuous film of M23Cg, whereas others contained discontinuous, blocky
Mz3Cg. Three boundary regions were analyzed with EDS and measurements in the matrix and on the boundaries
are summarized in Table 2 Figure 1(a,b} shows composition profiles for the major and minor alloying ele-
ments at a portion of boundary GB#l -40 mm from a large Ma3Cg precipitate. Chromium was depleted over a
region -9 m wide (PWHM) to a minimum value of -12 wt % The second set of values given for GB#1 in Table
2 were masured -100 m from the same precipitate. Nickel was slightly enriched at the boundaries. Trace
amounts (0.2 and 20 wt %) of molybdenum were detected in the alloy bulk and in the GB precipitates. As
far as the minor alloying elements are concerned, phosphorus was enriched and silicon was depleted at the
boundaries with a FAHM of -9 nm.  The phosphorus segregation to grain boundaries in other aged type 304L
steels has been reported previously.2 Though there was a local minimum for molybdenum at the boundary,
there was a region 3 to 7 nm from the boundary that appeared enriched in molybdenum. No segregation of
sulfur to boundaries was detected; however, the Mo L peak overlaps the S K peak and could mask a small
amount of sulfur. The influence of this overlap could be reduced by calculating the intensity of Mo L X
rays based on the observed Mb Ka X ray intensity and the Mo L/Mo Ka ratio observed for type 316 steel.
After this correction, no statistically valid sulfur enrichment was detected at the boundaries.

For the high purity alloys, only

Table 2 Composition {wt %} limited results on grain boundary composi-
tions are available-as a result of the
Location Si P Cr Fe Ni Mo martensitic transformation. In the sulfur
and phosphorus doped alloys {¥946B and
Matrix 0.51 0.006 1784 7262 873 0.24 BPY603, respectively), no statistically
GB #1 significant segregation of either element
40 mM from Ms3Cg 046 044 1183 7757 953 0.17 was detected. While a slight silicon
100 m from Mz3Cg 057 0.35 1235 76.81 9.61 0.31 enrichment (0.17 wt %} and a corresponding
GB #2 050 0.30 1219 7726 9.74 0.00 decrease in chromium level at the boundary

were indicated, these differences are near
the standard deviation for repeated analy-
ses. No useable grain boundaries have
been observed in the silicon-doped alloy (BP¥604}; the nitrogen-doped alloy {BPY606} was not examined, as
only X-ray microanalysis was available.

In the second commercial alloy (K3403), significant grain boundary enrichment of phosphorus to -1.0
wt % of chromium to -22 wt % and of mlybdenum to -9 wt % were observed along with a corresponding
decrease in iron to -59 wt % Similar results indicating cosegregation of phosphorus and chromium have
been observed in other type 304 aHoys.2 No sulfur segregation was detected, even after correction for
the § Ka/Ma L overlap. Detection of sulfur by X-ray microanalysis was harder in this alloy as a result of
the high molybdenum content (2 wt %). No grain boundary precipitation was observed in K3403.

Discussion and Conclusions

It is possible to produce narrow chromium-depleted zones similar to those produced by RIS by
appropriate thermal treatment. However, the silicon and nickel enrichments typical of RIS are not dupli-

cated. In addition, the aging treatment used for AJ9139 results in copious and nearly continuous precipi-
tation of My3Cg on grain boundaries. While analytical electron microscopy and atom probe field ion
microscopy would still be able to measure the depleted zone. AES analysis would have difficulty separating

the effects of the precipitates and the depleted zones, unless the spacing of the Mz3Cs was significantly
coarser.

In both commercial alloys, segregation of phosphorus to grain boundaries was observed. In contrast,
no significant phosphorus segregation was observed in the high purity alloys. One possible explanation is
a synergism between segregation of phosphorus and that of either chromium or carbon at the grain boundaries.
A second possible origin is an interaction between the formation and growth of Ms3Cws and phosphorus segre-
gation. While the K3403 alloy annealed at 650°C exhibited no precipitates at the grain boundaries,
enrichment of chromium and molybdenum was observed which would be a required precursor to the formation of
M;3Cq.
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Fig. 1 Composition profiles at a grain boundary
for (a) major and (b) minor alloying elements in type
304L alloy AJ9139 which was aged at 621°C, 24 h; 850°C,
50 h; 400°C, 100 h to produce narrow zones depleted of
chromium. X-ray microanalysis was performed between
grain boundary M;3Cg precipitates.
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another commercial type 304 alloy annealed at
600°C for 15 h. Significant formation of
grain boundary M,;Cq was observed. While the
i i i M;,Cg precip-
PE2L2, PeRIENe 6o A LA dh5 M phokghoras
enrichment, the matrix-precipitate interface
exhibited -0.3 wt % P, more than a fourfold
increase over the matrix, grain boundary, and
precipitate levels. It is not clear iFfthe
phosphorus segregates to the matrix-

The absence of detectable sulfur segre-
gation to boundaries as measured by X-ray
microanalysis is somewhat surprising, espe-
cially in the light of indications of sulfur
segregation by AES analysis.3 The overlap of
S Ke and Mo L X rays complicates the detec-
tion of sulfur in the commercial alloys which
contain molybdenum. However, this problem
has been partially remedied by using known M
L/Mo Ka ratios to correct the apparent sulfur
intensity. In addition, the high-purity
alloy doped with sulfur did not exhibit any
sulfur segregation. There are two possible
reasons for the differing results between X-
ray and AES microanalysis. If the sulfur is
inthe form of sulfides or sulfur-enriched
precipitates at the grain boundaries, AES
analysis would indicate sulfur segregation,
whereas X-ray microanalysis which avoids pre-
cipitates when analyzing boundaries would not
indicate any segregation. Secondly, it is
not unusual for sulfur to diffuse to free
surfaces during AES analysis and for repeated
analyses of the same region to indicate an
increasing sulfur content with analysis time.

FUTURE WORK

Some additional X-ray microanalysis will
be performed on the thermally aged materials,
especially the high-purity alloys doped with
either silicon or nitrogen. Radiation-
induced segregation {RIS) will be studied in
two neutren-irradiated type 304 stainless
steels for comparison with segregation
observed in the thermally aged materials.
These results will be combined with atom
probe field ion microscopy and AES analysis
for structure-property correlations on the
irradiation-assisted stress corrosion
cracking (IASCC) of the irradiated materials.
From this correlation, the materials parame-
ters critical in IASCC are to be identified.

1 E A Kenik, Materials Problem Solving with the Transmission Electron Microscope, vol. 62, eds.

L. W Hobbs, K. H Westmacott, and D. B. Williams, Materials Research Society, Pittsburgh, PA, 1986, p.

209 .
2. E. A Kenik, Met. Trans. (In Press).

3. P. A Andresen, General Electric Research and Development Center, private comnunication (1989}.
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MEASUREMENT G RADIATION-INDUCED SEGREGATION IN NEUTRON-IRRADIATED AUSTENITIC STAINLESS STEELS --
E. A Kenik (Oak Ridge National Laboratory), K Hojou (Japan Atomic Energy Research Institute, assigned to
ORNL), and J. Bentley (Oak Ridge National Laboratory)

OBJECTIVE

Radiation-induced segregation (RIS} to various point defect sinks has been measured in irradiated
USPCA and EP838 stainless steels by X-ray microanalysis. The application of parallel electron energy loss
spectroscopy (PEELS) to such measurements is demonstrated and compared to that of X-ray microanalysis.

SUMMARY

X-ray microanalysis of RIS to grain boundaries and large dislocation loops in neutron-irradiated
USPCA has indicated enrichment of silicon and nickel and depletion of chromium and iron. However, there
are numerous artifacts which can lead to erroneous results and must be recognized and avoided. Some of
these effects include surface films, preferential etching, overlapping RIS profiles from different
defects, as well as the more obvious hole count and induced radioactivity of neutron-irradiated material.
For irradiated EP838, silicon, nickel, and iron are enriched at boundaries, whereas manganese replaces
chromium as the strongly depleted element. Preliminary measurements of RIS profiles at grain boundaries
by parallel electron energy loss spectroscopy (PEELS) are discussed. The relative advantages and dis-
advantages of EDS and PEELS for such measurements are considered.

PROGRESS AND STATUS

Introduction

The effects of radiation-induced segregation (RIS) are manifold and include phase instability in the
matrix or at grain boundaries, the influence of phase instability on subsequent swelling, and irradiation-
assisted stress corrosion cracking. Energy dispersive X-ray microanalysis in an analytical electron
microscope has been one of the primary techniques applied to such measurements. In a majority of the
studies on irradiated austenitic stainless steels, enrichment of silicon and nickel and depletion of chro-
mium and iron has been reported at grain boundaries, dislocation loops, and voids.!™* However, there are
some reports of enrichment of chromium and titanium with nickel depletion at small dislocation loops.>
The current study is directed at measurements of RIS profiles at both grain boundaries and dislocation
loops in two neutron-irradiated austenitic stainless steels, USPCA and EP838.

Electron energy loss spectroscopy (EELS) can also provide elemental microanalysis similar to that
provided by energy dispersive X-ray spectroscopy (generally referred to as EDS). With the advent of
parallel detection systems for EELS (PEELS), the acquisition times for useable PEELS spectra can be signif-
icantly less than those for X-ray microanalysis. In addition the induced radioactivity of the specimens
does not interfere with PEELS analysis as it does with X-ray microanalysis. A direct comparison of RIS
profiles masured with bath PEELS and EDS at a grain boundary in a non-radioactive, ion-irradiated
stainless steel will be discussed.

Experimental Procedure

Standard 3-mm-diam TEM disks of solution-annealed USPCA and 25% cold-worked EPB38 were used.
Specimens had been irradiated in MOTA/FFTF to a nominal dose of 15 dpa at 520°C. Analytical electron
microscopy was performed on a Philips EMA00T/FEG in the scanning transmission electron microscopy mode
with a probe diameter of <2 nm.* Subtraction of "in-hole" spectra from the measured EDS spectra corrected
for 1) the normal "in-hole" counts associated with uncollimated radiation from the microscope illumination
system and 2) radiation associated with the induced radioactivity of the specimen by neutron irradiation
(predominantly Mr K X rays). The quoted compositions are in atomic percent as measured, and no attempt
has been made to deconvolute the effect of excited volume size on the actual composition or profiles. The
PEELS data was quantified by a ratio technique in which effective cross sections were chosen to set the
measured compositions away from the grain boundary to that measured by EDS.

Results

A curved grain boundary in the irradiated USPCA steel is shown in Fig. 1(a). From the high local
curvature of the boundary and the lower dislocation density to the right of the boundary, it is concluded
that this grain boundary had migrated during the irradiation. Figure 1{b} shows the RIS profiles measured
at this boundary. 1In the region swept relatively clear of dislocations, nickel is enriched and chromium
is depleted as a result of RIS to the migrating boundary. There is a narrow region -70 m wide to the
left of the boundary which is both slightly depleted of nickel and enriched in chromium. The observed
depletion of nickel in this zone arises from R1S of nickel to the boundary from the left, whereas chromium
rejected from the boundary region diffuses ahead of the migrating boundary.
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Fig. 1 (a) Curved, migrating grain boundary in USPCA stainless steel irradiated in MOTA/FFTF to a
nominal dose of 15 dpa at 520°C. (b} RIS profiles measured at this boundary by X-ray microanalysis.

Figure 2{a) shows four nearly edge-on dislocation loops (A-D) in the irradiated USPCA steel with dif-
ferent sizes, approximately 100, 50, 25, and 25 rim in diameter, respectively. From their relative sizes,
it is assumed that loop A nucleated first, followed by loop B, and then loops C and D formed. As such,
loop B grew in the three-dimensional RIS profile of loop A. The observed elemental distribution is deter-
mined by the flow of point defects to sinks over the entire irradiation. Profiles were measured perpen-
dicular to loops A and B at their center [Fig. 2(b, ¢)]. For loop A, nickel and silicon are highly
enriched at the loop, whereas chromium and iron are depleted. The magnitude of the composition change at
the fault plane induced by RIS is noteworthy — nickel exceeds iron as the major constituent. However, as
the distance from the loop increases, the magnitude of the segregation decreased and somewhere between 30
and 50 mMm actually changes sign relative to the unperturbed matrix composition far from the loop. This
effect is especially obvious to the right of loop A where the RIS profiles are not disturbed by RIS to
other defects. The origin of this reversal in segregation is twofold; the conservation of solute and
limited diffusion distances. Solute which segregates to the boundary must be removed from the adjacent
natrix producing a depleted zone just beyond the enriched zone. The opposite effect occurs for solute
removecli fzroum the vicinity of the boundary. This effect has been noted in other studies of RIS to defect
sinks.ts4»

The asymnetry of the RIS profile at loop A $een in Fig. 2(b) is a result of the modification of the
point defect fluxes by the presence of loops B-D to the left of loop A. Conversely, loop B nucleates and
grows in the pre-existing RIS profile of loop A The RIS profile for Toop B is given in Fig. 2(c).
Though the composition at loop B is depleted of gilicon and nickel and enriched in iron relative to the
unperturbed matrix composition, silicon exhibits a local maximum at the fault plane of loop B. The
general trend in Fig. 2{¢)} is for silicon and nigkel to increase and for chromium and iron to decrease as
one moves to the right and approaches loop A. As loop B is ~40 nm from loop A, it is growing in the zone
composition change associated with loop A Similar effects are observed for loop C. The RIS profiles
measured near loop 8 are in part determined by the point defect fluxes to lToop A. As such, loop A per-
turbs the matrix composition out at least 100 rm from the fault plane. Often it is difficult to estimate
the spatial extent of the RIS modified volume, especially when unobserved defects above or below the
volume preserved in the current TEM specimen may interfere with the RIS profiles for the defect of
interest.

Figure 3(a,b) indicates the RIS profiles measured with EDS at a migrating boundary in the irradiated
EP838 steel. The asymmetry of the profiles is the result of the motion of the boundary from right to
left. At the boundary, manganese is strongly dep]eted and there is a slight depletion of chromium and
molybdenum, whereas nickel , silicon, and iron are enriched. The local RIS zone at the boundary is ~10 nm
(FWHV) in width. In the region swept by the mig*rating boundary, similar depletions or enrichments to
those at the boundary are observed, though at reduced levels.
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Fig. 2. (a) Four nearly-edge-on dislocation loops {A-D) in USPCA stainless steel irradiated in
MOTA/FFTF to a nominal dose of 15 dpa at 520°C. Loops are of different sizes, approximately 100, 50, 25,
and 25 nm In diameter, respectively. (b) RIS profiles measured perpendicular to loop A by X-ray micro-
analysis. (c) RIS profiles measured perpendicular to loop B by X-ray microanalysis.

For highly irradiated materials, the induced radioactivity may be too high for X-ray microanalysis to
be a viable technique to measure RIS. The induced radioactivity can result in high background or in hole
spectra, high deadtime, increased peak width, and ultimately detector saturation. Reducing the amount of
activated material or Increased shielding of the X-ray detector can extend the useful range of this tech-
nique. In contrast, PEELS is relatively insensitive to the induced radioactivity of the specimen as a
result of the location of the detector {<1000 mm from the specimen as opposed to -20 mm for typical EDS
detectors). Preliminary measurements of RIS profiles at a grain boundary have been made with both EOS and
PEELS for a non-radioactive, ion-irradiated specimen. Figure 4 shows the chromium RIS profiles masured
by these two techniques. The agreement is good as both techniques give similar profiles and the width of
the depleted zone is comparable (-20 nm FWHM). The PEELS measurements indicate a slightly lower chromium
level at the boundary (-10.7 at. % Cr) than that indicated by EDS (-11.6 at. % €r}. This is consistent
with PEELS being less influenced by beam broadening effects than is X-ray microanalysis. Beam broadening
[[ZSSSUHS in averaging composition over a larger volume and results in the higher chromium level observed by



242

o

ORNL-DWG 90-16399 There are several difficulties in applying
75 ] 1 ] 1 PEELS to RIS measurements in austenitic stainless
steels. The major problem is reproducibly
defining the form of the rapidly decreasing
background at each elemental edge. This is
complicated by the presence of a thin oxide layer
on the surface of the specimen, the proximity of
the Cr, Mn, Fe, and Ni L edges, and the extended
- structure of these edges. In addition, the
proximity of the Cr and Mh L edges makes quan-
tification of the manganese content relatively
imprecise. However, X-ray microanalysis of
manganese in an irradiated stainless steel is
PR A A e L also impaired by the emission of a M K x ray by
Cr i 4. the irradiation-produced 55Fe. Surface films of
154 .o = "--. B differing composition from the matrix can affect
measurements in thin films for both EOS and PEELS
Ni analysis alike. The last problem for PEELS is
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Discussion and Conclusions

8.0 t
For grain boundaries and relatively large
dislocation loops (#50-nm-diam) in irradiated
3% 48 J B USPCA austenitic stainless steel, it has been
o 3.5 - shown that RIS results in the enrichment of sili-
.g [ con and nickel and deoletion of chromium and
— B iron. There are several effects which can inter-
Dol Ni fere with the accurate assessment of RIS profiles
= associated with smaller dislocation loops. These
17,1 include 1) reduced segregation at small loops
O 24 B (which will be discussed later), 2) reduced spa-
o & tial extent of loop and associated RIS zone rela-
g o . tive to the foil thickness and excited volume,
3 12- - :
0.0 .
-75 -45 -15 15 45 75 enriched in a particular solute, another region
must exist that is depleted in that solute. 1T
DISTANCE (nm} the distance seoarating these two regions is
smaller than the volume analyzed, little or no
Fig. 3. (a,b) RIS profiles measured by x-ray segregation will be detected.

microanalysis at a migrating boundary in EP838 stain-
less steel irradiated in MOTA/FFTF to a nominal dose
of 15 dpa at 520°C.

The degree of RIS to a dislocation loop is determined by its stress field. The stress field for
small loops decreases as 1/distance?®, whereas a 1/distance dependence applies to an infinite straight
dislocation. As a dislocation loop grows, it passes from one regime to the other and the volume
influenced by the loop increases dramatically. For a small dislocation loop, both the strength of the
interaction with point defects and the small interaction volume reduces the amount of RIS. As long as a
loop continues to attract point defects, RIS will continue and will tend to increase the degree of com-
position change. From these effects it can be seen that RIS at small loops should be significantly less
than that at larger loops. Though the dislocation climbs away from the segregated region. the climb rate
is proportional to the difference in the self-interstitial and vacancy fluxes, whereas RIS i s proportional
to the individual fluxes. In addition, back-diffusion of the segregated solutes occurs at slower rates
more typical of thermal diffusion. These two effects in part explain why significant compositional

changes are detected at both the dislocation and across the entire fault plane of the loop, 2 though RIS
takes place to the dislocation.
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ORNL-DWG 90-16401 In the high manganese austenitic stainless
30 steel, EP838, manganese i s the primary solute
depleted at boundaries by RIS. This is an
Cr interesting result in that chromium is not strongly
25 4 depleted and as such the alloy ney be more resis-

B tant to irradiation-assisted stress corrosion
cracking. In addition, the stability of the
austenite may not be seriously compromised by the
manganese depletion as a result of the nickel
enrichment at the boundary.

The preliminary results comparing EDS and
PEELS measurements of RIS indicate that PEELS is a
viable alternative to X-ray microanalysis. PEELS
offers similar sensitivity for major constituents,
shorter acquisition times, possibly better spatial
resolution, and the ability to analyze highly
radioactive specimens. Data analysis i s more
5 ' : » : labor-intensive than X-ray microanalysis and

reliable, reproducible background fitting routines
-100  -60  -20 20 60 100 poeenigica) product ground Titting routl

DISTANCE (nm})

Fig. 4. Chromium RIS profiles in a mdified
type 316 stainless steel ion-irradiated at 675°C to
1dpa as measured by X-ray microanalysis {EDS) and
by parallel electron energy loss spectroscopy
(PEELS).

COMPOSITION (at.%)

FUTURE WORK

Microanalysis of RIS to dislocation loops in irradiated EP838 will be performed for comparison with
that observed at grain boundaries. The application of PEELS to mederately activated USPCA, where EDS
analysis is still possible, will be performed to further validate the technique. At that point PEELS will
be applied to detect RIS at grain boundaries and other defects in highly radioactive material, where X-ray
microanalysis is not possible.
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RAD K TION-INDUCED GRAIN BOUNDARY SEGREGATION AND SENSITIZATION F A NEUTRON-IRRADIATED AUSTENITIC
STAIINLESS STEEL -- E. A Kenik (Oak Ridge National Laboratory), T Inazumi (Japan Atomic Energy Research
Institute), and GEC. Bell (Oak Ridge National Laboratory)

OBJEICTIVE

Comparison of X-ray microanalysis of radiation-induced segregation (RIS} to point defect sinks in
irradiated USPCA stainless steel with results of electrochemical potentiokinetic reactivation (EPR)
testing has been made to aid in the understanding of irradiation-assisted stress corrosion cracking
(IASCC).

SUMMARY

Analytical electron microscopy and electrochemical potentiokinetic reactivation {EPR) testing were
applied to the radiation-induced segregation (RIS) and sensitization of a titanium-modified austenitic
stainless steel irradiated to 9 dpa at 420°C in the Materials Open Test Assembly (MOTA) of the Fast Flux
Test Facility (FFTF). The EPR testing of both solution annealed (SA) and 25% cold-worked (CW) materials
indicated a significant increase in the reactivation charge {P;}. Both optical and scanning electron
microscopy of the specimen surface after EPR testing indicated preferential attack at grain boundaries,
indicative of sensitization. In addition, localized attack of the matrix was observed. Though precipi-
tates were occasionally present on grain boundaries, they were not chromium-rich M23Cg, but nickel- and
silicon-enriched G phase. Faulted loops, fine Y' precipitates, and isolated cavities were observed in the
matrix. X-ray microanalysis indicated significant RIS at high-angle boundaries in both materials. Deple-
tion of chromium to apparent levels of 10 at. % was observed in the irradiated SA material. The bound-
arieS were enriched in nickel, silicon, and titanium (up to 28. 6, and lat. % respectively) and depleted
of #ron and mlybdenum (as low as 54 and 07 at. %, respectively). The width of the segregation zone was
very narrow {<6 nm). Similar grain boundary RIS was observed in the cold-worked material. There was also
evidence for boundary migration in the cold-worked material (boundary facetting and asymnetric composition
profiles). Voids and faulted dislocation loops in the SA material also exhibited similar RIS.

PROGRESS AND STATUS
Introduction

Irradiation-assisted stress corrosion cracking (IASCC) of austenitic stainless steels neutron-
irradiated at low temperatures (-300°C) has become a major concern for water-cooled nuclear power
systoms.1=% It is also of concern in the design of proposed magnetic fusion devices. JASCC has been
reported in type 304 stainless steel at fast neutron fluences (E > 1MeV) above -5 x 102¢ neutrons/cm?.
While there are parallels with intergranular stress corrosion cracking (IGSCC) of thermally sensitized
materials, there are still questions about the exact origin of IASCC. The relative importance of
radiation-enhanced precipitation versus radiation-induced-segregation (RIS) is of concern, as is the
magnitude and spatial extent of segregation and identity of the segregating species. In some studies RIS
of Silicon and/or phosphorus to grain boundaries has been indicated as the dominant origin of IASCC,%»®
whereas other studies question the role of phosphorus and indicate that RIS-induced chromium depletion is
responsible.”»8 The current work combines electrochemical potentiokinetic reactivation (EPR) testing for
sensitization with subsequent analytical electron microscopy of RIS in a neutron-irradiated austenitic
stainless steel, the prime candidate alloy (PCA) developed for fusion reactors. The one-to-one correla-
tion of sensitization and segregation is aimed at further understanding of the IASCC problem.

Experimental Procedures

The alloy studied was a titanium-modified, austenitic stainless steel, PCA developed by the US
Department of Energy Fusion Materials program. The composition of PCA is given in Table 1. The main dif-
ference between PCA and a commercial Type 316 stainless steel is the lower chromium level (15 at. %) and
the addition of 0.28 at. % Ti in PCA The material was prepared in the as-solution-annealed (SA) at
1100°C for 05 h (SA) and as-25%-cold-worked (CW) conditions. The specimens (3-mm-diam, 0.25-mm-thick
diskS) were irradiated in the Materials Open Test Assembly (MOTA) of the Fast Flux Test Facility (FFTF) at
420°C to 9 dpa. Control specimens were aged at 420°C for 5000 h to simulate the thermal history of the
irradiated specimens.

Electrochemical characterization was performed on TEM disks by single Igop EPR testing in an appara-
tus designed for radioactive materials, which has been described previously.? Conditions for EPR testing
and the use of the normalized reactivation charge (Pa) to indicate the degree of sensitization followed
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Table 1. PCA Alloy Composition suggestions by Clarke et al.!0 The specimen surface after EPR testing
was observed with both optical and scanning electron microscopy

Element Weight % Atomic % Subsequently each specimen was prepared for analytical electron
microscopy (AEM) by electropolishing at ~10*C in 10:6:1 methanol :butyl

Fe 65.00 65.03 cellusolive:perchloric acid. X-ray microanalysis was performed in a
Ni 16.20 1542 Philips EMA00T/FEG in the scanning transmission electron microscopy mode
Cr 14.00 15.05 with a probe diameter of <2 am.11  Subtraction of “in-hole* spectra from
Mo 230 134 the measured spectra corrected for 1) the normal “in-hole“ counts asso-
Mn 180 183 ciated with uncollimated radiation from the microscope illumination
Sl 0.40 0.80 system!2 and 2) radiation associated with the induced radioactivity of
Ti 024 028 the specimen from neutron irradiation (predominantly Mn K X rays). The
C 0.05 0.23 quoted compositions are in atomic percent and are as measured, and no
P 0.01 002 attempt has been made to deconvolute the effect of excited volume size 0n
S 0.003 0.005 the actual composition or profiles.

Results

Reactivation curves for the irradiated and thermally aged control specimens are shown in Fig. 1 The
peak in reactivation current density occurred at approximately —120 mV referenced to a saturated calomel
electrode (SCE) for all specimens. In both SA and CW conditions, the peak current densities for the irra-
diated materials were approximately a thousand times higher than those for the control specimens. The
individual curves were quite reproducible when the initial surface conditions were duplicated {i.e.,
electropolishing to remove surface oxideletching from previous EPR testing, followed by passivation at
+200 mV vs SCE for 2 min). There was only a slight difference in the reactivation curves for the SA and
CW materials. The Flade potential (that potential at which the current density starts increasing) was
substantially higher for the irradiated specimens (increasing by approximately 75 and 125 m¥ for the SA
and CW conditions, respectively).

The reactivation charge is the
integral of the charge associated with

ORNL-DWG 89M-16790 the current density peaks in Fig. 1
200, V72 The reactivation charge normalized by
. // the grain boundary area [Pa
] - - 25% CW. 420°C, 9 dpa (couTombs /cm2)] (ref. 9) was calculated
100 - ” - §5Ao'/ 4@3\;052909 LA for each specimen. The average P4
== SAa20°C x 500(§h values for the irradiated specimens (62
: and 54 coulombs/cm? for the SA and CW

conditions, respectively) were over two-
orders-of-magnitude higher than those
for the thermally aged controls (0.14

and 024 coulombs/cm? for the SA and CW
conditions, respectively). The dif-
ferences in the SA and CY conditions

p
=
=1

(=
NN SUERS FRUE

& were not significant. The Py values for
§ " two different specimens for each con-
-300 5 dition were in good agreement.
4 Optical micrographs of the surface
-400 - of the thermally aged control and irra-
] - diated SA specimens after EPR testing
9 are shown in Figs. 2{a) and 2(b),
A respectively. The control SA specimen
_q o 1 2 A 5 exhibited very little etching; whereas
10 10 10 10 10 100 10 the irradiated SA specimen exhibited
MEASURED CURRENT DENSITY (pA/cm’) both preferential grain boundary attack
and fine, uniform etching in the matrix.
Fig. 1 Reactivation curves for both thermally aged The maximum width of the grain boundary
and irradiated specimens of SA and CW PCA. etching was approximately 1 wm.

Similar microstructures were observed
for the GV materials. The irradiated
CW material also exhibited preferential
attack at shear bands.

Figure 3{a) shows the microstructure of the irradiated SA material. A high density of fine faulted
loops (-50-nm-diam) i s observed in the matrix along with a low density of voids. At the grain boundaries,
occasional precipitates are observed along with a 70-nm-wide zone denuded of voids. Little or no denuded
zone for faulted loops is observed. Figures 3(b) and 3{c} give measured composition profiles near the
grain boundary in Fig. 3{a) for the major and minor alloying elements. In a zone -5 m wide (full width,
half maxmum = PAHV) at the boundary, iron and chromium are depleted and nickel, silicon. and titanium are
enriched. Molybdenum is depleted over a wider zone (-13 rm PAHV).  Outside this near-boundary zone is a
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Fig. 2. Optical micrographs of SA PCA after EPR testing. (a) Material aged at 420°C for 5000 h.
{b) Neutron-irradiated material.

egregation is reversed. As such, a depletion (enrichment) in t@e bgun-

hment (depletion) in the secondary zone. This is 111ustraEed 1ndF}g.
i iti is indi imi ffects are observed ftor

3(p) for iron where the composition far from the boundary is 1nd1c§ted. S1m1!ar ef e 0

cérgmium, nickel, and silicon. For the SA material, the local minima (or maxima) in composition was

always found at the position of the grain boundary. No segregation was detected at cohgrent twin boun-

daries; whereas incoherent twin boundaries exhibited segregation similar to that at grain boundaries,

though at a slightly reduced level.

second zone where the sign of the.s
dary zone results in a slight enric

Figure 4(a) illustrates the microstructure of the irradiated CW material. Amid the dense dislocation
network remaining from cold-working, fine (~40-nm-diam) faulted loops and occasional voids were observed
in the matrix, though at a significantly lower density relative to the SA material. Figure 4(b) and 4(c)
give measured composition profiles near a long straight section of the facetted grain boundary in Fig.
4(a) for the major and minor alloying elements. Similar to the SA material, depletion of chromium, iron,
and molybdenum was observed near the grain boundary along with enrichment of nickel and silicon. The two
differences relative to the results for the SA material were that, for this boundary in the irradiated CW
material, the profiles were asymmetric with respect to the boundary and that the local minima (or maxima)
was not at the boundary position, but ~3 nm to one side. This result was taken as an indication for
migration of that boundary. Two other microstructural observations were in agreement with such a conclu-
sion; the facetting of the boundary and the lower dislocation density in the vicinity of the boundary.

The histogram of measured compositions given in Fig. 5 summarizes some of the current segregation
results. The matrix composition corresponds to 1.2 Si, 0.3 Ti, 16.6 Cr, 65.5 Fe, 15.3 Ni, and 1.2 Mo
(at. %). Grain boundaries in both the SA and CW materials are depleted of chromium, iron, and molybdenum,
but are enriched in silicon and nickel. The degree of RIS appears to be more pronounced in the SA
material relative to the CW material. However, insufficient boundaries have been analyzed to clarify
whether there is an actual difference in RIS for the two materials or if the effect may simply reflect a
boundary-to-boundary variation in RIS. The chromium level observed at grain boundaries ranged from
10.5 to 12.5 at. % Cr for the SA material and 13 to 15 at. % Cr for the CW material. The lower chromium
level was observed for the facetted boundary in Fig. 4, which appeared to have migrated during irra-
diation. The lower dislocation density adjacent to this boundary may be the reason for the similarity
of its RIS profiles to that of the boundaries in the SA material.

Only semi-quantitative analysis of the grain boundary precipitates in the SA material was possible as
a result of their small size and resultant excitation of the adjacent matrix. The average measured com-
position was 46 Fe, 31 Ni, 12 Cr, 9 51, 1 Ti, and 1 Mo (at. %). The composition of these precipitates
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Fig. 3. (a) Microstructure of irradiated SA material. Note faulted loops, voids, and zone denuded
of voids at grain boundary. {b,c) Elemental profiles across boundary in region indicated by line in Fig.

3(a). Dashed line indicates average iron composition in matrix away from segregation zone.

relative to the matrix i s presented in Fig. 5 The precipitates are depleted in iron, chromium, and
molybdenum relative to the matrix, whereas they are enriched strongly in silicon and nickel and slightly
in titanium. Electron diffraction patterns were consistent with a cubic phase with a lattice parameter of
11 m The precipitates were identified as G phase, a nickel-rich silicide, and not chromium-rich M23C¢-
A similar nickel/stlicon enriched phase, n, was eliminated as it contains roughly equal levels (-30 at. %)
of chromium and nickel.'3 O the basis of their composition relative to the matrix, the formation of the
grain boundary precipitates is not the cause of the observed composition changes at grain boundaries but
is rather the result of RIS at the boundary. In contrast to the SA material, the CW material did not
exhibit grain boundary precipitation. This indicates that the magnitude of RIS was reduced by the high
sink strength associated with the dislocation network in the CW material.

In an attempt to understand the fine matrix etching observed after EPR testing, X-ray microanalysis
of two types of matrix defects, voids and faulted loops, was performed in order to check for RIS. For the
SA material, regions containing a void exhibited average compositions of 36 Si, 129 Cr, 608 Fe, 218 Ni
and 07 Mo, whereas faulted loops exhibited average compositions of 22 Si, 158 Cr, 622 Fe, 185 Ni, and
10 Mo (at. %). As such, RIS to both voids and faulted loops is similar to that at grain boundaries,
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Fig. 4 (a) Microstructure of irradiated OW material. Note dislocation network, occasional faulted
loops and voids, and region of lower dislocation density near the facetted grain boundary. (b,c)
Elemental profiles across boundary in region indicated by line in Fig. 4{a). Dashed line indicates
average iron composition in matrix away from segregation zone.

though possibly at a reduced level. However, the measured compositions are biased toward the matrix com-
position as a result of the defects not extending through the foil thickness and the finite size of the
excited volume associated with incident probe size and beam broadening. Therefore, segregation at voids
and loops may be similar in magnitude to that at grain boundaries. Such similarit:y of RIS has been
observed for larger faulted loops and grain boundaries in ion-irradiated stainless steel.l* Composition
profiles in the matrix have indicated periodic fluctuations in composition with chromium- and iron-enriched
(nickel- and silicon-depleted) regions alternating with chromium- and iron-depleted regions. The chromium
fluctuated -3 at. % Cr with a period of -60 rm_ Such a wavelength is mich too small to be associated with
the low density of voids, and a one-to-one correlation with the faulted loop structure could not be
discerned. The origin of these composition fluctuations will be discussed further at a later point.

Figures 6(a,b) show electron diffraction patterns from the matrix that indicaie the presence of pre-
cipitates. Besides spots which are consistent with the y' (Ni3Si) phase, extra spots near the l» {311}
type positions were observed at <112> and <130> zones. These extra spots did not shift significantly with
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tilt. As the extra 2 {311} spots and those pre-

sumed to arise from y' form a two-dimensional
‘| [ Matrix net, the possibility that a single non-y~ precip-
EZ GB in SA Material itate phase is present had to be addressed.
—~ 309 B¥GB in CW Material Figures G(c,d{,zshow dark-field images of the same
B2 L area using a lp(113) reflection and a presumed
s | W GB Precipitate (001) reflection for y', respectively, near the
— [211] orientation. These two images demonstrate
c that the 142{311} type reflections arise from the
‘g 20 nearly face-on faulted loops, whereas the other
v reflections arise from fine (-6-nm-diam) matrix
g precipitates consistent with ¥~ phase.
g Detailed consideration of the geometry for
o the reciprocal lattice of a faulted fcc material
for both orientations in Fig. 6 has shown that a
111 relrod will appear at the exact 1/2(113) posi-
tion when the matrix (113) reflection is strongly
diffracting. In addition, the position of the
111 relrod intersection IS relatively insensitive
to slight specimen tilts as the relrod is nearly
Element perpendicular to the zero order Laue zone {19° to
the [211]).
Fig. 5 Composition histogram for matrix, two
grain boundaries in SA material, two grain boundaries The spacing of the larger ¥' particles in
in W material, and grain boundary precipitates in Fig. 6{(b) is -40 mm similar to the wavelength of
the SA material. Iron levels can be estimated by the periodic composition fluctuations observed by
difference from 100%. X-ray microanalysis of the matrix. The presence

of fine ¥' (Ni3Si) would result in composition
fluctuations of the type observed (chromium- and iron-enriched regions versus nickel- and silicon-enriched
regions).

Discussion

The large values of the normalized reactivation charge, P_, and the preferential grain boundary
attack observed after EPR testing for the irradiated materials®indicates that both the SA and CW materials
have been sensitized. However, the validity of P, as an indicator for the degree of sensitization is
questionable. The occurrence of matrix etching afid the associated current results in anomalously high
values of P, . |If the reactivation charge for the irradiated materials is normalized by the entire surface
area EPR telted, rather than by the grain boundary area, the values are 18 and 15 for the SA and CW
materials, respectively. The actual values of Py for the grain boundary regions must be higher than this
average value, as preferential attack of the boundaries was observed. As such, the reactivation charge
for the grain boundaries is probably equal to or greater than the 2 coulombs/cm? indicated by Clarke et
al.1® as the critical value for IGSCC of thermally sensitized Type 304 stainless steel.

X-ray microanalysis indicates similar RIS at grain boundaries, voids, and faulted dislocation loops.
Chromium, iron, and molybdenum are depleted at these point defect sinks, whereas silicon and nickel are
enriched. These results can be explained by either the solute sizefinterstitial mechanism!® or the
vacancy inverse Kirkendall mechanism.'® |n general, the undersized andlor slow diffusing solutes {e.g.,
Ni and Si) move toward point defect sinks; whereas oversized and/or fast diffusing solutes {e.g., Cr and
Mo) move away from sinks. However, titanium is an oversized solute, but was observed to segregate to
boundaries in the SA material. One possible explanation for such behavior has been suggested by Marwick
et al.1?7 They postulated the diffusion of a vacancy-titanium atom complex in order to explain the rever-
sal of titanium segregation at temperatures below 400°C., Migration of such a complex would result in
titanium enrichment at point defect sinks. No segregation of phosphorus to grain boundaries was observed
in either SA or CW material. However, PCA has a low phosphorus content (0.02 at. %), and the titanium
present in the alloy would getter what 1ittle phosphorus was present.

Both chromium and molybdenum are critical in the formation of protective passive films for Type 316
stainless steels. A nominal chromium content of -13 at. % (12wt %) is required for an austenitic
stainless steel to maintain its corrosion resistance. X-ray microanalysis revealed that chromium levels
at or below 13 at. % were observed at grain boundaries of both irradiated materials. Molybdenum levels
were reduced nearly twofold to 07 at. % at the boundaries. As the measured compositions represent the
average composition of the excited volume, the actual chromium and molybdenum levels are below that
measured. These depletions result in the local breakdown of the passive film and subsequent preferential
attack of grain boundaries. As the grain boundary precipitates observed were not chromium or molybdenum
enriched relative to the matrix, the observed composition changes and the associated sensitization must
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CONCLUSIONS

The increased reactivation charge and grain boundary etching observed after EPR testing indicates
radiation-induced sensitization. Matrix etching of the irradiated materials suggests similar RIS at
matrix defect sinks. The reactivation charge {P,) normalized by the grain boundary area cannot be used as
an index for comparison to thermal sensitization, as a result of the charge associated with the matrix
etching. If the reactivation charge is normalized by the total area, the P, values are close to
2 coulombs/cm? which is the critical level determined for 1GSCC of thermally sensitized Type 304 material.
There were no significant differences in the EPR results between the irradiated SA and CW materials.

X-ray microanalysis indicates RIS depletes chromium, iron, and mlybdenum and enriches silicon and
nickel at high-angle grain boundaries, voids, and faulted dislocation loops. No phosphorus segregation
was observed in either material. Whereas RIS was detected at incoherent twin boundaries, none was
detected at coherent twin boundaries. Segregation of titanium, an oversized solute, to grain boundaries
was observed in the SA material. Grain boundary precipitates observed In the SA material were identified
as G phase silicide, which cannot contribute to the observed chromium depletion. The formation of fine y'
precipitates was observed in the matrix and contributed in part to a periodic fluctuation in composition
observed in the matrix.
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DEVELOPMENT OF CERAMIC COATINGS FOR LIQUID METAL BLANKET APPLICATIONS - D. Y. Wang
(Dept. Mech. Engr., National Chung Hsing University, Taichung, Taiwan), A. B. Hull, M. R. Fox, and C. E.
Campbell (Argonne National Laboratory)

OBJECTIVE

Two major concerns for liquid metal blankets in magnetic fusion reactor designs are the corrosion resis-
tance of the structural material and the magnetohydrodynamic (MHD) force and its subsequent influence on
thermal-hydraulics and corrosion. The objective of this study is to develop stable, corrosion-inhibiting ceramic
coatings at the liquid metal/structural material interface with an emphasis on electrically insulating coatings
that prevent adverse MHD-generated currents from passing through the structural walls.

SUMMARY

Based on a preliminary survey of more than 15 oxides and nitrides, four materials (CaO, MgO, Y203, and
BN) were identified as candidates for insulator coating development. Additionally, Cro03, V40, and (V,Ti),N
were included for study because of their chemical stability in liquid lithium and their potential as corrosion
inhibitors. These ceramic compounds were fabricated by a variety of techniques and exposed to flowing lithium
at 400°C to assess chemical compatibility. Preparation technologies included hot-press-sintering of MgO, CaO,
and Y,0g; diffusion coating of CrgOg; oxidation of vanadium; and reactive sputtering of BN. Among the three
hot-press-sintered materials, only Y503 displayed acceptable corrosion resistance when exposed to high purity
lithium. A ferritic substrate alloy (HT-9, coated with a 1-um-thick BN layer) was immersed in flowing lithium at
400°C for 1 h, after which its physical stability and chemical compatibility were determined to be unacceptable.
Chromized V-20Ti and oxidized V-20Ti immersed in flowing lithium at 410°C for 100 h showed greater potential
for further development than did the BN insulator coating. Preliminary work has begun in the development of
in-situ-formed insulator coatings. The first step has been to examine the characteristics of (V,Ti)xN reaction
product layers formed after exposure of V-Ti specimens to flowing lithium. Work is also in progress to test a self-
regenerating CaO-V;,05-type insulator coating on a vanadium substrate.

PROGRESS AND STATUS
Intr ion and Back

Liquid lithium is an attractive material for both the coolant and tritium breeder in fusion blankets.
However, its use presents some unique compatibility problems. One possible way to combat these problems is
through the use of ceramic coatings. The lithium is also subject to MHD forces as it flows through the high
magnetic fields present in fusion reactors. These forces will alter the flow profiles of the lithium, produce
additional stresses in the structure, and result in higher pumping power requirements. The net result is a
limitation on heat removal capability.] Because of these MHD effects, a high-electrical-resistance ceramic
coating is preferred. By placing such a coating at the liquid metal/structure interface, heat transfer related to
MHD turbulence will be enhanced in two ways: (1) the insulating coatings will diminish the induced currents
and thus suppress turbulence, and (2) higher flow velocities will be facilitated and thus create higher Reynolds
numbers and lower interaction parameters.2 Besides reducing the MHD effects, the insulating wall has the
potential to reduce interstitial impurity transport and protect vanadium from the formation of V205 in the system
outside the liquid-metal blanket. The major concerns for insulator coatings are compatibility with liquid metals,
thermal stresses and cycling behavior, and long-term effects of irradiation.3 The conceptual basis for the
fabrication of selected thin insulator coatings on the surface of the conducting wall or a laminated insulator with
a thin metallic layer over an insulator on the wall has been discussed previously.# A similar approach for
developing a low Z coating to face the hydrogen plasma in tokamaks is described elsewhere.5 The objectives are
different but the coating methodology is similar. Other studies have investigated the engineered formation® of
diffusion coatings in liquid metal systems and the suitability of various in-situ coating technologies.”

Experimental Procedures and Results
1. Screening Tests of Candidate Ceramic Insulators

Based on a preliminary survey4 of more than 15 oxides and nitrides, four insulators (CaO, MgO, Y303, and
BN) were identified as the candidate materials for insulator coating development. Screening criteria included
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electrical resistivity, thermodynamic stability in contact with liquid lithium, radiation stability, mechanical
integrity, fabricability, activation, and cost. Experimental results8 fraon studies of the corrosion resistance of
ceramics in static lithium for 100 h at 816°C were also consideredin finalizing the candidate ceramic materials.

2. Coating Fabrication

Three types of coating processes (additive, reactive, and autogenous) are being investigated to meet both sets
of criteria, imposed by both first wall and liquid-metal blanket conditions. Additive processes that have been
examined in our laboratory include plasma vapor deposition and reactive RF-sputtering. Reactive processes that
have been explored include diffusion coating and oxidization. Autogenous processes that have been
experimentally examined include in-situ coating of calcium vanadate and a V-Ti-N reaction product layer formed
in 410°C flowing lithium.

Beactive Magnetron Sputtering: BN, Cubic boron nitride coatings on HT-9 alloy (Fe-12Cr) were produced by
reactive sputtering.® Plasma was generated from a pure boron target, without reverse bias, in an atmosphere

containing an No/Ar mixture in the ratio of 1.4, A 1-pym-thick BN film was successfully grown on the surface of
HT-9 in 4 h. Microhardness tests showed a significant hardness increase over noncoated HT-9, and electrical
resistivity was orders of magnitude higher than the required 102 Qm (Table 1).10 Figure la is a scanning electron
microscopy (SEM) photograph of the cross section of the BN coating on HT-9.

: 203 MgO, Ca0, and Y903z were fabricated as bulk speC|mens (Table2)
due to the lack of suitable target materials for sputtering and source powders for thermal spraying. Ceramic
powders were ball-milled to -1-3um in size before sintering. Solid ceramic disks were produced in a hot-press-
sintering furnace, Densified transparent MgO disks (95%theoretical density) were formed at 1500psi at 1200¢C
for 1h. Because higher densification could be expected at the center portion of the disk, only this region was cut
into the final specimens. Y,C4 was cold pressed for 1min at 3000 psi and then hot pressed at 1280°C for 1.5hat
3690 psi. CaO was formed by cold pressing for 5 min under 2100 psi and then sintered in air at 1200°C for 24 h.

Diffusion Coating: CroQ3 Because Cry0Oy is one of the most commonly applied coating materials for high-
temperature protection in oxygen- and/or sulfur- containing environments, 12,13 a vanadium alloy (V-20Tj) coated
with chromium was included in the test matrix. The objective was to grow a diffugion layer of chromium on
V-20T4, to serve as a source of chromium for CrgOg4 formation in the lithium environment and to provide strong
diffusionbonding against spalling of the in-situ-formed oxide layer. A 20-um-thick diffision layer grew after 16 h
inan argon environment at 1000°C with a cementation pack consisting of 60 wt.% Cr, 36 wt.% Al;O4, and 4 wt.%
NH4Cl, Because Cr is a strong oxygen getter, the chromized vanadium alloy formed a thin and stable oxide layer
at the surface during exposure to the liquid metal environment. To examine the compatibility between the CryOg
and liquid lithium, a second set of chromized specimens were preoxidized at 800°C for 30 min before the exposure.
The surface layers of both the as-chromized and the chromized and preoxidized ¥V-20Ti samples can be seenin
Fig. 2.

Table 1. Compatibility of Bulk Ceramic Specimenswith 410°C Flowing Lithium

Specimen Characteristics Response to Lithium Exposure
Electrical
Resistance
Fabrication at600°Ca Time Weight Loss
Compound Technique (Qm) (h) (%) stability
Cao Sintering 108 140 4272 Heavily corroded
MgO Hot—press sintering 109 8l 64.65 Heavy disaolution
Y203 Hot-press sintering 107 140 0.04 NO visible corrosion
SialNy — 108 Bl 192 Unstable, cracked

aSouree: Ref. 10.



250

ORNL-PHOTD 3724-90

Fia. 6. (a.b) Electron diffraction patterns indicating extra spots at {011} and Y2{113} positions in
[211] aid [130] zones, respectively. (c) Dark-field image taken with a 12{113} reflection near the [211]
zona. (d) Dark-field image taken with a (011) reflection near the [2111 zone.

result from RIS at the boundaries and not from the radiation-induced precipitation. The mechanism respon-
sible for sensitization under irradiation differs from that under thermal aging, where the formation of
chromium-rich M,3Cg precipitates results in the observed chromium depletion.

The matrix etching observed after BPR testing indicates localized composition changes in the matrix,
presumably the result of RIS at some point defect sink. Regions containing voids exhibit measured chro-
mium depletions sufficient to cause local passive film breakdown. However, the CW material exhibits
sigrificantly lower void density than the SA material, whereas the matrix etching is similar. Faulted
Toops also exhibit chromium depletion induced by RIS. The formation of fine ' ?Ni3Si) would also result
in local variations in composition. Periodic composition fluctuations (3 at. % Cr) have been observed in
the matrix with wavelengths of -60 rm  The actual chromium levels are less than those measured as a
result of the relative size of the excited volume, foil thickness, and defect size for either loops or ¥'
precipitates. While the spacing of the larger ¥ precipitates is -40 nrm, close to the wavelength of the
composition oscillations, it is not clear which of these defects, voids, faulted dislocation loops, or ¥'
precipitates, is responsible for the localized matrix attack.
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Fig. 1. SEM cross sections of as—coated BN on HT-9 substrate (a) before and (b) after exposure to flowing
lithium at 410°C for 100 h.

Table 2. Compatibility of Ceramic Coatings and Underlying Substrates with 410°C Flowing Lithium

Insulator Coating Characteristics Response to Lithium Exposure
Elect.
Resist. Weight Weight
Ceramic Metallic Fabrication at 600°C? Weight Thickness Time Loss Loss
Compound  Substrate Technique (Qm) (g) (um) (h) (g) (%)  Compatibility
V.0 A Oxidation 0.3b 0.0020 10 140 0.0008 0.154  Good
V0 v Oxidation 03 0.0019 10 140 0.0009 0.160 Good
Crq0g V-20Ti Diffusion coating 1 0.0107 20 100 0.0001 0.016  Excellent
Cry0g V-20Ti Diffusion coating® 1 0.0109 20 100 0.0052 1.101  Unacceptable
-- V-20Tid - -- -- o 100 - 0.09 --
BN HT-9 Reactive RF-sputtering  5x10° 0.0009 1 100 0.0015 0.064  Ext. dissolution
BN HT-9 Reactive RF-sputtering ~ 5x10° 0.0009 1 1 0.0017 0.072  Ext. dissolution
- HT-94 -- -- -- -- 100 - 0.02 .

aMagnitudes are given in Refs. 10 and 11.

bV505 at 660°C.

cPre-oxidized.

dUncoated HT-9 and uncoated V-20Ti were also included in the lithium exposure as standards.

Oxidation Coating: V,0. Pure vanadium was exposed to air at 600°C for 4 h to form an 8-um-thick oxide
layer (Fig. 3A). Analysis by X-ray diffraction (XRD) and energy-dispersive spectrometry (EDS) before lithium
exposure revealed that the layer consisted mainly of V305, VOq g, V7013, and VgO 13

Autogenous Coating: Ca0-V505. Thermodynamic analysis!® suggests that a Ca0-V,0p -type coating can
form on vanadium where the oxygen is derived from that present in the vanadium and the calcium is supplied by
the calcium-enriched lithium. Calcium vanadate is an attractive candidate for an in-situ-formed coating because
of its intrinsically high electrical resistivity.16 The concept was experimentally tested by immersing oxidized
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Fig. 2. SEM eross sections of () chromium diffusionlayer on V-20Ti and (b) chromized and preoxidized
coalting on V-20Ti.

18rm WD38

Fig. 3. SEM cross sections of V<O coating on vanadium (a) before and (b) after exposure to flowinglithium
410°C for 100h.

vanadium coupons in 400°C flowing lithium containing>250 ppm calcium. After a 100-h lithium exposure, there
was no XRD or EDS evidence of a ternary calcium vanadate. Future studies will be conducted with preformed
caleinm vanadate to examine the chemical stability and electrical resistivity of this material after exposure to
liquid lithium.

3. Compatibility with Lithium

Figure 4 is a plot of the standard free energy of formation of the oxide and nitride compoundsin our
expeiriments, along with the chemical potentials of dissolved oxygen and nitrogen in liquid lithium at
concentrations of 10-3, 1, and 103, 9.15,17 The two nitride candidates (BN and 8igN4) have thermodynamic
stabilities descendingin that order. BN can be expected to be stable in lithium with 100ppm N (Fig. &), whereas
SigNy requires increased N for optimal stability. The four oxides (Ca0O, MgQ, Y503, and CrgO3) exposed to liquid
lithium have thermodynamic stabilities descending in that order. Although the oxygen level in the flowing
lithium had not been evaluated, earlier studies in the same test facility demonstrated that the exposure of yttrium
to relatively high-purity lithium (400-600°C) resulted in formation of a uniform adherent film.18
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3 Fig. 4. Stability diagram showing
1 variation of standard free energy of
] formation of several ceramics and the

chemical potentials of dissolved oxygen
and nitrogen in liquid lithium as a
function of temperature.
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To test the utility of the thermodynamic relationships above, ceramic materials, including a BN coating on
HT-9 (Fe-12Cr), bulk ceramic specimens of SigN4, MgO, CaO, and Y303, oxidized vanadium, and chromized
V-20Ti specimens were exposed to flowing lithium at 400°C with the lithium impurity levels shown in Fig. 5.
Results of the tests are shown in Tables 1 and 2. A description of the FFTL-3 lithium test facility and
characterization of chemical impurities in lithium were presented previously.1?

BN was found to be unstable in high-purity lithium subjected to short-term exposure (<100h). The reaction
was so fast that the BN film on HT-9 dissolved completely after a 1-h exposure (Fig. 1b). The samples with the BN
coating did not undergo a large relative weight loss (Fig. 6), but the entire coating dissolved. Although BN can be
expected to be thermodynamically stable in lithium containing 100 ppm nitrogen (Fig. 4), defects in the film may
have contributed to the poor adhesion to the HT-9 (Fe-12Cr) substrate. Further experiments will be made on bulk
BN specimens or BN-coated vanadium coupons in static lithium capsules.

Based on a tensile stress criterion for cracking, BN, MgO, and CaO are unlikely to develop cracks because
they are expected to be in compression on the metallic substrate.1? However, SigN4 had one of the highest calcu-
lated tensile stresses. The proclivity of SigN4 to cracking was borne out in experimental testing. After a 61-h
exposure in 410°C flowing lithium, SigN, cracked extensively, probably augmented by lithium penetration into the
SigNy lattice.
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The compatibility of the oxide materials with the flowing lithium was rather puzzling in the context of
expected thermodynamic stability. A bulk specimen of MgO was heavily corroded after a 61-h exposure in
flowing lithium. After a 100-h exposure, a CaO specimen had lost nearly one-half of its mass, but a Y,03
specimen showed no signs of corrosion. Therefore, further investigations of electrical insulators in high-purity
lithium will emphasize YoO3. An important concern about the use of yttrium is its high affinity for hydrogen,20
Perhaps the incorporation of Y304 into a very thin surface region of the vanadium-base alloy may suffice as an
electrical insulator2l and prevent the possibility of hydrogen embrittlement of the structural material.

Among the corrosion-resistant alloys, both the as-chromized V-20Ti and the oxidized vanadium showed
promising results. Cross sections of the V, O layer after exposure can be seen in Fig. 3b. Although the as-
chromized V-20Ti sample showed a slight weight gain, it should have gained more weight from stoichiometric
pickup of oxygen than was observed (Fig. 6). The V-20Ti specimen with a preformed Crg0g scale showed greater
weight loss, possibly because of defects in film, as shown in Fig. 2b. Spalling of CrgOg could occur by penetration
of lithium through the pores and cracks. The preoxidation procedure will be conducted in a low-p0,, environment

to reduce the porosity of the oxide layer.
4. Development of In-Situ-Formed Insulator Coatings

For the complex geometries and high-temperature operating environments of interest, in-situ-formed self-
healing coatings appear to offer the most reasonable solution. Excellent-quality diffusion coatings on metals and
alloys have been obtained when the diffusing element has been introduced via a liquid metal, e.g., lithium.6

Formation of the nitride (V-Ti)N on V-base alloys has been observed in various experiments (Table 3). This
nitride surface layer has been associated with limited diffusion of nonmetallic impurities in the liquid
lithinm/structural materials systems: more specifically, a retarded carbon transfer phenomena22 was observed
inV-20Ti alloys. Adelhelm et al.?® observed that corrosion rates of V-3Ti-151 were minimized with 30 wppm
nitrogen in liquid lithium and attributed this to the protective effectof a (V,Ti),N reaction layer with x = 1.55-1.67.
The thickness of this layer was dependent on nitrogen concentration, not time. Chopra and Smith24 also observed
a nitride layer on vanadium-base alloys exposed to liquid lithium. Although no uniform scale was observed in
alloys with a low titanium content {<5%), a uniform, mixed nitride layer formed on V-(15,20)Fi. The thickness
increased with temperature, not time, with values of about 1.5,2.5, and 6.0 um at427, 482, and 583°C, respec-
tively. However, the layer was brittle and could spall under thermal stresses. Votinov et zl.25 found that
titanium, being a more reactive element, caused nitrides to form closer to the surface, and these nitrides limited
further diffusion. Similar reaction products were also found in other lithium compatibility studies,26-2%
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Table 3. Summary of Reported Observations of Reaction Product Layer Formed on V-base Alloys after Li-Exposure®

V-base  Test Condltlons  Lithium Impurities [wppm) Surface Layer Characterization

Observed Alloy Temp. Time Thickness
Reaction Product Substrate  (°CJ (n} N o) c (um) Observations®
VN, VN, Li;VN, v - - - - - - 26
VN \Y 477 140 - - - Reaction products Insoluble in Li27
LizVNy4 Y, 477 23,400 - -- -- Reactlon products insoluble In Li27
Mixed nitrides  V-(15,20JTi 427-538 >700  20-50 8-12  156W Uniform brittle scale24
TIN V-(15, 20/T4 482 »>1600 20-50 8-12 10 Decreased N & Tam Increased hardness™ *
Nitrides V-(5-30)T} 700 500 3833 580 19,000 20  Dense scale. restricted impurity diffusion®5
Nitrides V-(5-30)Ti 700 BOO 13524 1400 35,000 15-40 Dense scale. restricted Impurity diffusion?s
(V. Ti),Nd V-3Ti-181  533-550 =362 8-64 0.3.2 2-3  Density of scale a N content™ *,28
Fe. Cr. Ni enriched \Y 800 1000 200-2000 <250 <50 10  Fiim formed In V/Fe system in static Li2®

Limited t0 open literature: more observations are reported verbally or in Informal dOCUMENTS.

bMore information Bgiven In the cited references.

cSurface layer thickness Increased with temperature and dld not form on alloys with 5%T1 Or Less.

dwhere 1.55<x < 1.67.

Ongoing experiments focus on characterization of the nitride layer on the V-20Ti and titanium specimens
exposed to flowing lithium at Argonne National Laboratory and on measurements of electrical conductivity to
quantify insulation properties.

CONCLUSIONS

Based on a series of scoping studies, diffusion and in-situ-formed coatings appear to exhibit the most
potential for good corrosion resistance and high electrical resistivity in a lithium environment. However,
preliminary experimental studies indicate that the actual stability of BN, MgO, and CaO in lithium is unsat-
isfactory in high purity lithium containing low concentrations of nitrogen and oxygen.The only electrical
insulator material that was compatible on the basis of these preliminary tests was YoOg3. Because some of these
results are not consistent with expected thermodynamic relationships, more tests are warranted. Among the
structural materials, both oxidized vanadium and chromized V-20Ti showed promising results, but more work is
required to develop a suitable preformed CrgO4 layer.

FUTURE WORK

Additional efforts will focus on the development of self-regenerating diffusion coatings and corrosion-
resistant layers that have adequate electrical insulation properties with liquid lithium. If the original coating
cracks or spalls, a new coating would form to maintain the required properties.

Emphasis will be placed on completing the compatibility studies of Y5Oz in lithium at higher temperatures
and for longer exposure periods (>1000 h). Work is also in progress to evaluate the appropriateness of Ca0-V,0s,
AlaOg, AIN, Y3Al50,9, and MgAl,Gy4 as possible electrical insulator coatings For use in flowing lithium.

A critical examination of the stability, corrosion resistance, and electrical resistivity of the vanadium-
titanium-nitride surface reaction layer formed on V-Ti alloys during exposure in lithium will be made.

Successful completion of the coating fabrication and compatibility tests will enable selection of an appropriate
electrical insulator coating. Because the life span of the insulator coating will depend on its mechanical integrity
during service, especially under the influence of neutron irradiation, a series of mechanical and irradiation tests
will begin.
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LITHIUM MASS TRANSPORT IN CERAMIC BREEDER MATERIALS
P. E Blackburn and C. E. Johnson (Argonne National Laboratory)

OBJECTIVE

The objective of this activity is to measure the lithium vaporization from lithium oxide breeder
material under differing temperature and moisture partial pressure conditions.

SUMMARY

The transport of lithium by vaporization of LiOH(g) from lithium ceramics, particularly Liz0(s},
poses a constraint on the maximum operating temperature of the blanket. Experimental measurements have
shown that, depending on temperature, moisture pressure, and proximity of structural steels, the lithium
transport process is complex. For conditions wherein the Liz0(s) is "free standing.” the lithium
vaporization is controlled by the Liz0/H20 system themdynamics that are already well established.
Simply stated lithium transport as Li0OH(g}, increases with increasing temperature and higher partial
pressures of moisture. In the proximity of stainless steel there is an added chemical potential driving
force due to formation of LizCr0y, LiFe0; and LiNiOz. The transport of LioH{g) to the stainless steel is
driven by the concentration gradient of LiGH(g) from that at the Li»0{s) surface and that at the steel
surface. This gas-solid reaction may become important for blanket éesigns where the structural steel is
very close to the Li20(s) ceramic.

PROGRESS AND STATUS

Lithium ceramics are being investigated for use as tritium breeding materials. The lithium is
readily converted to tritium after reacting with a neutron.  With the addition of 1000 ppm Hy to the He
purge gas, the bred tritium is readily recovered from the blanket as HT and HTO above 4000C, Within the
solid, tritium may also be found as L10T which may transport lithium to cooler parts of the blanket.
This process may cause loss of lithium from the blanket, blocking of flow paths, and increase of the
tritium inventory. Laboratory studies have established the pressure of LiOH{g) for reaction of Li20(s)
with water vapor,

05 Liz0{s) + 05 Hp0(g) = LiOH(g). (1)

The purpose of this work is to investigate the transport of LiOH({g) from the blanket material.

Experimental

A fixed bed system was assembled that enabled good contact between the purge gas and the lithium
oxide at high gas velocities. In this fixed bed arrangement, a silver lined quartz tube was used to
hold seven cylindrical Li20 pellets 8 mm long by 53 mm diameter arranged in a close-packed
configuration. A platinum sieve was located at the downstream end to hold the pellets in place. The
space through which the gas flows is divided into three different regions: a single region bounded by two
concentric silver cylinders, six triangular regions bounded on two sides by Liz0 and on a third side by
silver, and six small triangular regions bounded by Li20 on all three sides. q‘he quartz tube assembly
was heated in a clam shell furnace. Chromel-alumel themcouples provided temperature measurement and
temperature control. Helium flowed through two rotometers, one line through a water saturator and the
other line directly from the high purity tank helium. Needle valves on the rotometers were adjusted to
reduce the water content to 5x10-4 atm.  Total flow rates as high as 7000 cc/min (STP) permitted gas
velocities as high as 2600 cmlsec at 850°C,

The furnace was heated to 8500C and held for experimental times ranging from 40 to 300 minutes
followed by cooling to room temperature. After cooling, the silver tube was soaked in water to dissolve
the condensed LIOH. The LIOH solution was added to a 100 mL volumetric flask along with 20 mL of 1-N HC1
to produce the 02-N HC1 solution required for lithium analysis.

The pressure of LiOH was calculated from the lithium analysis and the ideal gas law,

P (Li0H,g) = nRT/V (2)

where n is the number of moles of lithium transported per minute, R is the gas constant, T is the
absolute room tenperature, and V is the volume flow of helium per minute {STP) corrected for the fraction
of helium gas (55.9%) flowing over the Lip0(s).

The gas velocity was calculated from the total volume and the total effective areas of the
three regions. For this calculation the effective diameters were computed from,

deff = 4A/Py, (3)

This work supported by the U.S. Department of Energy, Office of
Fusion Energy, under contract no. W-31-109-Eng-38.
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where deff is the effective, diameter, A the geometric area, and Py the length of the perimeter.
effectiveffarea is 8_1%%5;"% as calculated frogm equation (4). W 9 P The

2 4
Aeff = 7 deff (4)

The decrease in the pressure of LiOH{g) was correlated with increase in flow velocity assuming that
the process is diffusion controlled. The formation of LiOH(g) from reaction of Hz0(g) with Lizo(sgJ isa
two-step process: first, water vapor diffuses from the flowing helium to the lithium oxide surface, and
second, the reaction of H20(g) with Li20{s) produces Li0H{g) which diffuses into the flowing helium. The
two simultaneously occurring processes can be calculated from the product of the fractional saturation of
each process, The fractional saturation of each process may be calculated from tables and equations of
L. S. DarkenZ where the fractional saturation is given as a function of Dt/L%. D is the diffusivity of
LTOH(g) or Hp0{g) in helium, t is the time in seconds, and L is the half-thickness i¥the gas volume
flowing past the lithium oxide. LiOH(g) originates primarily from the six triangular regions bounded by
silver on one side and Liz0(s) on the two other sides and these regions were treated as six slabs. Since
one side of each of these six regions is silver, the value for L is the full thickness. L was estimated
from the root of the product of the diameter of the geometric area and the effective diameter. L is
equal to 0.191 + .077 cm. The dé’ffusivities of Li0H(g) and H20{g) gas in helium were estimated using
equation (5) from R E. Treybal,

(0.00107 - 0.000246 {I7M, + 1/M)T}*3 IT7/M, = 1/M
. A B A B (5)
AB Py (rag) 2LF (kT/€,5) 1

where Dag 1s the djffusivit%/ of L10H{g) (or H20{g)) in He, My and Mg are the molecular weights of LiOH
(or Hp0)and He, T is the absolute temperature, Pg is the total pressure, rAB is the molecular separation

at collision, and f{kT/eag) is the collision function given graphically in E Treybal.

The time for the reaction was calculated from the gas velocity and the length of the Liz0 cylinders
(8 mm). The fractional saturation equation for short times is given by equation (6).

F = 1128 Dt
1D (6)

The fractional saturation equation for long times is given by equation (7).

DL 4 o.0851
(7)

F=1-e3 [ 12
0.4052

At 1123 X, the diffusivities (D) calculated with equation (5) are 6.2 and 6.98 cm?/sec for Li0H(g) and
Hz0(g) respectively. Fractional saturations for LiOH(g) and Hz0(g) were calculated with equations (6)
or (7). These fractional saturations apply to a single step process. The two-step process is assumed

to be the product of Fy g and FL{QH. )
Fprod = FHZO * FLioH (8)

Values for the product are given in column 6 of Table 1. The calculated fractional saturation may be
compared to the measured saturation in column 5 of Table 1. Figure 1shows a plot of the log of the
measured saturation against the log of the calculated saturation.
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Table 1

Calculation of LIOH Fractional Saturationd

PLioH Vol Velocity Residence PLioH/P?  Frctnl Logig Logig
atm cclsec cm/sec Time Saturtn Frctnl
x106 at Temp sec P/PO Saturn
32.3 83 50.2 0.016 1.90 0.999 0.278 -0.0006
12.9 8.7 52.7 0.0152 0.75 0.998 -0.123 -0.0009
16.2 15.8 95.7 0.0084 1.05 0.961 0.020 -0.017

3.39 297 1794 0.00045 0.20 0.103 -0.706 -0.987
20.9 123 74.4 0.0107 1.24 0.986 0.092 -0.006
12.6 11.2 67.9 0.0118 0.74 0.991 -0.131 -0.004

6.92 49.8 301 0.0027 041 0.612 -0.390 -0.213

4.90 98.6 596 0.0013 0.29 0.309 -0.542 -0.510

219 220 1332 0.00060 0.13 0.138 -0.887 -0.859

1.26 433 2618 0.0003 1 0.074 0.070 -1.128 -1.154

The temperature was 1123 K, D joq wes 6.22 cm?/sec, Dypg was 6.98 cm?/sec, and L was assumed to be

(a) o i
019 cm POyspy is 1.70E-5 atm.

Data were derived from Noda's paper4 to calculate the degree of LipH{g) saturation when helium and
500 ppm water were flowed through a cylinder packed with 5 mn spheres of Li20, The cylinder was 2 an in
diameter and 10 an high. The log of the pressure of LiOH(g) measured by Noﬁa divided by that calculated
from Tetenbaum and Johnson is plotted against the log of the calculated fractional saturation in Fig. 1.
Noda's residence time was over 10 times greater than ours for the same gas velocity. Noda's measurements
and (()u)r calculation of his data, plotted in Fig. 1, agree that his helium was fully saturated with
LiOH(g).

This work established conditions for calculating Li0H{g) undersaturation in helium as a function of
the velocity of the purge gas. It has been assumed that fractional saturation of two-step interdependent
reactions can be treated as the product of each fractional saturation. The measured and calculated
fractional saturation agree within experimental uncertainties.

Measurements of the effect of stainless steel on LiOH(g) transport.

Preliminary experiments were carried out to determine what effects the placement of structural
stainless steel near the Li20(s) could have on the transport of LiOH(g) fmm the Li20(s) blanket
material. In this study, a silver boat was used to hold Lig0(s} with a stainless steel sheet placed at
desired distances above the Li20(s). The boat and plate were placed inside a silver lined quartz tube
and the quartz tube assembly was heated in a clam shell furnace. Helium flowed through two rotometers,
one line through a water saturator and the other line directly from the high purity helium tank. In some
measurements the helium contained about 1%chydrogen. The two helium streams were mixed and flowed into
the silver lined quartz tube containing the boat and lithium oxide. Needle valves were adjusted to
reduce the water content within the range 0.001 to 0.01 atm. The furnace was heated to 7509C for this
set of measurements. Most of the LiOH{g} produced from water vapor and Lip0(s) deposited on the
stainless steel plate. The remaining LiOH(g) condensed in cooler downstream regions of the silver tube.

After each experiment, the boat was removed and the silver tube was soaked in water to remove the
condensed LiOH, for chemical analysis. The deposit on the stainless steel was dissolved in nitric acid
for lithium chemical analysis. The pressure of LiOH(g) was calculated from the lithium analysis of the
condensed LiOH in the silver tube and the ideal gas law.

Six experiments were carried out at 750°C, In experiments 21, 22, and 26 He flow wes 10 cc/min and
water pressure was about 9000 pom; in experiments 23-25 He flow was 100 cc/min and water pressure was
about 1200 pom. With the exception of experiment 21 all measurements were made with 303 stainless steel
plates above the Li120{s} fixed bed. The results of experiments are sumnarized in Table 2. In column 6

of table 2, the measured L10H(?) pressure was determined, assuming all the lithium condensed in the
silver tube was entrained as LTOH(g) in the flowing helium. This was not the case in experiments 21, 22

and 26 where the apparent pressures were an average of nine times greater than those calculaﬁed from
Yetenbauml, This was verified when the flow rate was increased to 100 cc/min and apparent LiOH(g
pressures decreased to within a factor of two of that calculated from Tetenbaum's work. The LiOH(g)
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condensed in the silver tube by two mechanisms: 1) transport by entrainment in flowing helium: 2) thermal
migration from the flowing helium in the hot zone to cooler regions of the silver tube, driven by the
temperature gradient. As the velocity of the helium flow decreases, the ratio of thermal migration to
entrainment increases toward infinity.

Diffusion driven L1UH( )T?ebfllectizo with_stainless steel
Run He Flow Ratio P(Hp P(HzOS] P?UOHB P(LiOH}
No cc/min meas/Tet atm atm atm atm*
meas Tet
21 10 9.02 .0000 .00875 1.14E-4 1.26E-5
22 10 13.3 .0000 .00799 1.59E-4 1.20E-5
23 100 2.14 L0097 .00120 9.93E-6 4,44E-6
24 100 1.64 .0097 ,00125 7.77E-86 4.75E-6
25 100 1.85 .0097 .00120 8,64E-6 4,67E-6
26 10 5.00 ,0097 .00986 6.66E-5 1.33E-5

*Calculated from ref. 1.

Steady state diffusion

In our experiments the Ligo(s) and the stainless steel sheet are separated by distances of five
millimeters to less than a millimeter. During the experiment the LiOH{g) transports to the stainless

steel surface, driven by the diffusivity of LiOH{g) in helium and the LiOH{g) pressure gradient, and
deposits 0n the stainless steel.

The LiOH{g)} pressure decrease may be caused by reaction of LiOH{g) with the steel to form LigCr0z,or
LigFeOy, or LioNi0p. For example, the chromate may be produced by the reactions,

Cr + 3/2 Hp0(g) = 1/2 Crp03 + 3/2 Hz(g), (9)
and,
LiOH{g) t 1/2 Crp03 = LiCr0p t 1/2 Hp0(g). (10}

The LioH(g) pressure at the lithium oxide interface with water_concentration of 93 pom at the three
temperatures used in the compatibility studies by Chopra et al.,8:7 and the temperature of our
experiments are .given in Table 3 for reactions (10 and 11),

1/2 Lip0 + 1/2 Ho0{(g) = LiOH(g) (11).

The LiOH{g) pressure at the stainless steel interface for reaction (1) in equilibrium with Crg03,
LiCr05, and 93 ppm Hgo(g) are given in Table 3. The LiOH pressure at the stainless steel interface will
depeng on the composition of the corrosion layer on the steel surface. The composition depends on time,
temperature. and gas composition. In all cases, this pressure will be substantially lower than that at
the Liz0(s)} surface.

Table 3
Equilibrium Li0H(g) pressures (atm) as a function of the temperature (K)
at the surfaces of Lip0(s) and stainless steel where Crp03/LiCr07
and 93ppm H20 control the LiOH{g) pressure.

723 823 923 1023

Lig0 4,08E-10 1.15E-8 1.59E-7  1.31E-6

Stainless steel 7.80E-17 1,25E-14  5.45E-13 1.24E-11
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The Li0OH({g) pressures in table 3 are based on Tetenbaum'st pressures in equilibrium with Li20(s) and
water vapor. The LiOH(g) pressures at the steel surface are 2E-7 to 9E-6 times lower than the pressures
at the Liz0(g) surface. The LiOH(g) formed at the Li20(s) surface is influenced by the pressure gradient
and diffusivity of LiOH{g) in the gap between Li»0(s) and the stainless steel. In this steady state
diffusion process, the flux of LiOH{g) is given by,

D, P
- ABt [ Pa- Pag
Na e | ] (13)

where Np is the flux of Li0H(g) in He in g mo1/sec/cmé, Dag is the diffusivity in emé/sec of L1OH{g) in
He, Pt is the total pressure IN atm, Pay and Psy are the LiOH(g) pressures at the Lig0{s)} and stainless
steel surfaces respectively, R is the gas constant (cc-atm/deg/mol), T is the absolute temperature, and 2
i s the distance, in cm, between the L120(s) and the stainless steel. The flux of L10H(g) varies
inversely with the separation distance z, rising rapidly as z decreases.

CONCLUSIONS

These studies have shown that the transport of L10H(g) can be strongly influenced by the proximity of
a stainless steel surface to the Lip0(s). The pressure of LiOH(g), in equilibrium with Lig0{s), is
proportional to the square root of the Hp0{g) pressure and increases exponentially with temperature. The
transport of LiOH{(g) to the stainless steel is driven by the concentration gradient of L10K(g) from that
at the Lio0(s) surface and that at the steel surface. At the stainless surface the LTOH{g} pressure is
likely to be in equilibrium with either LiCr02, or LiFeOz, or LiNi02. Experiments of this type must be
run for extended periods to assess the importance of this interface complexity.
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DESORPTION CHARACTERISTICS OF THE LiA102-Hz0(g) SYSTEM
Albert K. Fischer and C. E. Johnson (Argonne National Laboratory)

OBJECTIVE

The objective of this study is to describe the energetics and kinetics of desorption of H20(g) and H2(g)
from the surface of ceramic breeders with data that allow predictions of the characteristics of tritium
release.

SUMMARY

The energetics and kinetics of the evolution of Hz0(g) and Hp(g) from LiA102 are being studied by the
temperature programed desorption technique. The concentrations of Hz, H20. N2, and 02 in a helium stream
during a temperature ramp are measured simultaneously with a mass spectrometer. The amount of H2
adsorption/desorption i s small compared to the amount of HpO adsorption/desorption. After prolonged
treatment with helium containing 990 pom Hp at 4009C, Hz0 evolution into the He-Hz stream was observed
during 473 to 1023 K (200 to 7500C) ramps at rates of 2 or 5.6 K/min. The different peak shapes
reflecting this process were deconvoluted to show that they are composites of only 2 or 3 reproducible
processes. The activation energies and pre-exponential terms were evaluated. The different behavior
originates in the differences anmng different surface sites for adsorption. The interpretation of higher
temperature peaks (above 873 K (6509C)) must still consider the possibility of contributions from
interactions with the steel walls.

PROGRESS AND STATUS
Introduction

Recent work has shown that multiple desorption processes contribute to_the evolution of Hﬁo(g) from
ceramic oxides that are candidates for tritium breeders in fusion reactors.! These processes differ in
several respects: the type of desorption, whether chemisorption or physisorption, and the different
degrees of coverage by OH- groups on the various types of surface sites from which desorption occurs. The
distinctions in sites involve defects, impurities, and differences in the physical-chemical nature of ions
on different crystallographic planes exposed to the gas phase. It is possible to regard these sites, with
various activation energies of desorption, as kinds of surface "traps" for tritium.

It is important to have accurate, independently measured values of activation energies for the
constituent processes so that the data for tritium release from complex irradiation tests can be
interpreted properly. I#the species released from the surface in irradiation tests can be considered to
be dominantly in the oxidized form (HTO Or T20), measurements of the activation energy for desorption of
H%O(g) are_esgecially important for the application of tritium release modeis. The appearance of HT is
often ascribable to post-release interactions of HT0{g) with the metallic walls or exchange with Ha. A
useful experimental technique for measuring desorption activation energies, as well as other kinetic data
like the reaction_order and the preexponential terms in the rate equations, is temperature programmed
desorption (TPD) .2

TPD measurements have been made for some limited conditions to provide data that describe the
kinetics of desorption of H20(g) and Hz(g) from LiA102(s}. Complexity in the adsorption of Hz0(g), in the
form of differently activated adsorption processes, has already been revealed.3 However, the apparent
ability of Hz in the gas stream to enhance the rate of release of tritium in various tests of breeder
performance under irradiation conditions makes it important to understand the interaction of both, H20 and
Hz, with the breeder substrate. (ynder some conditions, the possibility for interactions with the tube
walls also needs to be considered.?) This information can then be used to define the optimum purge gas
chemistry for a balance between the amount of Hy added as a tritium release promoter to the helium purge
gas and the amount of protium that must be separated from tritium in processing the recovery stream. With
its focus on Hp0(g), this study, emphasizing the kinetics of desorption, a non-equilibrium process,
complements the earlier study? on adsorption isotherms, which relates to surface inventory at equilibrium.

Experimental

A quadrupole mass spectrometer was used for the continuous detection of gaseous species, Hz0, Hp, 02,
and N2. In addition, the H20 level in the gas stream was monitored with an electrolytic moisture
analyzer. The mass spectrometric data were recorded and processed digitally. The gas-carrying lines of
the all-stainless-steel apparatus were heated to minimize holdup of Hg0({g). High-temperature
chromatographic valves enabled gas streams to be changed very quickly with a sharp concentration profile.
A prograimnable temperature controller provided linear heating rates.

This work supported by the U.S. Department of Energy, Office of
Fusion Enerav. under contract no. W-31-109-Ena-38.
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The thermocouple measuring the temperature was immersed directly in the ceramic sample, which weighed
052 g. The g-LiA102 sample was from a batch grﬁgared at CEN, Saclay. France, fer the EXOTIC ¥
experiment.5 “The specific surface area was 6. /g and the mean grain diameter was 0.28 or 0.35 pm,
depending on whether it is calculated from the porosity and the pore radius or from the surface area and
density. In its preparation it had been sintered at 1373 K (11009C), and before being bottled for the
present study it was heated at 1073 K (8600C) for 1 hr.

After a preliminary drying, six TPD runs (Table 1 and Figures 1 through 6) were performed with
temperature vamps from 473 to 1023 K (200 to 750°C); for 5 of the 6 runs, the ramp rate was 56 K/min; for
one (number 5) it was 20 K/min. Between runs, the sample was kept at 673 K {4009C), while a stream of
helium with 990 ppm Hs passed through it. This soaking period ranged from 20 hours to 264 hours: the
duration for each run is indicated in the caption for each figure. Just before starting a run, the
temperature was reduced quickly to 473 K (2009} while maintaining the flow of helium-990 ppm Hz. Then
the gas was switched to pure helium iFa desorption into pure helium was planned (runs land 2) or the
flow of helium-990 ppm Hz was maintained for desorptions into Hz-containing sweep gas. The tgerature
ramp was started at 473 K {200°C) 5 minutes later.

Table 1. Kinetic Parameters
First Order Desorption of H20
from A, B, and C sites on LiAlOz

Sweep Gas: Helium

Run No. 73 Eda v Eds v Edc
1 0.0%0 178 0.28 230
2 0.072 175 0.28 230
Sweep Gas: Helium + 990 ppm Hyz
Run No. va EdA vg EdB ve Edc
3 0.078 17.0 0.39 229 1.74 28,5
4 0.017 157 0.13 23.0
5 0.025 16.3 0.20 22.7 0.62 275
6 0.022 16.0 0.15 26

Results and Discussion

For desorption into pure helium, runs 1 and 2, the Hy trace remained at essentially the
baseline level until a temperature of approximately 873 K {6009C} was reached. This result suggests
that the amount of Hy absorbed at 673 K (400°C) in the period before the run is small or
negligible, or incapable of being desorbed. The rise in evolved at higher temperature is most
likely the result of interaction of the ewolved HoO with the stainless steel tube wall, as shown by
earlier work, and/or the evolution of Hp dissolved in the steel during the pretreatment with Hyp,

The spectra were deconvoluted, using Lotus 1-2-3 software, with the finding that they are the
sums of 2 (in four cases) or 3 (in two cases) sub-peaks. The sub-peaks are identified as the A B,
and C peaks and are taken to correspond to desorption processes involving three different types of
sites on the surface of the L1A10z, designated as types A B, and C. The overall rate of desorption
of Hz0{g) expressed by the measured curves and comprised of the sum of desorption from the
individual types of sites identified by subscript 1 for the A B, and C sites is given by:

r = Lvjfiexp(-Eq{/RT)

This is the functional form used in the deconvolution. &4 is the individual fractional surface
coverage for each of the types of sites at a given moment.8 Total fractional coverage is o1 = L8y.
The preexponential term, 4, iS in units of mol/min-mZ where m€ refers to total BET surface area.
The activation energy for desorption, Eg{ is in units of kcal/mol. The sub-peaks are for first
order desorption. Attempts to reproduce the curves as a mixture of first and second order or as
completely second order processes did not yield as good fits to the data. The g values for the A,
B, and C peaks were in the range of approximately 0.01 and 0.02.
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In comparing the A and B peaks with and without Hz in the sweep gas. one sees that the B peak
i s substantially smaller than the A peak in the absence of Hp (Figures 1 and 2) but comparable to or
larger than the A peak in the presence of Hé (Figures 3-6). In the absence of Hy, the B peak
contributes to the overall curve as a shoulder, whereas in the presence of Hp it°Is a distinct
second or dominant peak. The frequently reported enhancement of tritium release attending the use
of Hz in the sweep gas might be related, therefore, to enhanced population of B sites and to the
emerging participation of C sites which apparently were not involved in the runs without Hy, Itis
also apparent from Table 1 that the activation energies and pre-exponential terms for a given type
of site are reproducible, showing that the seemingly disparate TPD spectra are unified in reflecting

mixtures of common processes.

As far as the numerical values for these kinetic parameters for the A and B sites are
concerned, the effect of 990 ppm Hz in the sweep gas is small. There appears to be a small decrease
in the activation energy for the A sites in the presence of 990 ppm Hz, but this is compensated by
by a small decrease in the pre-exponential term. Considering that the conditioning of the LiA102
with Hy was at a relatively low temperature in the context of operation of solid breeders, 673 K
(4000C}, the small effect of the Hp addition observed here is consistent with the results from
tritium residence time measurements in at least two release experiments. In the TEQUILA
experiment,/ the tritium residence times in 0.15 gm grain size LiA102 were equal at approximately
750 K (4779C) for helium gas purges containing either 190r 0.1% Hz, Or a mixture of 50 vppm Hz and
100 vppm H20, That is, there wes no effect from the Hp additions at this temperature. However, the
additions to the purge gas became increasingly effective at higher temperatures. A similar
conclusion was reported in the study by Tanaka et al.8 on the residence times for tritium release
from LiA102. They found that the residence time was shortened by a factor of 6.8 at 973 K (700°C)
and by a factor of only 3.8 at 803 K {5309¢) when the H» concentration in the sweep gas was changed
from 10 ppm to 1000 ppm. These result suggest that sma?]er effects would be expected at lower
temperatures, e.g., 673 K {4000C).

Comparison of Figures 3, 4, and 6, for which the ramp rate was constant and for which the
duration of pretreatment with 990 ppm Hz0 increased monotonically, reveals a trend for increasing
amplitude of the A and B peaks as duration of pretreatment increased. This suggests that the
buildup of surface OH- was time dependent and aided by the Hz. It also suggests the process is slaow
because the pretreatment periods were of the order of days. It appears reasonable that at higher
temperature the buildup processes would be faster; future work should inquire into whether the peaks
increase in amplitude for higher pretreatment temperatures.

Observation of first order kinetics deserves consideration in view of the generally accepted
proposition that desorption of Hz0 which is chemisorbed as OH-, even in the presence of Hz.® The
observation of first order kinetics for a bimolecular process can be understood in terms of a theory

originated by Lindeman.10 1fhe surface is represented by s and the surface-bonded OH- groups are
s - OH and the transition state is s - Hy0*, then the stepwise process can be visualized as the

bimolecular step:
s -OHts - OH S~ H)* +s -0
with rate constants kz to the right and k_y to the left followed by the unimolecular step:

s - Hp0* + HoO{g} + S
with rate constant k1. Development of the Lindeman theory lead to the final expression,
d[H20(g)] kika[s - OH]Z
dt k_2[s - OH] + k3

If k.2 D> k3, then
d[H20(g)] = kikz[s - OH}
dt k-2

which is a first order expression relating to a bimolecular process and prog&des the conceptual
rationale for the observations of first order kinetics. The condition k-2 ki implies that the
reversal of the bimolecular step is faster than the evolution of H20(g), and that increasing the
concentration of s - OH, will increase the evolution of H20{g) according to the rate equa'%gn.
Higher temperatures could alter the relationship between the rate constants so that §iFfk kz the
observed kinetics would become second order, though the total mechanism would still involve a
bimolecular step followed by a unimolecular one. This point needs further study.
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It was indicated earlier9 that formation of surface OH- together with F* centers can result
from adsorption of H2. Surface space charge layer effects attending Hz adsorption were also
discussed as contributors to increased surface OH- concentrations.

Even if apparently only weakly adsorbed, Hz can still be understood to be sufficiently present
and active on the surface from the following consideration. The rate of impingement of Hz molecules
on the surface at 820 K from a gas with 990 pom Hy is, from kinetic theory calculations, 6.4 x 1020
molecules-cm~2-sec-l. By comparison, the rate of evolution of Hp0 at one of the peak heights is of
the order of 8 x 109 molecules-em-2-sec~l. Therefore, the Hy impingement rate exceeds the Hp0
departure rate by a factor of approximately 1011, This implies that even ifHy 1S weakly adsorbed,
and implying brief residence times on the surface, the high impingement rate can compensate.

Ininterpreting the C peaks, it is still uncertain whether the H@O(g) released at these higher
temperatures reflects only desorption from the surface, or whether diffusion from the bulk is
increasingly augmenting the surface OH- concentration, or ifthere are interactions between Hp and
the steel surface. These questions require further study. When it appeared, evolution from the C
sites was comparable in magnitude to the evolution from the A and B8 sites. Possibly, the soaking
temperature of 673 K {4009C) was only marginally adequate to activate chemisorption of Hp to
populate the C sites.

The 28 kcal/mol value for the activation energy for the C peaks is close to the 29.5 kcal/mol

reported b 1Kudo for the activation energy of decomposition of LIOH, a process of Hgto(g)
evolution. I'n Kudo's case, the decomposing LiOH produced a Lip0 surface with scattered OH-

groups. The apparent similarity between the two cases suggests that the C sites on LiA10z2 resemble
sites on L#20 in their Hp0-evalving behavior, but there remains also the question of possible steel
surface effects in the work with LiOH.

FUTURE WORK

The next phase of TPD measurements will center on L120 in order to provide data that are of
current interest for ITER blanket designs.
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TRITIUM RELEASE FROM LITHIUM CERAMICS
J. P. Kopasz (Argonne National Laboratory), M Briec {CEA/CEN Grenoble. France),
5. Casadio (ENEA/CRE, Cassaccia. Italy), and H. Werle (Karlsruhe, Germany)

OBJECTIVE

The objective of this effort was to improve the current understanding of tritium transport in ceramic
breeder materials and to assist CEA staff (Saclay, France) in analysis of their in-situ tritium recovery
experiments.

SUMMARY

Recent in-pile tritium extraction experiments from lithium ceramics have investigated the effects of
temperature, material microstructure, purge gas composition, and tritium generation rate on the kinetics
of tritium release. The relationship between the tritium release characteristics and sample
microstructure indicates desorption i s the dominant mechanism controlling tritium release for the
conditions investigated. Literature results indicate that this desorption step may be second order and
the activation energy of desorption may vary significantly with surface coverage. The changes i
inventory with variations in the key parameters mentioned above were investigated to determine the
applicability of these reports to in-pile tritium release. The results suggest tritium release is first
order, and that the desorption activation energy is dependent on the surface coverage.

PROGRESS AND STATUS
Introduction

A large amount of data are available for in-pile tritium recovery experiments which have investigated
the effects of the generation rate, sample microstructure, purge gas composition and temperature on
tritium release. The results have led to a qualitative understanding of the dependence of tritium
inventory and release on these factors: however, a detailed interpretation of the results leading to an
understanding of the rate controlling mechanisms is not always straightforward. Ore model which has been
widely used to interpret the results is the diffusion-desorption model.l This model treats the desorption
as pseudo first order in tritium and generally considers the desorption occurring with one activation
energy. Other work has suggested that the desorption step is second order in tritium Or that the
desorption may be occurring‘with different activation energies.2 Using data from experiments carried out
at the Centre d'Etudes Nucledires de Grenoble we have examined the effects of the key parameters mentioned
above on tritium release and inventory and have compared the magnitude of these effects with those
predicted from various tritium release models.

Key Parameters Affecting Tritium Release

The tritium release kinetics are dependent on the tritium generation rate, temperature,
microstructure of the ceramic, and composition of the purge gas. The tritium residence time (defined here
as the ratio of the tritium inventory to the tritium generation rate) is a convenient indicator of the
release kinetics. The tritium residence time should be independent of the generation rate if a diffusion
or first order desorption mechanism i s the rate controlling step while the tritium residence time will be
dependent on the generation rate i¥a second order desorption mechanism is rate controlling.

The sample microstructure is a crucial factor affecting tritium release kinetics. For a diffusion
mechanism the tritium residence time is given by:

t = a2/15D (1)

and the inventory increases as the square of the grain radius. For a desorption mechanism, the residence
time 15 given by the sample volume divided by the product of the surface area times the desorption rate
constant. For a sphere, this leads to:

t = a/3h (2)

For other geometries an effective radius &, defined as three times the ratio of the sample volume to the
specific surface area, can be used to calculate the residence time. The residence time will be
proportional to this effective radius if desorption is the rate controlling mechanism.

The composition of the purge gas has been demonstrated to have a substantial effect on the tritium
residence time. It is obvious that the surface processes are influenced by the purge gas chemistry.
However, the bulk properties may also be affected by the purge gas. For example, water addition to the
purge gas may be expected to increase the desorption of tritium from the surface. Addition of water in
the purge gas may also lead to a hydrogen concentration in the bulk which exceeds the solubility limit,
causing the precipitation of a second phase of LiOH/LiOT, thereby changing the bulk properties including
diffusivity (this is likely to occur for Li»0 at temperatures below 45G°C where the hydrogen solubility is
low).
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RESULTS AND DISCUSSION

Effect of Generation Rate

In an effort to clarify the order of the desorption reaction, tests were performed with different
thermal neutron fluxes and, consequently, different tritium generation rates. For a desorption mechanism
which is first order in tritium, the tritium residence time will be independent of the aeneration rate

while for a desorption mechanism which i s second order in tritium, the tritium residence time will be
inversely proportional to the square root of the generation rate. Transient tenperature changes were

erformed on [iaSi0a_samples with + 0.1% Hs as, th rge gas for.two thermal utrop fluxes, 04 and
8&5{3 X 101? nl'mﬁs. 4Tﬁe tFr)lts|um res'?ﬁjence ﬁmas obta?ngg regsﬁown in tame 1. qge values ‘at a given

temperature are identical, within the error of the calculations, for the two fluxes, indicating the rate
determining step is not second order in tritium. Other factors indicate desorption is rate centrolling
for these samples, so we can conclude desorption is first order in tritium under these conditions.

Effect of Microstructure

The effect of sample microstructure on tritium inventory was investigated in the TEQUILA experiment.
Temperature transient runs were performed on samples of LiAlG» with different microstructures. Results
for experiments with He + 0.1% Hp purge gas and for two different microstructures are given in table 2.
The results indicate that tritium residence time decreases with decreasing grain size. This was also
observed in the LILA 1114 experiment.

Table 1. Tritium residence time (in hours) versus
thermal neutron flux Li45104 sample. He + 0.1% Hz as purge gas.

neutron flux temperature tritium residence time
1017 n/m2s oC h
0.8 450 175 <727
500 4 v 42
0.40 450 265
500 41

It follows from equation (1) that for diffusion controlled release, the tritium .residence time will
increase in proportion to the square voot af the grain size which means that a ratio of 600 i s expected
for the tritium residence times of the two samples with 6 and 0.15 pgm grain sizes. The observed ratios,
>10.8 at 670°C, >16.3 at 6200C, D26.6 at 5600C and >14.4 at 5109C are much lower, indicating that
diffusion is not rate limiting for these temperatures and grain sizes. Likewise i¥desorption s rate
limiting the tritium residence time will increase in proportion to the effective grain radius calculated
from the specific surface area which means that a ratio of 13.3 is expected for the tritium residence
times of the two samples with 6 and 0.45 am effective grain radii (2" ). The observed values (see table 1)
are of the same order of magnitude as expected for the desorption controlled release, suggesting that
desorption is the controlling factor determining tritium residence time for these materials. Any
variation from the expected ratios suggests other processes may be playing a minor role in determining the
tritium residence time.
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Table 2. Effect of microstructure on tritium residence time.

grain size a* calc. from Temperature Tritium

a spec. surf. area oc residence T/T
4m pm time, T a= 0.15
0.15 0.45 670 0.95 1

6 6 > 10.3 > 10.8
0.15 0.45 620 13 1

6 6 > 212 > 16.3
0. 15 0.45 560 39 1

6 6 103.8 > 266
0.15 0.45 510 9.7 1

6 6 >140.2 > 144

Effect of Purge Gas Composition

It is obvious that the surface processes (desorption of tritium or tritiated water) are influenced
by the purge gas chemistry. It has been shown repeatedly that addition of hydrogen to the purge gas
improves the tritium release rate.%:5 It seems reasonable to assume that water addition will also
improve the tritium release rate.

In the TEQUILA experiment, three purge gas compositions were investigated: He + 0.1% Hy, He + 1.0%
H and He + 50 vppm H2 + 100 vppm H20. The results for samples with grain radius of 0.15 pn are

iflustrated in figure 1 as plots of the natural log of tritium residence time versus the inverse
temperature.

The tritium residence times obtained in TEQUILA indicate that for small grain radius samples,
tritium release i s better for a purge gas containing 1.0% Hz than for one containing 0.1% Hz.  This
conclusion is supported by the tritium release observed for a change in purge gas from He t 0.1% Hz to He
+ 1.0% Hz which shows a decrease in tritium inventory. The TEQUILA results also indicate that tritium
release was better for a purge of He + 0.1% Hpz than for He + 50 vppm Hz + 100 vppm Hp0 at high
temperatures (> 510°C), while at low temperatures (4609°C) release was better for the purge gas containing
water than for those without water.

In TEQUILA, for small grain samples, the desorption activation energies were the same for purge
gases of He + 0.1% Hz and He + 1.0% Hz (within the experimental errors), while the desorption activation
energy for He + 50 vppm I-Z + 100 vppm Hz0 was substantially lower. This observation suggests that the
activation energy may be dependent on the hydrogen (OH groups) surface coverage. The degree of hydrogen
gas adsorption on LiAl102 is certainly less than that for water, and therefore it is not surprising that
the desorption activation energy is smaller when water is added to the purge gas. In addition, since
adsorption i s expected to be dissociative, the hydrogen surface coverage would be expected to vary as the
square root of the hydrogen pressure. This suggests the hydrogen surface coverage for He + 1%Hz is of
the same order of magnitude as for He + 0.1% Hz and therefore one would expect the desorption activation
energies to be similar.

Effect of Temperature

The effect of temperature was investigated by performing temperature transient tests. Generally the
tritium inventory and tritium time constant decreases with increasing temperature. The tritium time
constants, however, exhibit an interesting phenomenon. In some cases the time constant (defined as the
tine for a temperature transient peak to decay to 35%o0f its maximum value) determined for a temperature
increase from temperature T? to temperature T is different than the time constant determined for a
temperature decrease from temperature T2 to the same final temperature (table 3, TEQUILA experiment).

For a pure first order desorption process 0Or a pure diffusion process, the time constant is
independent of the previous temperatures while for a second order desorption process the time constant
will depend on the previous temperature. In the case of mixed diffusion-desorption the mathematics are
Tess straight forward and it i s not obvious whether the time constant are dependent on Or independent of
the previous conditions. To solve this problem, calculations were performed using the DISPL Code6 for
diffusion with a first order desorption boundary condition in spherical geometry. The results indicate
that in the mixed diffusion-desorption regime the time constant



277

Table 3. Time constants of tritium release: dependence
on temperature history gamma-LiA102 samples.
He + 0.1% Hp as purge gas

previous
grain size temperature temperature time constant
4m o¢ o¢ h
12 620 670 10.75
570 55
bimodal 0.2-5 670 11
570 37

is dependent on the previous conditions, but as the ratio ah/D increases toward diffusion controlled
release Or decreases toward desorption controlled release, this dependence disappears. This suggests
tritium release is in the mixed diffusion-desorption regime at the temperature when the time constants
for temperature increases and temperature decreases are unequal or desorption i s second order in tritium
in these cases, however separate tests on Li145104 indicate desorption is first order.

CONCLUSION

Tritium extraction experiments performed at CEN Grenoble have determined the effects of tritium
generation rate, sample microstructure, purge gas composition and temperature on tritium release from
ceramic tritium breeding materials. These results have also provided some insight into the rate limiting
mechanism. The relationship between the tritium residence time and the sample microstructure indicate
that desorption is the dominant mechanism in tritium release for the conditions investigated. The
importance of surface processes is further illustrated by the effect of the purge gas composition on
tritium release. The presence of different activation energies for the rate limiting process for the
different purge gases indicate that a simple desorption model with a single activation energy is
inadequate and a model with multiple desorption activation energies or mechanisms i s necessary to account
for the variations in inventory with different purge gas compositions.

Some data also suggest a second mechanism contributes to the tritium inventory. Diffusion is the
most likely candidate, and a diffusion-desorption model is able to account for the observed differences

in time constants for temperature increases and temperature decreases to the same final tem%e]rature. An
alternative explanation i s a second order desorption mechanism which would account for the differences in

time constants but separate tests on Li45104 have indicated the tritium release is independent of the
generation rate, and therefore not second order.
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IN-SITU TRITIUM RECOVERY FROM Li,0 IRRADIATED IN FAST NEUTRON FLUX - BEATRIX-II INITIAL RESULTS -
T. Kurasawa, Japan Atomic Energy Research Institute, O. O. Slagle and G. w. Hollenberg, Pacific Northwest
Laboratory,@’ R. A. Verrall, AECL Research, Chalk River Laboratories

OBJECTIVE

The purpose of this work is to evaluate the performance of candidate ceramic breeding materials for_use in a
fusmr%I lanket. This evaluation is specifically aimed at characterizing the behavior of materials In a neu-
tron flux.

SUMMARY

The BEATRIX-11 experiment in_ FFTF is an in-situ tritium recovery experiment to evaluate the tritium release
characteristics of Li,2 and its stability under fast neutron irradiation to extended burnups. This experi-
ment includes two specimens: a thin annular ring specimen capable of temperature transients and a larger
temperature gradient specimen.

During the first 85 days of the operatln%_cycle of the reactor, the tritium recovery rate of a temperature
transient capsule was examined as a function of temperature, gas flow rate, gas composition and burnup. _
Temperature changes in the range from 500 to &50°C resulted in decreasing tritium inventory with increasing
temperature. Lower gas flow rates resulted in slightly lower tritium release rates while gas composition
changes_affected the tritium release rate significantly, more than either flow rate or temperature changes.
Three different sweep gases were used: He-0.1% H,, He-0.01% H,, and pure He. Decreasing the amount of
hydrogen in the sweep gas decreased the steady-state release rate by as much as a factor of two.

A temperature gradient capsule is more prototypic of the conditions expected in a fusion blanket and was
designed to_provide data that can be used in evaluating the operational parameters of a solid breeder in a
blanket environment. The operation of this canister during the first 85 EFPO cycle suggests that Li,0 is a
viable solid breeder material.

PROGRESS AND STATUS
Introduction

BEATRIX-{1 IS an International Atomic Energg_(JEA) sponsored irradiation experiment to evaluate the tritium
release characteristics of Li,0 and its stability under fast neutron irradiation to extended umys',”. It
IS an in-situ_tritium release experiment being carried out in the Fast Flux Test Facility (FFTF)._ The
participants In this experiment are the Jacan Atomic Eneray Research Institute {JAZR{}, the Atomic Energy of
Canada,” Ltd. (AECL), and the United States®Department of &nsrgy (US/00£). Rasults from the first

85 effective full power days (EFPD) of operation are described in this paper.

The experiment includes two capsules containing different Li 0 specimens each with a separate sweep gas and
tritium measurement system. one specimen Is in the form of & thin annular ring operating at a nearl
uniform temperature capable of temperature transients while the other specimen is a solid cylinder

pellets operating under a temperature gradlent. A sophisticated tritium gas handling system, that both
monitors the release of tritium from the two solid breeder specimens and recovers the tritium In specially
designed getter beds,® was designed and built.

Exoariment Desiagn

The ring specimen was designed to operate in a manner similar to previous tritium recovery experiments,
e.g., TRIO," vai,® CRITIC,% while the solid_specimen provides performance data on Li,0 irradiated in a
temperature gradient. Each gas stream is instrumented for continuous monitoring of the flow rate, total
moisture, tritium concentration, and the form of the tritium. The total tritium concentration and form of
the tritium is determined in a manner similar to the VOM_experiment® and uses a Ceramic Electrolysis Cell
(CEC) to reduce the water vapor.® A more complete description of the system is given in References 1 to 3
and the operation of the system is described in Reference 3.

The specimen description and the irradiation conditions are given in Table 1. The ring specimen has a wall
thickness of 0.16 cm with thermocouples located at the inner and outer surfaces. During irradiation, the
temperature difference across this specimen is 49°¢c. The temperature of the ring specimen is controlled by
changing the type of gas in the thermal gap of the canister.”,”  Temperature transients imposed on the
specimen occur In times less than 15 seconds. The solid specimen is not temperature controlled and has an
edge temperature of 430°C and a center temperature of (d99-c. Although the outer dimensions are nearly the
same, the solid specimen is a factor of 2.9 larger by weight. Both specimens are exposed to similar levels
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Table 1

Materials and Environmental Conditions for BEATRIX-II

Specimen
Characteristics Ring Solid

Length (cm) 8.90 8.92
Outer dia. (cm) 1.84 1.70
Inner dia. {cm} 1.51 0.27
Weight (g) 11.95 34.31
Density (%TD) 79.3 84.5-92.6
Grain Size (microns) 5.5 46
BLi (at %) 61 61
Temperature {°C})

Center 540-640 1000

Edge 500-600 450
Tritium Generation Rate {10°® Ci/s)

Calculated 47 124

Measured 58 143
Total Generation:

300 EFPD (Ci} 1500 3700

of neutron flux in the Materials Open Test Assembly (MOTA). Because of the weight difference, the solid
specimen generates 150% more tritium during irradiation. The goal burnup for a 300 EFPD irradiation is 4%
of the total lithium far bath specimens.

Exoerimental Test Plan

This paper describes the first series of experiments carried out during a recent operational cycle equiva-
lent to 85 EFPO. The first part of the irradiation was devoted to conditioning the specimens and adjusting
the instrument parameters to optimize the data. The reference condition was selected to be an inner
thermocouple reading of 6502, a sweep gas of He-0.1 %H,, and a flow rate of 100 mL/min. This corresponds
to a specimen outer surface temperature of 600°C and an inner surface temperature of 640°C. The inner
thermocouple temperature is used to designate the temperature of the ring specimen.

The tritium recovery rate from the temperature transient capsule was examined as a function of temperature,
gas flow rate, gas composition, and burnup. The first series of tests, designed to determine the effect of
temperature transients and sweep gas flow rates on the tritium recovery rates, is described in Table 2.
Runs 1to 6 and 14 to 20 are a series of temperature transients between 650, 600, and 550°C to characterize
the temperature dependence at reference flow and gas composition. In Runs 6 to 14, the effect of 50, 100
and 200 mi/min sweep gas flow rates and temperature transients between 550 and 650°C at 50 and 200 mi/min
were investigated. A series of runs to characterize the effect of gas composition and burnup is given in
Table 3. In Runs 21 to 33 the sweep gas composition was varied along with the temperature. Three different
sweep gases were used: He-0.1% H He-0.01% H,, and pure He. Runs 33 to 38 are a series of temperature
transients with the reference sweep gas that will be repeated later in the experiment to determine the
effect of burnuo.

RESULTS AND DISCUSSION

A primary purpose of this experiment, and vented-tests in general, is to determine the viable operating
parameters of a solid breeder blanket and the associated tritium inventories. To date, no attempt has been
made to determine tritium inventories for the Li,0 in this 85 EFPD cycle of the experiment, but observa-
tions of steady-state tritium recovery rates and the shape of recovery peaks permit general comments.

In general, an indication of "acceptable" operating conditions can be defined if steady-state tritium
recovery is established within a reasonable amount of time, such as one day after a change in a specific
operating parameter. A '"true" steady-state recovery rate implies that the recovery rate is equal to the
tritium generation rate in the ceramic. However, under many experimental conditions the "apparent" steady-
state recovery rate is not the generation rate. In these circumstances, the tritium inventory is steadily
increasing (or decreasing). Given a sufficiently long time, the "apparent" steady-state recovery rate
should approach the true steady-state release rate, i.e., the generation rate. The results obtained to
date, in many cases, relate to "apparent" steady-state recovery rates and the critical questions as to the
time for establishing true steady-state release rates and the equilibrium inventory have not yet been
determined for these experimental results.
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Table 2

Experimental Test Plan for the Ring Specimen to Determine the Effect of Temperature Changes and
Flow Rate Using He-0.(#%H, Sweep Gas

Temperatures Flow Rate
°C {ml/min)
Run 10 EHD 600 650 50 100 200

1 X X

2 X X

3 X X

4 X X

5 X X

6 X X

7 X X
8 X X
9 X X
10 X X

11 X X

12 X X

13 X X

14 X X

15 X X

16 X X

17 X X

18 X X
19 X X

20 X X

eneration rate. In these circumstances, the tritium inventory is steadily increasing (or decreasing).

iven a sufficiently long time, the “apparent™ steady-state recovery rate should approach the true steady-
state release rate, i.,2., the generation rate. The results obtained to date, In many cases, relate to
"apparent™ steady-state recovery rates and the critical questions as to the time for establishing true
stea? -state release rates and the equilibrium inventory have not yet been determined for these experimental
results.

TemDerature Change Effects

Typical tritiun recovery peaks associated with temperature transient tests performed in He-0.1% , sweep f¥as
are shown in Figure 1. ~In agreement with _results from other in-situ tests, -® temperature increases resu

in recovery peaks associated with decreasing the tritium_inventory of the specimen; the opposite occurs for
temperature decreases. The double recovery peaks, associated with the temperature increase tests (Run 3 In
figure 1), are not %gnerall¥ seen in other_in-reactor tests but are typical for this experiment. Also note-
worthy is the variation in the apparent tritium recovery rate f0||0WInﬁ the transients and the relativel
small” peak sizes relative to steady-state recovery (less than 10%). The very small tritium recovery peaks
associated with the temperature change tests in Hz-0.1%H4, sweep gas indicate that the tritium inventory is
very small under these conditions.

Temperature changes performed during the initial phases of the system conditioning and parameter adjustment
(not shown) produced small "reverse™ tritium recovery peaks preceding the normal peaks. That is, for a
temperature decrease, there was initially a small increase in the tritium concentration prior to the normal
decrease. These "reverse peaks" occurred when the specimen was taken to temperatures higher than previous
exposure. Subsequent tests performed at the same or lower temperatures did not _result in the small reverse
pgaks. dFQr this reason, these peaks appear to be related to specimen conditioning. Reverse peaks were also
observed in CRITIC-I.

Form of the Released Tritium

The tritium recoverg curves associated with the temperature increases are characterized by an initial sharp
peak followed by a broader Iong term peak. By comparing the difference between the total tritium_concentra-
tion and the concentration of the elemental tritium, this second broader peak can be correlated with triti-
ated water recovery. The association of these peaks with water can also be seen by comparing them with
curves of sweep gas moisture from the specimen. In Figure 2 the sweep gas moisture for the ring specimen is
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Table 3

Experiment Test Plan for the Ring Specimen to Determine the Effect of Gas Composition Changes and Burnup.
Sweep gas flow rate is 100 mL/min.

Temperatures Gas Composition
°C _ZH,_in Helium
Run I 550 600 §50 0 ~0.01 Q.1
21 X X
22 X X
23 X X
24 X X
25 X )
26 X X
27 X X
28 X }
29 X )
30 X X
3 X X
32 X X
33 X )
34 X )
35 X )
36 X )
37 X X
38 X X
800
700
C'T-‘
g% ‘ —_ 600
- a
2 500 ®
2 =
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Figure 1. Tritium recovery and temperatures for the series of temperature transients (runs 1-3)
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Figure 2. Tritium recovery and sweep gas moisture for temperature transients from 550-650°C (runs 2-3)

compared with the recovered tritium concentration during the thermal transient in Run 3. There is very good
correlation between the sweep gas moisture and the secondary peaks in the recovered tritium concentration.

The first sharp peak of tritium recovery after a thermal transient appears to_be associated with the change
in the recovery rate of elemental tritium._ The most likely source of this tritium is the surface of the
Li,0» ceramic, but another possible source 1S the surface of the capsule components which change tempera-
ture. More important is the question as to whether this first peak was released from the specimen as ele-
mental tritium or whether it resulted from reduction of the tritiated water by the capsule components.

The separation_of the two peaks In Figures 1 and 2 also has several possible explanations. One explanation
is that the tritium is released from the specimen both as elemental and as water; the elemental form is _
released in a short time period fOllOWIn% he transient while the water form is released over a longer time
period. An alternative explanation for the separation, is that the delay results because of an intéraction
of the water vapor with the sweep gas lines to give a "drag" or time delay in the movement of the tritiated
water from the specimen to the tritium measurement system.

Although the present results do not differentiate between the processes involved In the tritium release from
the specimen during the thermal transient, there is reason to believe that both elemental and hydrated trit-
ium are being released from the specimen. For the BEATRIX-I1 experiment under normal reference conditions,
with He-0.1% ', sweep gas, 95% of the recovered tritium is in the elemental form. If it is assumed that
this is due to a reduction by the capsule components, then because of the small size of the thermal tran-
sient tritium recovery peaks relative to the steady-state recovery rate, the thermal transient peaks should
also have 95% of the tritiated water reduced to HT and an HTO peak would not be observed. The fact that the
total tritium recovered as water after a thermal transient is often larger than the amount recovered as ele-
mental tritium shows that the system is not reducing 95% of the tritiated water to elemental tritium.
Therefore, it is reasonable to assume that a S|?n|f|cant proportion of the 95% recovered elemental tritium
under reference conditions is released in the elemental form. This suggests that for the case of H, doped
sweep gas, isotopic exchange at the surface of the specimen plays a significant role in the release of
tritium from the solid breeder material.

Sweep Gas Composition Effects

Sweep gas composition [the amount of H, in the He) has a major effect on the observed steady-state recovery
rates, and therefore on the tritium inventories. The test plan |ncluded_mgasur|n% hoth the effect of chang-
|Hg ga? composition at constant temperature and the effect of gas composition on tritium recovery during a
thermal transient.
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Figure 3 is a plot of the variation in sweep gas tritium concentration for a change in sweep gas composition
at 600%. In general, the recovery rate decreases as the H, decreases from 0.1 H, to 0.01 H, to He with
transient release peaks observed when the composition is changed from He to 0.1% H The olz)served steady-
state tritium recovery rate for the different gas compositions at the 55¢, 600 and 650°C are compared in
Table 4. The recovery rates are compared relative to the case of He-0.1% H, at 550°C. The recovery rate
does not appear to be stronaly dependent on temoerature but for a chanae in sweep gas comoosition varies in
the ratio of 1 2/3 172 for 0.1% H, :0.01% K, . He. To a smaller extent, this effect was observed in
the VOM exper1ment In the CRITIC-1%test on Li 05, this effect was not seen directly, but was inferred
from a buildup in the tritium inventory over Iong periods of time using low H, concentrations in the sweep

gas.

Within experimental error, the steady-state recovery rate established with He-0.1% K, is thought to approach
the true steady-state. Such observations have potentially important ramifications on acceptable sweep gas
compositions in a blanket.

The other type of behavior considered is the effect of gas composition on tritium recovery during a thermal
transient. Figure 4 is a comparison of the recovered tritium concentration during a thermal transient from
5B0°C to 650°C in He versus He-0.1% I'L. The difference is dramatic, with the initial transient recovery in
helium being much larger than that for the case of He-0.1% H  The small recovery peak resulting from temp-
erature change tests in He-0.1%H, sweep gas versus that in He indicate that the tritium inventory for
He-0.1% H, is much smaller than for He at these temperatures. The low apparent steady-state recovery rate
using He sweep gas also suggests an increasing tritium inventory. Another way of interpreting this is that
an increasing inventory leads to a longer time between generation of the tritium in the ceramic and the

release.

The recovery peaks for the temperature transients in He-0.1% H have large secondary tritium concentration
peaks typically associated with water release. Also shown in Figure 4 is a comparison of the moisture peaks
for the two different sweep gases. The moisture release is approximately 10 times larger for the case of
He-0.1% H, than for He.

Sweep Gas Flow Rate Effects

The effect of changing sweep gas flow rates (200, 100 and 50 mL/min) on the tritium recovery rates (Ci/s) is
shown in Figure 5. The width of the recovery peaks can be expected to increase for lower flow rates because
of the delay time for the sweep gas to pass through the system. However, there can also be an effect asso-
ciated with the time to establish steady-state release rates from the specimen.

The results shown in Figure 5 indicate an apparent difference in the steady-state recovery at the different
flow rates. n the left side of the figure, before the flow-rate changes were made, the difference between
the maximum and minimum recovery rate is 8%. Recovery rates decrease with decreasing flow rate so that

50 mL/min gave the lowest recovery rate, etc. However, after the flow-rate changes were made, the differ-
ence in recovery rates increased to 20%, and were no longer ordered as well as before. At 100 mL/min, two
different recovery rates differing by 15%were established in two different tests.

The data indicate that there may be an effect of sweep gas flow rate on recovery rate. However, whether
this is related to the dynamical interaction between sweep gas flow rate and the specimen or is due to
permeation losses through the cladding cannot be determined at this time. The peculiarities in the peak
shape, as well as the reason for the variation in the steady-state release levels, are not well understood
at present. Tritium holdup on 30 to 40 m of unheated sweep gas piping may be a contributing factor.
Buildup of a background signal on the ion chambers due to tritium contamination is another possibility.
Background shifts during the first 85 EFPD of operation have amounted to % (3.33 Ci/m’) of the generation
rate for the ring specimen and to 5% (4.27 Ci/m ) for the solid specimen.

Solid Specimen

The experiment test plan on the solid specimen has been limited during the first cycle of irradiation.
Changes in sweep gas flow rate and gas composition have been carried out, and the tritium recovery char-
acteristics caused by those changes are in agreement with the behavior exhibited by the ring specimen. At
the start of the test, the temperature at the center of the solid specimen was approximately 1900°C. During
the first cycle, the temperature slowly decreased approximately 20°C. This decrease in temperature is in
agreement with the drop in flux expected for this position in the reactor due to fuel burnup and the change
in control rod configuration. The important conclusion is that under the current operating conditions no
gross changes are indicated that would limit the use of 11,0 as a tritium breeder in a fusion blanket
application.
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Table 4
Effects of Sweep Gas Composition on the Tritium Recovery from the
Ring Specimen. Recovery rates are relative to the "apparent”
steady-state recovery rate at 550" In He-0.1% H,
Sweep Gas Comoosition
TemDerature He 0.01% 0.1%
550°C 0.45 0.59 1.00
600°C 0.53 0.73 1.01
650°C 0.46 .63 0.93
CONCLUSIONS

The _BEATRIX-II experiment has provided an _excellent opportunity for international collaboration on the
design, fabrication, operation and analysis of an in-situ tritium recovery experiment on ceramic solid
breeder materials. All systems are performing as expected and the test is continuing. _The results from the
first 85 EFPD of operation of the experiment can be summarizéd In the following conclusions:

1. Varying the sweep %as composition resulted in Iarger_chanﬂes in the tritium recovery rates than did
changes™ in either the Tlow rate or temperature. Decreasing the amount of hydrogen in the reference gas
composition of He-0.1% H, to pure helium decreased the apparent tritium recovery rate by as much as a factor
of 2.

2. Temperature changes in the range of 650 to 500°C resulted in a slightly decreasing/increasing tritium
inventory with increasing/decreasing temperature. This indicates that the apparent recovery rate at 650 -
500°C in"He-0.1% H, approximates the generation rate.

3. A double tritium recovery peak is observed following a temperature transient. The first, sharper peak
is hypothesized to be associated with elemental tritium while the second peak which is delayed In time and
broader is thought to be associated with tritium recovered as water.
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Figure 5. Tritium recovery rates during sweep gas flow rate changes at reference temperature and gas

cogposmon Increasing flow rates are from tuns 6-7 and 13-14 and decreasing flow rates are from runs 9-10
and 10-11
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4. The effect of sweep gas flow rates on tritium recovery indicates that lower flow rates may lead to lower
recovery rates. This type of data is useful in establishing optimum flow rates both for this experiment and

in blanket applications.

5. The solid Li,0 specimen, with a surface to center temperature gradient of 450-1000°C has exhibited
excellent thermal stability and tritium release characteristics throughout the first cycle of operation.

FUTURE WORK

BEATRIX-II Phase 0is continuing through the reminder of FFTF Cycle 11, which has an approximate duration
300 EFPD. The test plan is directed towards further defining the tritium recovery as a function of sweep
gas composition, temperature, and flow rate. The effects of neutron irradiation damage and burnup will be
determined by comparing the present results with results from later cycles.
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IEA WORKSHOP ON IN-SITU MEASUREMENT OF ELECTRICAL PROPERTIES OF IRRADIATED CERAMICS -- F, W. Clinard, Jr,
(Los Alamos National Laboratory)

OBJECTIVE

This meeting was held to review the status of studies in the area of transient changes in electrical
properties of ceramic insulators while under irradiation, to plan future work, and to make recommendations
to designers of fusion devices.

SUMMARY

This International Energy Agency workshop was held in Los Alamos, NM June 27-29, 1990. |In attendance
were 14 participants representing fusion ceramics programs in Spain, the U.K, Japan and the U.5. The
workshop was divided into four sessions: Background, Current In-Situ Work, Plans and Goals for Future Work,
and Recommendations. Informal discussion sessions on various subjects were also included in the workshop.

Studies of in-situ electrical properties have accelerated since the last gathering of this group, with
recent findings demonstrating that dielectric breakdown as well as enhanced conductivity can be induced by
concurrent irradiation. Based on present knowledge, recommendations were made to designers of NET and ITER
on materials selection and anticipated performance, as well as on design-related considerations.

INTRODUCTION

This workshop was the fourth in a series for the ceramic insulator community. The first was held near
Madrid, Spain in 1986, the second in Karlsruhe, ARG in 1987, and the third in Garching, FRG in 1989. These
earlier meetings, all of which were held under the auspices of IEA Working Group = Task Annex II, were
dedicated to general reviews of fusion insulator needs, the status of the various national programs, and
plans for future work.

in contrast the the first three meetings, the Los Alamos workshop involved discussion of a specific
scientific and technological issue: in-situ degradation of electrical properties of irradiated ceramics.
This problem area involves transient changes in such properties as resistivity and loss tangent dmrring
irradiation rather than afterwards. Put another way, the materials problems are primarily flux-dependent
rather than fluence-dependent, although as discussed below the damage state of the material (a fluence
effect) has also been shown to be important.

The earlier workshops in this series have been recorded in Proceedings reports issued by the
International Energy Agency. Such a report for the L0S Alamos meeting is in preparation as of this writing.

HIGHLIGHTS OF THE WORKSHOP

Background

G. P. Pells (AEREIHarwell) and E. Hodgson {CIEMAT/Madrid) reported that they are involved in ongoing
consultations with NET designers on materials choices and anticipated problems for insulating ceramics in
that machine. 1t is recognized that such discussions are also relevant to insulator needs for ITER.

The situation with respect to the various insulator applications for NET can be sumnarized as follows:
Toroidal current breaks - NET will employ metallic breaks, and so this application is nat relevant to

that machine. However, it was noted that ITER designers are planning for current breaks made of insulating
ceramic.

ICRH insulators - These insg}ators are required to support the coaxial feeder line and to act as tritium
barriers. A loss tangent of 10 ~ may be adequate.

LHRH insulators - A large number of small windows in clustered waveguides will be required, along with
thin ceramic sheets between waveguide modules to stop formation of current loops durinquisruptions. The
windows will be recessed and water cooled, and should have a loss tangent less than 10 °. Corftaniination on
the window surfaces is expected to present difficulties. The windows must serve as retaining barriers {gr
tritéum from the plasma and SF6 dielectric gas in the waveguide. For NET a maximum lifetime dose of 10
nfcm™ 's expected.

ECRH,insulators - The waveguides and their windows are currently being designed. A loss tangent less
than 10 ~ is required; it is hoped that this specification can be met by operating the window f§ 20 szith
periodic warmups that can result in annealing of some of the irradiation damage. A dose of 10"~ nlcm™ is
anticipated.
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Neutral beam injector insulators - The NBI modules will be located 40 meters from the torus;
nevertheless, radiation from neutron streaming and other sources is of concern. Very large, high-quality
water-cooled ceramic insulators capable of holding off 10-20 k¥/cm are required for this application.

Insulators for copper coils - Water-cooled ceramic insulators are required for the vertical stabilizing
coil and for divertor coils; both applications involve high neutron fluxes. Electric fields will be on the
order of 5 kV/cm.

Insulators for diagnostic applications - Insulator applications of concern include optical windows,
insulators Tor particle counters and detectors, and fiber optic cables. Specific component designs are not
yet available for review.

Current In-Situ Work

H. Ohno (JAERI/Tokai} reported on initial findings using gamma radiation from a 60(30 source and a
frequency range from 5 Hz to 13 MHz. Test materials included Ir0,-10%C.r,0, and Al,0, single crystals, plus
Sic-2 wt% BeD polycrystalline material. Only slight, do§e—depend nt chan eg in ac o?’ﬂductivity were noted
at 723 K to 1023 K with dose rates of approximately 1x10~ Radls.

E. Hodgson, (CIEMAT/Madrid} reviewed his studies over the past several years, plus work in progress.
All experiments have been carried out using a 2 MeV electron accelerator. Test ceramics include Mgd and
A1203.

Results to date show that transient or radiation-induced conductivity (RIC}) will be a problem from the
onset of operation of any D-T fusion device. The basic phenomena (generation of charge-carrying electrons
and holes, trapping, and recombination) are well-understood theoretically and have been measured, although
over relatively short times on the order of one hour.

Recent work shows that at longer times electrical breakdown occurs, and this is considered to present
severe technological problems. Breakdown occurs only with concurrent ionization and displacement damage,
and irradiation with an applied electric field is essential. Subsequent examination under optical
microscopy reveals the formation of precipitates.

Breakdown appears to result from radiation-enhanced electrolysis, in which impurity aggregation and
colloid production probably play important roles. Since breakdown occurs at 50 Hz as well as under dc
conditions, the phenomenon cannot involve a polarization effect.

G. P. Pells {AERE/Harwell} reported on studies that he and S. Buckley have carried out using proton
beams. Work on oolvcrvstalline alumina usina 3 MeV protons has shown that at 60 MHz transient dearadation
of loss tangent (i.e., a flux effect) gges not occur’; however, an increase in lossiness due to damage
buildup was seen at doses as low as 10 ~ dpa. A post-irradiation effect (namely decay of damage-induced
degradation) was also noted, indicating that fluence-dependent changes should be measured promptly for most
meaningful results. Applied electric fields were low for this work.

DC studies employing 18 MeV protons showed transient degradation of resistivity; however, at 104 Gyls
(about that expected at the first wall of a D-T-burning device) degradation below 600 C was not excessive

N. Itoh (Nagoya University) described work with K. Tanimura, J. Valbis and C. Itoh on the behavior of
transient point defects under electron irradiation. Properties measured were luminescence, optical
absorption, and volume change. Results for a number of ceramics showed that (1) defects having relatively
long lifetimes are generated under irradiation, (2) the contribution of transient defects to loss tangent is
not yet clear, and (3) time change of loss tangent and conductivity after an intense pulse of electrons can
reveal the nature of the defects responsible for loss tangent changes.

R. Stoller (ORNL) presented the research plan that he, S. Zinkle, and R. Goulding have developed for the

study of RIC effects. Measurements of loss tangent will be carried out at 100 Miz in an ionizing radiation
field using the HFIR spent core facility. It is also planned to measure the same property at 50-500 MHz in
combined ionizing and displacive radiation fields using the University of Illinois TRIGA reactor. Variables

for this work include dose rate, rf power levels, and ratio of ionizing to displacive radiation. Tests will
conducted on single-crystal and polycrystalline A1203.

NOTE: Post-workshop experimental results from this project are reported elsewhere in this volume.

T. Shikama (Tohoku University, Oarai Branch) reported on RIC studies carried out with M. Narui, A.
Ochiai, H. Kayano and Y. Endo. This work involved measurement of e'lectm'ca} conductivity of sing]e-cry&tal
Al 0%l in the JMTR fission reactor. The gamma dose rate r‘angfg froQ 1.5x10% Gyls at sh%downzto 1.4x107 Gyls

| -

at?fill power, while the neutron flux under power was 3.4x10°° A/m"s (fast) and 1.8x10°" nAfm s (thermal).

Test frequencies employed were in the range 100 Hz to 100 kHz, and some data were obtained as a function
of temperature despite a noise problem from the sample heater. RIC was observed, but only below 10 kHz.
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Conductivity values at 350 C ranged from 3x10“8 to 15-15>n:1(J-6 (ohm-m}-1 at reactor shutdown and full power,
respectively. A time-dependent rise in conductivity was noted, implying a fluence effect.

W. Unruh (LANL) described an irradiation testing capability that he, F. Clinard, J. Kennedy, W. Sommer,
and C. Kise developed to study radiation-induced breakdown for another, now-defunct program. The phenomenon
of concern here involves classical electrolysis (polarized motion of ions in a DC field leading in time to
runaway conduction, dielectric breakdown, and often structural failure), with contributing effects from
simultaneous irradiation.

This work involved development and testing of an environmental capsule designed for irradiaﬁ'on wi%h
spalgetion Eeutrons at the LAVPF beam stop area (LASREF). Target fluxes and fluences were 4x10"~ nlcm" s and
2x10°" nfcm™ respectively. The capsule was designed to accommodate a large number of samples, both with and
without guarded electrodes and with and without exposure to a continuous dc field, at elevated temperatures
in a helium gas atmosphere.

Initial tests were conducted out of the neutron irradiation field but at the design temperature of 825 C
and with an applied electric field of 1000 ¥/cm, during a continuous run of 7% days. Test materials were
single-crystal Al 03, both undoped_ﬂd with 1591wppm Ti, and equivalent polygrystaﬂinglsamp'les. Measured
conductivity valués ranged from 10 (ohm-cm) © for undoped sapphire to 10 ° {ohm-cm) * for doped alumina.
The test capsule exhibited some shortcomings, so that an improved design was subsequently developed. The
project is currently at a standstill, but could be reactivated if required for fusion studies.

Future Plans

H. Ohno reported that gamma irradiation studies at his laboratory will continue, and in the near future
in-situ measurements will be initiated using the JRR-3 fission reactor. Beginning in 1993, tests will be
carried out utilizing a triple-beam ion accelerator facility now under construction.

E. Hodgson described planned future work in the areas of bulk breakdown and degradation, including
studies of the effect of radiation spectrum, temperature and dose rate, voltage, impurities, and test
frequency. Other work will include studies of surface breakdown and radiation-enhanced diffusion.

G. P. Pells reported that funding restrictions necessitate dropping in-situ RIC measurements from the
Harwell program. Future work will involve measurement of swelling during irradiation at cryogenic
temperatures using a capacitance method. Plans also include post-irradiation studies of high-frequency
dielectric properties of ceramics at 20 K after fission reactor irradiation.

N. Itoh presented a plan to use intense pulses of electrons to study transient defects produced by
electronic excitation. Measurements will include optical absorption, volume change, and electrical
conductivity 0Or loss tangent.

S. Zinkle described planned studies in three areas: (1) electrical conductivity of SiC and other
ceramics, (2) ICRF dielectric properties of several ceramics in gamma and neutron irradiation fields, and
(3) microstructural examination of electric field effects during irradiation. The first two study areas
will involve electrical measurements, while the last will include post-irradiation examination by TEM and
XPS.

Dr. Shikama described upcoming work on in-situ electrical property measurements to be conducted in
Japanese fission reactors. This will include studies of both insulating ceramics and graphite, at 200 to
800 C. It is also planned to attach a 400 keV TEM to a 2 MeV Van de Graaff accelerator for concurrent
damage studies.

E. Farnum reported on plans to carry out in-situ measurements using a 2-3 MeV proton beam. Test
materials will include single-crystal sapphire as well as Al 03 samples that have previously been damaged by
neutron irradiation. Test frequencies will range from near %c to frequencies relevant to RF heating
applications.

NOTE: A more extensive description of this experiment is given elsewhere in this volume
Discussions

The following are some of the highlights of the discussion sessions:

1. This community must continue and expand its efforts to support reactor designers, both with respect
to materials choices and to recommended design changes.

2. Although this workshop focused on in-situ electrical properties, it was recognized that in-situ
changes in structural and thermal properties as well as diffusional effects also need attention, and should
be part of the fusion ceramics program.
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3. As new irradiation facilities such as IFMIF are conceived and planned, the fusion insulator
community must supply input with respect to (1) radiation environment (e.g9., ionizing radiation levels and
neutron energy spectra) and (2) access for in-situ studies.

4. International collaboration in the areas of standard and reference materials and in round-robin
testing is progressing well. Consideration should be given to exchange of personnel where appropriate.

5. Hodeling of electronic and ionic mobility as well as radiation effects could be most helpful in
interpreting and explaining observed RIC phenomena.

6. There was a persistent theme during the workshop that long-term basic studies are needed to
understand in-situ degradation mechanisms.

RECOMHENDATIONS

The workshop participants made the following recommendations to designers, based on the present state of
knowledge, with respect to the six insulator applications for NET/ITER. (Design and operating conditions
for the ITER toroidal current break were not known, and so no recommendations could be made for that
application.)

ICRH insulators. The recommended material is 99.5% pure A1203.

IHRH insulators. The material of choice is again 99.5% Al 03, selected for lowest loss tangent.
Further data on RIC effects is needed, and tritium permeation %ay be a problem.

ECRH insulators. A cooled single-crystal material such as sapphire should be used. Even low-dose
damage may present difficulties; irradiation testing to appropriate damage levels should be carried out, and
under cyclic temperatures that approximate expected operating conditions.

Neutral beam injector insulators. Current leakage and dielectric breakdown at surfaces may present a
problem.  Fabrication of Targe insulators with the requisite strength is another issue. The radiation
environment requires further specification.

Insulators for copper coils. The vertical stabilizing coil insulators present serious problems, given
the expected high electric fields, irradiation fluxes, and fluences. The form of the insulator (e.gs, solid
vs. powder) and its composition must be carefully chosen, and an electrical resistivity as low as 10 ohm-m
(reduced to that value by RIC) must be anticipated.

Insulators for diagnostic applications. Further information on materials needs and operating conditions
is required. The use of IR windows necessitates development of an acceptable mounting technique. With
respect to optical fibers, irradiation-induced degradation of the polymeric coatings will present a serious
problem.
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IN-SITU MEASUREMENT OF RADIATION INDUCED CONDUCTIVITY IN CERAMICS—~E. H. Farnum. H. M. Frostand F. 'W.
Ciinard {Los Alamos National Laboratory)

OBJECTIVE

The objective of this work Is to develop a data base and understanding of radiatien-induced changes In the electrical
properties of ceramic insutators, and then use this informationto identify or design new ceramic materials that will improve the
performance of magnetic fusion machines.

SUMMARY

This report describes our experimental plan and sehedule for measuring the radiation induced conductivity (RIC} in ceramics
while being irradiatedwith 3 MeV protons. Inthe Initial experiments, dielectric constant and less will be measuredin pure and
in Ti-doped sapphire. The measurementswill be made at rocm temperature. at frequencies between 100 Hz and

10 MHz, with and without an applied DC bias. and as a function of radiation flux and fluence. The lon Beam Materials
Laboratory (IBML) ion source at Los Alamos will be used with beam currents up to 1 micro-ampere. We expect initial results to
be available lor the next semi-annual Progress Report.

PROGRESS AND STATUS

Introduction

The fact that penetrating radiation reduces the electrical reslstivity of ceramics has been known for some time (1-4) and has
been measured in a number of candidate fusion reactor insulator materials. This effect, called radiation-Induced conductivity
(RIC), has been shown to reduce the predicted lifetime of reactor windows to unacceptable levels (5.6). Tt effect has been
measured as a function of flux and fluence with fast and thermal neutrons {1,4,7}, with gamma rays {2,7,8) , and with
accelerated charged particles {9,10,11). These measurements were made by subjecting the material to the irradiationat a
fixed temperature and subsequently measuring the change from the pre-inadiated conductivity. Recently, Hodgsonin Spain
(10.12) and Peils in England (13) measured the RIC in-situ during irradiationwith electrons and with protons respectively.
Both of these experiments showed higher RIC than would be expected from post-irradiation measurements. Further. they
then applied a DC electric field to the material during the irradiationand observed an even greater RIC effect (12,13}, Their
experiments showed for the first time that even in-situ experiments may be insufficientfor predicting the behavior of insulators
in fusion applications. Since in plasma heating applications at ECRH. LHRH and ICRH frequencies the insulator is used for
very hlgh power transmissions, high electric fields at the applied frequencieswill be coincident with neutron and gamma
irradiation. Therefore, to simulate a real fusion reactor environment, radiation and electric fields must be applied
simultaneously. Our experiments will attemptto simulate the fusion environment as ciosely as possible.

Experimental Plans

Neutron and gamma radiationfrom the fusion reactor produce both ionizing and displacive damage in ceramics. High energy
protons also cause both ionizing and dispiacive damage and have been used to simulate fusion reactor conditions (13).
Advantages of protons as a radiation source include the ability to adjust the beam energy, to achieve very high fluxes and to
control the irradiationenvironment. Three-MeV protons have a range in aluminum oxide of 49 um, and nearly all of the protons
stop inthe last few um of path. inirradiatinginsulatorsit is necessaryto assure that the protons pass through the sample and
stop in a metal backing layer. Otherwise the build-up of space charge would destroy the sample. Therefore we have chosen a
sample thickness of 25um and a guard-ring capacitor configuration with thin gold top electrodes as shown in Fig. 1. Protons
that are incident on the top electrode with 3 MeV energy. enter the alumina with 292 MeV and enter the gold backing layer with
1.92 MeV. Thus each protonlosas 1.0 MeV in the alumina. Of this, 95.4 keV is lost to ionization reactions and 0.6 eV is lost
to coilisions that cause displacements. A plot of energy absorption is shown in Fig 2. Because most of the absorbed energy
is ultimately converted to heat, the metal backing also serves as a heat sink to keep the sample near room temperature,

initial experiments will focus on low frequencies (< 10 MHz) and will explore the effect of flux and DC bias on in-situ RIC. The
experimental configuration is shown schematically in Fig 3. Samples will be held at constant temperature near 25 °C by
controlling the backing pfate temperature. Protonflux will be varied between 1.3 nA (10'3 Gy/s) and 1.3 uA (106 Gy/s). (Peak

ionizing tiux for the first wail of CIT is -1.67 x 0% Gyfs) The beamwill be periodically turned off to compare in-situ RIC with
post-irradiation values and to determine decay time (if greater than -1 ). A DC bias of ¢ to 25 V, correspondingto O to
1000V%/mm, will be applied during the irradiation. (In alumina irradiated at 450 ©C, thermoelectric breakdown has been

observed at 130 v/mm (13,14}.) Initial in-situ RIC measurementswill be made on both pure sapphire (Crysta! Systems, Inc.;
¢-axis in plane of disk) and sapphire doped with 15¢ ppm Ti.
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Experimenta! Schedule

We expectto put the first IBML proton beam on a sapphire sample in December. 1890. Initial results should be ready lor the
March 1991 Progress Report.

+ 3MeV . 2.5 MeV Protons
. proton dE/dX A
0.5-um-thick v beam . L Alz(3 r Au
gold electrodes . .
' . .
. ' » .
25um-thick _ESTRETTTTmmd oy . :
sapphire . )
Sample . .
i Copper el ; :
Beam Stop . .
50 um Gold . .
backino OCto t0 MHz
layer- Fi 1 0.5um 25.5um 38um
b DEPTH

Sample Configuration lor Proton Irradiation Experiment

Figure 2
Proton Energy Deposition Rate vs Depthin a
gold / alumina/ gold Target

Sample Irradiation Water-cooled
Beam steering  \—Chamber /stage

—©

—_— ]
10N BEAM /
Collimator J L Network
Vac. Analyzer
Syst. With bias voltage)
Figure 3
Schematic lor planned Proton Irradiation Experiment
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MILLIMETER-WAVE TESTING OF ISOTOPICALLY ENRICHED ALUMINA )
H. M. Frost, 111, J. C. Kennedy, 111, and T. N. Claytor {tcz Alamos National
Laboratory) and s. J. Zinkle (Oak Ridge National Laboratory)

OBJECTIVE

Evaluate the quality of_isotopically enriched high-purity alumina made by clo-
sed-cycle processing, with application to a special irradiation experiment.

SUMMARY

In a special tusjon-neutron irradiation simulation experiment, "0 has been
substituted for "0 in 99.5% alumina to be neutron-irradiated in the High Flux
Isotope Reactor (HFIR) at Oak Ridge for raising the potentially deleterious
helium gas yield to levels closer to those expected from the neutrons of deute-
rium—-tritium (D-T) fusion reactions. Earlier, we reported values of complex
dielectric constant k* measured at Los Alamos_at millimeter-wave (MMW) fTrequen-
cies for conventional (unenriched) 99.5% alumina test specimensl. These speci-
mens were made, under the same conditions applying to the present report of x*
measured for 17o-enriched specimens based on the same alumina system. The
present alumina has lower dielectric losses than that reported In the earlier
work. Furthermore, we corroborate the earlier finding that x» is a sensitive
nondestructive measure of the quality of alumina being considered for rf-window
use -- and the overall quality of high-purity ceramics in general.

PROGRESS AND STATUS
Introduction

While neutron-irradiation studies have been carried out on electrically insu-
lating or mechanigally strong ceramics such as alumina, the high fluences
reached of 1 x 10" n/cm_ or greater have been achieved only in fission
reactors whose "fast neutrons®™ (E > 0.1 MeV) are slower than the 14 MeV neu-
trons expected from D-T fusion reactions. When D-T neutrons were available
from the Rotating Target Neutron Source (RTNsS~II) at Lawrence Livermore
National Laboratory, the corresponding fluences, as iimitsd by irradiation
scheduling and aperture constraints, were below 5 x 10" n/am

Fission reactors can simulate the extent of displacement and ionization damage
expected from 14 MeV neutrons in ceramics such as alumina, but generally not
the extent of that type of dama%e linked to transmutation production of gases
such as_helium and hydrogen. When produced, these gases are initially atomi-
cally dispersed, but are subject to subsequent diffusion and segregation
effects. Lack of sufficient levels of transmuted gas occurs under the usual
materials irradiation conditions of a hard neutron spectrum (E> 0.1 MeV) and
normal isotopic abundances for the test specimen elements involved (=.9., &l
and ¢ in alumina). Gas levels ﬁroduced by fission neutrons_in a test specimen
can be boosted, however, through isotopic substitution within the material to
be irradiated and inclusion of thermal as well as fast neutrons. The effect of
this i1s to ip?reaselzhe cross section of the desired (n,«) reaction, which in
our case Is 'o(n,a} ‘C,

ExDerimental Drocedureg

1. Processing

Hard, nearly theoretically dense (7 99.5% TD), isotopically adjusted alumina
samples of 99.5% purity were made through dissolving an organiC pracursor (alu-
minum isopropoxide) In isopropKI alcohol and then hydrolyzing in '’'0O-enriched
water followed by removal of the alcohol, calcining, mixing with ¥g0 (sintering
aid), milling, and sintering.2 The resulting maximum ''O fraction in the total
oxygen content was about 25%. The flexural strength resulting from the closed-
cycle processing involved was 280 ®Pa. Average grain sizes were 10 um.
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2. Dielectric measurements

The dielectric constant, k, and loss tangent, tané, contribute to the complex
dielectric constant via k* = k(1 - jtans). These properties were measured at
room temperature by means of a computer-operated, swept-frequency ¥MW scalar
network analyzer system operating at an average frequency of about 95 GHz on
specimens inserted within single-moded waveguide. Further details on this
technique are reported elsewhere, as well as on data-reduction software needed
when spatial inhomogeneities {(=.g., pores or inclusions) are present in the
test specimens.is From four to ten repeat measurements were made on each
specimen available. Specimens were machined from sintered alumina blocks (12
per block).

Experimental results

The values of k and tan6 are given in Table 1, along with the number of speci-
mens In the statistical sample involved.

Table 1. Dielectric properties of sets of unenriched and enriched alumina spe-
cimens from blocks no. 3 and 8, respectively.

DESCRIPTC atistic nenriche nriche andar
(block #13) (block #s}

DIELECTRIC CONSTANT

Mean: o 10.05 9.86 9.84

Standard deviation: 0.016 0.044 0.022

Fractional deviation: 0.16% 0.45% 0.22%

Loss TANGENT . . .

Mean: 51 xlO" 5.2 :tcl.tJ'4 4.2 xl(J'4

Standard deviation: 0.17x107 0.64x107 0.51x107

Fractional deviation: 3.4% 12.% 12.%

No of specimens in

statistical sample: 8 5 (1)

Values of the dielectric properties were extracted from "channel spectra® con-
sisting of plots of transmission loss as a function of frequency swept from 90
to 100 ¢Hz. For obtaining reliable values, a subjective but repeatable szizc-
tion process was used for accepting or rejecting channel spectra for subsequent
data reduction. Thisfprocess involved a co$parison of important features of
each plot with those for the plot expected from electrodynamics theory. Dif-
ferences between the expected and observed spectra are due to either specimen-
related or measurement-related effects, such as cracks and inclusions producing
spurious HMW scattering within the specimen or muitimading due to imperfect
specimen and waveguide geometries.

Each average value given in Table 1 is actually a mean of the means. Repeat
measurements on a specific specimen were averaged before subsequent averaging
of measurements over several specimens. For 13 of the total of 17 specimens
represented in this report, the rounded off values of the "intra-specimen”
standard deviations for k fell in the range of 0.04 to 0.06, with the other
four values above (2) and below (2) this range. These typical values essen-
tially overlap those for the "inter-specimen® standard deviations of 0.02 to
0.05 (rounding off to one significant Ffigure). This overlap condition was
basically mirrored in the intra-specimen and inter-specimen standard deviations
for tans as well.

The "'standard'™ alumina featured in Table 1, with a density of 95% TD, is a
Coors AD-995 (99.5 %) alumina control specimen used in an earlier EBr-II irra-
diation experiment 3:4; the mean and standard deviation of its k and tan6
values were estimated through repeat measurements alone. 'Fractional devia-
tion" 1Is the ratio in percent of the (n-1) weighted standard deviation divided
by the mean and multiplied by 100.
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Acceptable dielectric data were also obtained on specimens from other

enriched) blocks (§7 and §1¢)., Only two specimens per block were available in
these cases, though, so inter-specimen variafions could not be evaluated. For
block ne.7, k and tan6 warz 9.95 and 4,2x107 respectively; for block no. 10,
they were 9.85 and 4.2x10” . The dielectric fosses were the same as for the
"standard®” alumina.

Test specimens were examined by acoustic microscopy for their defect contents.
This method involves "'B-scan' iImaging of internal structure by an ultrasound
transducer operated in a pulse-echo mode and mechanically scanned under com-
puter control over the test specimen immersed within a coupling medium
(water).1:5 Acoustic microscopy probes the entire volume of each test speci-
men, as opposed to the limited sampling capabilities of optical and electron
microscopy. Images obtained by both acoustic and optical microscopy revealed
internal and surface-connected defects which usually correlated in a predict-
able manner with the quality of the associated channel spectra. In the MW
measurements, 1t was also observed, however, that this quality was sensitive to
the varying “specimen to waveguide®™ gaps presumably resulting during repeat
measurements on a given specimen.

. -

Our earlier vzport! of the sensitiveness of fractional deviation in the dielec-
tric constant (K) to material quality is borne out in the present work as well
-- that is, the greater this deviation, the worse the quality. Results from
microscopy indicate that specimens cut from block no.3 are much more free of
defects than those block no.8, especially those defects with sizes of the order
of the specimen width (0.100 in = 2.5 mm). Corresponding examination of Table
1 indicates that the fractional deviation of k for block no.8 is almost three
(2-8) times larger than is the case for k from block no.3.

The corresponding means of k for the two different blocks are different and
this difference appears to be statistically significant. That is, these means
are separated by much more than the sum of their probable errors (assuming a
Gaussian distribution), as given by 0.6745(s.d.4q * s.d.g), where vs.d." stands
for standard deviation. However, the tan6 values are nearly equal (to within
3%) -- and are roughly 25% larger than the value for the "‘standard™ alumina
used In our earlier work. As reported in that work, the measurable losses in
the standard specimen probably arose from absorption only, =z,5., not scattering
from inclusions or pores. That is probably also the case here: The densities
of the experimental aluminas are within a small fraction of one percent of the
theoretically dense value, so that porosity is low and scattering losses unim-
portant. Thus, the present alumina has an excess dielectric absorption of 25%
more than in the standard alumina.

One possible explanation for excess absorption (inblock nos. 3 and 8) and
larger dielectric constant (inblock no.3) involves electric polarization on
the interfaces between the matrix and the inclusion materials revealed by
acoustic microscopy. The charge carriers and/or electric dipoles involved in
this "interfacial polarization® would have to be essentially free or unbound
for this effect to be important at Mm% frequencies and room temperature, how-
ever. Delocalized electronic states on the interface or _electric dipole
moments of relatively tightly bound cations associated with symmetry breaking
bi- or tri-vacancies are possibilities. Presence of an effective, slightly
vigco?s medium within which these charges move could give rise to the dielec-
tric loss.

The (alumina-like) inclusion material itself may be a vestige of a small amount
of the or?anic precursor that remained as particulate matter during solubiliza-
tion In alcohol during synthesis of the alumina powder. One speculation is
that the inclusion material is alumina itself that calcined and sintered at a
different rate and to a lower density than the matrix alumina.

In our earlier report on the MMy dielectric properties of the same alumina sys-
tem featured (except for lack of enrichment), the tans values reported there
were 7.5x10~* and 13.1x10~* (for specimen séts no. 4 and 3, respectively). The
lower value had been attributed entirelﬁ to absorption losses, so the alumina
féatur%g in the present report has a substantially improved transparency as a
MW window.
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One possible explanation for the differences in k* between the experimental
aluminas vs. the standard alumina involves the residual carbon content result-
ing from incomplete surnsff of the organic precursor used for making the pow-
der. During a planned irradiation in HFIR, trangmited carbon will also be pro-
duced at boosted levels by the nuclear reaction o(n,a) "C intended tor,
producing helium gas. For comparison, typical MFE conditions of 1 #¥/m
fusion-neutron loading of natural isotope abundance twu.76% '*) alumina at the
first wall would yield 624 appm of carbon.® Such material could affect the
dielectric losses because of its relatively conductive nature, esPecially if
segregated out, as on grain boundaries. Trace carbon analyses will thus be
needed on both the control and irradiated samples.

The question of trace amounts of silicon also needs to be addressed. This is
because the same thzrmz]l neutrong used to convert oxygen into helium (plus car-
bog) may also convert “'al into °°’Si. This question was raised in thg 19s0's’
and was dealt with at greater length by Youngman fifteen years later®, as noted
in a recent review of radiation effects in non-metals.®

CONCLUSIONS

The present results, combined with those in our earlier report,! indicate that
the fractional deviation -~ equal to the mean divided by the standard deviation
(and multielied by 100) -- in the dielectric constant is a sensitive indicator
of material quality, as substantiated by independent results from acoustic
microscopy, which for our work here had a lateral resolution of about 0.1 mm.

From the standpoint of dielectric properties, alumina specimens cut from ursn-
riched block no.3 have the highest quality of_all the specimens we have
examined so far in the fusion-neutron simulation experiment, and this quality
is comparable to that for a commercially available high-purity alumina used for
comparison purposes. The dielectric quality of specimens cut from block no.8
was somewhat lower than for block no.3, but still acceptable -- and comparable
to that for specimens from “set nc.4" featured in our earlier report.l

With @ dielectric testing, the entire volume of the ceramic can be sensi-
tively and nondestructively sensed for the presence of internal defects, and
tested specimens can be archived for subsequent retesting at any time. Such
advantages outweigh the disadvantage of the precision machining now required
for preparation of test specimens which are inserted under tight tolerances
into the waveguide section serving as the test fixture in MW testing.

Acoustic microscopy is a valuable adjunct to % testing, and it probably will
also be useful for improving the statistics of the four-point bend tests
intended for measuring flexural strength. It indicates In straightforward man-
ner _those surface regions in each specimen to avoid when placing the test
anvils on the specimen, so that the stress concentration effects of anvil and
defect do not overlap to produce premature failure.

Because of the presence of thermal as well as fast neutrons in the anticipated
irradiatjon in HFIR, trace amounts of carbon are expected from the transmuta-
tion of O in thg enriched alumina. Silicon may also be generated through
transmutation of “'21 Into ~ ST tnrough neutron capture. The electrical and
dielectric properties may be changed significantly with these impurities either
atomically dispersed or segregated on grain boundaries, for example.

FUTURE WORK

In the next phase of this work, various sets of '"0O-enriched and unenriched
alumina specimens will be irradiated under various flux and temperature condi-
tions in HFIrR at Oak Ridge. When available, irradiated sets will be sent to
Los Alamos for specimenfpreparation and subsequent post-irradiation W
measurements. Assays of trace carbon in both irradiated and unirradiated alu-
mina specimens will have to be added to the materials characterization planned.
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WORKSHOP ON CERAMIC MATRIX COMPOSITE MATERIALS FOR STRUCTURAL APPLICATIONS IN FUSION REACTORS - R. H. Jones,
Pacific Northwest Laboratory,("") and 6. E. Lucas, University of California.®

OBJECTIVE

The_objective of the workshop was to assess the potential of ceramic matrix composites for structural appli-
cations in fusion reactors. This included identifying the critical issues regarding their use and data
needs to comolete this assessment.

SUMMARY

The _workshop to assess the potential apﬁllcatlon of ceramic matrix_composites (CMCs) for structural aBpll;
cations in fusion _reactors was held on May 21-22, 1990, at University of California, Santa Barbara. Parti-
cipants included individuals familiar with materials and design requirements in fusion reactors, ceramic
composite QFOQGSSIng and properties and radiation effects. The primary focus was to list the feasibility
issues that might Iimit the application of these materials in fusion reactors.

Clear advantages for the use of CMCs (i.=s., Sic/SiC) are high-temperature operation, which would allow a _
high-efficiency Rankine cycle, and low activation. Limitations to their use are material costs, fabrication
comB!exlty and costs, lack of familiarity with these materials in design, and the lack of data on radiation
stapbility at relevant temperatures and fluences.

Fusion-relevant feasibility issues identified at this workshop include:

« hermetic and vacuum properties related to effects of matrix porosity (10-15%) and matrix
microcracking

. chemical compatibility with coolant, tritium, and breeder and multiplier materials, radiation
effects on compatibility

« radiation stability and integrity

. gbjl%ty to join CMCs in the shop and at the reactor site, radiation stability and integrity of
joints.

It was suggested that a true feasibility assessment of CMCs for fusion structural applications could not be
completed without evaluation of a material "tailored” to fusion conditions or at least to radiation sta-
bility. It was suggested that a follow-up workshop be held to design a tailored composite after further
results of CMC radiation studies are available and the critical feasibility issues are more fully addressed.

Feasibility Issues for Use of Ceramic Matrix Comoosites for Fusion Structural Avvlications

The following issues were identified during the workshop. For each topical area, the first short list con-
tains_those 1ssues deemed most critical and fusion-relevant. Many of the issues in the second list are
generic to CMCs, and their outcome could not be affected by the limited fusion budget available for this
activity. The 1issues are also listed by category, although it is recognized that there is considerable
overlap among these categories.

. PROCESSING
A.  Critical Fusion Issues

CMCs with 30-40% continuous reinforcement contain 10-15% Borosityz which may be inter-
connected. Also, CMCs exhibit matrix microcracking long before final failure and they may be
utilized at stresses above the matrix microcracking stress. Therefore, it is important to
evaluate the effect of the original porosity and matrix microcracking on the following:

« coolant and tritium containment

o vacuum integrity

+ outgassing characteristics.

(@ Operated for the u.S. Department of Energy by Battelle Memorial Institute under
Contract D£-ACQ6-76RLD_1830. . )
(b) University of California, Santa Barbara, California.
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B. General Issues

1. What are_the problems and potential for scale-up_of CMC processing methods to pro
duce fusion reactor-relevant components; i.«., size and shape?

2. What is the role of CMC processing in the variability of CMC properties and can this
variability be controlled?

3. If CMC impurities impose low activation limitations, can the desired purity be
achieved?

4. Are currently used fibar/matrix interface layers such as C and BN suitable for
irradiation environments? If not, what materials might be suitable?

5. Is it possible to integrate quality control methodology into CMC processing?

6. Since the costs of CMCs are heavily dependent on_processing method and the mate-
rials costs presentl¥ range from $1000 for material to $7000/15 for complex
components, what is the potential for future reductions in materials costs and what
are the impacts of these costs on reactor costs?

1i.  FABRICATION oF COMPONENTS

A. Critical Fusion Issues

Joining of CMCs 1is a relatively untested teghnologg,_ajthou h there are several methods for
making ceramic/ceramic and <aramic/matal joints. Joining of CMCs will clearly be necessary
because the fabrication of large com?onents from a single piece_is very difficult. Also,
on-site joining will be negessarg. herefore, the following joining issues were identified:
+ demonstration of joining CMCs _ o
« oOn-site joining of CMCs™(=.g., microwave or laser joining).

B. General Issues

1. What is the status of NDE for CMCs? Can critical fracture toughness-sized flaws
(-0.2 mm) be distinguished from porosity, which can have similar dimensions?

2. Can net shage components be fabricated or will it be necessary to machine parts to
final shape? What will be the impact of a machining process on fabrication costs?

3. How will the as-built integrity be assessed? Will it be necessary to proof-test or
will NDE ge adequately developed for composites in the future to ensure reactor
integrity?

111, UNIRRADIATEO MATERIAL PROPERTIES
A. Critical Fusion Issues

1. The chemical compatibility of CMCs with the coolant, tritium, and breeder and
nultiplier materials is of major concern. Alkali elements aiter the protectiveness
of the sio, layer that forms on sic, so Li as a coolant or from the breeding T
e

material could induce corrosion. Also, oxygen reacts with Sic to form 510,
510, forms as a protective layer but the growth rate as a function of time“and

temperature is important. Also, the compatibility of sic and C with tritium is a
concern at elevated temperatures.

8. General Issues

1. The inter-layer shear strength of composites'® is generall¥hvery poor. This is a

concern_for the use of CMCs in fusion reactors because of the need to transfer load
at fittings and couplings.

2. Can the variability of material properties from batch to batch and vendor to vendor
be reduced and what is the impact of this variability on fusion design?

3. gh%tOis the proper specimen design for obtaining mechanical and physical properties
ata’
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4. Is the matrix fracture stress the proper limiting stress for CNMCs or is some value
greater than this appropriate?

5. The design methodology for brittle matrix materials has not been proven and this
will be necessary before reactor licensing._ The effects of irradiation will
complicate this.” Will this methodology be in place for use of CMCs in fusion
reactor construction?

6. What are the thermal and mechanical fatigue and creep properties of CMCs?_ Are the
acceptable? For steady-state_operatlon, creep ﬁropertles will be most critical bu
cyclic stresses and strains will also occur with start-up/shut-down and non-steady-
state operation.

IRRADIATED MATERIAL PROPERTIES
(at relevant fluences and temperatures)

<<

Critical Fusion Issues

1. Radiation stability: failure induced by differential dimensional changes of fiber
and matrix.

2. Radiation effects on electrical and thermal conductivity and mechanical properties.
3. Radiation effects on chemical compatibility.

4. Stability and integrity of joints in an irradiation field.

B. General Issues
1. What is the activation level for commercial CMCs including the effects of
impurities?
2. What are the effects of transmutants (solid and gaseous) on properties?
3. What is the life-limiting property?
4. What is the effect of plasma/material interactions on material performance?
5. Is there enough basic understanding about radiation damage (gas transport, defect
migration and agglomeration) to adequately design radiation-resistant CMCs?
6. How does radiation affect the interfacial (fiber/matrix) properties of CMCs?
7. Are there flux- and rate-dependent properties which will impact the use of CMCs in
[CFs? '
8. Does radiation accelerate creep in CNMCs as it does in metals?
9. What are the optimal reinforcement and reinforcement architecture for radiation
resistance?
10. Is the dimensional stability of sic/sic independent of fluence as suggested by the
limited data on sic?
@ The inter-layer shear strength of composites is generallx a major concern for 2-dimensionally_
e

reinforced composites using organic matrix materials. The 2-0" composites are manufactured using a
resin that "glues” two sheets of fiber cloth together. This manufacturing approach results in a weak
inter-layer shear strength. For ceramic matrix composites, however, the chemical vapor infiltration
manufacturing approach generally avoids this shortcoming by using a 3-0 weave. Otherwise, a non-
reinforced layer of ceramic between layers of 2-0 fiber-reinforced sheets would be_susceptible to the
same catastrophic failures as is bulk ceramic material. For ceramic matrix composite materials the
issue of inter-layer shear strength is replaced by the issue of fibar/matrix interface strength.
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V. OTHER ISSUES

A.  Consideration of CMCs should be based on an evolutionary understanding of their behavior In a
radiation environment, In that lessons learned in early” irradiation testing should be used in
conjunction with a fundamental understanding of the structure-property relations of these sys-
tems to tailor the structure for improved irradiation response. A feasibility assessment of
CMCs may not be complete until at least one iteration has occurred In this development cycle.

8. It is possible that the final reactor design will not be all ceramic nor all metallic but a
mixture of the two. What are the priority uses for CMCs and how do the feasibility issues
relate to these uses?

VI. ON-GOING IRRADIATION STUDIES OF CMCs

A. ORNL: «¢zc, pitch and pan fibers, 600 and 900°C irradiation temperatures, fluence less than
32 %Pa, evaluate dimensional change, microstructure, modulus, conductivity, strength (brittle
ring).

8, PNL: Same materials as above, cycle 11 of FFTF MOTA.

C. PNL/KIST Tests: Large variety of C/C and Sic/SiC; 850 and [500°C, 1.5-4.0 dpa. Dimensional
change and fracture Strength at irradiation temperature.

D. RPI/ORML: SiC/Micalon composite, 300°C, 2-24 dpa with neutrons; sic/Nicalon 1-100 dpa,
RT-900°C with C, He, H beams. Emphasis of work, will be to study radiation and gas production
effects on interface. Radiation-induced conductivity measurements are also undarway at RPI.

E. LANL will be commencing research on CMCs which will be partly dictated by the results of this
workshoo.

FUTURE PLANS

A workshop report containing presentations and summaries will be published. A second workshop was recom-
mended but a date for this Tollow-up workshop has not been set.
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DEVELOPMENT GF THIN-SECTION PUSH-OUT TECHNIQUE FOR USE IN MEASURING RAOIATION-INDUCED MODIFICATION CF
COMPOSITE INTERFACES — Lance L. Snead [Rensselaer Polytechnic Institute {RPI), assigned to Ok Ridge
National Laboratory], Steven J. Zinkle (Oak Ridge National Laboratory), and Don Steiner (RPI)

OBJECTIVE

The possibility of using low-activation ceramic composites in fusion systems will depend not only on
the radiation integrity of the composite fiber and matrix, but also on the interfacial structure inherent
to such composites. The objective of this study is the development of a technique to directly measure
interfacial mechanical properties of the fiber/matrix interface. Once this technique has been verified,
the influence of radiation on the interface may be quantified and it may be used as a tool in the develop-
ment of radiation hardened composites.

SUMMARY

A technique for measuring the interfacial properties for extremely thin composite sections is pre-
sented. The data shown is for a single composite section of 22 um thickness. By employing a Nanoindenter
microhardness tester, composite fibers were individually loaded and the debond and frictional sliding
strength measured. It is shown that such a technique can discriminate between the debond and frictional
components of the interfacial bond. The technique presented is a substantial improvement over previous
techniques in both thickness of composite section, fiber loading accuracy, and percentage of fiber
failures. Though the data presented is only for a single section, the results are typical of other sec-
tions tested. A statistical analysis of the data suggests that a Weibull treatment is more appropriate to
interfacial data than the commonly used normal distribution.

PROGRESS AND STATUS

Introduction

The potential benefits of ceramics for use as structural materials in fusion systems have long been
apparent. Their inherently low activation and afterheat are benefits for maintenance and disposal, their
potentially higher operating temperatures offer the possibility of increased reactor thermal efficiencies,
and the unusually high modulus and strength of some ceramics are attractive. However, ceramics are
inherently brittle, which raises many practical objections to their use.

In recent years there has been a growing interest in ceramic composites. A composite offers the
possibility to take advantage of the strong points of the monolithic material, and being a composite, a
degree of "ductility* can be built in. A composite which offers the attractive features of a ceramic and
possesses a degree of ductility is the $iC/SiC system. Through the incorporation of high-strength silicon
carbide fibers into a chemically vapor-deposited matrix, along with a fiber/matrix interfacial layer, the
ceramic no longer fails jn a catastrophic manner. Figure 1 shows the load/displacement behavior of such a
composite made with varied thicknesses of a graphitic carbon interfacial layer. From the figure it is
apparent that the composite with no interfacial coating failed at a relatively low load and in a brittle
manner. As the interfacial layer becomes thicker, the failure appears to be more ductile with the ulti-
mate strength of the composite dramatically increasing and passing through a maximum.

It is well known that the ceramic composite strength and fracture toughness are very sensitive to the
type and magnitude of bonding at the fiber/matrix interface.!:2 This interface has the dual roles of
being strong enough to transfer load between matrix and fiber to take advantage of the high fiber strength
and being compliant enough to inhibit crack propagation, thus adding toughness to an otherwise brittle
composite. |If ceramic composites are to be used as structural materials in fusion systems, a fundamental
understanding of not only the radiation effects on the matrix and fibers will be required, but also
effects on the composite interfacial structure.

Due to the fundamental importance of the composite interface and the newness of direct interfacial
measurement techniques, there has been growing interest in this area. There have been several recent
papers in_which experimenters have employed microindentation testing techniques to measure interfacial
strength.¥® The bulk of the work for ceramic fiber composites has been on the SiC/glass system which,
due to the mismatch in thermal expansions and resulting debonding during process cooling, has a pre-
cracked interface yielding only a frictional resistance to fiber sliding. Marshall1”»2 was the first to
employ a microindentation technique to measure this interfacial frictional strength by using a Vickers
pyramic indenter to apply load and push-down fibers oriented normal to a polished $iC{Nicalon)/Tithium-
alumina-silicate (LAS) glass surface. In the corresponding analysis, Poisson effects on the fiber end
were neglected and the frictional resistance was taken to be proportional to the square of the applied
force divided by the sliding distance of the fiber. Results of interfacial friction were shown to compare
reasonably well with data taken using matrix crack-spacing measurements.
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Fig. 1. Load-displacement curve showing effect of composite interfacial coating.

It is clear that for a fully bonded interface there will be at least two competing resistances to
fiber sliding. First, there will be a minimum force required to initiate a crack in the interfacial chem-
ical bond which may or may not then have the required energy to propagate along the length of the fiber.
Second, there will be a frictional component to the resistance which is caused by the crack surfaces
passing over each other as the fiber slides.

Marshall and 01iver?® were the first to use a microindentation technique to attempt to separate the
effects of bonding and frictional sliding in weakly bonded composites. In their experiments they heat
treated as-processed, unbonded 5i(Nicalon)/LAS composite_in air and argon between 900 and 1250°C forming a
carbon chemical bond at the interface. The Nanoindenter™ was used to apply load to fibers of thick sec-
tions of the as-processed and heat treated composite. Using the Nanoindenter, an accurate force-vs-
displacement curve was generated and from the loading curve and the unload-reload hysteresis curves an
estimate of the debonding and frictional resistance could be obtained.

Later researchers!® employed a similar methodology with composite sections thin enough such that a
small percentage of the fibers were "pushed-out" of the matrix, thereby simplifying analysis of the inter-
facial strengths. Bright et al1.5 applied the push-out technique to fully bonded $1C(AVCO)/reaction-
bonded-silicon-nitride composites and measured both bonding and frictional interfacial strength for
sections as thin as 0.5 mm, or a fiber diameter to thickness ratio of approximately 1/35. For fiber push-
out experiments it is beneficial to have as large a fiber diameter-to-thickness ratio as possible while
not altering the fiber/matrix interface in the thinning process. By doing this the calculation of the
interfacial shear stress is simplified.

A characteristic of most ceramic fiber composite interfaces is the wide distribution of intersample
interfacial strengths. There has been little statistical analysis of this variation to date, with some
researchers assuming a normal distribution in strengths.!®

The purpose of this report is to present interfacial bond and frictional strength obtained from push-
out measurements for a very thin section of SiC{Nicalon}/SiC{(CV¥D} composite material. Such a thin section
technique is ideal for analyzing radiation modifications caused by displacements and the high helium gas
generation intrinsic to this material. All results reported are for a single composite section of 22 um,
which corresponds to a Nicalon fiber diameter to sample thickness ratio approaching unity. While results
represent a single composite section, they are typical of other sections tested. Finally, a methodology
is presented for selecting between competing statistical distribution functions to describe interfacial
strength data.
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Experiments

The composite sample is a layered 30/60/90 weave of Nicalon cloth infiltrated with SiC using the ORNL
Forced Chemical Vapor Infiltration process.” The fiber/matrix interface contains a 1 wum layer of graphitic
carbon which was deposited onto the fibers from a methane gas prior to SiC infiltration.

The composite was sliced into 250 um sections with a low-speed diamond saw and mechanically thinned
and polished with 6, 1, and ¥2 um diamond paste to a final thickness of 22 um. The sample was then mounted
onto a polished aluminum holder such that the center of the sample was positioned over a groove of 200 um
in width. The composite section was then held rigidly to the mount and fixed to the surface with crystal
bond mounting wax. Care was taken during the thinning and mounting procedure to prevent bending the
sample in order to avoid pre-cracking the interface.

A load-controlled Nanoindenter microindentation hardness tester was used to apply a force to the
fibers which lay normal to the composite surface. A good discussion of the Nanoindenter can be found
elsewhere.!? The Nanoindenter has an applied force and depth measurement sensitivity of 0.3 uN and
0.16 mm, respectively. The X-Y table has sub-micron accuracy to ensure loading near the center of fibers
which have diameters ranging from 12 to 25 wm. A constant loading rate of 900 uN/s was used with a maxi-
mm loading capability of 0.12 N which corresponds to approximately 700 MPa for the average fiber. A
Berkovitch-type pyramidal diamond indenter tip was used with an aspect ratio of 1:7.

Once the fibers were loaded to their debond load and pushed through the matrix (or to the maximum
load of the machine while remaining intact), the sample was then demounted and turned over in the holder
such that the debonded fibers again lay over the 200 pm groove. The positions of the fibers, which are
seen as standing out of the matrix, were found and the load reapplied with the Nanoindenter so that the
fibers passed through their original positions and out the opposite side of the composite section. By
keeping track of the coordinates for the fibers in both directions, the debond strength and sliding
resistance for each fiber could be compared. The individual fiber diameters were measured by utilizing
the Nanoindenter optics and positioning.

Results

A total of 44 fibers were tested, of which 37 fibers debonded within the machine’'s maximum load of
0.12 N. All of the debonded fibers that were tested in reverse loading showed frictional sliding.
Figure 2 shows the load displacement curve For a fiber that did not fail, which provides a measure of the
specimen compliance. This can be crucial since, if there is appreciable specimen bending present, there
may be a fiber pinching effect which would affect the results. 1t can be seen from Fig. 2 that the maxi-
mum diamond indenter depth corresponding to maximum machine load is 1.5 um (marked A), of which 0.4 um
(marked B} is plastic deformation of the fiber.

ORNL-DWG 9CM-15776
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Fig. 2 Load displacement curve showing a non-yielding fiber.
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Previous researchers have noted the problems of testing very thin composite sections.®,8:13 The
interfacial bonding and sliding friction strengths can be affected by precracking of the interface during
thinning and by altering the interfacial stress state as the result of specimen compliance during testing.
However, by careful mechanical thinning and potishing it is possible to overcome these problems with SiC
composites. It is easily shown that the 1.1 um displacement (in Fig. 2) of a large section suspended over
a 200 um groove will have a negligible effect on the results. Also, due to the fact that the matrix SiC
becomes transparent for thicknesses less than (approximately) 50 pm, the absence of large matrix cracks
was verified using a transmission optical microscope.

It is also seen from Fig. 2 that the load-displacement (and hysteresis) curve has the parabolic shape
characteristic of indentation hardness measurements of monolithic materials, which indicates an absence of
fiber interfacial failure. When fiber interfacial cracking occurs, fallowed by a fiber debonding, there
will be a noticeable departure from the parabolic load curve. The bond failure can be either a partial or
total debonding depending on whether the crack front has the energy to propagate the length of the fiber.
The partial debonding is measured here as 2% departure from the parabolic load curve whereas the total
fiber debond is measured as the stress at which the fiber is pushed out of the matrix. However, it was
observed that a fiber could exhibit one, both, or neither of these failure mechanisms. Some fibers showed
no parabolic deviation prior to the point of complete push-out, which would correspond to a very rapidly
propagating crack front, whereas other fibers showed a deviation at a retatively low Toad and no push-out
within the machine's maximum load, which is indicative of am arrested crack front.

Figure 3 shows an example of a bonding failure exhibiting distinct interfaciat yielding followed by
total debonding. As the fiber was loaded, there was a partial (2%) yield of the interface at approxima-
tely 65 mN (A) followed by a total debonding and fiber push-out at 80 mN (B). The fiber was pushed out of
the composite section ~2.2 um, at which point the indenter contacted the matrix surrounding the fiber.

The matrix contact depth is seen in Fig. 3 at an indenter depth of 3000 nm. Both partial debonding (A)
and the point of fiber push-out (B) are noted. The absence of data points between B and C is evidence of
the rapid fiber failure indicative of the total interfacial debonding and push-out. The stress at failure
is taken to be the load applied at the point of yielding divided by the interfacial area. This, however,
is an oversimplification as the load is actually concentrated at the crack front itself and not spread
over the entire interface.

The failture in the reverse loading situation is shown in Fig. 4. The frictional failure is charac-
terized by a graceful departure from the normal loading curve. The frictional stress is obtained by
dividing the sliding load by the fiber interfacial area. 1In this case, sliding occurred at 32.5 mN (A)
and was pushed a total length of 4500 nm (B). With total fiber debonding, the applied load required to
keep the fiber moving at a constant rate should remain constant or change slightly with the change in
interfacial area as the fiber is pushed out. In Fig. 4, after the point {A) when the fiber started to
slide, the force continues to increase until the diamond comes in contact (B) with the channel walls left
behind by the s)iding fiber. The load increase occurs because the Nanoindenter was programmed to produce
& constant loading rate during the indentation. After the onset of fiber sliding the load continued to
increase, accelerating fiber sliding which is demonstrated by the increased spacing between the data
points A and B,
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Fig. 4. Load displacement curve showing fiber sliding.

Figure 5 shows a scanning electron micrograph of a pushed-out fiber. The fiber pictured in the bot-
tom portion of the micrograph is the fiber of Fig. 2, which did not yield, and has a large pyramid-shaped
imprint resulting from plastic deformation of the Nicalon at the Nanoindenter's maximum load. Pictured
above this is a debonded fiber which was pushed out and then reloaded and pushed in the opposite direction

a total of 5 um.

Though the micrograph may suggest that a nearest neighbor effect may have been respon-

sible for the adherence of the lower fiber, in the inspection of hundreds of failed fibers such a correla-
tion was not found.

Fig. 5.
out fibers.

SEM micrograph of bonded and pushed-

Analysis of Results

Because of the large variation in interfacial
strengths observed by other researchers,!® the
choice of the most appropriate distribution func-
tion to describe the data is of fundamental impor-
tance. While from a theoretical bases, no one
distribution is better than any other, the choice
of the best-fitting function will have a large
jmpact on predicting such values as mean strengths
from censored and non-censored data.

The possible probability density functions
considered here are the lognormal, exponential,
gamma, and Weibull distribution The functional
forms for each are listed in Table 1. In order to
discriminate between competing distributions, the
formalism proposed by Dumonceaux and Antlel* and
Kent!5 has been adopted here. This method is
based on the concept of a Maximum Likelihood Ratio
(MLR) which is defined below. The ML function was
used as the selection statistic to find the best-
fitting distribution for the data.

Consider a set of data given by:

sample: yl, y2, ... yn ,
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Table 1. Probability Distribution Functions

NAME SYMBOL PROBABILITY DISTRIBUTION FUNCTION

EXPONENTIAL | E(6) 6! exp™® .« 1(0,%)(x) 60

GAMMA G(6, o) 0] x*" e 950, a>0

B-1 _(x/ayP

WEIBULL WE.B | Be(3) .M. (0,00)(x) 050, B>0
in{wey’

{ 20¢”

LOGNORMAL | LN(8,0) | 7==:-e }-l(o,oo)(x) 0>0, >0

with assumed distribution function given by:
distribution: Yl, Y2, ... Yn
then the Likelihood Function, L, is:

>

L(yl, y2, ...yn;8) =T f(yi,8)
=1

where © is the M. parameter{s) and F is the distribution under consideration. For example, in the case of
the lognormal distribution. the likelihood function would be:

. 2
Liyl, y2, oo yni(u ,00)

1 1 [v]-m]Z 1 _‘_[.vz-m]z 1 _ l[yn-u 2
= e 2 * = & 2 — ¢ 2{ o ’
Veno, L 9 VvZna, L 9 Vena, 0

Ifthe derivative with respect to pp (mean) and oy (variance) is taken and equated to zero, the param-
eters yielding the maximum likelihood function are obtained and an associated MR is calculated. The MLR
then gives a measure of the correctness of the fit as given by the distribution. By calculating the ML
parameters for each distribution under consideration, the best-fitting function is obtained by choosing
the distribution with the least negative MLR.

For both fully bonded and unbonded interfaces, researchers have found a great variability in measured
intersample interfacial strengths. The variability in the interfacial strengths had initially been
treated as being best fitted by a lognormal distr‘ibut‘iotml'J A normal plot reproduced from Weihs and Mixl0
showing the frictional resistance to sliding of Nicalon'" fibers in a LAS matrix is shown in Fig. 6. For
this data the MLRs were obtained as given in Table 2 for the as-processed and annealed conditions. By
inspection of the table, it is apparent that the Weibull distribution gives the least negative MLR value
(thus the best fit) for the three composite conditions with the lognormal giving the most negative MLR
values for twe out of the three. This analysis suggests that the interfacial frictional sliding may be
best described utilizing a Weibull treatment of the data.

Table 2 MRL values of interfacial friction measurements ON SiC/LAS composite!®

Weibull Gamma Exponential Lognorma 1
As-Processed =775 -78.8 -83.0 -80.61
2-h Anneal -87.3 -88.3 -91.1 -90.29

4-h Anneal -66.2 66.2 —66.6 -66.34




312

Figure 7 shows a Weibull plot of the same data as Fig. 6. By comparison of Figs. 6 and 7, it would
appear that the data is somewhat better represented by the Weibull in the tail regions where the two
fitted curves would be expected to show the largest difference. It shoud be mentioned, however, that due
to the limited number of data points, there is a minimum theoretically expected error with a MR selec-
tion. According to Kent,!® the probability for incorrectly choosing a Weibull distribution from Tognnor-
mally distributed data for 20 observations is 26% (and for 30 observations 19%). However, the probability
for incorrectly choosing the Weibull in all three cases is 0.26 cubed or 1.76%. This calculated error
does not account for any experimental error in the data forcing an incorrect selection.

Results obtained for the SiC{Nicalon)/SiC composite system suggest also that a Weibull distribution
is the most appropriate. Table 3 shows the MR comparisons for the debond strength and frictional
resistance to sliding for a 22 um section. Again, the Weibull has the largest MR values indicating the
best fit to the data. The MR values for the data presented do not drastically differ between distribu-
tions and in the case of the 2% debond yield data the values for the Weibull and gamma distributions are
nearly identical. Such small differences are typical of an MR analysis, however. By comparison of the
exponential distribution with the other distributions, which have fundamentally different shapes, one
would intuitively expect a large difference in goodness of fit statistic (for 5 not approaching unity).
Though for an MR analysis, this difference is typically less than 10%.

Table 3. MR values for push-out of S$iC/SiC

Weibull Gama Exponential Lognormal
2% Debond Yield -1725 —173.0 -175.0 —175.0
Frictional Sliding -89.9 -90.5 —98.8 —-91.7

The two-parameter form of the Weibull probability distribution function is applied, given by:
P = [303—1 /GB] e-[U/e)B

where B is the Weibull slope (shape parameter), 6 is the size parameter, and ¢ is the applied variable
stress. This can be written in the more convenient form of the cumulative failure distribution which
would represent the total probability of fiber failure:

F=1-e(o/0le .

The data for the debonding and frictional sliding of the composite fibers are plotted on standard
Weibull paper in Fig. 8. Both the 2% deviation from the parabolic curve and the total debond (push-out)
criteria for bond failure are plotted. From the figure, it appears that the 2%yield criterion for
failure is the more attractive description of the debonding stress, giving an approximate Weibull modulus
of 1 and shape parameter of 60 MPa for debond yield strength. The fiber frictional sliding data is seen
to have a steeper slope (higher Weibull modulus) with a lower average strength. The optimized values of 5
and © are given on Fig. 9, which shows the cumulative distributions for debonding and frictional sliding.
The average Weibull shear strengths are calculated to be 60.8 MPa for debonding and 16.5 MPa for friction.

Due to the relatively low values of the Weibull moduli, the probability distribution function for the
debonding yield strength and the frictional sliding resistance is rather broad. Because of this, there
will be noticeable overlapping of the probability functions which would become more pronounced as the
average strengths of the two distributions approach each other. When the fibers are initially loaded,
therefore, there will be some fraction of fibers (mathematically) which possess a higher frictional
resistance to sliding than debond strength. Physically this means that the stress required to initiate
and propagate a crack is less than the stress required to slide the fracture surfaces across each other.
On the load curve of such fibers, the debonding is not noticeable and the gradual frictional-type failure
would dominate.

Figure 1@ shows the correlation between the debond yield strength and the frictional resistance to
sliding. This plot simply shows the measured 2% debond strength and frictional resistance for each indi-
vidual fiber tested. From this figure it is apparent that the two strengths are not independent of each
other and that the higher bond strength fibers have a higher average frictional resistance. For each
fiber with bond strength, gy, there should be a (Weibull type) scatter in possible values of the fric-
tional strength, ofs around some mean value of frictional strength (°fm)' The line fitted to the data of
Fig. 10 represents such a mean value of frictional resistance. Because it is possible for very low bond
strength fibers to have a significant frictional resistance to sliding this lines does not pass through
the origin.

The increase in frictional strength with the more strongly bonded interfaces may simply be because
the path which the crack front travels for the stronger bonds provides a more jagged surface for fiber
sliding, thereby inducing a higher frictional resistance.
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CONCLUSIONS

It has been shown that samples of SiC{Nicalon)/$iC composites can be thinned to a thickness
approaching a fiber diameter (-20 wm} and push-out tests can be performed without sample compliance limi-
tations or matrix cracking. Also, testing of such a thin section allowed a high percentage of interfacial
failures of those fibers tested. The debond yield strength and fiber push-out strength for these small
fibers can be obtained using a Nanoindenter. The frictional resistance to sliding can likewise be deter-
mined by reapplying the load to the opposite end of the pushed-out fiber. Such a technique is ideal for
studying the interfacial effect of displacement damage and helium gas generation for either neutron or ion
beam irradiated materials.

The debond yield, debonding push-out, and fiber sliding stress can be adequately separated by inspec-
tion of the load-displacement curve. The debonding is characterized by an abrupt failure while the fiber
sliding 1S a mare graceful failure.

A Maximum Likelihood Ratio technique has been used as a selection statistic to choose between com-
peting distributions. 0f the four distributions considered, the Weibull distribution appears to fit the
data most appropriately.

The result of the analysis has shown that the interfacial frictional stress has a higher Weibull
modulus than the debond stress, thus a less "brittle" failure.

A correlation between individual fiber debond strength and the fiber resistance to sliding has been
shown. The results indicate that the fiber interfaces which possess a higher degree on bond strength also
have a higher resistance to fiber sliding.

FUTURE WORK

This technique of measuring the interfacial debond yield strength and frictional resistance to
sliding is being developed to be applied to composites modified by neutrons and ion beams. Specifically,
the effect of neutron displacement damage will be studied on HFIR and FFTF irradiated samples with dis-
placements of 2 and 30 dpa, respectively. Also, the effect of carbon beam displacements and helium bubble
formation at the interface is being pursued in the displacement and temperature range of 1to 30 dpa and
300 to 1100°C, respectively.
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MEASUREMENT OF DIELECTRIC PROPERTIES IN ALUMINA UNDER IONIZING AND DISPLACIVE IRRADIATION CONDITIONS —
R. E. Stoller, R H Goulding, and S. J. Zinkle (Oak Ridge National Laboratory)

OBJECTIVE

This work has been undertaken in support of the research and development needs of CIT and other near-
term fusion devices.

SUMMARY

Several experiments have been completed in which the dielectric properties of alumina have been
measured in the presence of ionizing and displacive irradiation. Spent fuel elements from the High Flux
Isotope Reactor (HFIR) at the Ok Ridge National Laboratory were used to provide an intense source of
ionizing irradiation for some of the measurements. The TRIGA reactor at the University of Illinois was
used to provide an irradiation field that produced both ionization and atomic displacements. The results
of these in situ measurements indicate that the dielectric properties of alumina are more severely
degraded by displacive irradiation that was indicated by earlier, postirradiation measurements.

PROGRESS AND STATUS
Introduction

The motivation for this work was detailed in an earlier report.’ The fact that ceramic materials are
good electrical insulators is one reason why current reactor designs call for them to be used in the
fabrication of many components. The applications for insulating ceramics range from simple dc voltage
standoffs to components in microwave heating systems that operate at high frequencies. The critical
dielectric parameter in these latter components is the so-called loss tangent. The loss tangent must be
maintained at a low value because the microwave power absorbed is proportional to the loss tangent' and
excessive heating due to rf power absorption could lead to early mechanical failure.2:3 Typical values
for the loss tangent in unirradiated ceramics of interest to the fusion program are from 107% to 1073.
The maximum tolerable value of the loss tangent (tan &) in ion cyclotron radiofrequency heating (ICRH)
designs ranges from 10"2 for pulsed near-term machines such as the compact ignition tokamak {CIT) to 1073
for steady-state operation.

The well-known phenomenon of radiation-induced conductivity at dc or low-frequency ac conditions?
gives rise to some concern about whether the candidate materials will remain sufficiently insulating when
exposed to a radiation field that is typical of their ultimate operating environment. Postirradiation
measurements have shown that both ionizing (at low frequencies) and displacive irradiation can increase
the value of the loss tangent.3~2 There IS also some evidence that the amount of the increase i§ depen-
dent on the neutron spectrum.5 However, there have been no relevant measurements of dielectric properties
during irradiation and the validity of postirradiation measurements is called into question by data that
show significant levels of recovery in the loss tangent at room temperature following proton irradiation.®
A recent IEA workshop held to review the current understanding of radiation-induced conductivity and
dielectric property changes emphasized the need for in situ property measurement,l0

In order to begin addressing some of these concerns, a series of in situ irradiation experiments have
been conducted to measure the dielectric properties of alumina and sapphire while they are exposed to
either an ionizing irradiation field or a field that is both ionizing and displacive. Alumina and
sapphire were chosen for this initial work because they are prime candidates for use in microwave heating
systems.10s11 Similar work has been proposed and is also under way by other warkers.!2

Materials

The experimental matrix included the use of oriented single-crystal sapphire and commercial-grade
polycrystalline alumina. The commercial products were obtained from two different vendors. Since
postirradiation measurements have shown a significant influence of impurities,®s& the commercial products
include several different purity levels. The materials obtained for these initial experiments are listed
in Table 1. Not all of the materials have been tested to date.

Irradiation Facilities

Two irradiation facilities have been used in this work. The first was the Gamm Irradiation Facility
(GIF) of the High Flux Isotope Reactor (HFIR) at the Oak Ridge National Laboratory. The GIF uses spent
HFIR cores as a source of gamma radiation. Decay of fission products in the spent cores provides an
intense source of ionizing radiation. The damage rate in the HFIR-GIF on the day that it was used for
this work was 125 = 187 rads/h. This is somewhat lower than that expected near the CIT first wall. The
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Table 1. Materials obtained for in situ dielectric experiments

Material Vendor Grade

Single crystal Crystal Systems Sapphire
(0001) orientation
Alumina Coors Technical Ceramics AD94 (0.94% purity), AD998 (0.998% purity)

Alumina WESGO Oivision, GIE Corp. AL300 (0.967% purity), AL995 (0.995%

influence of gamma heating in this facility was determined by using a thermocouple brazed to the specimen
chamber. A temperature of 73°C was measured at steady state. The small increase in rf losses in the
resonant cavity walls due to the temperature rise was taken into account in evaluating the experimental
results. Since ganma irradiation does not produce stable displacements in Al203, this facility provided
direct information on the effect of purely ionizing radiation on loss tangent changes at ICRH frequencies.

The TRIGA reactor at the University of Illinois was used to obtain data on the influence of a mixed
(i.e., displacive plus ionizing) irradiation environment. When the TRIGA is operated in a pulsed mode,
the displacement rate is comparable to that expected in the CIT. The ionizing damage rate is somewhat
higher than CIT. The maximum temperature due to gama heating observed during the TRIGA irradiations was
33°C. The nominal peak damage rates are listed in Table 2, along with the value for the HFIR-GIF and the
CIT values.

Table 2. Typical radiation damage rates in various facilities

Damage Rate Gamma/ Neutron
Absorbed
Facility lonizing Displacement Dose Ratio
{rads/h) {dpa/s)
HFIR-GIF up to 108 None Not applicable
TRIGA
$1.50 pulse 1.3 x 109 {A1,03) 13 x 10-8 (Ni) 19 (A1203)
63.00 pulse 21 = 1019 (A1,03) 1.8 x 1077 (Ni) 19 (A1503)
CIT central cell
Near first wall 37 = 107 (51) 1.9 = 107% (Ni) 0.65 (Si)
Rear blanket 9.6 x 108 (Si) 46 x 1079 {Ni) 1.2 (Si)

The values listed in Table 2 are based on information obtained in discussions with the staff at each
facility. Since the damage rate i s material dependent, representative values are quoted for the materials
indicated in parentheses. The gamma ray to neutron damage ratio is calculated using the absorbed dose
(rads) due to gamma rays and the absorbed dose due to neutrons. The fraction of the absorbed dose due to
neutrons that leads to atomic displacements is a function of the neutron energy spectrum. For example,
this fraction is 0.093 near the CIT first wall and increases to 0.15 in the rear blanket position. All of
the values in Table 2 are approximate and more detailed dosimetry needs to be done to characterize both
the anticipated fusion environment and the test reactor environments. This need for dosimetry is greater
for measurements of radiation-induced changes in dielectric properties than for structural properties
since current indications are that the response of insulators to radiation is more sensitive to the
details of the irradiating particle spectrum.

Experimental Method

The dielectric measurements were made using a capacitively loaded resonant cavity. The details of
the experimental method were reported previously' and a drawing of a prototype cavity is reproduced in
Fig. 1. The resonant cavity method is well suited to measurement of the loss tangent because the power
dissipation is maximized in the ceramic relative to the balance of the experimental apparatus. In addi-
tion, losses in the feed line can be accounted for without the need for prior calibration, which would be
extremely difficult to accomplish in situ. The loss tangent is measured by determining the cavity quality
factor, the ratio of the stored energy to the energy dissipated per rf field period. Relative changes in
the dielectric constant can also be measured using the resonant cavity technique with an accuracy of 1/Q,
or less than 1%at the highest values of the loss tangent measured here.

This initial set of experiments utilized cavities that were sized to permit the measurement of the
loss tangent at 100 MHz. A copper cavity with the dimensions of the prototype shown in Fig. 1 was used
for some of the measurements. This was the largest cavity that the dimensions of the HFIR-GIF would
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Fig. 1. Design of prototype resonant cavity for in situ dielectric measurements.

accommodate. This same cavity was also used in some of the TRIGA measurements to permit a direct com-
parison between the measurements obtained in the two facilities without introducing any uncertainties due
to different cavities. However, a larger diameter cavity would yield a higher Q and hence improve the
accuracy of the measurements. Therefore, two additional cavities were fabricated that had an inside
diameter of 70 mm (with the same overall length), since the TRIGA beam tube would accommodate this larger
device. In order to minimize the induced radioactivity in the larger cavities, they were constructed of
aluminum rather than copper. A layer of copper about 25 wm thick was plated onto the aluminum cavity to
ensure adequate electrical conductivity. Both the larger and the smaller cavities used disk-shaped speci-
mens that were 35 wm in diameter and 3 mm thick. The larger cavities were also capable of being evacuated
to determine whether there was any effect due to gas ionization in the cavity.

Results of Initial Experiments

The results of measurements in the HFIR-GIF indicated that purely ionizing radiation did not increase
the loss tangent in either single or polycrystalline alumina (0.995 purity) at a dose rate 1.25 x 107
rads/h., The maximum exposure obtained in the GIF was 3.15 x 107 rads. However, substantial effects were
observed in the case of experiments utilizing neutron and gama irradiation from the pulsed TRIGA reactor.
As seen in Fig. 2, the loss tangent of a sample of AL995 irradiated by a pulse with a peak displacement
rate of 1.8 x 1077 dpa/s was observed to increase from 5 x 1075 to 8 x 1073, This large increase in the
loss tangent persisted for the duration of the radiation pulse, and then recovered to a value approxima-
tely twice the original value. 1t is not clear at this time whether or not this residual change is real,
or an artifact caused by small temperature changes in the cavity after the pulse. As is also shown, the
loss tangent was observed to peak 2 ns before the peak in the ion chamber signal. This effect was
observed consistently, but is unexplained at the present time. A reduction in the real part of the
dielectric canstant of the ceramic was also observed during the radiation pulse, as shown in Fig. 3. A
Smith chart plot showing the path followed by the cavity input impedance (with the coupling loop reactance
subtracted off) during a typical pulse is shown in Fig. 4. Overlayed on this plot is the path that would
be followed if there was a negative change in the real part of the dielectric constant equal in magnitude
to the change in the imaginary part, that is, if we assume that

Ae” = -€7 tan6 .

It can be seen that this relationship agrees very well with the observed data. This type of behavior
would typically be observed in a semiconductor, with ¢ tan 6 and the change in ¢” both proportional to
the density of free electrons.

A complicating factor in these measurements was the presence in air in the resonant cavity, which
becomes partially ionized during ggmma irradiation, and can he ionized at low pressures by the rf electric
field as well. Experiments to date at the GIF facility were carried out at atmospheric pressure, while
the TRIGA measurements were carried out at pressures ranging from 12 Pa to atmospheric {10° Pa). The
effect of the rf electric field on the TRIGA measurements was investigated by obtaining data at several rf
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Reactor power is proportional to the signal from
the ionization chamber.

power levels. At atmospheric pressure, no power
ORNL-DWG 91-6510 dependence was observed, while at low pressure (12 to

22 Pa), no dependence was observed for rf power levels
of « 1mW. Most of the data shown here was obtained
at a power level of 0.1 wmW.

In order to examine the effects of ionization due
to gammas accompanying the neutron pulse, the cavity
pressure was varied, with the results shown in Fig. 5.
It can be seen that there was no change in the
observed loss tangent as the pressure was varied from
12 to 22 Pa (0.095 to 0.165 torr), but that the
observed value decreased by an order of magnitude at
atmospheric pressure. W are attempting to model this
phenomenon, but feel that the lack of pressure depen-
dence at low pressure indicates that air ionization
has little effect on the results in this case.
Experiments were also performed using an empty cavity,
in which the capacitor gap was reduced so that the
resonant frequency remained constant. These results

. < / are also shown in Fig. 5. Inthis case, the value of
4 } 7 the "loss tangent" represents the apparent value
\ P ~ 7 e g rep pp |
~ p S S calculated for the increased losses observed in the
~ g T > chamber. In actuality, losses take place throughout
Q\ t L the cavity volume in this case as well as in the capa-
S I s A citor gao. It can be seen that at a pressure of 22
B Pa {0.165 torr) the apparent loss tangent decreases by
measured ~—— calculated —-tTCT an order of magnitude when the ceramic is removed. but
that some increase in cavity loss is still observed.
It can also be seen that the apparent loss tangent
Fig. 4. Smith chart plot of the resonant decreases by a factor of 3 as the pressure is reduced
cavity impedance comparing the path followed from atmospheric to 22 Pa. This behavior is opposite
during an actual pulse with the path followed that observed when the ceramic is present, and is con-
assuming tan6é increases from 5 x 1075 to 8 x sistent with losses expected for a weakly ionized
1073 with Ae”= e”tans. plasma in which the electron density decreases with

the neutral pressure. The electron density was calcu-
lated from the observed losses to be 2.8 x 10%/cm? at
atmospheric pressure and 3.2 = 10%/em3 at a pressure of 22 Pa. This reduction in electron density is
approximately linear with the reduction in neutral pressure, which would be expected for a source rate
proportional to neutral density, as is the case for gamma-induced ionization, and a loss rate independent
of neutral density, which would be the case ifrecombinative losses dominated over diffusive losses.



321

ORNL-DWG, 91-6511

i 3 1 1 1 | |} 1

0.008 | (a) (b) 4 0.008

0.006 | 4 0.006
e [2e]
c B - o
M b
=0.004 F 4 0.004

0.002 | 4 0.002

"u ~ |‘\‘ i
0 L P T S ekt 0

0.145  0.165 0.185 0.145 0.165 0.185
time (s)
—p=13Pa ~ =p=22Pa ===--p=latm

Fig. 5. (a) Time scan showing the measured loss tangent of a 99.5% pure alumina disk for different
values of air pressure in the resonant cavity. ({b) Time scan showing the apparent loss tangent determined
from changes in losses in the cavity with no ceramic present.

Planned Additional Experiments

Additional work is required to verify these preliminary results. The fact that the ionizing dose
rate in the TRIGA was about 10 to 100 times higher than that in the HFIF-GIF precludes a firm conclusion
regarding the relative importance of ionization and displacement damage. Further experiments will be con-
ducted in the HFIR-GIF using a fresh spent core in order to achieve greater than a factor of 10 increase
inthe ionizing damage rate. W also hope to achieve a cavity pressure for these experiments of <1 Pa, to
confirm that gamma-induced ionization of air in the cavity has little effect helow a pressure of about 20
Pa. Both the ionizing and displacive damage rates in the TRIGA are within the range that is expected for
CIT and other fusion reactors. Thus, the increases in the loss tangent observed in these initial experi-
ments highlight the need for a careful experimental program to qualify ceramics for use as insulators in
fusion reactors. Other variables such as the frequency and the magnitude of the electric field need to be
explored. The results of recent in situ dc and low-frequency (50 Hz} ac conductivity measurements by
Hodgson and coworkers in Spain!? indicate that it is particularly important to examine the effect of
Sustained irradiation with an applied electric field.

The scope of materials acquired for this work has been expanded to include other ceramic materials
that have potential fusion applications. The additional materials include: magnesium aluminate (spinel),
silicon carbide, silicon nitride, aluminum nitride, and macor. These irradiations will continue to be
conducted in the TRIGA facility at the University of Illinois. In addition, specimens of sapphire and
0.995 alumina have been irradiated in the TRIGA to a neutron fluence of about 5 x 102! n/m2, Post-
irradiation measurements will be made on these specimens to examine the effect of neutron fluence. This
will be followed by in situ property measurements on the same specimens to determine how the accumulated
fluence alters the response of the materials during a TRIGA pulse.
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DISLOCATION LOOP FORMATION |IN ION-IRRADIATED POLYCRYSTALLINE SPINEL AND ALUMINA — S. J. Zinkle (Oak Ridge
National Laboratory)

OBJECTIVE

The objective of this study is to compare the microstructural response to ion irradiation of two oxide
ceramics having predominantly ionic bonding. A comparison of the similarities and differences of their
microstructure enables basic information to be obtained regarding the effects of radiation on ceramics.

SUMMARY

The microstructure of magnesium aluminate spinel {MgAl,04) and alumina (A1203) has been examined with
transmission electron microscopy following ion irradiation to damage levels of 0.1 to 5 keV/fatom (1to
50 dpa) at room temperature and 650°C. The ion irradiation produced interstitial dislocation loops of
types a/4<110>{110} and a/4<110>{111} in spinel along with—a very low density of a/6<111>{111} loops.
Dislocation loops of types af3[00011{0001} and a/3<1100> {1100} were tentatively identified in alumina.
The loop size increased and the density decreased gradually with increasing fluence in spinel irradiated
at 650°C, with the net result that the concentration of interstitials contained in the loops remained
nearly constant at -0.1 at. %. Defect-free regions were observed adjacent to grain boundaries and the
irradiated surface in spinel irradiated at 650°C., The denuded zone width was very small for spinel irra-
diated at 25°C and Al,03 irradiated at 650°C. For a given irradiation temperature, the loops in spinel
were larger and of much lower density than the loops in Al303.

PROGRESS AND STATUS

Introduction

Ceramics are required for numerous applications in a fusion reactor where ap(premable radiation
fields exist. Previous studies have shown that magnesium aluminate spinel (MgA]z L) iS resistant to
cavity and dislocation loop formation during irradiation to high damage levels.! Aluminum oxide
{A1,03) is a leading candidate for several insulator applications in fusion reactors, largely due to its
widespread comnercial availability and also due to the existence of a fairly large data base on its
response to radiation. The present study compares the microstructural behavior of spinel and alumina
following ion irradiation at room temperature and 650°C.

EXPERIMENTAL PROCEDURE

Polycrystalline specimens of stoichiometric spinel and alpha-alumina (both with a grain size of =30
um) were obtained from Ceradyne, Inc. and General Electric (Lucalox brand alumina), respectively.
Transmission electron microscope (TEM) disks of dimensions 3-mm-diam by 05 mm were cut and the surface
to be bombarded was given a mechanical polish with 0.5 wm diamond paste. Specimens were bombarded in a 3
= 3 array at room temperature or 650°C in the triple ion beam accelerator facility at Oak Ridge National
Laboratory (ORNL).® The irradiation temperature was determined from a thermocouple attached to the face
of a stainless steel specimen that occupied one of the positions in the 9-specimen array.

Table 1 sumnarizes the irradiation conditions for the present study. The displacement damage levels
in Table 1 are given for a depth of 055 wum, which is approximately halfway between the surface and the
calculated peak damage region (Fig. 1). Due to uncertainties in the threshold displacement energies on
the various sublattices in MgAl20, and Al,04, the damage levels in Table 1 are given in terms of damage
energy density (nuclear stopping power) rather than displacements per atom (dpa). Assuming that a mean
displacement energy of 40 eV is appropriate for describing the displacement threshold in A1;03 and
MgAl120, (ref. 7), then 1keV/atom = 10 dpa. The conversion from fluence to damage energy density was
determined from an EDEP-1 calculation.® Figure 1 shows the calculated depth-dependent displacement pro-
file for 2 MV Al+ ions incident on MgAl.0,. Note that the damage level (and damage rate) varies by a
factor of 7 between the surface and the damage peak. The ion beam flux during irradiation was maintained
at -1.1 = 1017 A1*/m2-s for all of the specimens, which corresponds to a damage rate of -7.2 x 107* dpa/s
at a depth of 0.55 um. One specimen irradiated with 3.6 MeV Fe* ions was included in this study (Table 1)

The irradiated specimens were glued face-to-face with a polished nonirradiated specimen, sectioned,
mechanically dimpled, and ion milled at room temperature (6 k¥ Art, 15" sputtering angle) until per-
foration occurred at the interface. TEM analysis was performed with a Philips CM-12 microscope operating
at 120 kV. Dislocation loop anaIyS|s was performed using the classical inside/outside contrast method in
so-called "safe" orientations.?
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Table 1. lon Irradiation Conditions for the
Ceramic Specimens

Midrange
Temperature (0.55 um)
Material lon Beam {°C) Damage Level S
(keV/atom) 0.32 : - : : : : ]
MgA120y 2 Mev ATt 25 0.8 E o= 2 MeV AL* - MgAl, 0, Jdoa
+ S 024 IONS/
MgA1,0, 2 MV Al 25 20 = ©
< 020 - 03
MgA120, 2 Mev A1t 650 0.3 E
& 016
+ w —
MgAl,0, 2 Mev Al 650 10 Z 0.1 .
wd
MgA1,0, 2 Mev A1 650 2.4 g 0.08 4 o1
z 004
A120; 2 MeV Al* 25 0.1 (=] 0 -
0 + 0.5 0 02 904 06 08 10 12 14 16
A1204 2 MeV Al 25 DEPTH(m)
Al204 36 MV Fe*t 650 0.1 Fig. 1. Depth-dependent displacement
damage energy density and implanted ion con-
Al;05 2 Mev AlY 650 0.6 centration for ion—irradi%ted spinel as
determined from an EDEP-1% calculation.

RESULTS

Figure 2 shows the general cross-section microstructure of spinel irradiated with 2 MeV MY jons to
a peak damage level of 14 keV/atom (14 dpa) at 650°C. The near-surface region was devoid of any obser-
vable radiation-induced defects for depths up to -0.35 um. The midrange (0.4 to 1.1 wm depth) damage
microstructure consisted of a moderate density of interstitial loops lying on {111} and {110} habit
planes. The peak damage region (1.1 to 1.8 wm depth) was strongly influenced by the injected Al™ ions
and will not be analyzed here. The maximum range of observable damage (1.82 um} was about 02 um greater
than predicted by the EDEP-1 calculation (Fig. 1).

The corresponding cross-section microstructure of spinel irradiated to a peak damage level of 10.1
ke¥/atom (100 dpa) at 650°C is shown in Fig. 3. The microstructure was qualitatively similar to the Tow-
dose case, with a surface-denuded zone of -0.4 um.

Figure 4 shows the cross-section microstructure observed near a grain boundary in spinel irradiated
at 650°C to a peak damage level of 14 keV¥/atom (14 dpa). A defect-free zone occurs in the matrix region
adjacent to both the surface and the grain boundary. The width of the grain boundary denuded zone varies
with depth from the bombarded foil surface. According to the established theory on void and dislocation
loop nucleation plus g|rc>wth,m’11 denuded zones occur near point defect sinks because the point defect
concentrations approach thermal equilibrium values and therefore the loop nucleation and growth rates are
very low. The grain boundary denuded zone width varies with distance from the bombarded surface due to
the spatial dependence of the damage rate (Fig. 1) and defect sink microstructure (Figs. 2 and 3) asso-
ciated with ion bombardment.

An examination of the grain boundary and surface-denuded zone widths at the same depth from the sur-
face (and therefore same damage rate and sink density) allows a comparison to be made of the relative
efficiencies of the two sinks for interstitials. The measurements for spinel found that the grain boun-
dary denuded zone width at a depth of 0.4 un was -60% of the surface-denuded zone width. Table 2 sum-
marizes some of the denuded zone measurements made on ion-irradiated MgAl,0, and Al,03 specimens. The
width of the denuded zone near the surface and grain boundaries of spinel irradiated at room temperature
was <50 nm.

Figure 5 shows the cross-section microstructure of Al1;03 irradiated at 650°C under conditions simi-
lar to the spinel case. Oislocation loop formation occurred uniformly within the matrix even at regions
very close to the bombarded surface and grain boundaries. The width of the grain boundary and surface-
denuded zone in Al,03 irradiated at 650°C was measured to be €15 mm (Fig. 6), which is more than an order
of magnitude smaller than the widths observed in spinel subjected to similar irradiation conditions.

IMPLANTED ION CONCENTRATION
{at. %)
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ORNL-PHOTO-9031-85

Depth (pum)

Fig. 2 Depth-dependent microstructure of spinel irradiated at 650°C to a peak damage level of
14 keV/atom (14 dpa).

Figure 7 compares the dislocation loop microstructure in spinel irradiated to three different doses
at 650°C. It is evident from this figure that both the size and density of dislocation loops change only
a slight amount as the damage level increases from 05 to 35 keV/atom. The mean loop diameter at a
depth of 06 wm from the surface increased from 23 to 34 m over this range of damage levels, and the
loop density showed a corresponding decrease from 12 to 35 x 102l/m3.

Dislocation loop formation in spinel occurred on {116} and {111} habit planes. Table 3 sumnarizes
the dislocation loop parameters (measured at an irradiation depth of 0.5 ums) for spinel irradiated at
650°C. Approximately 75% of the loops were observed to be on {110} planes in the lowest dose (0.3 keV/
atom) specimen. This fraction increased to -90%for the two higher dose conditions. Figure 8 shows an
example of loops on three different habit planes viewed edge-on. A detailed analysis of the nature and
Burgers vector of the loops using weak-beam imaging techniques indicated that all of the ieepS on {110}
were faulted interstitial loops of the type a/4<110>{110}. An analysis of the loops on {111} planes
revealed that all of the loops were interstitial-type, and that >30% of the loops were faulted on the
cation sublattice but unfaulted on the anion sublattice with Burgers vectors of the type a/4<110>{110}.
A very small fraction (<10%) of the interstitial loops on {111} planes were identified as fully faulted
loops of the type a/6<111>{111},
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ORNL-PHOTO 4415-90
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ot e el

1.5 2.0

Depth (pm) 0.5 1.0 1.5 2.0
Depth (pm)
Fig. 3. Depth-dependent microstructure of Fig. 4. Depth-dependent microstructure of
spinel irradiated at 650°C to a peak damage level spinel in the vicinity of a grain boundary
of 10.1 keV/atom (100 dpa). The dark features near following irradiation at 650°C to a peak damage
the irradiated surface are caused by the pre- level of 1.4 keV/atom (14 dpa). Note the
irradiation mechanical polish. defect-free zones near the irradiated surface

and grain boundary.
ORNL-PHOTO 4409-90

ORNL-PHOTO-9035-89

650 °C

o

P / N i
0 0.5 1.0 1.5 2.0
Depth (pm)
Fig. 5. Depth-dependent microstructure of Fig. 6. Near-surface microstructure of A1203 in
A1,03 in the vicinity of a grain boundary the vicinity of a grain boundary following irradiation
following irradiation at 650°C to a peak damage at 650°C. The calculated damage level at an irradia-

level of 2.9 keV/atom (29 dpa). tion depth of 0.15 um was 0.1 keV/atom (1 dpa).
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ORNL-PHOTO-4410-90

fi\x; o ‘

0.5 keV/atom 1.5 kev/atom | 3.5 kevtom

Fig. 7. Dislocation loop formation in spinel following irradiation at 650°C to three different
fluences. The calculated damage levels were (left to right): 05 15 and 35 keV/atom (5, 15, and 35
dpa?}. The arrows indicate the direction of the diffraction vectors. The imaging conditions were (left to

t):

rg B = [111]1, g = [#407; B = [111], g = [044]; B = [001], g = [440].
Table 2. Denuded Zone Width Measurements in A detailed analysis of the loop habit
lon-Irradiated Spinel and Alumina planes in spinel irradiated at 650°C found that
there was a marked anisotropy with respect to
Peak Denuded Zone Width, nm the irradiated surface for loop formation on
Temper-  Damage both {110} and {111} planes. Loop formation
Material ature Level Grain preferentially occurred on habit planes that
(°C) (keV/atom) Surface Boundary were nearly perpendicular to the irradiated

(0.5 wm depth) surface, whereas loop formatlon was suppressed
on habit planes that were nearly parallel with

Spinel 25 35 <50 -20 the irradiated surface. The loop size did not
exhibit such a strong anfsotropy with respect

Spinel 25 9 <50 -15 to the irradiated surface. Details of the ani-
sotropic loop formation will be published

Spinel 650 14 350 180 elsewhere.

Spinel 650 45 350 220 The dislocation loops in A1203 were of
higher density and smaller size compared to

Spinel 650 10 380 170 spinel irradiated under comparable conditions.
Loop formation in A1203 was observed on both

A120, 25 04 <20 <10 basal (0001) and orism {1100} planes. Figure 9
shows an example of the'dislocation loop

Al1;03 25 22 <20 15 microstructure in A1203 irradiated at 650°C to
a damage level of ~0.1 keV/atom (-1dpa). A

A1,03 650 04 <25 <12 tentative loop analysis indicates that mest of

the loops are faulted with Burgers vectors of
the type a/3[0001](0001) and a/3<1100>{1100},
although there is some indication that part of
the loop population has unfaulted during irradiation to 0.1 ke¥/atom (dpa) at 650°C (e.g., presence of
visible loops on {1100} prism planes for g = [0006] in the right-hand panel of Fig. 9). The size and den-
sity of loops on the basal and prism planes were comparable.
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~ a3 b Measured Dislocation LOW Parameters for Spinel
Following lon lrradfation at 650°C

Damage Density (u-3) Mean Diameter (nm)
Level®
(keV/atom) {120h100ps  {112}hoops {110} 100ps  {111}100ps
0.2 g.0x 107" 33 x 10~ 5.8 18.1
1.0 35 x 10°" 29 x 10?* 34.8 24
o4 29 x 10" 34 x 10%° 34.0 30.0

*Measurements were made On crass-sectton spacimens within a
constant irradlation depth segment of 0.4 to 0.7 .

OWL-PHOTO 4412-90

- 50 nm'

Fig. 8, Dislocation loops in irradiated spinel

(650°C, 0.35 keV/atom) lying on several different
habit planes. Centered dark field image, 8 = L0111,
g = [1T].

ORNL-PHOTO 4418~90

L 9=[0006]

Fig. 9. Dislocation loop contrast in Al,03 irradiated at 650°C to a damage level of 0.1 kevjatom

(1 dpa). The zone axis for all three conditions was [1120].
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DISCUSSION

Denuded-Zone Width

A previous semi-empirical analysis of metal specimens irradiated in a high voltage electron micro-
scope found that the denuded zone width (L} near a point defect sink such as a free surface was L Jlim7l’,
where Dy is the point defect diffusion coefficient and P is the production rate of point defects .12
Various authors have derived the steady-state spatial concentration profile of point defects in the vicin-
ity of a free surface.!?3-17 |pn general, the point defect profile cannot be solved analytically. A simpli-
fied analysis is presented in the following in order to show the dependence of the point defect gradient

on physical parameters.

The steady-state one-dimensional chemical rate equations describing the point defect concentrations
in the presence of a sink are given by:10,13,15,16

d dC
a D-IE;(——-C‘C1CV—D.]C1CS+P=0 5 (1)
i |«

vd—xhl_“cicv_ov Clg v P =0 3 (2}

where D y and €4 , are the diffusion coefficients and atomic concentrations of interstitials or vacan-
cies, @ 15 the vacancy-interstitial recombination coefficient.., C; is proportional to the concentration of
distributed internal sinks for vacancy Or interstitial annihilation, and P is the production rate of
point defects. IFthe loss of point defects occurs primarily at sinks {i.e., DjCg >> of, and D‘,C5 >>
af;} then the second term in Egs. (1) and {2} may be neglected. The resultant equation ¥or the sink

dominant case is then of the form

dZC-i )
0y gxz T DiGiCs *P =0 . (3

The preceding neglects any dependence of the diffusion coefficients on the point defect concentrations.
The solution of Eq. (3) is given by

P P
o - BT - [ﬂ - cﬂ o0 = /T n a

where the boundary conditions Cj {x + =) = P/D;Cg = €T (bulk interstitial concentration) and ¢4(0) = ced

(thermal equilibrium interstitial concentration) have been used. Under typical irradiation conditions,
C‘fq is negligible compared to the bulk interstitial concentration. Therefore, Eq. (4) simplifies to

p
C; = C° |1 —exp— / X | . {5)
1 C:." Dj

IfCT-(L) is the critical interstitial concentration needed to produce observable loop formation, the
denuded zone width is found after rearrangement of Eq. (5) to be
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] . 6
—p n C;"—C(L) {6)

The corresponding differential equations for the limiting case where point defect loss occurs pri-
marily via recombination events {i.e., o, >> D:Cc and aly >> 0L } can be obtained from Egs. (1) and (2)
by invoking the retationtls13,16 p C, = D1C1. this leads'to an equation of the following form:

2. o
i Mol C2+P=0.
dx2 Dy

Dy

The preceding ignores the difference in sink capture efficiencies for vacancies and interstitials,
both of which are of order unity."® The bulk interstitial concentration for the recombination-
dominant case can be obtained directly from Eq. (7),

The exact solution of the differential Eq. (7) is given by the Jacobi elliptical function. However, other
studies!%:1% pave shown that Eg. (5) is also a reasonable approximation to the solution for the recombina-
tion dominant case (Eq. 7). Hence, in both the recombination-dominant and sink-dominant limits for point
defect annihilation, the characteristic width of the depressed interstitial concentration adjacent to a

one-dimensional sink is proportional to fC"’D,?P The theoretical dependence of this denuded zone on phy-

sical parameters can be obtained after substitution of the appropriate relation for the bulk interstitial
concentration, C‘;, for the two limiting cases:

L = /'C; sink dominant {8)

DDy Y4
L aL—aP—- recombination dominant (9)

The two limits indicate that the denuded zone width should be independent or weakly dependent on the
displacement rate.

The ratio of the grain boundary denuded zone widths in spinel irradiated at 650°C (Fig. 4) was 33
for depths of 05 wm and the implanted ion peak. According to the EDEP-1 calculation (Fig. 1), the
corresponding ratio of the damage,rates for these two depths was 4.6. Therefore, a grain boundary
denuded zone width ratio of {4.6)¥% = 146 would be expected if the recombination-limited approximation
was valid at all depths. However, an inspection of the microstructure indicates that the loop density
increases with increasing depth and that the matrix contains a very high density of small defects in the
vicinity of the peak damage (injected ion) region, 1.3 to 1.8 um. The large change in the grain boundary
denuded zone width in Fig. 4 can therefore be attributed primarily to decreases in the bulk interstitial
concentration with increasing depth due to a higher concentration of irradiation-produced traps in the
injected ion region which causes a gradual shift from a recombination-dominant to a sink-dominant regime.

In contrast to the case for spinel irradiated at 650°C. the grain boundary denuded zone width was
nearly constant at all irradiation depths for spinel irradiated at room temperature and Al;03 irradiated
at 650°C. In both of these cases the high density of irradiation-produced defects induced a sink domi-
nant condition for point defect annihilation, with a sink density that was nearly independent of irra-
diation depth {(e.g., Fig. 5). The difference in the denuded zone widths in spinel irradiated at 650°C
versus spinel irradiated at 25°C or Al1,03 irradiated at 650°C may be attributed to the lower mobility of
interstitials in the latter cases along with a change from recombination-dominant to sink-dominant con-
ditions (higher sink density in Al203 and 25°C spinel due to enhanced interstitial loop nucleation). The
denuded zone observations in the present study are in general agreement with previous reports of grain
boundary denuded zones in irradiated ceramics.i3-21

Matrix Dislocation Loop Formation

are fgoquahta-

Most of the general features observed for dislocation loop formation in this stud{
_5’

tive agreement with previous studies on ion- or neutron-irradiated spinel and alumina.
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Irradiation of spinel produces loops on {111} and {110} planes, with {110} loops increasingly favored at
higher temperatures.1=3:21-23  Taple 4 summarizes the temperature dependence of loop formation on {111}
planes in ion-irradiated stoichiometric spinel. The fraction of loops found in {111} planes following
irradiation decreases from -45% at room temperature to 0% at 800°C. The fraction of loops occurring on
{111} planes in the present study of spinel irradiated at 650°C decreased from -25% at a damage level of
03 keVY/atom (3 dpa) to -10%at 10 and 24 dpa, which is a further indication of their relative instability.
Previous neutron irradiation studies on spinel have reported simiiar findings with regard to the stabil-
ity of {110} versus {111} loops as a function of irradiation temperature.}s22:23 A mixture of loops on
both sets of habit planes was observed at irradiation temperatures of 410 to 650°C, whereas only {110}
loops were found at 825°C. Parker et al.2 and Tucker et al.29 observed loops only on {110} planes
following neutron irradiation of stoichiometric spinel at 400 and 540°C. Hyperstoichiometric spinel
specimens, Mg0- iMzOg)n, irradiated at the same conditions formed a mixture of {110} and (111) loops at
400°C and only {110} loops at 540°C for n = 11 material.? The n = 2 hyperstoichiometric material formed
only {111} loops at both temperatures.?

The lack of {111} loops at high irradiation

Table 4. Temperature-Dependent Fraction of temperatures in spinel has been cited as evidence
{111} Loops Observed in lon-Irradiated Spinel for the instability of a/6<111>{111} loops since
they do not preserve stoichiometry and are electri-
Fraction of cally charged.21522 The {111} loops observed in
Irra- Irra- Loops Observed Refer- the present study were consistently smaller than
diation diating on ence loops that formed on {110} planes (Table 3).
Temper- Particle {111} Planes
ature Essentially all of the loops observed on {111}
(°C}) planes in the present study were of the type
Y a/4<110>{111}, which does not contain an anion
25 Mg -45% 3 fault and is electrically more stable. This par-
+ tially faulted type of loop was also found in a
650 Mg -30% 3 previous ion irradiation study,3 but has never been
* observed in neutron-irradiated specimens. This
650 amt 10 to 25% This study  suggests that there is some feature associated with
ion irradiation that induces the formation of
800 Art ~0% 4, 20 a/4<110>{111} loops instead of a/6<111>{111} loops.

Likely candidates include differences in the

. ionizing radiation fields between neutron and ion
Fluence-dependent (see text). irradiation along with displacement rate effects
and possible electric field effects associated with
the implantation of charged particles.

Loops were occasionally observed on habit planes that did not correspond exactly to the {110} or
{111} families of planes. This may be evidence that some of the partially faulted a/4<110>{111} loops
are rotating along their glide cylinder in the direction of their Burgers vector. Further investigation
is needed to confirm this. Knfght“s2l has also reported evidence that a very low density of loops may
form on {001} planes in spinel during ion irradiation. W have seen occasional evidence for (001) loops
in our studies, but the small loop size {«10 nm) makes an unequivocal determination of the habit plane
impossible.

Vacancy loops have not been observed in spinel for any irradiation condition,1=5+19723 |t js not
immediately clear whv interstitial clusters form as dislocation loops whereas vacancy clusters occur as
cavities. Rechtin reported the presence of a low density of vacancy loops dispersed-among a high density
of interstitial loops in 0% ion-irradiated A1305 (ref. 30).

The concentration of interstitials contained in visible dislocation loops following irradiation is a
convenient parameter for gauging the relative radiation resistance of different materials. Previous
studies have found that irradiated spinel typically contains an order of magnitude fewer interstitial
defects in the form of dislocation loops than simple ceramics such as Mgd and A1;03. Very little has
been published on the temperature or fluence dependence of this parameter, however. Table 5 summarizes
the results of several recent TEM measurements on ion-irradiated spinel.3=%:2} A|| of the measurements
indicate that the maximum concentration of point defects that can be retained in spinel is on the order
of 0.1 at. %. There does not appear to be any large fluence dependence for these temperatures and doses
(3 to 24 dpa), which suggests that the saturation concentration of interstitials has already been reached
by -5 dpa. This interstitial concentration is comparable to the saturation concentration of point defects
observed in metals following low-temperature irradiation. In the present study, it was observed that the
dislocation loops coarsened during irradiation {i.e., the loop density decreased while the loop size
increased, Table 3). The net result was that the concentration of interstitials contained in loops
remained constant over the dose range of 0.3 to 24 keV/atom (3 to 24 dpa). Knight2l observed a similar
behavior in spinel and in Alp3027Ns (which has a spinel-type structure) following ion irradiation at
800°C to comparable doses.
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Table 5. Summary of Measured Fraction of Interstitialg Retained The surviving defect fraction
in Dislocation Loops in lon-Irradiated Spinel (Table 5) was obtained by dividing
the measured concentration of
Irradiation Oamage Concentration Surviving interstitials in loops by the number
Temperature Level of Interstitials Defect Reference of initially created defects
(°c (dpa) Retained in Loops Fraction (displacement damage level). Since
(at. %) (%) the concentration of interstitials in
loops was nearly constant, the sur-
25 10 0.034 0.0034 3 viving defect fraction {(n) decreased
steadily with increasing fluence for
25 20 0.16 0.008 5t a given irradiation temperature.
650 10 0.058 0.005 3 The microstructural changes
observed in the present study of ion-
650 32 0.12 0.038 Present study irradiated Al203 are in agreement
with previous TEM cbservations.l»2%-39
650 10 0.10 0.01 Present study Dislocation loop formation has been
found in these studies to obey the
650 24 0.091 0.004 Present study following evolution: Faulted inter-
stitial loops of types a/3[0001]7(0001)
800 1 0.057 0.057 4, 20 and 1/3<1070>{1010} initially form on
the basal and prism planes, respec-
800 6 0.12 0.02 4, 20 tively. Upon continued irradiation,
the loops unfault to form loops—of
*Values for the present study were obtained on cross-section type a/3<1011>{0001] and a/3<1011>
specimens from 0.3-um-wide segments centered at an irradiation {10T0}. These loops eventually
depth of 0.55 wm (23% of the peak damage value; see Fig. 1). interact to form a dislocation net-
work with a predominant 1/3<1011>
TThe loop density for this irradiation condition was Burgers vector. Preferential absorp-
7.3 x 1021 /m3, tion of interstitials by the disloca-

tion network provides a sufficient
supersaturation of vacancies to
induce growth of cavities.

CONCLUSIONS

Regions devoid of dislocation loops occur near the surface and grain boundaries of spinel irradiated
at 650°C. The grain boundary denuded zone width is -0.2 pm for irradiation at 650°C at a damage rate of
6 x 1075 keV/atom-s (6 x 107" dpa/s), and is independent of fluence for doses between 0.3 and 2.4 keV/
atom (3 to 24 dpa). The denuded zone width is very small {¢15 nm) in spinel irradiated at room tem-
perature or in At203 irradiated at 25 or 650°C due to enhanced loop nucleation and low interstitial mobility.

The dislocation loop geometry in irradiated spinel depends on the irradiation temperature and, to a
lesser extent, dose. Loops of the type a/4<110>{110} are preferred at all temperatures and are found
exclusive of other loop geometries at high irradiation temperatures. Loops of type a/4<110>{111} occur
at ion irradiation temperatures <650°C, along with a low density of a/6<111>{111} loops.

lon irradiation studies suggest that spinel can accommodate a maximum interstitial concentration of
-0.1 at. % in the form of dislocation loops for irradiation temperatures of 25 to 800°C. This value is
comparable to saturated defect concentrations measured in metals following low-temperature irradiation.
The saturated interstitial concentration in spinel is already reached for doses as low as 03 keV/atom
(3 dpa) at 650°C.

An unusual feature observed in the present study was that the {110} and (111) loop formation was
decidedly anisotropic with respect to the irradiated surface. This phenomenon has not been reported in
any previous irradiation studies on ceramics. Several possible mechanisms can be formulated, but addi-
tional studies are needed to identify the most viable cause.

FUTURE WORK

The microstructure of ceramic specimens irradiated at 650°C with 1-MeV #* and He® ions will be ana-
lyzed and compared with the present results.
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TECHNIQUE FOR PREPARING CROSS-SECTION TRANSMISSION ELECTRON MICROSCOPE SPECIMENS FROM ION-
IRRADIATED CERAMICS -- SJ. Zinkle, C.P. Haltom, L.C. Jenkins, and CKH. DuBose (Oak Ridge National Laboratory)

OBJECTIVE

The purpose of this reportisto summarize the experimental techniques used at ORNL to prepare cross-section TEM
Specimens from ion-irradiated ceramics.

SUMMARY

The general techniques necessary to produce a high-quality cross-sectioned ceramic specimen for transmission
electron microscope observation are outlined. A particularly important point is that the width of the glued region between
faces of the ceramic specimen must be <0.2 um to prevent loss of the near-surface region during ion milling. A recently
developedyvise for gluing ceramic cross-section specimens is described, and some examples of the effect of glue thickness

on specimen quality are shown.

PROGRESS AND STATUS

Introduction

In recent years there has been an increasing interest in the microstructure of ion-implanted ceramics, in particular
due to applications in surface modification' and radiation effects' studies. The region of interest is typically within one
micron of the surface, and the microstructure usually exhibits a strong depth dependence. It is often useful to prepare
cross-section specimens for observation in a transmission electron microscope (TEM). There are numerous papers

available that describe different techniques for preparing cross-section TEM specimens from metals or ceramics.*"

For monolithicion-implantedceramics, the standard cross-section preparation procedure involvesthe followingsteps,
which are outlined in Fig. 1: First, the ion-impianted specimen is glued face-to-face to another polished specimen (either
implanted or nonimplanted) using a commercial epoxy such as M-BOND 610 ADHESIVE (Measurements Group, Raleigh,
NC 27611). The glued sandwich is then sectioned. mechanically dimpled, mounted on a support ring {(&.g. graphite) and
sputter ion milled until perforation occurs near the interface. if the specimen contains multiple phases with dfferent ion
milling rates, then special techniques such as sacriicial coatings or other forms of beam shielding™." may be necessary
during the ion milling step.

Inorder to achieve good contrast in the electron microscope,the cross-section specimenmust be suitably thin {~100
nm) inthe regionof interest. Although there are many contributingfactors to the preparationof a high-quality cross-section
ceramic TEM specimen, it was recognized through experience that a key factor is the width of the glued region separating
the two polished faces of the cross-section sandwich. It has been our experience that all commercially available epoxies
thin at a faster rate than ceramics such as Al,Q, and MgAl,O, during the ion milling process. if the width of the glued region
is too wide, then a significant portion of the near-surface material is milled away before the foil thickness is electron-
transparent. The cause of this near-surface erosion is immediately apparent when the geometry of the ion-milling process
is considered. Figure 2 shows an idealized sketch of the glued interface region of a cross-section specimen during ion
milling (in practice, there will be gradients in the foil thickness near the interface that depend on the ion milling details).
During the initial stages of ion milling, small surface troughs are created in the glued region of the specimen due to the
faster ion milling rate of the epoxy compared to the ceramic. When the foil thickness (t) equals a critical value of

t = 2W*tana (1}

where Wis the width ofthe gluedregion and a is the milling angle (Fig. 2b}, then the interfacecorrespondingto the original
surface is completely exposed to the ion milling beams. Continuation of the ion milling process causes material near the
interface of interest in the cross-section specimento be lost due to direct exposure to the ion milling beams (Fig. 2c). lon
mill thinning is usually performedwith a millingangle of a = 15 deg, which is close to the angle that produces the maximum
erosion rate for most materials and hence minimizesthe specimen preparationtime.”."* For a final foil thickness of 100 nm
and a milling angle of 15 deg, the width of the glued region must therefore be less than 180 nm to avoid any loss of the
near-surface material (Eg. 1).
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Fig. 1. Schematic of procedure used to prepare Fig. 2 Schematic of ion milling process,
cross-section ceramic TEM specimens. The near-surface regions are milled away if the

glue width is large.

Inorder to achieve this narrow glue width. the surfaces 0f the specimens must be flat and parallel{i.e., well polished)
and glued under pressure. We havedesigned and builta calibratedvise for makingthin, reproducible glue widths in cross-
section specimens. There have been several previous descriptions of vises used to prepare cross-section TEM
specimens,"™ where the gluing pressure is controlled by finger tightening. The presentvise is unique inthat it does not
rely on operator skill to achieve a known and reproducible pressure on the specimen during gluing.

DESCRIPTION OF CALIBRATED VISE

A vise was designed and buitt that would produce a known and consistent pressure while the specimen glue was
curing in a small laboratory fumnace. Due to the inherent brittleness of ceramics. the pressure during gluing must be
controllable to avoid the possibilityof cracking the specimen as the result of applying excessive forcs. In addition, since
the specimens to be glued are often polished on only one surface, there is a need to eliminate stress concentratorsthat
may occur during clamping due to slightly nonparallel or uneven back surfaces. This was achieved by using Teflon pads
on the clamping surfaces of the vise.

The vise consisted of an aluminum base and a stainless steel threaded drive rod and shaft. A photograph of the
vise is shown in Fig. 3. With a limiting torque wrench {Utica Tool Co.. Orangeburg, SC 28115), a known pressure can be
reproducibly applied. Teflon pads are inserted into machined recesses in the ends of the vise mandrels, which prevents
the pads from shifting when pressure is applied. The Teflon pads are 9.5 mm (3/8 in.) diameter by 1.6 mm {1/16 in) thick
and are punched from sheet material. Teflon was chosen for the padding material due to its stability at temperatures
appropriate for curing the epoxy (100°C). New pads are used for each specimento be glued, since the Teflon tends to
become scored from indentations associated with the clamping process.

Typically, a small amountof epoxy (M-Bond) is applied betweenthe polishedfaces of two ceramic pieces, which are
then placed onthe bottomTeflon pad. The upper mandrel of the vise, which also containsa Teflon pad, is pressed against
the glued specimen and torqued by an amount that depends on the strength and fracture toughness 0f the pieces being
glued. The entire vise isthen putintoa small lab furnace and heatedto 100°C for 1 hto cure the epoxy. The force exerted
by the upper mandrelfor different torque settings was calibrated by making measurements with known mass standards.
The relation between torque and applied force is nonlinear due to friction effects in the threaded drive rod. For a torque
setting of 2 in.-Ib, the applied forceis 82N (18.41b). The corresponding pressure on a TEM disk of 3 mm diameter is 12
MPa (1700 psi). This pressure is much lower than the typical compressive strength for ceramics of about 1 GPa, but is
sufficiently high to produce a narrow glue width in the cross-section specimen.
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Fig. 3. Photograph of vise with Teflon
pads and torque wrench used to control the pressure
during gluing of cross-section specimens.

EXPERIMENTAL RESULTS

Cross-section TEM foils preparedfrom ion-irradiatedAf,O, and MgAlLO, polycrystalline and single crystal specimens
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After the specimen has been glued, the
sandwich is mounted on a metal cutting block using
acommercialmountingwax (Crystalbond, AREMCO
Products, Inc., Ossining. NY) and sliced with alow-
speed diamond wafering saw (Buehler Ltd.. Lake
Bluff, IL 60044) to produce a rectangular foil of
about 250 pm thickness (Fig. 1). The foil is
mounted on a polishing block with wax and
mechanicallygroundto athickness @ about 150 pm
using a grinding wheel or a precision
dimpler/grinder  (Gatan). The specimen is
demounted from the block by soaking in acetone,
flipped over, and the back side is ground and
mechanically dimpled until the final foil thickness is
about 30 um. The specimen is then demounted
and glued onto a graphite support ringwith M-Bond
at room temperature in preparation for ion milling.
The bestresults have been obtained with a graphite
foil of dimensions 3-mm-diam by 100-pmthick, with
a 1-mm hole inits center. The specimens are then
ion milled at either room temperature or in a liquid
nitrogen-cooled holder (Gatah) using two beams of
6-keV Ar* and an ion milling angle of 15deg. After
foil perforation occurs near the glued interface, the
specimen is given a finishing treatment with 3-keV
Ar* jons to remove some of the surface damaged
layer caused by the more energetic 6-keV ions. The
milling angle is reduced to 10 deg during the
finishing milling of radiation-sensitive materials.

were examined using a Philips CM12 electron microscope operating at 120 keV.

Figure 4 shows a low-magnification view of a spinel specimen that contained a very wide (3.6 pm) glue region. It
can be seen that the epoxy has become very thin from the ion milling and has completely disappeared in some regions,

whereas the spinel specimen is not thin enough to be transparent to the electron beam.

Figure 5 is a composite view of a single crystal ALO, specimen that was preparedwith a glue width & 1.3 gm. In
regions of the cross-sectionfoil where the glue was thin but still intact, the Al,O, was too thick to be electron-transparent.
After additionalion millingto produceAl,Q, regionsthat were thin enoughto be usable, about 0.7 pm was milled away from
the near-surface regions of both sides (cf Fig 2, 2¢). Hence, it is not possible to perform detailed TEM analysis of near-

surface regions in this specimen.
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Fig. 4 Transmission electron micrograph of
an ion-irradiated spinel specimen with a very wide

glue width (compare with Fig. 2b). Fig. 5. Transmission electron micrograph d

a sapphire specimen with a wide glue width. The
ceramic foil thickness is very large in the region
where the glue is intact. Approximately 700 nm has
been milled away from the original surface in regions
where the foil is suitably thin (compare Fig. 2b,c¢}.

Figure 6 shows a single crystal AL,O, specimenthatwas preparedwith a glue width of 05 um. Inthis case, the glue
is beginning to mill away in regions where the Al,O, foil thickness is about 250 nm (this is about the maximum useful
thickness for TEM analysis using a microscope operating at 120kaV},

Figures 7 through 9 demonstrate results that were obtained after using the Teflon-padded vise to prepare tcross-
section foils from ion-irradiated specimens. The ion damaged region in Fig. 7 was contained within 053 um from the
bombarded surface, and it was therefore essential for the near-surface regionto remain intact. Suitably thin areas were
obtained in this specimen, which had a glue width of 0.21 gm. In Fig. 8, the glue width was about 0.17 gm and a foil
thickness of <100 nm was obtained without any loss ofthe near-surface irradiated region. Figure 9 shows part of the
extensive thin area that was produced by ion milling of a cross-section specimen with a glue thickness of about 50 nm.

A large number of ion-irradiated ceramic specimens have been prepared for cross-section TEM observation within
the past six months in our laboratory. It appears that the success rate of obtaining cross-saction specimens with sultatle
thin area over the entire iondamaged region is >80% with the present technique.
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Fig. 7. Cross-section microstructure of single
crystal Al,O, implanted along the c-axis witgzoo-ke\zl
3He* ions at 800°C to a fluence of 1.8 x 10™ ions/m~,

Fig. 6. Transmission electron micrograph of a
sapphire specimen with an intermediate glue width
and marginal foil thickness (250 nm).

CONCLUSIONS

To avoidthe loss of the near-surface portion of cross-sectionceramic TEM specimens, it is essentialthat the original
interface be "shadowed"from the ion milling beams until the desired foil thickness is achieved. This is most easily carried
out by minimizing the width of the glued region betweenthe ceramic faces. Specimens suitable for TEM analysis with a
120 keV electron microscope may be obtained if the glue width is <0.2 gm.
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__ Fig. 6. Microstructureof spinel irradiated Fig. 9. Microstructureof spinel inadiated
with 2-MeV Al+ions at 650°C to a fluence of with 2-MeV Al* ions & 850°C to a fluence of
5 x 10%/m®, The glue width is about 170 nm 16 x 10°'/m® The glue width is about 50 nm.

and the foil thickness is about 70 nm.
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