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This is the seventh in a series of semiannual technical progress reports on fusion reactor
materials. This report combines research and development activities which were previously
reported separately in the following technical progress reports:

® Alloy Development for Irradiation Performance
® Damage Analysis and Fundamental Studies
® Special Purpose Materials

These activities are concerned principally with the effects of the neutronic and chemical
environment on the properties and performance of reactor materials: together they form one
element of the overall materials program being conducted in support of the Magnetic Fusion
Energy Program of the U.S. Department of Energy. The other major element of the program
is concerned with the interactions between reactor materials and the plasma and is reported
separately.

The Fusion Reactor Materials Program is a national effort involving several national
laboratories, universities, and industries. The purpose of this series of reports is to
provide a working technical record for the use of the program participants, and to provide
a means of communicating the efforts of materials scientists to the rest of the fusion com-
munity, both nationally and worldwide.

This report has been compiled and edited under the guidance of A. F. Rowcliffe and
Frances Scarboro, Oak Ridge National Laboratory. Their efforts, and the efforts of
the many persons who made technical contributions, are gratefully acknowledged.
T. C. Reuther, Reactor Technologies Branch, has responsibility within DOE for the programs
reported on in this document.

R. Price, Chief
Reactor Technologies Branch
Office of Fusion Energy
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Design and fabrication of four HFIR-MFE RB* capsules (60, 200, 330, and 400°C) to accommodate ME
specimens preirradiated in spectrally tailored experiments in the ORR (and associated facility prepara-
tions) are proceeding satisfactorily. These capsule designs incorporate previsions for removal, examina-
tion, and re-encapsulation of the HFE specimens at an intermediate exposure level of 16 displacements per
atom (dpa) en route to a target exposure level of 24 dpa. With the exception of the 60*C capsule. where
the test specimens will be in direct contact with the reactor cooling water, the specimen temperatures
(monitored by 21 thermecouples) will be controlled by varying the thermal conductance of a small gap
region between tha specimen holder and the containment tube. Hafnium 1iners will be used to tailor the
neutron spectrum te closely match the helium production-to-atom displacement ratio {14 appmldpa) expected
in a fusion reactor first wall. Assembly of the B0 and 330°C capsules 1s complete and irradiation of
both will begin when the HFIR returns to full power operation. Design of the other two (200 and 400°C)
capsules is complete and fabrication of parts is in progress. Assembly of the 200 and 400°C capsules Is
scheduled far completion by mid-FY 1991; operation of these two capsules will follow the first two (&0
and 330°C). Capsule design and praparation of fabrication drawings for re-encapsulation of the MFE
specimens after 16 dpa into two dual-temperature capsules (80/200 and 330/400°C) are scheduled to be
completed in FY-1990.

12 Miniaturized Bending Fatigue Specimen Development (Auburn University) « « « « o &« & « = & 6

Two novel miniaturized fatigue specimens were developed for testing candidate first walllblanket
structural materials. The first specimen is termed the "rectangular” specimen and has dimensions of
30.16 x 4.77 % 0.76 m with a gauge length of 6.35 mm. The second specimen, termed the "miniature-
dirk" specimen, has dimensiens bared on a transmission electron microscops specimen of 3 mm diameter and
0.3 mm thickness. with a reduced gauge section formed from two 1.5 mm circular radii. Results from the
miniature-disk specimen consistently fell above the other data. A good correlation of power law expo-
nents was obtained. The miniature-disk specimen did not show any significant degradation of fatigue
properties at elevated temperatures. The rectangular specimen, on the Other hand, did show a loss io
fatigue life with increasing temperature. Both specimen designs appear to be rultable for testing of
candidate first wall/blanket materials for thermal-mechanical fatigue.

1.3 A Contamination Spot Separation Method for Thickness Measurement of Irradiated TEM
Specimens {0ak Ridge National Laboratory and Japan Atomic Energy Research Institute) . . 13

The precedure of obtaining microstructural data from reactor-irradiated specimens has been Carefully
checked to determine whether swelling data obtained from TM Observations of Cavities and density-Change
data measured using the precision densitometer at the Osk Ridge National Laboratory (ORNL) may be cam-
pared accurately. Comparison of data measured by both methods on duplicate or the same specimens has
shown some appreciable discrepancies far Japan/U.S. collaborative experiments irradiated in HFIR. The
contamination spot separation (CS3) method has been used in the past to determine the thickness of a TEH
foil. Recent work has revealed an appreciable error in this method that can overestimate the foil thick-
ness. This error causes lower swelling values to ba measured by TM microstructural cbservations rela-
tive to the precision densitemeter. An improved method is proposed for determining the foil thickness by
the CS§ method, which includes a correction for the overestimation of foil thickness.
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21 Dosimetry Measurements for PNL Experiments 12-14 in the Omega West Reactor
(Argonne National Laboratory) « « « o o = « o o = = = = = = s = = s s = = s s % = s s s & 21

Neutron dosimetry measurements and radiation damage calculations are presented for three short irra-
diations by Battelle Pacific National Laboratory in the Omega West Reacter at Los Alames National
Laboratory. The irradiations occurred between February - April 1988 with a maximum neutron fluence of
8.3 x 10** n/en?,
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Radiation Damage for High-Temperature Superconductors (Argonne National Laboratory) .

Calculations have been completed for the preduction of atonic displacement damage in the new supet-
conducting material Y,Ba,Cuy04, using our new cemputer code SPECOMP. New damage crass sections and atomic
recoil energy distributions were first calculated for the elements barium and yttrium. The results have
been added to the SPECTER computer code for routine calculation of damage in any specified neutron
spectrum.
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The Morphology of Collision Cascades as a Function of Recoil Energy (Pacific Northwest
Laboratory and Rise National Laboratory) .« u o o s o & s & & 2 & & s & # = 2 s = 2 &« .

An analytical method based on defect densities has been devised to determine the threshold energies
for subcascade formation In computer simulated collision cascades. Cascades generated wlith the binary
collision code MARLOWE in Al, Cu Ag, Au, Fe, Mo and W were analyzed to determine the threshold energy
for subcascade formation, the nunber of subcascades per recoil per unit energy and the average spacing of
subcascades. Compared on the basis of reduced damage energy, metals of the same crystal structure have
subcascade thresholds at the same reduced energy. The nunber of subcascades per unit reduced damage
energy s about the same for metals of the same crystal structure, and the average spacing Of subcascades

s about the same In units of lattice parameters. Comparisons between subcascade threshold energies and
average recoil energies in fission and fusfon neutron envirerments show the spectral sensitivity ef the

formation of subcascades.

Implications of Neutron Spectrum and Flux Differences on Fission-Fusion Correlations
at High Neutron Fluence (Pacific Northwest Laboratory and Westinghouse Hanford Company)

The application to fusion environments of materfals data derived from fission reactors invelvses con-
siderations related not only to neutren spectra but also the often daminant effect of displacement rate.
Itis shown in this paper that fission-fusion correlation experiments directed toward helium effects and
PKA recoil spectra are frequently difficult to interpret due to the strong influence of displacement
rate. low energy recoils from thermal neutron absorpticn, and in some cases a large influence of solid
transmutants. It is also shown that materials data published in earlier decades must be reevaluated in
light of recent advances in defining irradiation parameters.

Projected Ranges of Energetic lons in Solids (University of Wisconsin) e n w e e

Projected range equatisns, including nuclear and alectronic losses up to the third moment. are derived
as a simple and accurate means to evaluate projected ranger of energetic ions in solids. With the proposed
expressions for the nuclear stopping cross section and tha third mement of both nuclear and electronic
energy losses, good agreement is observed between the calculated results and experimental data for the Pro-
jected ranges of ions in both singie- and multi-component target materials.

Relationship Between Microstructure, Spinodal-Like Decomposition and Selective

Electropolishing of Irradiated INVAR-Type Alloys (Pacific Northwest Laboratory) . . . .

EDX analysis and selective electropeiishing were used to study twe specimens of Fe-35N1 irradiated
with neutrens at 420 and 520°C and one specimen of Fe-35Ni-15Cr Irradiated at 510°¢C. Each was shown to be
spinodally decompesed with the paried of compositional oscillation appearing to decrease with decreasing
irradiation temperature. When polishing conditions are used which promote etching, the 1ew nickel micro-
volumes are selectively attacked. The level of chromium appears to play ne role in either the selective
attack or the period of escillation., The scale of surface irregularity and that of compositional aseilla-
tion appear to be identical but not related to the presence of currently existing mi¢rostructural
components.

24

27

29

31

33

39

62

74



6.

6.1

55

5.6

Theoretical Analysis of Phase Transformations in Fe-Ni "INVAR"-Type Alloys
(Massachusetts Institute of Technology and Pacific Northwest Laboratory) . . « « « . .

Many studies have suggested that Fe-Ni and Fe-Ni-Cr alloys of ~36 wt % Nf are susceptible to decom-
position into twa FOC phases. Ye herein model the kinetics and thermodyhamics of spinodal deconposition,
nucleation, growth, and coarsening of these alloys. Prediction of the scale of a microstructure formed by
growth or coarsening may be done with some confidence. The absence of a medel for surface anergy and gra-
dient energy in systems with negative departure from ideality reduces us to 1ittle more than guesses far
the kinetics of both nucleation and of spinedal deconposition. Ye can combine our calculations with those
of others and studies of terrestrial and celestial decomposition to reach a conclusion that suggests a
miscibility gap for Fe-Ni alloys in the Invar regime. The gap is found to be very narrow at high tem-
peratures but to be broadened at 1ow temperatures by magnetic effects.

Microstructural Investigation 0f Swelling Dependence on Nickel Content in Fast-Neutron
Irradiated Fe-Cr-Ni Austenitic Ternaries (Kyushu University, Pacific Northwest
Laboratory, and Hokkaido University) P r r m m wow w oo mmowoEowowaa o owowow o

Microstructures of Fe-1B5Cr-XNi (X = 15, 19, 21, 30, 35, 45, 75) ternary allays and a 13¢r-85N1 binary
alloy irradiated in the EBR-II reactor at 510 and 538°C to various neutron fluences were examined by TEN.
At 510°C void nucleation was complete prior to the onset of steady-state swelling at all nickel lTevels,
implying that some process other than vold nucleation determines when the relatively rapid void growth
assoclated with the onset of steady-state swelllng occurs. The protracted loop dominance of dislocation
structure and the relatively low void density at intermediate nickel levels (30-45 wt %) suggested a
reduced dislocation bias toward preferential interstitial absorption as a possible mechanism to produce
lower swelling 1n this nickel range.

DEVELOPMENT OF STRUCTURAL ALLOYS & & w 4 & & & = = & 2 = = 2 = = % = = = =2 = = 2 = = s = = & »

Ferritic Stainless SteelS & & s & & & & = = = 2 = = = s s = = = = s s s s = =2 = s s s s » s &»

6.1.1

6.1.2

6.1.3

Microstructural Examination of Low Activation Ferritic Alloys Irradiated in the FFTF/MOTA

to 100 dpa (Pacific Northwest Laboratory and GA Technologies) .+ & &« & & & & & « & &

The present effort {s intended to describe microstructural response to fast neutrons of two tungsten
stabilized ferritic/martensitic steels and KT-§ following irradiation to doses as high as 100 dpa. The
major change in microstructural development at 420°C froem 34 to 103 dpa was found to be due to void evolu-
tion. No significant differences in dislocation or precipitate Structures could be identified, whereas
void structures were found to have developed more uniformly and the resultant swelling was greater. The
Precipitate structure that had formed during irradiation to 34 dpa remained stable to higher dose.
Precipitate distributions showed only modest increases in size, indicating that this phase has stabilized.
and will not change significantly with further irradiation. Therefore. tungsten stabilized martensitic

steels appear to have excellent irradiation resistance, and can be expected to perform well to dosss signif-

icantly higher than 100 dpa.

Irradiation Creep of the Fusion Heats of HT9 and 9Cr-1Mo in FFTF/MOTA ((Pacific
Northwest Laboratory) « « o« o = = 2 = = 2 = = = = = = =2 = = = = = = = s s = s = = = = =

Steady-state swelling of HTO and 9Cr-1Me in FFTF/MOTA appears to develop after 75 dpa for irra-
diation temperatures in the range 403-410°C. The rats of Swelling in the stress-free condition is very
low, on the order of 0.015%/dpa. steady-state creep rates also develop concurrently, with creep not only
proportional to the applied stress above a certain level but also to the swelling rate. The creep-
swelling coupling coefficient for these ferritic/martensitic alloys appears to be very close to that of
austenitic alloys. At 520°C the creep rate is linear with stress at all stress levels but at 600°C these
alloys exhibtt stress exponents greater than unity, reflecting the onset of thermal creep possibly acti-
vated by phase instabitities.

Microstructural Evolution of Martensitic Steels During Fast Neutron Irradiation
(Oak Ridge National Laboratory) « « « & o & & 2 & & & & 2 = = = 2 2 = = = 2 = = = = = =

The microstructure of 9Cr-1Mo¥Hb stee! wolves quite differently during thermal aging and during
neutron irradiation. During thermal aging at temperatures of 482 to 600°C for times up to 25000 h. the
as-tempered microstructure of lathlsubgrain boundaries and carbides (M;3C, and MC} remains unchanged
while films and particles of Laves phase form along grain and subgrain boundaries. and dense dispersicns
of fine VC needles form in the matrix. By contrast, High Flux Isotope Reactor (HFIR) irradiation at 300
to 500°C to 37 to 30 dpa (about 10,000 h) causes the as-tempered subgrain boundary and carbide precipi-
tate structure to become unstable, but does not preduce precipitation of any mew phases. Irradiationin
HFIR causes partial dissolution of Mz3Cy, coarsening and compositional evolution of MC, and recovery and
coarsening of the lathlsubgrain structure.
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6.1.4 The Development of Ferritic Steels For Fast Induced Radioactivity Decay (Oak
Ridge National Laboratory) « « o o o = & = o = o = % = % = % = % = % = % = % = s » s = 120

Irradiation ot ferritic steels with neutrons in the temperature range of roem temperature to
~450°C results in lattice hardening, which causes an increase in strength and a decrease in duc-
tility. Elght reduced-activation Cr-W-V steels with Chromium concentrations varying from 225 to
12%were irradiated at 365°C to ~7 dpa in the Fast Flux Test Facility. Steels containing the com-
bination of 2% W and 0.25% V hardened less than those contalning vanadium or tungsten alone or a
steel with 198 and 0.25% V. The amount of hardening was similar for Cr-W-V steels wlth constant
vanadium and tungsten concentrations and containing 2.25, 5 and %% Cr; a steel with 12% Cr har-
dened considerably more. Specimens of two conventional Cr-Me steels. 9Cr-1MavHb and 12Cr-1MoVW,
were also Irradiated. and the hardening of these steels was similar to analogous reduced-
activation steels.

6.1.5 Heat Treatment Effect on Impact Properties of Reduced-Activation Steels (Oak Ridge
National Laboratory) 125

The effect of heat treatment on the impact behavlor of eight experimental heats of reduced-
activation ferritic steels was investigated. Steels with 2 1/4, 5 9, and 12 wt % Cr and ¢con-
taining tungsten, vanadium, and tantalum were examined. Impact properties of steels with 2 114%
Cr depended en microstructure. which was affected by cooling rate after austenitizatien. By
heat traating the 2 1/4Cr steels to change the microstructure from a balnitlc structure con-
taining ferrite to one without ferrite, the ductile-brittle transition temperatures were reduced
substantially. Cooling rate had essentlally no effect on the high-Chromium martensitic steels.

6.2 Austenitic Stainless Steels 131

6.2.1 Irradiation Creep and Swelling of Annealed Type 304L Stainless Steel at ~390°C and
High Neutron Fluence (Argonne National Laboratory and Pacific Northwest Laboratory) . . 133

The irradiation-induced creep and swelling of AISI 304L in EBR-II at ~239C°C have been investigated
to exposures on the order of 80 dpa and conpared with the behavior of AISI 316 stainless steel. Itis
shown that swelling and creep of various austenitic steels are strongly interactive phenomena. While
Swelling depends on stress, displacement rate, cemposition and cold-work level, the creep rate directly
depends only on the stress level and the instantaneous swelling rate. The creep-swelling coupling coef-
ficient does not appear to be very sensitive to composition, cold-work level or temperature.

6.2.2 Irradiation Creep of PCA Observed in FFTF/MOTA (Pacific Northwest Laboratory and
Westinghouse Hanford COMpPany) « « s = = s = = = = = = = = = = = = s *» = s s s % s »s ® & 140

The candidate austenitic alloy designated PCA wes irradiated in FFTF/MOTA in the 20% cold-worked
condition to fluences ranging as high as 122 dpa. At temperatures in the range of 384-550°C the creep
rate was found to be linearly dependent on the applied stress level. The assumption that thO E + DS
creep model is appiicable to thir alloy yleldr a creep-swelling coefficient of D = 0.6 x 1072 MPa~!, in
excellent agrement with the results of studies on solution annealed AISI 304L and various thermo-
mechanical treatments of AISI 316 stainless steel.

6.2.3 Phase Stability of a Manganese-Stabilized Low-Activation Martensitic Steel (University
of Wisconsin and Pacific Northwest Laboratory) « s s« = = = s = s = = s = s = = = = = &= 145

The development of alloys With reduced long-Ilfe radieactivity has been incorporated into tho
goals of fusion materials development. One possible candidate alloy is an Fe-12Cr-&.5Mn-1W-0.3V-
0.1C stabilized martensitic steel. The phase stability of this steel has been investigated
following neutron irradiation over a twerature range of 420 to 600°C to doses as high as
100 dea.  The microstructural response of the irradiated steel has been conpared to that of the
same allay aged for 10,000 h from 365 to 600°C. M;3C4 was the only carbide found in both the aged
and irradiated Structures. In the samples aged at 420 and 520°C, and the samples Irradiated at
520°C, an Fe-Cr-Mn-W chi phase formed. In the samples Irradiated at 420°C, alpha prime formed.
The presence of chi phase in both the thermally aged and neutron Irradiated steels indicates that
the Fe-Cr-Mn system 15 prone to intermetallic phase formation se¢ that careful study on the effects
of alloying are needed.



6.2.4

6.2.5

6.2.6
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Phase Stability of a Fe-Cr-Mn Alloy Aged for 2000 and 5000 Hours (University of
Wisconsin and Pacific Northwest Laboratory) « « « v v 2o & o o « s s s s s s s s s = = » 151

An Fa-Cr-Mn-W chi phase formed 1n a 12Cr-6.5Mn-1W-0.3v-0.1C {wt |) martensitic steel that was
aged from 1000 to 5000 h at 420 and 520°C. An Fe-25%Cr-15%Mn alloy with a conposition close to
that of the chi phase was fabricated and aged for 2000 and 5000 h in erder to determine phase
stability. Optical and transmission electron microscopy of the samples showed that sigma,
ferrite, austenite and My3Cq formed. These results show that chi phases dces not form easily in
simple Fe-Cr-Mn alloys and that chi mey require minor additions of tungsten or mo!ybdenum to form
thermally.

Phase Stability of Fe-Cr-Mn Austenitic Steels Developed for Reduced Activation (Oak
Ridge National Laboratory) 155

The phase stabllity of manganese-stabilized austenitic alloys based ON Fe-12Cr-20Mn-0.25C
with minor additlens of W, T, V, P, and B has been evaluated at 800°C. Dominant precipitate phases in
both annealed and cold-worked materials are Mz3C¢ and TIC carbides, With no intermetallic phases being
observed. Conposition differences between matrix and grain boundary M,;C, were observed in aged speci-
mens. These differences are asseciated with the formation of grain boundary M;4C¢ during annealing
at high temperature. Minor alloy additiens have Significant influence on the precipitate structure and
Conposition.  Tungsten is strongly incorporated inte M;,C¢ and TiC, Whereas vanadium i s not. Phosphorus
is incorporated into M23Ca but not into TIC. The austenite rtabllity even after the precipitation of
carbides during high temperature annealing indicates that the carbon level of there alloys can be
reduced and still maintain a stable austanite matrix with good resistance to intermstal1ic formation.

Cavity Microstructure and Kinetics During GTA Welding of Helium Containing Stainless
Steel (Auburn University, Oak Ridge National Laboratory and Sandia National
Laboratory, LIVErmMOre) =« o o & = & & 2 = = s = = = = = = = = = = = = = 2 = = s = = = &= 160

Helium was inplanted in type 316 stainless steel, through tritium decay, to ievels of ¢.18,
2.5, 27, 105, and 256 appm. Bead-on-plate welds were then made using the gar tungsten arc process.
Intergranular cracking occurred in the heat-affected zones {HAZ) of specimens with helium concentrations
equal to or greater than 2.5 appm. No such cracking was observed in helium-free control specimens or in
specimens containing the lowest helium concentration. In addition to the HAL cracking, brittle. center-
line cracking occurred in the fusion zone of specimens containing 105 and 256 appm He. Transmission
and scanning electron microscopy results indicated that both the HAZ cracking and centerline cracking in
the fusion zone resulted from the stress-induced growth and coalescence of Cavities initiated at helium
bubbles on interfaces. For the HAZ case. the cavity growth rate is modeled and is shown to predict the
experimentally measured 15 time lag between peak weld temperature and the onset of cracking.

6.3 Vanadium Alloys 175

6.3.1

6.3.2

Microstructural Examination of Simple Vanadium Alloys Irradiated in the FFTF/MOTA
(Hokkaido University, Pacific Northwest Laboratory, and Argonne National Laboratory) . 177

A number of simple vanadium alloys have been examined by transmission electron microscopy
following Irradiation in tha Materials Open Test Assembly cf the Fast Flux Test Facility (FFTFIMOTA) at
600°C to 14 dpa. The alloys included pure vanadium. ¥-4%4c, Y—8%d, V-10 and ¥=15%Cr, V-5, 10, and
20%7TY, ¥-20%T1-5%Y (in welght percent) and VANSTAR-7. All specimens were found to have developed
features typical of radiation damage. However, large differencar were found as a function of com-

position so that void, dislocation and precipitate structures were dissimilar even for specimens of
similar composition. For example, different heats of pur. vanadium with different interstitial solute

contents were examined. Ona contained voids and the other did not. In a series of three V-Ti alloys.
precipitation varied as a function of titanium content. However, in general, specimens displayed pre-
cipitate development. Often indicated by {001} stacking fault features. About half the alloys contained
voids. Dislocation structures included large 1oeps and dislocation targles but much smaller loops simi-
lar to black spot damage could be frequently identified. Therefore, micrestructures developed under
irradiation are very sensitive to initial conposition.

Impact Behavior of Irradiated V15Cr—5Ti Following Hydrogen Removal (Pacific Northwest
Laboratory and Argonne National Laboratory) « « « o o & & o = 2 =« = 2 = = = = = = = = = 190

Dehydrogenation of ¥-15¢r—5T{ Charpy inpact specimens after irradiation at 400°C to 114 dra was
performed prior to inpact testing. Hydrogen removal caused N0 change in the inpact behavior of the

alloy, yielding a DBTT In excess of 400°C.



6.4

6.3.3

6.3.4

A Microstructural Explanation for Irradiation Embrittlement of ¥15Cr—5Ti (Pacific
Northwest Laboratory, Hokkaido University, and Argonne National Laboratory) . . . .

Recent results have indicated that modest levels of neutron 1rradiatfon damage in ¥-15Cr-5T1 |ead
to severe degradation of mechanical properties. In order to explain the observed behavior. specimens of
¥-15Cr-5T1 have been examined by transmission electron microscopy following irradiation at 600°C to 14
dpa in the Fast Flux Test Facility (FFTF). The conditions examined included two heats of ¥=15Cr-5T1 with
very different oxygen contents and, in one case, a sectien of a Charpy specimen demonstrated to have very
poor inpact resistance. Specimens irradiated at 420 and 520°C were alse examined to confirm density
change measurements that indicated swelling levels as high as 2.5%. Following irradiation at 600°C. a
complex microstructure was found that included a perfect dislocation network of line segments and loops.
faulted loops, a high density of black spot damage and a high density of rod-shaped precipitates. Heat-
to-heat variations did pot appear to signtficantly alter these microstructural features: instead the den-
sity of large blocky precipitates, believed to be 710z, was found to have increased with increasing
oxygen content. Only two of the specimens irradiated at 600°C contained voids, whereas none of the
specimens irradiated at 420 or 520°C contained significant void swelling. Therefore, swelling as
measured by density change 15 probably due to phase instability in there specimen conditions, and the
hardening and irradlation smbrittlement that have been observed can be explained by the microstructural

development. Phase stability appears to be an important criterion in the design of vanadium alloys fer
fusion apptications.

Tensile Properties for Neutron-Irradiated Vanadium Alloys (Argonne National
Laboratory)

The tensile properties of ¥-13.5Cr-5.2T1, ¥-9.2Cr-4.9T1, v-7.2Cr-14.5T1, ¥-3.1T71-0.351, and V-17.7T1
alloys were determined after neutron irradlatlon at 420, $20, and 600°C to irradiation damage levels
ranging from 21 to 07 dpa. These alloys exhibited a maximum of irradlatlon hardening in the range of 25

to 50 dpa. These alloys also exhibited significant ductility (»3%) after irradiation at 420, $20, and
600*C to 07 dpa.

Copper ATIOYS w4 &« = = & & = = = = = = = = = = = = = = = = = = = = = = = = = = = = =

6.4.1

6.4.2

6.4.3

Tensile Properties and Fracture Behavior of Dispersion Strengthened Copper Alloys
Irradiated in FFTF-MOTA (University of Illinois and Pacific Northwest Lahoratory) .

The tensile and fracture behavior of a variety of dispersion strengthened coppar alloys were
examined after irradiation at 411, 414, and 429°C to doses ranging from 32 to 50 dpa. The internally
oxidized Glidcop alloys appear t0 be the best candidates for high heat flux service. Unfortunately.
laser welding completely destroys their favorable properties.

Conductivity Changes Observed in 1.0 Copper Alloys Irradiated at 430°C to 16—19 dpa
(Pacific Northwest Lahoratory and University of 111inois) « « v + &« & & & & & = = =

The changes observed in electrical conductivity of pure copper in a variety of neutron irradlation
experiments at ~400°C are quite consistent. The additicn of relatively minor levels of solutes doer not

appear to change the Irradiation response of the alloys beyond the changes observed in the unirradiated
condition.

Density Changes of Generation 1.5 and 2.0 Copper Alloys Irradiated at 411—414°C and
529°C in FFTF-MOTA (Pacific Northwest Laboratory, Westinghouse Hanford Company,
and University of 111iN0iS) w « v w & o & o 2 2 2 2 = = = = = = = = = = s = = = = = = =

The intrinsic swelling rate of pure copper and Cu-5Ni appears to be ~0.5%/dpa gt ~400°C. At
523°C the swelling rate of these alloys appears to be much loner. | n more complex precipitation-
strengthened alloys. phase 1nstabilities appear to play 2 role in determining the onset of void
swelling and also the density of the unvoided matrix. Dispersion-hardened alloys were found to be
very resistant to swelling. Large amounts of oxygen in an alloy, however, can overcome the swelling
resistance imparted by very high densities of oxide dispersoids. Internally oxidized Glidcop alloys
offer the most pronounced resistance to swelling. with the translent regime progressively extended
as alumina content increases. Unfortunately. laser welding destreys the swelling resistance of
dispersion-strengthened alloys.
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6.5.1

6.5.2

6.5.3

6.5.4

Evaluation of Radiation-Induced Sensitization of PCA Using the Electrochemical
Potentiokinetic Reactivation Technique (Oak Ridge National Laboratory) .

The electrochemical potentiokinatic reactivation (EPR) test technique was applied to the
determination of sensitization in a neutron-irradiated (420°C, 10 dpa) PCA. Miniaturized speci-
mens (3 ™M diam by 0.25 mm thick) in both solution-annealed and 25% Cold-worked conditions were
tested and the degree of sensitization (D0S) was Calculated in terms of the reactivation Charge.
Pa. Results indicated the presence of radiation-induced sensitization as compared to control
specimens thermally aged at the irradiation temperatures. Post-EPR test examination of the speci-
men surfaces showed etching across the face of each grain as well as grain boundaries. This indi-
cates that the Pa value normalized by total grain boundary area, which 1s an accepted EPR-DOS
criterion to determine the susceptibility of thermally sensitized stainless Steels to intergranu-
lar stress corrosion cracking (IGSCC). 1s not directly applicable to radiation-induced sen-
sitizatlon for the condition investigated. Further Investigations are necessary to Correlate the
results in this study to the IGSCC susceptibility of the irradiated stainless steel.

Carbon Transfer in Lithium/Structural-Material Systems (Argonne National
Laboratory) « « o« o o « « % s = = = % ®» ® ¥* +F ®o® o®ow o® o®ow o omowowwowowowowoww

Chemical interactions involving carbon have a dominant role in the corrosion behavior of
ferrous and vanadium-base alloys 1n lithium. Experimental investigations with these alloys in
austenitic forced-circulation lithium loops have shown that weight changes 1n these systems are
influenced by both mass transfer and deposition. The carburization-decarburization behavior of
both zommercial and high-purity experimental austenitic and ferritic alloys in flowing lithium has
been conpared with that observed in flowing sedium at temperatures of 550 to 70G°C. Type 316
stainless steel {S§) and various experimental and commercial heats of Fe-Cr-Mo ferritic materials
were investigated to determine the effect of varying levels of chromium and molybdenum. Carbon
transfer was evaluated in both pure vanadium and vanadium-base alloys containing various amounts
of chromium and titanium, such as V¥-10Cr-3Fe-Ir, V¥-15Cr-5Ti, V-10T§, and v-20T%.

Aqueous Stress Corrosion of Structural Materials (Argonne National Laboratory)

The SCC susceptibility of Types 316NG, 316. and 304 stainless steel (88} has been investi-
gated in slow-strain-rate tests (SSRTs) in aqueous environments that simulate important parameters
anticipated for ITER first wall/blanket systems. |Initial $5RTs were performed on both crevice and
noncrevice specimens in oxygenated water with sulfate additions at a strain rate of 3 x 1¢-7 s~}
and temperatures of 95 and :50°C. Scanning electron microscopy showed no evidence of §¢¢, This
was substantiated by an evaluation of the load-carrying capability of identical specimens of Type
316NG 55 jn air and Water. The stress ratio, which 18 an indicator of cracking susceptibility.
was defined as the ratio of the increase in stress after local yielding in the environment to the
Corresponding stress difference in an identical test in air, both computed at the same strain. A
ratio of ~1.0 is indicative of a low SCC susceptibility, which was the situation in our initial
experiment on Type 316HG S5 at 95°C.

An Investigation of the Sensitization Behavior of Fe-Mn-Cr Austenitic Steels
Oak Ridge National Laboratory)

Standard chemical immersion (medified S$trauss) tests and analytical electron microscopy (AEM)
showed that reduced activation austenitic Fe-Hn-Cr Steels based on Fe-20Mn-12Cr-0.25C (wt %) are
extremely prene to thermal sensitization and resulting intergranular corrosion because of their
high carbon contents and 1ew chromium concentrations. Therefore. this susceptibility to sen-
sitization after appropriate thermal aging, fabrication, or irradiation makes their use in agusous
and certain other envirenments problematical. Excellent correlation between intergranular corre-
sfen induced by immersion 1n the acidified Cus®, solution and the presence of narrow chromium-
depleted Zones around grain boundaries, as determined by AEM. was found. Due to the need to meet
reduced activation requirements. the opportunities to increase the Sensitization resistance of
fully austenitic Fe-Mn-Cr steels by alloy design are limited.
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7. SOLID BREEDING MATERIALS 261
7.1 Irradiation Performance of Lia0 and LiA10, Under Large Temperature Gradients (Pacific
Northwest Laboratory) 263

The FUBR-1B irradiation experiment in EBR-1I included several large diameter Li,0 and L1A10, speci-
mens to simulate the thermal gradients expected in a fusion blanket. There large diameter specimens had
center temperatures of 1000 and 1130°C in the L1,0 and L1A1D, pellets. respectively. After irradiation.
the L1,0 Specimens were reasonably intact but the L1A1C, specimens had broken into small fragments. The
largest diameter Li,0 pellets (2.4 cm) had increased in diameter during irradiation and had accommodated
the Center thermal expansion by forming a network of radial cracks. However, the 1.7-on diameter pellets
had decreased in diameter and had accommedated the Csnter thermal expansion by axially extruding the
central portion of the pellets. The high temperatures associated with the pellet centers were also found
to result in constderable material transport as evidenced by the decrease in Center density and the
migration of *L1 from the enriched pellets to the depleted insulator pellets.

1.2 Desorption Characteristics of the LiA102-H;-H;0{g) System (Argonne National
Laboratory) . 216

Temperature programed desorption (TPD) measurements are in progress to provide data that describe
the kinetics of desorption of Hy0{g) and H,(g) from L1A10,. Blank experiments (no L1A10, present) Were
performed to gain information on the behavior of the empty stainless steel sample tube exposed to a
flowing gas mixture of H,0(g) and Hz{g). Reactivity with the steel was demonstrated: Hz0 s consumed
and Hp is produced. and there is the suggestion of disselution/reaction of Hy in the Steel. However. In
the absence of H,, it 1s possible to stabilize the tube sa that useful measurements with H;0{g} can be
made. Fresh samples of L1A10, contain large amounts of adsorbed H;0. TPO spectra were measured for
samples that had been equilibrated with 200 pem H,0(g) at temperatures of 200, 300, 400, and 500°C. The
spectra exhibited different shapes suggestive of differing and/er multiple processes taking place as H;0
1s desorbed from the solid.

7.3 Interaction of Hydrogen with Li20 Surfaces (Argonne National Laboratory) . . « . . .- 280

A quantum cluster approach {s utilized within the extended Huckel method to investigate the interac-
tion between H, and L,0 (110) surface. Three types of sites have been investigated. It has been found
that all three are sites for H, nen-dissociative adsorption. The binding energetics are around 0.2-0.3 &¥

and the equilibrium height is around 2 A

7.4 Modeling of Tritium Behavior in Ceramic Breeder Materials (Argonne National
Laboratory) . 284

In-Pile tritium release experiments exhibit Plateaus in the tritium release at low temperature which
are below the tritium generation rate). Far L1;0, these plateaus occur in the temperature region ene weul
expect second-phase Precipitation of Li0K/L10T to occur. Calculations of the tritium pressure in the
purge gas for these plateau regions suggest that the tritium release in these regions is not determined
by the equilibrium tritium pressure above a diphasic L{,0-L10T system.

8. CERAMICS v 4 & & = s & = = = % % ®# = = % % s = = % % = s % % % = ®» % % s s » % % s s » % » = 287
8.1 Ceramic Processing Aided by Millimeter-Wave Testing (Los Alamos National Laboratory
and Oak Ridge National Laboratory) « o s s « o = o & = = s s *» = = s = s s = = = = & 289

In a special fusion-neutron irradiation simulation, **0 is being substituted for **0 in 99.5%
alumina for raising the potentially deleterious helium gas yield during fission-neutron irradiation up to
levels closer to those expected from the fusien neutrons of a deuterium-tritium fusion reaction. For
test specimens from two exploratory processing trials at CRNL, done without the expensive 70 enrichment.
millimeter-wave (M) dielectric data taken at LANL indicated decreases in loss tangent valuer and In
Scatter in the dielectric constant values when concentrations of sample defects were apparently reduced.
Complementary tensile strength values for enriched specimens correspondingly increased. There data are
Useful for evaluating potential rf-window performance. but also indicate that dielectric properties
Correlate with mechanical strength and serve as a sensitive and selective nondestructive measure of
general material quality. In some cases, these data can also distinguish between absorption vs. scat-
tering losses and provide estimates of pore sizes. Future dielectric data are planned on enriched
alumina specimens — both Control and neutron-irradiated.
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9.1

9.2

Microstructural Examination of Beryllium Irradiated at 400°C to B dpa (Pacific
Northwest Laboratory) « o o = o o = = s = s s = s s = s % = s % = s % » s % » s % % » &® 299

Sheet tensile specimens of commercial cast beryllium are found to be brittle following irradiation
at 400°C to 8 dpa. Failure is by either transgranular brittle fracture or grain boundary embrittiement,

depending on specimen thickness. Embrittlement i s ascribed both to helium bubble formation at grain
boundaries and to C-type loop formation. Leop formation of this type has not previously been reported
inthe 1teraturs.

Tritium Release from Irradiated Beryllium at Elevated Temperatures (Pacific
Northwest Laboratory) 305

Tritium release kinetics have been measured for neutron-irradiated beryllium in the temperature
range of 573-884 K. Two tritium release tests of 270 and 550 h are the first in a series of tritium
release tests on irradiated Be in support of the International Thermonuclear Experimental Reactor (ITER)
blanket designs. Real-time tritium release curves were measured by an ionization chamber after tempera-
ture step changes of 100 K under tlghtly controlled conditions specific to ITER. The experimental con-
ditions were designed to measure diffusion-controlled release of tritium from irradiated Be. The
preliminary conclusion from this data set is that a unique rate-controlled mechanism 15 not distinguish-
able. Apparent diffusion kinetics at lower temperatures give way to a burst release at 884 K, coincident
with a restructuring and bubble coalescence in this fully dense material.
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DESIGN AND FABRICATION OF HFIR-MFE RB* SPECTRALLY TAILORED IRRADIATION CAPSULES — A.W. Longest (Oak
Ridge National Laboratory), J. E. Corum (Midwest Technical, Inc.), and D. W. Heatherly (Oak Ridge
National Laboratory)

OBJECTIVE

The objective of this work is to design and fabricate irradiation capsules for testing magnetic
fusion energy (MFE)} first-wall materials in the High Flux Isotope Reactor (HFIR) removable beryllium
{RB*) positions. Japanese and US. ME specimens are being transferred to RB* positions following irra-
diation to 7.5 dpa at temperatures of 60, 200, 330, and 400°C in Osk Ridge Research Reactor (ORR} experi-
ments ORR-MFE-6J and -74J.

SUMVARY

Design and fabrication of four HFIR-MFE RB* capsules (60, 200, 330, and 400°C} to accommodate MFE
specimens preirradiated in spectrally tailored experiments in the ORR (and associated facility prepara-
tions) are proceeding satisfactorily. These capsule designs incorporate provisions for removal, examina-
tion, and re-encapsulation of the ME specimens at an intermediate exposure level of 16 displacements per
atom {dpa} en route to a target exposure level of 24 dpa. With the exception of the 60°C capsule, where
the test specimens will be in direct contact with the reactor cooling water, the specimen temperatures
(monitored by 21 thermocouples) will be controlled by varying the thermal conductance of a small gap
region between the specimen holder and the containment tube. Hafnium liners will be used to tailor the
neutron spectrum to closely match the helium production-to-atom displacement ratio (14 appmldpa) expected
in a fusion reactor first wall.

Assembly of the 60 and 330°C capsules is complete and irradiation of both will begin when the HFIR
returns to full power operation. Design of the other two (200 and 400°C) capsules is complete and fabri-
cation of parts is in progress. Assembly of the 200 and 400°C capsules is scheduled for completion by
mid-FY 1991; operation of these two capsules will follow the first two (60 and 330°C).

Capsule design and preparation of fabrication drawings for re-encapsulation of the MFE specimens
after 16 dpa into two dual-temperature capsules (601200 and 3301400°C) are scheduled to be completed in
FY-1990.

PROGRESS AND STATUS

Introduction

A series of spectrally tailored irradiation capsules are being designed and fabricated as part of
the U.5./Japan collaborative program for testing ME first-wall materials in mixed-spectrum fission reac-
tors. The test specimens will be irradiated in the new RB* facility' of the HFIR.

The first four HFIR-MFE RB* capsules are designed to accommodate Japanese and US. MHE specimens
preirradiated to 75 dpa at temperatures of 60, 200, 330, and 400°C in the ORR in spectrally tailored
experiments ORR-MFE-6J and -7J. Details of these ORR experiments, including descriptions of the test
matrix, mechanical property specimens, and techniques of spectral tailoring, have been reported
elsewhere.?,3

Spectral tailoring of the neutron flux to simulate in austenitic stainless steels the expected
helium production-to-atom displacement ratio of 14 appmldpa in the fusion reactor first wall is
accomplished by varying the amount of neutron moderator and thermal neutron absorber materials
surrounding the capsule. This controls the two-step 38Ni thermal neutron reaction producing helium,
while fast neutrons are simultaneously producing atomic displacements. In general, the neutron energy
spectrum must be hardened as the irradiation progresses; this requires ongoing neutronics analysis sup-
port as provided for the ORR experiments.

The HFIR-MFE RB* capsules are designed for insertion into any of the eight large-diameter holes
(46 mm) of the HFIR RB* facility. Damage rates will increase from about 4 dpa/year in the ORR experi-
ments to 7.4 dpa/year in the HFIR RB* facility (based on 85 WV HFIR power).

Test specimen nominal loadings for the first four capsules are given in Table 1. Beginning with
return of the HFIR to full power in FY 1990, these capsules will be irradiated in pairs (first the 60 and
330°C capsules, then the 200 and 400°C capsules) to a damage level of 16 dpa. After these four irra-
diations, the test specimens will be removed, examined, and approximately one-half of them re-
encapsulated into two dual-temperature capsules (601200 and 3301400°C) for irradiation to 24 dpa.



Table 1. Test specimen nominal loadings for 60°C Capsule — The 60°C capsule, designated
the HFIR-MFE RB* capsules HFIR-MFE-60J-1, is an uninstrumented capsule
with the test specimens in contact with the

Number of specimens in capsule reactor coolant water. Predicted specimen tem-

peratures are within *10°C of 60°C.
Specimen Type

60°C 200°C  330°C  400°C The 60°C design capsule, assembly, and
details of the specimen loading were described
Pressurized tube 39 26 45 39 previously.®> This capsule is in dry storage at
Tube blank 9 9 9 9 the HFIR where it will remain until the reactor

returns to full power.
Transmission electron

microscopy tube 330°c Capsule — The 330°C capsule,
designated HFIR-MFE-330J-1. is an instrumented
Length {rm) and singly contained capsule where the specimen
16.5 2 2 0 0 temperatures will be monitored by 21 ther-
19.1 0 0 4 4 mocouples and controlled by adjusting the ther-
254 5 7 6 6 mal conductance of a small gas gap region
between the specimen holder outer sleeve and
§5-1 tensile 90 83 76 64 the containment tube. This capsule will be
SS-3 tensile 54 54 15 15 cooled with 49°C reactor coolant water flowing
Grodzinski fatigue 56 24 56 40 downward over the containment tube surface.
Crack growth 30 30 10 10 Calculated temperature distributions indicate
Rod tensile 0 0 4 0 that specimen temperatures will be within +25°C
Hourglass fatigue 0 0 0 4 of 330°C. which satisfies the temperature cri-

terion for these experiments. The 330°C cap-
sule design was described in detail previously.'

Assembly of the 330°C capsule and details of the specimen loading were also described previously.'
This capsule is in the HFIR pool where it will remain until the reactor returns to full power.

200 and 400°C Capsules — The 200 and 400°C capsule designs were described in the preceding progress
report® and are basically the same as that of the 330°C capsule. The main differences in the three cap-
sule designs are associated with (1) the number and spacing of the specimen holder slots and holes to
accommodate the different specimen loadings, (2) the width of the temperature control gas gap region
between the specimen holder outer sleeve and containment tube to obtain the desired specimen tem-
peratures, and (3) the test piece included in the aluminum plug and holder above the test specimen holder
to obtain extra information.

Fabrication of parts for both capsules is in progress. Assembly of the capsule is scheduled for
completion by mid-FY 1991. Operation of these two capsules will follow the first two (60 and 330°C).

HFIR-MFE RB* FACILITIES (MIF-3 AND MIF-4)

Facility preparations required for operation of the HFIR-MFE RB* capsules are nearing completion.
Preparations remaining to be completed include final checkout of Materials Irradiation Facility No. 3
(MIF-3) and MIF-4, which are to be used for the HFIR-MFE RB* capsules; installation of the MIF-3 in-pool
flexible hose section; and connection of the instrumented 300°C capsule to the MIF-3 flexible hose
assembly.

FUTURE WORK

Installation of the MIF-3 in-pool flexible hose section, connection of the HFIR-MFE-330-J-1 capsule
to the flexible hose assembly, and final preparations for startup of the 60 and 330°C capsules will be
completed during the next report period.

Fabrication of parts for the 200 and 400°C capsules will be completed in FY 1990. Assembly of the
capsules is scheduled to be completed by mid-FY 1991.

Capsule design and preparation of fabrication drawings for re-encapsulation of the MFE specimens
after 16 dpa into two dual-temperature capsules (60/200 and 330/400°C) are scheduled to be completed in
FY 1990.
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MINIATURIZED BENDING FATIGUE SPECIMEN DEVELOPMENT - G. R. Rac and B. A. Chin (Auburn
University)

OBJECTIVES

The objective of this study is to develop and evaluate miniaturized bending fatigue
specimens to test cyclic thermal-mechanical properties of candidate first wall/blanket
materials.

SUMMARY

Two novel miniaturized fatigue specimens were developed for testing candidate first
wall /blanket Structural materials. The Tirst specimen is termed the "'rectangular”
specimen and has dimensions of 30.1625 x 4.77 x 0.762 mm with a gauge length of 6.35 mm.
The second specimen. termed the "miniature-disk” specimen, has dimensions based «n a
transmission electron microscope specimen of 3 mm diameter and 0.3 mm thickness, with a
reduced gauge section formed from two 1.5 mm circular radii.

Both specimen designs were used to test unirradiated, annealed type 316 stainless
steel {(ORNL reference heat 8092297). The specimens were tested on a bending fatigue test
machine with the specimens positioned =s cantilever beams and subjected to strain-
controlled fatigue tests with a sinusoidal waveform. Tests were conducted at room
temperature, 550°C and 650°C.

Room temperature results were found to conform to a Coffin-Manson type power law
equation which relates total strain range to the number of failure cycles. The elevated
temperature results obey a power law relation of the type:

Ay T ANg™™ + BNjF (1)

The results obtained were compared with data obtained from other studies that used type
316 stainless steel.

The miniature-disk specimen results consistently fell above the other data. A good
correlation of power law exponents waz obtained. The miniature-disk specimen did not show
any significant degradation of fatigue properties at elevated temperatures. The
rectangular specimen, on the other hand did show a loss in fatigue life with increasing
temperature. Both specimen designs appear to be suitable for testing of candidate First
wall/blanket materials for thermal-mechanical fatigue.

PROGRESS AND STATUS
Introduction

Miniaturization of specimens for extracting mechanical properties from materials has
received considerable attention, particularly for testing irradiated materials.
Limitations in irradiation volume. concerns about gamma heating and flux gradients as well
as hazard to personnel, and savings in time and cost have made miniaturized specimen
technology (ST} an attractive alternative to the use «f full size standard specimens.
The current fusion materials development program requires the use of accelerator based
neutron sources. Since irradiationvolumes are limited in such sources, the use ollf small-
scale specimens is inevitable for the extraction of useful mechanical properties®,

The development of twe miniaturized bending fatigue specimens to test the resistance
to thermal cyclic streasses which would be experienced by First wali/blanker materials is
described in this study. The first specimen is a "rectangular” sheet specimen with a
gauge section with varying cross-sectional area. The second specimen has dimensions based
on a 3-mm diameter transmission electron microscope specimen and is termed the "miniature-
disk™ specimen. The fatigue test results for both specimens are reported at room
temperature, 550°C and €50°C. The results are compared with tests using other specimens
and the differences discussed.
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Fig. 1. The "Rectangular' specimen. Fig. 2. The "Miniature-Disc" specimen.
Specimens

The first specimen developed is termed the "rectangular’ specimen and is shown iIn
Figure 1. It has overall dimensions of 30.1625 x 4.77 x 0.762 mm with a gauge length of
6.35mm. The gauge length has a continually varying cross-section to give a maximum
stress at one specific cross-section. The second specimen is referred to as the
"miniature-disk' specimen" and is shown in figure 2. It has dimensions based on those of
a transmission electron microscope specimen with an overall diameter of 3 mm and two
circular radii of 1.5 mm forming the gauge section.

The miniature-disk specimens were fabricated using the electrical discharge
machining (EDM) technique. All the specimens were made of Type 316 stainless steel (ORNL
reference heat 8092297). All specimens were vacuum annealed at 1050°C and subsequently
electrochemically polished using a 95% ethanol, 5% perchloric acid electrolyte for one
minute at OC.

SPEED
(WNTROL |——m
BOX
D. C. FATIGUE SHUTDOWN
| o STRAIN CONTROL
VOLTAGE MACHINE GAUGES BOX
WSITION WAD
Vs Vs

TIME - TIME
OSCILWSCOPEf—

Fig. 3. The bending fatigue machine. Fig. 4. A schematic representation of
the banding fatigue. machine.



Fig. 6. A view of the "Miniature-Disk"

Fig. 5. A view of the “Rectangular specimen in the test machine.

specimen in the test machine.

JTest Apparatus

The bending fatigue machine used to test the specimens is shown in figure 3 and is
schematically represented in figure 4. The specimens are positioned as cantilever beams
and the bending load is applied at the free end by means of a connecting arm attached to
an eccentric cam. The load cell consists of four strain gauges connected in a Wheatstone
bridge network configuration attached to the end of the cantilevered specimen holder am.
The load is applied at a cyclic frequency of 500 rpm. The position of the rectangular and
disk specimens in the test machine is shown in figures 5 and 6 respectively. The test is
terminated when the load decays to a specified threshold level, 80% of the original load.

The elevated temperature test fixture consists of a furnace with an electric heater
coil surrounding the specimen. The temperature is maintained by an Omega temperature
controller using feedback type control from a thermocouple placed near the specimen. An
Argon atmosphere is maintained within the furnace. The elevated temperature test fixture
is shown in figure 7. Further details about the test machine are documented in reference
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Fig. 7. A view of the elevated Fig. 8. Test results for the specimens

temperature test set-up. at room temperature, 550°C and 650°C.
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The fatigue data are plotted on a total strain range vs failure cycles plat using
logarithmic axes. The results obtained for the rectangular and disk specimens at room
temperature, 55¢0°c and &¢50°C are plotted in figure 8. The total strain range value is for
the cross-section of maximum stress in the gauge section of the specimen.

It was observed that the data points for the disk specimen fall above those for the
rectangular specimen. There is very little difference between room temperature and
elevated temperature results for the disk specimen. However it is evident that the room
temperature data follow a Coffin-Manson type power equation of the form:

dep T ANgTT (L

where asp is the total strain range, tg is the total number of cycles to failure and A and

a are constants. The 550°C and 650°C results for the disk specimen were analyzed using a
power law equation of the type:

dsp = ANg™® + BNgB (2)

There is no clear cut distinction between the 350°¢ and 650°C results and both sets of
data were fitted onto a single curve as shewn 1IN Figure 8.

The rectangular specimen results also show a similar trend. The room temperature
results obey a Coffin-Manson relation of the form of equation (1) above. The s550°c and
650°C results were analyzed using a power law relation of the form of equation (2).
However, for the rectangular specimen, there is a clear distinction between results for
the three temperatures. The fatigue life is shown to be adversely affected by elevated
temperatures with the 650°C tests having a lower fatigue life as compared to the 550°C
results and both the 530°¢ and 650°C results falling below the room temperature results

4 (RNL SPEC. - 550C

L $ ORNLSPEC - 650C
! 500 .
o
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Connd el oerd el sl g oy Y [EFEEETIT| [EEERTRITIN gl RNt
\u‘"}, 10* “10‘ =T 3 10* 18 10 1ot 1ot 108 107 o
CYCLES TO FAILURE CYCLES TO FAILURE
Fig. 9. Comparison of room Fig. 10. Comparison of elevated temperature
results temperature results.
Discussion

The room temperature results for the rectangular and disk specimens are compared
with results obtained using other specimen designs made of type 316 stainless steel in
figure 9. The ORNL SS-1 specimens were tested using the fatigue test machine used in this
study. Nagata =t al. used annealed bar type specimens with an hourglass shaped gauge
section. A triangular waveform with zero mean strain was used to uniaxially cycle the
specimens4_ The remaining set of data points was obtained for type 316 stainless steel
from a data book for cyclic Ioading5. The disk specimen results fall above the other
results at room temperature. The Coffin-Manson exponents and constants for all the
results shown in figure 9 ars given in table 1.



10

Table 1. Values of Power Law Exponents and Constants for
Room Temperature Results

Data Temperature A a B B
Rectangular Room 0.0542 0.15 - -
Disk Room 0.80 0.18 - -
55-1 Room 0.076 J.18 - -
Nagata et.al. Room 0.30 Q.40 - -
Boller Rocm 0.2143 0.12 =-0,0418 0.5

Figure 10 shows the elevated temperature results compared with results obtained at
Oak Ridge National Laboratory by Liu and Grossbeck who used subsize hourglass axial
fatigue specimens. They used annealed type 316 stainless steel (heat X153%3) with the
specimens subjected to a fully reversed triangular wave functio 7. AIl the results
shorn in figure 10 have been analyzed using the power law equation (2} given earlier in
this report. The values of the exponents and constants for the elevated temperature
results are given in table 2.

The difference in room and elevated temperature results can be explained in terms of
the elastic and plastic components of the total strain range. At room temperature, the

elastic component of strain range is negligible and the results can be fit to a Soffin-

Hanzon type equation. Although the Coffin-Manson relation actually uses the plastic
strain range, the total strain range is used since the elastic component is small. At
elevated temperatures. however, the elastic component becomes significant and the results
have to be analyzed using = power law equation (2) given earlier, with the total strain
range having an elastic and a plastic component.

The miniature-disk specimen results consistently fall above the other results. This
can partly be attributed to the small overall surface area in the gauge section of the
specimen. Size effects in fatigue specimens are twofold. Firstly. reducing the size
reduces the surface area of the specimen. This is significant in light of the fact that
almost all fatigue cracks initiate at the surface. Secondly, a decrease iIn size s{gnifizs
that there is a large stress gradient over the cross-section and this reduces the volume
of material subjected to higher stresses®,

The results obtained in this study are consistent with the above arguments, with the
miniature-disk specimen, which has the smallest surface area, having the highest fatigue
life. The elevated temperature results shown in figure 10 can also be explained with the
disk-specimen having the lowest surface zrea and the ORNL subsize specimen having the
largest area, with the rectangular specimen having an intermediate total surface area. It
can also be observed that there is no clear cut distinction between the room temperature.
550°C and 650°C results for the disk specimen. unlike the other results. This can also be
explained in terms of the surface area. The disk specimen has a small area and hence
there is less surface area for environmental attack at elevated temperatures.

The rectangular specimen yields good results for type 316 stainless steel. Further
tests using different materials need to be performed to fully evaluate the specimen
design. The specimen is capable of being used for comparative studies at the present.
The miniature-disk specimen has yielded good results also and can be viewed iIn light of
the miniature disk bend test (MDBT) specimen developed earlier? 10 The MDBT specimen is
tested by means of central loading with a hemispherically tipped punch and has been
primarily used for ductility measurements. The disk specimen used in this study has been
specifically developed to evaluate fatigue life and is an alternative to the MDBT

specimen. The deformation of the disk specimen iz more easily analyzed as compared to the
MDBT specimen.
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Table 2. Values of Power Law Exponents and Constants for
Elevated Temperature Results

Data Temperature A a B B8
Grossbeck 550°C 0.016 0.12 0.66 0.5
Grossbeck 650°C 0.014 0.12 0.4 0.5
Rectanqular 550°C 0.0 0.12 ~0,098 0.5
Rectanqular 650°C 0.016 0.12 0.78 0.5

550°C & 0.295 0.12 6.19 0.5

The disk specimen developed iIn this study would be ideal for use in neutron
accelerator sources, fission test reactors and ion irradiations to simulate fusion
irradiation environment effects on materials. aifzmmsnz of the specimen appears to be
very important and could account for the scatter in results observed for the disk
specimen. More accurate aligmmant techniques can be easily developed. Finite element
techniques could be used to determine stresses and strains with greeter accuracy.

Conclusions

() Two new miniaturized bending fatigue specimens have been successfully developed.
Tests were performed to evaluate the specimens using annealed type 316 stainless steel. A
fatigue test machine was also developed to test the specimens.

(2) The rectangular specimen yielded good results at room and elevated temperatures
comparable to results obtained using in other studies. There was a loss in fatigue life
at elevated temperatures attributed to environmental effects.

(3) The miniature-disk specimen results consistently fell above the other results. The
data appears to follow the trend followed by the rectangular specimen results. There was
no degradation of fatigue life evident at elevated temperatures.

(4) The room temperature results were analyzed using e Coffin-Manson type power law
relation, The elevated temperature results were also analyzed using a power law with the
total strain range consisting of tws terms to include the elastic regime.

(5) The difference in results obtained using the two specimens can be explained in terms
of size and geometry.

EUTURE WORK

Future goals are aimed at improving and testing accuracy of the results. These will
include formulating a method to obtain accurate end reproducible alignment of the
specimens. particularly the miniature-disk specimen. Finite element techniques will have
to be utilized for strain calculations. To evaluate the results, a range of materials
needs to be tested with benchmark experiments being performed. Microstructure is an
important factor and proper characterization of materials before testing is essential.
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A CONTAMINATION SPOT SEPARATION METHOD FOR THICKNESS MEASUREMENT CF IRRADIATED TEM SPECIMENS — T. Sawai
(Japan Atomic Energy Research Institute, assigned to ORNL), M Suzuki (JAERI), P. J. Maziasz (Oak Ridge
National Laboratory), and A Hishinuma (JAERI)

OBJECTIVE

The objective of this work is to re-evaluate the method used to determine foil thickness using
transmission electron microscopy (TEM), which can affect the microstructural data obtained in HFIR
Phase 1 program In the U.5./Japan collaboration.

SUMMARY

The procedure of obtaining microstructural data from reactor-irradiated specimens has been carefully
checked to determine whether swelling data obtained from TEM observations of cavities and density-change
data measured using the precision densitometer at the Oak Ridge National Laboratory (ORNL) may be com-
pared accurately. Comparison of data measured by both methods on duplicate or the same specimens has
shown some appreciable discrepancies for Japan/U.5. collaborative experiments irradiated in HFIR. The
contamination spot separation (€88} method has been used in the past to determine the thickness of a TEM
foil. Recent work has revealed an appreciable error in this method that can overestimate the foil thick-
ness. This error causes lower swelling values to be measured by TEM microstructural observations rela-
tive to the precision densitometer. An improved method is proposed for determining the foil thickness by
the CSS method. which includes a correction for the overestimation of foil thickness.

PROGRESS AND STATUS
Introduction

Void swelling is a critical effect of irradiation especially for austenitic stainless steels, which
are still one of the preferred materials for magnetic fusion reactor (MFR) stuctural applications. The
Y.S./Japan Collaborative program has used mixed-spectrum fission reactors to test first-wall structural
materials. A major output of this experimental program has been quantitative microstructural data on
cavity swelling. Much of the data from the first eight capsules (Phase 1) irradiated in the High Flux
Isotope Reactor (HFIR) has been summarized.'

New swelling data on HFIR Phase 1B specimens have also been obtained from unthinned TEM disks using
the precision densitometer at the Oak Ridge National Laboratory (ORNL).2 This method employs the
Archimedes method to measure the density of unthinned standard TEM disks. Swelling has been measured by
both methods, either in the same disk (densitometer, then TEM) or in duplicate disks. However, in some
cases there have been appreciable discrepancies. Swelling values measured by TEM are systematically
lower than those observed with the precision densitometer.

Two major factors could cause TEM measurement of swelling to underestimate true swelling values.
One factor IS that voids are polished at the specimen surface during the electropolishing to produce
electron-transparent specimens. |If cavity swelling is measured in regions of the foil that are too thin,
mast large cavities (which contribute substantially to total swelling) are not included. Another factor
is thickness measurement. The foil thickness of maost TEM specimens was determined by the CSS method,
although there have been some questions about the accuracy of this

Inthis report, a procedure for obtafning more accurate and consistent swelling data using TBM i s
evaluated. To separate void-polishing effects from thickness underestimation effects, TEM measurements
were made in several areas with different specimen thicknesses in a particular specimen. In addition,
stereo-measurements of thickness are compared with the CSS measurements in a given area.

Experimental

Standard TEM specimens 0Of JPCA in the salution-annealed condition were irradiated in HFIR at 500°C
to 57 dpa. The general microstructure has been characterized quantitatively and reported elsewhera.’
Swelling, as measured from the cavity volume fraction obtained by TEM, was 3.7% (ref. 5), while swelling
measured using the precision densitometer was 7.6% (ref. 6). This specimen contained many voids SO that
the stereo method was reasonably easy. The void size distribution reached 75 mnm, which means that many
voids were polished-out in foils thinner than 150 nm, so that their effect on the measurement of swelling
by TEM could not be evaluated.
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Two additional solution-annealed specimens of JPCA and 316 irradiated in ORR-MFE-7J capsule at 400°C
to 8 dpa were also examined. Relative to the HFIR specimen that was examined one year (3.2 x 107 s)
after polishing, TEM observations on these disks were carried out within one month (2.6 x 10° s) after
the electropolishing, which is more typical in this collaborative program.

Specimens were examined using a JEM 2000FX analytical electron microscope (AEM) equipped with a
LaBg gun operated at 200 k¥. Foil thicknesses of the HFIR-irradiated TEM specimens were measured by both
stereo methods and the €35 method. Two voids which are located at the top and at the bottom surfaces of
the specimens were chosen by conventional stereo viewing using normal stereo-pair pictures with atilting
angle of %5 to 10 deg. The parallax was measured throughout the allowable range of the specimen goniom-
eter stage (from —26 to +26 deg) to improve the accuracy of the stereo method.

In the case of the €35 method, contamination spots were formed on both specimen surfaces using a
focused beam while the specimen was oriented perpendicular to the incident beam. The specimen was then
tilted up to 26 deg and a micrograph was taken to measure the separation of the contamination spots.

The procedure for obtaining swelling values from the micrographs is the same as has been used
throughout the U.S./Japan collaborative research program; it is adequately described elsewhere.5~10

For the ORR-irradiated specimens, the void concentration was too low for accurate stereo measure-
ments. Only the CSS method was used to measure the specimen thickness. The number of voids per unit
area was measured in several areas with different foil thicknesses.

Results

A series of micrographs in which the specimen was tilted through the maximum allowable range of the
specimen goniometer stage was used for making stereo measurements. The relative distance between two
voids appearing at the top and at the bottom surfaces of the specimen was measured using these
micrographs. The distance p was plotted versus tilting angle 6, and the data were fit to the following
equation to obtain the foil thickness:

p=acose—tsinb , (1)

where a is the projected distance of two voids to the plane parallel to the specimen surface, and t is
the foil thickness. This method increases the accuracy of stereo measurement by using several
micrographs over a wider range of tilt angles than conventional measurement.

The typical image of tilted contamination spots is given in Fig. 1 A calculated ellipse curve
which has the major and minor diameter ratio of cos € is superimposed on the contamination spot. The
problem with the CSS method lies with the choice of position to measure the parallax. Many measure the
distance between the tips of the cusps in the image, assuming that it represents the parallax between the
centers of both contamination spots. In this study,
the distance between the centers of the fitted ellipses
was measured as the parallax rather than the tips of
contamination image cusps which can occasionally be
hard to locate. The curve fit method was employed to
obtain more reliable data from the image, although
parallax with this method is smaller than the distance
measured between cusp tips.

The area of the HFIR-irradiated JPCA specimen that
was studied is shown in Fig. 2. Letters A through E in
Fig. 2 mark the points where thickness was measured.
Thickness data are summarized in Fig. 3, where circled
letters represent data from stereo measurements and
letters by themselves represent data obtained by the
€SS method. The two methods obviously give different
foil thicknesses. Micrographs from points with dif-
ferent specimen thicknesses were analyzed for cavity
swelling data. Swelling is plotted in Fig. 4 as a
function of measured foil thickness. Reported values:®

Fic. 1. The image of contamination of void swelling determined by two different methods
spots after the specimen was tilted by 26 deg. are also given in Fig. 4
The contamination spots were formed when the
specimer, surface was horizontal and perpen- The foil thickness measured by the CSS method for
dicular to the incident beam. Traces of a type 316 stainless steel specimen irradiated in ORR
polished-out voids can also be seen in this is given in Fig. 5. The areal cavity concentration is

micrograph. also given in Fig. 5. It shows a linear increase of
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solution-annealed JPCA irradiated in HFIR at

Fig. 2 magnification micrograph of

500°C to 57 dpa. Letters A B ..., E represent
the points where thickness measurements were made.
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Fig. 3. Measured thickness of the specimen
in Fig. 2 Circled letters represent data
obtained bv stereo measurement and letters
themselves represent data obtained by the £S$
method.

specimen thickness from the Specimen edge. A
similar result was also obtained from a JPCA
specimen irradiated in ORR.

DISCUSSION

Figure 3 shows an appreciable difference in
the thickness values measured at the same point
from the stereo method and by the CS5 method.
specimen thickness data obtained by the stereo
method can be extrapolated toward thinner regions
by a straight line passing through the origin of
the coordinate. This should define a wedge-shape
specimen for an ideal no thickness at the foil
edge. Similar extrapolation of the CSS data using
a straight line does not pass through the origin.
This defines a non-wedge shaped specimen with a
thickness of nearly 100 m at the edge.

The

The micrograph in Fig. 2 suggests that this
specimen is nearly an ideal wedge shape that is
very thin rather than thick at the edge. If we
assume that the data from stereo measurements are
more accurate, then the CSS method appreciably
overestimates the foil thickness. The accuracy of
the CSS method has been examined3** and it has
been shown to overestimate foil thickness. To
explain the overestimation, Rae et al.“ proposed a
"witch's hat" shape for the contamination spot,
with relatively faint and broad deposits beneath
the. shaqu ﬁones that are ysuall obse[)ved.

Lorimer as attributed these fower broad depos-
its to the diffusion of the focused electron beam
of early analytical electron microscopes due to
condenser aberrations.



16

ORNL-OWG 80-12403 Recent work to interpret the image behavior
of tilted Contamination deposits!2 predicted an
200 T T T T 600 overestimation, even for smooth Gaussian profiles,

of a contamination deposit expected from a well-
focused beam. In this mdel, the oval line in the
image which was previously thought to represent
the base edge of the contamination cone, actually
represents the line on the surface of the deposit
where the electron beam is parallel to the surface.
Thus, it is inevitable that the raw data from the
CSS method overestimates the foil thickness
without some correction. Overestimation would be
greater if the tips of cusps rather than the
distance between the centers of the ellipses was
used to measure parallax.

FOIL THICKNESS (nm)

AREAL NUMBER DENSITY OF CAVITY
(nm2)

0 1 2 3 4 5 Swelling data obtained using foil thicknesses

FROM SPECIMEN EDGE (um measured by both methods are summarized in Fig. 4.
DISTANCE ) Overestimates of foil thickness by the €55 method

cause smaller void swelling values. Both the CSS

Fig. 5 Plots of thickness measured by the and stereo method show decreasing void swelling in
CSS method and the areal density of voids for a thinner regions. This is the effect of polished-
type 316 stainless steel specimen irradiated in ORR out voids. This effect becomes negligible in
at 400°C to 8 dpa. regions thicker than 70 mMm as measured by the

stereo method. The reoorted swelling values are

7.6% (ref. 6) and 3.7% (ref. 5), as determined by
the precision densitometer and by microscopy, respectively. The new value from microscopy using thick-
ness data obtained from the stereo measurements is 6.4% in areas thick enough so that the polished-out

void effect is negligible. Agreement is better between precision densitometer and quantitative TEM using
stereo thickness measurements.

The simplicity of the CSS method and its applicability to any specimen still give this method advan-
tages for use in reactor-irradiated specimens. A simple method for correcting the systematic error can
also be extracted from this experimental work. Assuming a wedge-shaped specimen and that the thickness
overestimate is constant, then true thickness can be obtained by making measurements at several points of
different thicknesses, and plotting these values versus the distance from the edge. Correcting all
values by a constant offset equal to the Y-intercept, as shown in Fig. 5 would give the true thickness.
Theoretical prediction!? and experimental results!3 require that the contamination deposit be the same
size to keep the amount of overestimation constant. In case of a type 316 stainless steel specimen, the
corrected thickness profile showed good coincidence with the areal cavity density.

Much effort in the U.S./Japan collaboration program has been devoted to obtaining swelling values
from specimens irradiated in HFIR using quantitative TEM.>»7"10  Most of the swelling data for these
specimens were obtained using the CSS method for measuring thickness. Such swelling values may be
systematically lower than the true swelling values. Although such a constant and systematic error shall
not affect the relative behavior of each alloy to a given irradiation condition, these TEM measured
swelling values will disagree with similar measurements using the precision densitometer.

Previous studies most likely overestimated the foil thickness by 100 m (refs. 5, 7-10). This error

would produce a factor of 2 error in swelling. However, if cavity volume swelling was measured in areas
too thin to contain large voids, the error in swelling measured by TEM will be greater.

CONCLUSIONS

The procedure for measuring the void swelling of reactor-irradiated specimens by quantitative TEM
has been carefully checked. The following observations were made:

1. The CSS method without correction gives overestimates of specimen thickness values.

2. 1f the systematic error in the CSS method is corrected with an assumption of wedge-shaped speci-
mens, then there is good coincidence between observed areal cavity densities and the corrected thicknesses.

3. Microstructural data in HFIR specimens reported previously can include an appreciable error due
to the specimen thickness measurement from the CSS method without correction.



17

REFERENCES

1 A Hishinuma and S. Jitsukawa, to be published in Journal of Nuclear Mater —

2. R A Buhl and L. J. Turner, Remote Controlled Immersion Densitometer, Osk Ridge National
Laboratory Report ORNL/TM-10378 (to be published).

3. N. Stenton, M R Notis, J. |. Goldstein, and B. B. Williams, "Quantitative Microanalysis with
Hgi) h Spac?i)al Resolution," The Metal Society, London, eds., G W Lorimer, M. H Jacobs, and P. Doig,
1981, p. 35.

4, 0. A Rae, V. G Scott, and G Love, The Metal Society, London, eds., G W Lorimer, M H
Jacobs, and P. Doig, 1981, p. 57.

5 M Suzuki, S. Hamada, P. J. Maziasz, M P. Tanaka, and A. Hishinuma, in: Proc. 14th ASTM Inter.
Symp. on Effects of Radiation on Materials, ASTM-STP 1046, American Society for Testing and Materials,
Philadelphia, PA 1989, p. 160 (in press).

6. P. J. Maziasz, J. L. Scott, L. J. Turner, S. Hamada, and M. P. Tanaka, p. 188 in Fusion Reactor
Materials Semiann. Prog. Rept., DOE/ER-0313/2, Office of Fusion Energy, 1987.

7. M. P. Tanaka, P. J. Maziasz, A. Hishinuma, and S. Hamada, J. Nucl. Mater. 141-143 (1986) 943.
8. M. P. Tanaka. S. Hamada, A. Hishinuma, and P. J. Maziasz, J. Nucl. Mater. 155-157 (1988) 801.

9. S. Hamada, P. J. Maziasz, M. P. Tanaka, M. Suzuki, and A Hishinuma, J. Nucl. Mater. 155-157
(1988) 838. -

10. S. Hamada, M. Suzuki, A. Hishinuma, and P. J. Maziasz, in: Proc. 14th ASTM Inter. Symp. on
Effects of Radiation on Materials, ASTM-STP 1046, American Society for Testing and Materials,

Philadelphia, PA, 1989 (in press).

11 G W Lorimer, Electron Microscopy and Analysis 1981, Institute of Physics, London, 1982, p. 147.

12. T. Sawai and M. Suzuki, p. 7 in Fusion Reactor Materials Semiann. Prog. Rept., DOE/ER-0313/6,
Office of Fusion Energy, 1989.

13. 7. Horita, K Ichitani, T. Sano, and M. Nemoto, Scripta Met. 20 (1986) 381.






2. DOSIMETRY, DAMAGE PARAMETERS, AND ACTIVATION CALCULATIONS






21

DOSIMETRY MEASUREMENTS FOR PNL EXPERIMENTS 17-14 IN THE OMEGA WEST REACTOR = L. R. Greenwood (Argonne
National Laboratory)

OBJECTIVE
To provide neutron dosimetry and damage calculations for fusion materials irradiation experiments.
SUMMARY

Neutron dosimetry measurements and radiation damage calculations are presented for three short irradiations
by Battelle Pacific National Laboratory in the Omega West Reactor at Los Alamos National Laboratory. The
irradiations occurred between February - April 1988 with a maximum neutron fluence of 8.3x1019 n/cm?.

PROGRESS AND STATUS

Three experiments were performed for PNL (H. Heinisch) in the Omega West Reactor at ,Los Alamos National
Laboratory. The experimental conditions were similar to those reported previously. =% The samples were
irradiated in a furnace at 2000C with helium cooling. The irradiation histories are given below, where
exposure values are full power (8 MA) hours.

Experiment Dates Exposure, FPH
17 2/26 to 2/25/88 13.50
13 3/1 to 3/11/88 60.28
14 3/14 to 4/20/88 132.10

The dosimetry capsules measured about 6 mm long by 1.2 mm OD and contained small wires of Ni, Fe, Ti, 0.1%
Co-Al, and 80.7% Mn-Cu. Each wire was gamma counted at Argonne and saturated activities were computed,
correcting for gamma absorption and the exact irradiation history. The resultant activities are listed in
Table |I. Uncertainties are typically 2% including 1.5% for calibration and less than 1%for counting
statistics. In several cases, statistics were unusually large due to a longer than normal decay before we
received the samples. As can be seen, the values are in excellent agreement among the three separate runs.

Consequently, we averaged the data for one common spectral analysis.

Neutron spectral adjustments were then done with the STAY'SL computer code using the initial spectrum
determined previously.7 The full power flux values and fluences for each experiment are listed in Table II.

Radiation damage calculations were performed with the SPECTER computer code5 and the results are listed in
Table ITL.
FUTURE WORK

Samples have been received from the MFE6J experiment in ORR and for the CTR49,50,52,53,54,55, and 56
experiments In HFIR. The ORR-MFE6J experiment was irradiated from June 1983 until the end of ORR operations
in March 1987. The HFIR experiments were started during 1983-1984 and were irradiated until the cessation of
HFIR operations in November 1986. Samples are now being opened at Argonne and mounted for gama analysis.
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Table B_ Activation Rates Measured in the Omega West Reactor
(activities are in atom/atom-sec, +2% unless noted,

at a MW)
Reaction Run 13
58fe (n,7)9%e(x10-11) 6.36 (4.1%) 6.05 (4.5%)  6.04 (6.0%)
59co(n,7)6%Co(x10-9) 215 2.00 2.10
54re(n, p) 94Mn(10-12) 3.10 3.14 3.17
58Ni (n, p)28co(x10-12) 4.08 4.03 4.07
4671 (n,p)46sc{x10-13) 4.22 (2.4%) 4.21 (2.2%) 4.29 (2.2%)
55Mn(n,2n)2%Mn(x10-13) 9.04 (2.3%) 917 (2.2%) 9.14 (2.2%)

Table 11. Neutron Flux and Fluences fgr the Omega West Reactor
(Average Fluxes x1013 n/cmé-s at 8 MW, +10%)
(Fluence Values x1018 n/cm2)

Energy, MeV Flux Run 12 Run 13 Run 14
Thermal (.5 e¥) 6.89 3.35 14.96 32.78
05 eV - 0.1 MV 472 2.29 10.23 22.41
0.1 Mev 5.79 2.81 12.55 27.50
>l MV 2.93 1.42 6.34 13.89

Total 17.40 8.46 37.78 82.70
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Table III. Radiation Damage Parameters for the Omega West Reactor
(dpa x 10-3, He in appb)

Run 12 Run 13 Run_14

Element dpa He dpa He dpa He
Al 3.62 1.23 16.2 5.49 354 12.0
Ti 2.22 1.15 9.91 5.13 21.7 11.3
v 2.49 0.042 11 0.19 24.4 0.41
a 2.26 0.324 10.1 1.45 22.1 3.17
Fe 2.00 0.569 8.93 2.54 19.6 5.57

Ni 211 8.88 942 39.7 20.6 86.9
cu 1.93 0.473 8.62 2.11 18.9 4.63

Nb 1.94 0.109 8.66 0.49 19.0 1.07
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RADIATION DAMAGE FOR HIGH-TEMPERATURE SUPERCONDUCTORS - L. R. Greenwood (Argonne National Laboratory)

OBJECTIVE

To calculate radiation damage in fusion materials.

SUMMARY

Calculations have been completed for the production of atomic displacement damage in the new superconducting
material Y1-Ba2-Cu3-07, using our new computer code SPECOMP. 1 New damage cross sections and atomic recoil
energy distributions were first calculated for the elements barium and yttrium. The results have been added
to the SPECTER2 computer code for routine calculation of damage in any specified neutron spectrum.

PROGRESS AND STATUS

In order to calculate radiation damage in a compound material, it is first necessary to have calculated
damage in each of the pure elements which make up the compound. Since barium and yttrium were not available
in SPECTER, we first used the DISCS3 computer code to determine the displacement damage and recoil energy
distributions for each element. These calculations use the basic neutron cross section data given in the
evaluated file ENDF/B-V.% Each reaction channel is considered separately, including elastic and inelastic
scattering, hydrogen and helium production, and multiple {n,xn} reactions. The relative importance of each
channel can be seen in Figs. 1and 2. At lower energies {e.g., fission reactors), the damage is dominated by
elastic and inelastic scattering. For fusion {e.d., 14 MeV), the damage mainly comes from the {n,2n)
reaction with a 5-10%contribution from {n,p} and (n,a) reactions.

The SPECOMP code was then used to compute damage for the superconductor assuming a displacement energy
threshold for each element in the compound of 20 e¥. The resultant damage cross section is shown in Fig. 3.
The dotted line shows the result of a simpler approximation which is a weighted sum of elemental damage. As
can be seen, the true compound damage is 10-20% lower at neutron energies below 1 MV and 5-10% higher by 20
MeV. These results have been added to SPECTER for routine calculations. Users can thus determine the
correct dpa rate in this superconductor by simply giving a neutron spectrum and length of irradiation time.
This compound damage file in SPECTER now contains about a dozen entries for tritium breeder materials,

insulators, and alloys.

FUTURE WORK

V¢ plan to add more elements and compounds, such as $1C, and to also begin conversion of our files and
programs to the newly released neutron cross section data i n ENDF/B-VI.
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THE MORPHO%O Y OF COLLISION CASCADES AS_A FUNCTION OF RECOIL ENERGY - H. L. Heinisch, Pacific Northwest
Laboratoryta) and B. N. Singh, RIS@ National Laboratory, Demamark

OBJECTIVE

The objective of this work is to address displacement cascade effects in fusion-fission correlations using
atomistic computer simulations.

SUMMARY

An analytical method based on defect densities has been devised to determine the threshold energies for
subcascade formation in computer simulated collision cascades. Cascades generated with the binary collision
code MARLOWE in Al, Cu, Ag, Au, Fe, Mo and W were analyzed to determine the threshold energy for subcascade
formation, the number of subcascades per recoil per unit energy and the average spacing of subcascades.
Compared on the basis of reduced damage energy, metals of the same crystal structure have subcascade
thresholds at the same reduced energy. The number of subcascades per unit reduced damage energy is about
the same for metals of the same crystal structure, and the average spacing of subcascades is about the same
in units of lattice parameters. Comparisons between subcascade threshold energies and average recoil
engrgiesdin fission and fusion neutron environments show the spectral sensitivity of the formation of
subcascades.

PROGRESS AND STATUS
Introduction

The interaction of high energy particles with a crystalline solid produces collision cascades, the immediate
consequences of which are displaced atoms and vacant lattice sites in localized reﬂlons of the material.

The configuration of a "damaged"” region in the material depends on the energy of the primary recoil atom
that initiates the cascade of collisions. At high recoil energies, multiple, widely-separated damage
regions, commonly referred to as subcascades, can_be created In a single recoil event. In this paper we
examine the characteristics of subcascade production in FCC and BCC metals.

The evolution of a material*s microstructure during irradiation is largely due to interaction with the point

et 1D e ate PeRBRESRLLT2RC8°5, RS DO SRV dRastlY iRt KRR ClORS.BERY B O thedsTesss,de

defects, only a small fraction are found to freely migrate beyond the cascade region to interact with other
elements of the microstructures. The spatial distribution of the initial damage, including the subscascade
structure, influences the disposition of the point defects as energy dissipates from the cascade region and
as subsequent thermally activated diffusion occurs.

A first step toward understanding the influence of subcascade production on microstructure evolution is
determining the number, size, spacing and threshold energy for production of subcascades. _The spatial
distributions of point defects 1in hl%h energy &0||I510g gascades have been studied in earlier investigations
using binary collision computer models in Cu®s* and Fe?»®. As the graphic depictions in the earlier work
demonstrate, high energy collision cascades have extremely irregular configurations. The schemes used for
|dent|fy|n? separate damage regions are different in each of these studies, so_quantitative comparisons of
their results have little meaning. In the present work, quantitative information on subcascades is
determined for seven FCC and BCC metals using a new approach that unambiguously defines the onset of
subcascade formation.

Computations

Cascades were generated in the face-centered cubic metals Al, Cu, Ag.and Au and in the body-centered cubic
metals Fe, Mo and W using the binary collision computer code MARLOWE?. The cut-off ener%y was

approximately the average d|sPIacement threshold energy for each material. A simulated lattice temperature
of 300K was applied, and local inelastic energy losses were included. The "damage energy” of a cascade, the
recoil energy minus the inelastic energy loss, is the energy available to create atomic displacements.

MARLOWE models only the collisional stage of the cascade process, which occurs in about 10713 seconds. The
gross spatial configuration of the cascade is determined by the location of the hi%her energy collisions
that occur during that stage. In the present study the entities of interest are the dama%e regions of the
crystals, not the individual defects (although we must identify the damaged regions as collections of

€)] OEerated for the US. Department of Energy by Battelle Memorial Institute under Contract
DE-AC06-76RLO 1830.
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individual defects). Thus, MARLOWE is ideally suited to the task at hand: it models well the high energy
interactions that are responsible for the overall spatial distribution of the damage with an economy that
allows significant numbers of high energy cascades to be generated in a reasonable time.

In each material 30-100 recoils having randomly chosen initial directions were simulated at each of about 10
energies ranging from 1 keV to 1 MeV. The density of vacancies was determined for each cascade, and the
values were averaged at each energy. The density analysis is used as a tool to determine the energies at
which subcascades start to form in the various materials. The value of the density of defects depends
critically on how the volume is defined. In our analysis the volume of each cascade is defined as the
rectangular parallelepiped, oriented along the cubic crystal axes, that encloses the vacancy distribution.
Densities by this definition are not reflective of either the very low average density of defects throughout
the material or the very high average density of defects within the cores of the cascades. Little
significance should be attached to the

magnitudes of the values.

A different measure of defect density was used to examine the density of defects in the cascade cores as a
function of recoil energy. For each cascade the average local density of vacancies was investigated by
determining how many other vacancies on average exist within the first three neighboring shells of atoms
about each vacancy in the cascade.

In each cascade, subcascades were identified using an algorithm for finding the location and size of areas
of high concentrations of vacancies. The average spacing of subcascades was determined as the average of
the distance of the centroid of each subcascade from that of its nearest neighbor subcascade.

Results

Figure 1 shows a plot of the cascade vacancy density within the enclosing rectangular parallelepipeds as a
function of recoil energy in gold. Over the range of energies shown the densities of vacancies in the
enclosing parallelepipeds vary by two orders of magnitude. |In this log-log plot the density as a function
of energy is well-described by two straight line segments. The energy at which the segments intersect,
about 200 keV, is the energy at which subcascades beain to form reaularly in gold. based on observation of

graphical representations of the ﬁascades. Similar behavior was observed in the earlier extensive
graphical analysis of Cu cascades8.

The straight line at lower energies shows that with increasing energy the single cascade region grows larger
in a self-similar way (the straight line on the log-log plot is an indication of fractal behavior, albeit
over a restricted range). As subcascades begin to form, the large spaces between subcascades make the
cascade volume increase at a more rapid rate with energy. Thus the straight line at higher energies
effectively describes the different self-similar spatial relationships of the increasing number of

subcascades.
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Figure 1. Average density of vacancies in collision cascades in gold as a function of recoil energy. The
volume of each cascade is taken as the rectangular parallelepiped oriented along the crystal axes enclosing
the vacancy distribution of the cascade.



AIl the metals in this study exhibit a knee in the ﬁlot of vacancy density as a function of recoil energy.
We identify the energy values at the knees as the threshold energies for the break-up of cascades into
subcascades. This conclusion is consistent with behavior observed in a small sample of graphical
representations of the cascades. The "cascade break-up energies™ vary by two orders of magnitude; values
for all seven metals are listed in Table 1.

Table 1. Cascade Break-up Energies and Local Vacancy Densities

Reduced Energy Cascade Break-Up Reduced Local Vacancv
Factorta) Recoil Energy Break-up
Element (ev-1) {keV) Damage Energy (%)
Al 2.34 x 10-5 25 0.052 4.2
cu 3.05 x 10-6 20 0.049 6.7
Ag 1.28 x 10-6 50 0.055 7.4
Au 4.18 x 1077 200 0.071 13.3
Fe 4.00 x 106 50 0.15 7.5
Mo 1.80 x 1076 130 0.19 9.2
W 5.10 x 10°7 300 0.13 10.2

a. For screening radii used in the MARLOW calculations. ) )
b. Percent of sites within three nearest neighbors that contain vacancies.

Further evidence for JdentifyiB the knee In éhe densat¥ cHrve ith the_fascade breah-ug_emerges when the
densities are compared on the basis of reduced energys8 rather than recoil energy. The dimensfonless
guantity "reduced damage energy" is the recoil damage energy divided by the value of the screened Coulomb
potential at the screening radius for each metal. Thus, in each metal the energies are normalized by the
strength of the atomic interaction in that metal. When compared on this basis, the knees in the plots,
indicating where subcascades start to form, occur at about the same reduced recoil damage energy for each
crystal structure. This 1is shown in Figure 2 for the FcC metals, where the range of reduced energy of the
knees, 0.050-0.070, 1is identified as the reduced cascade break-uo eneray. A similar set of curves for BCC
metals reveals a reduced break-up energy range of 0.13-0.19. The reduced energy factors and the reduced
damage energies at break-up are listed in Table 1.
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Figure 2. Average Density of Vacancies in Collision Cascades in FCC Metals as a Function of Reduced Recoil
Damage Energy. The cascade break-up energy is defined as the region of reduced recoil damage energy where
the slopes of the curves change.
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The steep decrease In vacancy density with increasing energy exhibited in Figures 1 and 2 does not mean
that the local density of ,acancies In the core of the cascade is changing with energy, even at_low
energies. In earlier work the average local density of vacancies in cascades in Cu was investigated. It
uas found for copper thaE th|§ value s constaqx ﬁt gnergles aboye a f;w keV, well. below tTS tqresh Id gor
subcascade production.” Computer simulations of short-term annealing of caScades in copperid also showe
that the post-annealing numbers of residual defects and freely migrating defects increases linearly with
damage ene(gK in high energy cascades. This implies that the average environment in the vicinity of a
defect, which will most stron?Iy influence defect interactions, does not change much with energy. Constant
local vacancy densities are also observed in all the FCC and BCC metals investigated here. Table 1 lists
the values of local vacancy density iIn hi%h energy cascades (i.e., where local vacancy densities are
constant) for all the metals. Even though the reduced break-up energies are about the same within the same
crystal structure, the average local densities increase approximately linearly with atomic number.

Subcascade_identification was done only for Cu, Au, Fe and W. The number of subcascades produced increases
linearly with recoil damage energy. Table 2 contains the average number of subcascades per recoil per keV
of damage energy, the average damage energy per subcascade, and the average separation of subcascades. In
each material at each energy the distribution of subcascade spacing is very broad, having a standard
deviation of about +/- 100% of the mean value. Thus any differences between the metals should be considered
small, and we conclude that the average spacing of subcascades is about the same in all the metals.

Table 2. Average Number and Separation of Subcascades

Subcascaded/PKA/ Damage Energy/ Average Separation
Element Damage Energy (keV) Subcascade (keV) (lattice param.) fnm)
cu 0.040 25 36 13
Au 0.004 250 36 14
Fe 0.030 33 54 15
W 0.004 250 36 1

Discussion

Within the same crystal structure, the subcascade formation characteristics appear to be about the same in
all metals when compared on the basis of the reduced energy (Figure 2). This is true only for the gross
spatial distribution aspects of the cascades, which are governed by the high energy collisions. The
average local densities of defects in the cascade cores are different for each metal (Table 1}, showing a
dggen ence on atomic number (or atomic mass). The differences in local defect densities, and the implied
differences in local energy densities, will surely lead to differences In disposition of the defects
subsequent to the collisional phase.

There is much experimental evidence purporting to support the concept of gubgascTTei especially the obvious
grouping of clusters or loops seen in m!croqraphs after low fluence irradiations!!s12 However,

micrographs show the structures that exist long after the cascade has occurred. Another important
consideration when attempting to discern subcascades in observed damage in different metals is that for

each metal the configuration of cascades in a given irradiation environment depends on the energy spectrum
of recoil atoms produced by the irradiating Farticles. The_recoil spectrum is a strong function of atomic
number. Figures 3A and 3B show the spectrally averaged recoil energies of FCC and BCC metals, ]
respectively, Froduced by 14 MeV neutrons and by the neutrons of a typical fast reactor. The average recoil
energies, dlgf ayed here in terms of reduced damage energy, vary over several orders of magnitude. The
maximum recoi energles may be up to a factor of ten higher than the average energies. The cascade break-up
energies, constant for each crystal structure, are shown for comparison. Thus, irradiation of Cu with 14
MeV neutrons Prodqces mostly cascades having subcascades, while irradiation of Au with 14 MeV neutrons
produces mostly single cascades. In a fast reactor (or reactors with even softer spectra) few cascades in
either metal will have subcascades.

According to Figure 3A, one should observe almost exclusively single cascades in Au irradiated with 14 MeV
neutrons. Micrographs of 14 MeV neqtron-irradiitfg Au show damage in the form of groups of closely spaced
dislocation loops, which have been interpreted'*:'¢ as forming from subcascades. These observations are
not necessarily inconsistent with our analysis, which deals with clearly defined, W|deIK Sﬁaced subcascades.
However, within single simulated cascades in gold we have observed separate regions of higher vacancy
density, indicating perhaps subcascades that are simply next to each other. The concept of cascade

"lobes," i.e. £ tiguoug hut d&sginct damage regions, was developed in the earlier graphical analysis of
computér simulated cdscades in Cud.
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Figure 3. Average Reduced Recoil Dama%e Energies in a) FCC and b) BCC Metals Irradiated with 14 MeV
Neutrons and Fast Reactor Neutrons. The cascade break-up energies are shown for comparison.

The experimentally measured average spacin?i of damage regions in 14 MeV neutron-irradiated Cu and Au are
reBorted to be 12 nm and 4 nm respectively*s. The value for Cu is consistent with our modeling results for
subcascades. The close spacing of the observed damgge regions in Au would suggest that they may each be
the residue of a collapsed lobe rather than the residue of subcascades by the conventional definition. An
alternative viewpoint is that the residue of a single subcascade may well consist of more than one visible
object and may include both vacancy and interstitial components.

CONCLUSIONS

An analytical method based on defect densities has been devised to determine the threshold energies for
subcascade formation in computer simulated cascades. Compared on the basis of reduced damage energy, metals
of the same crystal structure have subcascade thresholds at the same reduced damage energy.

Average recoil energies in the various metals may be above or below the thresholds for subcascade
production, depending on the irradiation environment. In Cu and Fe (and, by inference, in steels and copper
$Iloys), fusion neutrons will generally produce many subcascades while fission reactor neutrons will produce
ew.
The average local defect density within the core of MARLOWE cascades is constant above a minimum energy that
is lower than the subcascade threshold ener?y. The average local vacancy density increases approximately
linearly with the atomic number of the metal, which will affect the subsequent development of the damage
regions In the various metals.

The number of subcascades per unit reduced damage energy is about the same for all metals of the same
crystal structure. The average spacing of subcascades is about 40 lattice parameters in Cu, Au, Fe and W
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IMPLICATIONS OF NEUTRON SPECTRUM AND FLUX DIFFERENCES ON FISSION-FUSION ?0 RELATIONS AT HIGH NEUTRON

FLUENCE - F. A. Garner and H. L. Heinisch, Pacific Northwest Laboratory: 4) R. L. Simons and F. M. Mann,
Westinghouse Hanford Company

OBJECTIVE

The object of this effort is to determine the environmental and materials factors relevant to the use of
data generated in fission reactors for application in fusion environments.

SUMVIARY

The application to fusion environments of materials data derived from fission reactors involves
considerations related not only to neutron spectra but also the often dominant effect of displacement rate.
It is shown in this paper that fission-fusion correlation experiments directed toward helium effects and PKA
recoil spectra are frequently difficult to interpret due to the strong influence of displacement rate, low
energy recoils from thermal neutron absorption and in some cases a large influence of solid transmutants.

It is also shown that materials data published in earlier decades must be reevaluated in light of recent
advances in defining irradiation parameters.

PROGRESS AND STATUS
Introduction

One of the major challenges facing the fusion materials community is the identification and collection of
materials data required for design of fusion reactors. This task is complicated by the present lack of
irradiation facilities which possess both relevant neutron spectra and displacement rates. This in turn
requires that we use "fusion-surrogate” spectra which exist over a wide range of spectra, displacement rates
and fluence levels. It must be recognized that these data may not be directly applicable to fusion
conditions without some sort of translation. Once data have been collected in surrogate spectra, it must
first be analyzed in light of the differences in PKA recoil spectra, transmutation and displacement rates
that exist between surrogate and fusion spectra before such data can be translated and applied to the design
of fusion devices. While neutron irradiation data are most relevant, charged particle irradiation can also
contribute insight on the translation process.

This paper attempts to summarize the efforts of our laboratories in developing procedures for such
translations and also provides an overview of previous and ongoing experiments directed towards the
development of fusion-relevant correlations. Some guidelines are provided on how best to translate
available data into fusion-relevant predictions. Our limited knowledge does not allow us at this time to
offer guidelines for all properties and materials.

While most efforts directed toward this goal concentrate on recoil spectra and/or transmutation
considerations, it is shown here that differences in displacement rate between two different spectral
environments are often the dominant determinant of alloy response in such comparisons. It is also shown
that the translation between two spectral environments may be quite different for each property and material
of interest. In some cases it appears to be feasible to operate with condensed parameters such as
helium/dpa ratio, but in other cases where two separate processes each contribute strongly but independently
to a given property change, it is necessary to translate each contribution separately. Ifthe two
contributions are interactive, the translation becomes even more complicated.

It is also demonstrated that some regions of currently available high flux irradiation facilities (HFIR,
EBR-11, FFTF) possess PKA recoil spectra which are significantly different so as to possibly have a strong
and sometimes misleading impact on correlation development for fusion applications.

Development of Translation Procedures

The majority of the engineering-relevant data has been obtained from measurements of changes in property or
dimensions of materials irradiated in fission reactors. It is relatively easy to identify the sequence of
steps that must occur before these data can be confidently applied toward fusion goals, although the
execution of these steps is not always very straightforward.

o Development of a correct description of the property change of interest in the surrogate spectra,
including its response to material and environmental variables involved in the translation process

(a) Og)erated for the U.S. Department of Energy by Battelle Memorial Institute under Contract
DE-AC06-76RLO 1830.
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Reevaluation (ifhecessary) of the reported irradiation conditions

Adjustment of the damage exposure units to account for PKA recoil spectrum differences

o Assessment of the impact of spectral-related differences in transmutation

Incorporation of the influence of important environmental parameters such as stress state, displacement
rate, flux pulsing, etc.

e Allowances for possible interactions between the above considerations.

Correct Description of Property Changes and Environmental Data

It is a statement of the obvious that the translation process cannot be successful if our perception is
flawed of the mechanisms causing the property change. A pertinent example for this discussion is the
evolution in our understanding of the nature of the void swelling process. Only recently have we come to
realize that many of the parametric sensitivities of swelling in austeniHc iteels reside only in the
duration of the transient regime and not in the post-transient behavior.t!s This insight has a
significant impact on the development of fission-fusion correlations for this property. Whereas spectral-
related differences in damage exposure would affect both the transient and post-transient regimes, we would
expect differences in displacement rate and transmutations to exert_their influence primarily on the
duration of the transient regime.

It is particularly important that data analysts recognize the need to assess the validity of the reported
exposure and environmental data, particularly for older experiments. Over the years significant changes
have occurred in the reporting and understanding of the importance in specifying environmental variables,
particularly neutron flux and spectrum as well as irradiation temperature. In many early experiments the
temperatures were not measured directly but estimated from gamma heating rates, which themselves were often
subject to estimation or unreported (and sometimes unrealized) time-dependent variations.

The reporting of neutron exposures in particular is subject to many often unrecognized but nevertheless
important considerations. The conduct of some earlier experiments in reactors used in defense programs
often caused many papers to be rather vague or even not to specify gamma heating rates, neutron flux and
neutron spectra. Proprietary concerns in early national breeder programs often yielded the same result.
Some early papers specified only the target neutron exposures, which sometimes remained in the literature
despite subsequent measurements of dosimetry. As fast reactors supplanted thermal reactors as the major
source of data, there was a gradual but often inconsistent shift in reporting procedures, such that one
finds in the literature neutron fluences quoted in terms of total, E > 1.0 MV and E > 0.1 MeV neutrons.
Sometimes the basis of the neutron exposures was not specified.

Changes in reactor operation beyond the boundaries of the reported experiment can also exert a large and
sometimes unrealized influence on the neutron exposure and irradiation temperature. Examples involve the
sometimes strong influence of neighboring experiments, changes in core loading patterns and changes in
reflector materials over the course of long irradiation programs. Sometimes the experimental program itself
leads to significant changes in displacement rate and gamma heating. The US. Breeder Reactor Materials
Program in its build-up phase involved the progressive insertion of non-fueled experiments in the central
region of EBR-II, displacing some of the power generation and the assaciated %nga heating toward the outer
rows, gradually lowering the temperature and neutron flux in each subcapsule. The total neutron
exposures were reported to the experimenters but the impact of the flux displacement on temperature changes
took much longer to be realized. As the irradiation program peaked and subassemblies were removed the gamma
heating rate and neutron flux again increased for the remaining experiments.

Further complicating data analysis is the evolution that has occurred in the procedures for calculating the
atomic displacement level (dpa). The literature contains dpa values reported in terms of Kinchin-Pease,
half-Nelson, NRT and French models. Each of these yield somewhat different values of dpa for a given
spectra. In addition other contributions to the damage process continue to be discovered and their impact
must be incorporated into exposures reported for egg‘mer eXpelfiments, ~ As an example, the contribution
resulting from the recoil of the iron atom in the Ni(n,ﬂgSNi(n,a)SGFe reaction can cause an incr?gfe of
as much as 90% in the displacement rate of pure nickel when irradiated in a mixed spectrum reactor.

To emphasize the importance of reassessing the damage levels and irradiation conditions of older experiments
prior to development of fission-fusion correlations, consider the following examples. Figure 1 shows an
early and often quoted comparison of U.S. and U.K. data on neutron-induced changes in tota} ?Iongation of
annealed 316 stainless steel, showing an apparently very large effect of helium/dpa ratgg. 5 Ngge,
however, that we must now increase the NRT dpa level in HFIR by 13%to account for the 2?Ni{(n,vy}2°Fe
reaction and we must decrease the exposure level of the DFR low He/dpa data to correct for an 18%
overestimate resulting from comparing half-Nelson exposures without correction to NRT exposures. The net
result is that instead of comparing nearly equal exposures (44 vs 50 dpa), there is now a significant
difference (37 vs 57 dpa). Much more importantly, however, the gamma heating levels in HFIR were
significantly underestimated in these experiments, and have been revised upward such that the peak heating
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Figure 1. An early estimate of the ha]ium/dp? Yatio on irradiation-induced changes in tensile properties of
annealed 4151 316 Trradiated in DFR and HFIR.{3) The temperatures for the HFIR data and the displacement
levels for both reactors require significant revision, thus invalidating the conclusion drawn in the
original paper concerning the strong influence of halium/dpa ratio.

level increased from 33 to 54 watts/gm.{6) All reported temperatures shoul }herefore be uggraded such
that Thaw = [{To14-55)(54/33)] t 35, where the coolant temperature is 55°C.\3) A reported témperature of
500°C thus becomes 783°C. At these higher temperatures we expect a significant embrittlement to occur and
Figure 1 is therefore very misleading. This is confirmed by Mansur and Grossbeck who state that in more
recent experiments on cold worked 03 and PCA steels "tg? difference between eer-11 and HFIR results are not
large despite the large differences in helium level."

Figure 2 shows another example of the problem? ghat can arise ifi mak%?a comparisons of older and newer data,
even from the same_reactor. Leitnaker e? i]. 8) and Bloom and Wolfer(?) irradiated nominally similar
quaternary Fe-Cr-Ni-Mo alloys in EBR-11.¢P} Both experiments exhibited a relative independence of density
change on” irradiation temgerature but developed quite different swelling rates, often attributed in later
reviews to the greatly different oxygen content of these alloys.

The data of Leitnaker et al. were derived from one of the earliest materials_experiments conducted in _
Egr-11. _In reviewing the _records of this experiment and subsequent publications it appears that a series of
events yielded an overestimate of the exposure received by these specimens. Initial estimates of target.
fluences of total neutrons were guoted in later publications as measured E > 0.1 MeV fluences. In addition,
the fluence levels for all experiments in this ?eneratlon of tests were later downgraded by -12% to account
for changes associated with a change of material In the reflector of £8R-11. The net effect of such
corrections is to considerably reduce the difference between the swelling rate of the two alloys. When
converted from density change to swelling, the data for the “Tf;)Fe-Nl-Cr-Mo quaternary alloy exhibit

the~1%/doa Swelling _rate observed in ary Fe-Cr-Ni alloys. This trend is also confirmed b
m?%roséo%§ data ongarreII and PackanE?E? gg shown 1In Figd%e 3. y

(a) In this apﬁroximation we have ignored the influence of radiative heat transfer, which will reduce
somewhat the increase_in temperature. L ]

(5) Additional data on Leitnakers alloy shown in Figure 2 were published by Appleby et a1.{19) and are
included in Figure 2.
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At this point we will assume that fission-fusion correlations for engineering-relevant materials can be
developed using the standard NRT formulation for calculating displacement damage at high neutron fluences
and temperatures. (Other papers in this conference address the validity of this assumption.) As we will
show toward the end of this paper we are not as confident when applying this assumption to mixed spectrum
reactors or to out-of-core regions of fast reactors.

Impact of Transmytation on Correlation Development

Neutron-induced transmutation may play some role in the development of property and dimensional changes in

the surrogate environment and therefore exert a different influence in fusion spectra. In order to assess

this possibility extensive transmutation calculations have been conducted for our studies on a wide variety
of element? gn? Tlloys for reactor spectra of interest. Detailed tabulations of transmutants can be found

el sewhere. (13,14

To demonstrate the varvina kinds of_influence of transmutation on property changes we present results on
three different categories of material, namely from copper alloys irradiated in-FFTF, aluminum alloys
irradiated in HFIR and AISI 316 irradiated In both EBR-II and HFIR.

Cower Allovs

A series of both_simﬁle and commercial copper alloys have been ir[Tgi?;?d in FFTF (Fast Flux Test Facility)
at temperatures in the range 425-450°C_to exposures of 16-98 dpa.t:3-1/} Measurements have been made of
density change, microstructural evolution, tensile pro?ertles and electrical resistivity. The latter is
used to estimate thermal conductivity changes that would occur in high heat flux components such as
diverters.

It is anticipated that electrical resistivity changes_are ﬁuite sensitive to void swelling, radiation-
induced redistribution of solute and transmutation. The ﬁ astic properties of the various alloys will also
be sensitive to these factors as well as the details of the dislocation microstructure. Void swel]igg 39d
dislocation evolution in turn are known to be sensitive to the presence of solutes such as nickel. {1851

The influence of preirradiation additions of nickel on neutron-induced swelling is shown in Figure 4. As
seen in Figures 5 and 6 significant quantities of nickel and zinc form during irradiation in FFTF, HFIR and
fusion neutron spectra. Both of these elements have a strong influence on the electrical and thermal
conductivities of C?BB?r’ the latter demonstrated in Figure 7. Note that nickel has a much stronger
influence_than zinc and that the nickel/zinc ratio will be larger in fusion spectra compared to that
produced in FFTF. Thus the reduction of conductivity will be more pronounced in fusion spectra than
observed in the surrogate FFTF spectra.

Figure 4.
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Comparison of swelling of pure copper and copper t 5 wth nickel during irradiation in FFTF

Approximately 2 nickel is formed by transmutation In both alloys by 98 dpa.
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If we can successfully model the changes observed in copper alloys during FFTF irradiation then there is
some hope that we can translate these data to fusion-relevant spectra, providing we adjust the data for
spectral-related differences in the various contributions to each property change of interest. Figure 8
shows the results of an early successful modeling effort of this nature, assuming that the effects of the
various contributions are simply additive and not interactive. Solute segregation at void surfaces would be
one type of interactive effect. Figure 9 demonstrates that for more complex alloys interactive effects will
make it more difficult to successfully model radiation-induced property changes. While zinc and nickel

will also form in Cu-2.0 Be. t_he exvected depression of electrical conductivity is obviously offset by )
e 0 SRR TR 2 B A e G RRN, O TR CH R RTSR BT M E el R R nrem ey
reaction will also be noen-uniform, (21,22} reflecting the precipitation of beryllium. This in turn will
probably lead to non-uniform swelling. Each of these contributions will reauire a different model for the
translation process.

The role of gaseous transmutants on the evolution of microstructure and mechanical properties in irradiated
copper alloys may also be important. Figure 10 indicates that fusion spectra will produce much more helium
and hydrogen than can be attained in either FFTF or HFIR. At the present time there is no guidance on how
to incorporate the differences in gas production rates into the translation process. Some indication of the
effect of solid transmutants could be gained by irradiating a series of copper-solute alloys to assess the
incremental influence or major transmutants.

Aluminum Allovs

The swelling, phase stability and mechanical properties of aluminum alloys irradiated in HFIR have been
shown by Farrell to be very sensitiv? gf)) their original solute content and transmutation-produced silicon,
the latter reaching 7.1% at 270 dpa. z Figure 11 shows the pronounced effect of the original solute

content on void swelling. Evolution of mechanical properties were shown to be particularly sensitive to the
transmutation-produced silicon.

Calculations of silicon production in fusion spectra do not predict large levels of silicon. Only 0.06% and
0.13% would form during five years irradiation in the fusion spectra of MARS and STARFIRE, respectively,
compared to 8.4% in the HFIR peripheral target position. This very large disparity makes it difficult to
apply HFIR irradiation data for aluminum alloys to fusion applications.

316 Stainless Steel

Based on calculations of transmutation differences in EBR-II and HFIR it was earlier predicted that AISI

316 might exhibit different swelling and phase evolution behavior, particularly since the swelling of this
steel was shown to be i%ﬂfitive to preirradiation variations in those elements (Mn, ¥} involved in the
transmutation process. Other researchers ait(ggu%g? the apparent differences in swelling behavior to
the different He/dpa ratio in these two reaggors. ’ Later studies conducted by Brager and Garner
showed that when corrections were made for Fe recoil-induced displacements as well as for y-heating
effects on temperature in HFIR the overall swelling of the t?g alé?ys was indistinguishabie S}ren though the
predicted transmutant changes were confirmed by measurement. 7, The studies of P“Iaziaszt2 and those of
Brager and Garnertg?.zgs1 show that the details of the microchemical evolution were altered somewhat,
possibly by the combined influence of both solid and gaseous transmutations.

Apparently vanadium produced from transmutation of chromium was absorbed continuously in the usual variety
of precipitates that form in this steel, never reaching sufficiently large enough levels to affect
microstructural development. As shown in Figure 12 swelling also is not very sensitive to manganese content
in the range over which it falls during irradiation in HFIR, and a relatively minor amount was lost during
the transient regime of swelling.

Overall Translation Guidelines

Involvina Transmutation Differences

Based on the results of the foregoing section, as well as other studies, the following guidelines were
developed to provide assessments of the possible influence of differences in transmutation:

e Define elemental sensitivities for the material and property of interest
e ldentify the sensitive regime of a given property (transient vs. steady-state)
n Calculate spectral-related differences in buildup or loss rates during or preceding that regime

s Compare rates of elemental change with the identified sensitivities
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In some cases these guidelines will clearly signal the im?ortance or insignificance of a given transmutant.
Our studies show that irradiation of V-Cr and Fe-Cr-Mn al o¥s in HFIR will involve significant
transmutation-induced differences in behavior. Unfortunately there will always be caSes where the
transmutation influence is not very obvious.

I ion of T . : .

The conclusion advanced by Garner and coworkers(l,2,27,28,30,31) concernin% the relatively small role of
helium at all relevant He/dpa ratios in the irradiation response of AISI 316 is not universally accepted by
other researchers. One school of thou hf gs Ehgg helium exerts its largest influence at He/dpa ratios
intermediate of that of EBR-IT and HFIR. {25.32-33) ‘yhile such intermediate values are typical of
anticipated fusion spectra, they also can be obtained In some spectrally-tailored experiments such as those
conducted at the ORR (Oak Ridge Research) reactor. As shown in FI?UFG 13 recently published r?gx}ts of

such studies indeed show creep rates that are larger than comparable ?gg?ies conducted in FFTF and
larger (or earlier) swelling compared to that in éither FFTF or HFIR.

It is important to note, however, that the irradiation resEonse of this steel has been shown many times to
be very sensitive to displacement rate. While FFTF and HFIR operate at comparable displacement rates, ORR
operates at one order of magnitude lower rate. Figures 14 and 15 provide some examples that emphasize that
decreases in displacement rate have befg oga?rved many times to cause increases in swelling and sometimes
creep of 316 and other related steels. (36"
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Figure 13, (a) Comparison of creep behavior gf E?% OV PCA in ORR and FFTF(34}; (b} Difference in swelling
obServed in annealed PCA in ORR, FFTF and HFIRL32},
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Many other examples can be shqwn of the cts of displacement rate on varioys _property cnanges in a
var¥ety of a??o@s. ﬁuroga and" cowor ersfxgﬁ ﬁave concluded that evenoqarger PFferences in H?Splacement
rate can completely dominate an intercorrelation experiment as shown in Figure 16. Heinisch _has recently

summarized the results of his studies on mechanical ﬁroperty changes in a varietM of alloys irrszated in
both the Omega West Reactor and the Rotating Target Neutron Source (RTNS-1[, 14 MeV neutrons).(

Transmutation is an unimportant consideration in these low fluence studies. He concludes that the
unmodified dpa concept correlates most data from these two different environments, working best at lower
temperatures. He concludes that the dpa concept does not work well when one or both irradiations is
conducted in response regimes sensitive to temperature and/or displacement rate. In such situations, rate
effects obscure the influence of recoil spectra.

Perhaps the most interesting example ?f }he sometimes misleadigg influence of displacement rate was
demonstrated by 8ragar and Coworkers.(42) As seen in FI?UFG 17 they showed that AISI 304 stainless steel
exhibited a sensitivity to displacement rate and spectral recoil energy in _the evolution of its tensile
properties but side-by-side irradiations of A1sI 316 exhibited no sensitivity. Microstructural analysis
confirmed that the various microstructural components of both steels were quite sensitive to displacement
rate. In alsl 316, however, there was a fortuitous cancellation of the contributions of various components.
As the displacement rate declined, the contributions of voids and frank loops decreased but that of
precipitates increased.

Since we are concerned that_a difference in displacement rate may dominate an experiment directed toward the
influence of hzlium/dpa _ratio, the results of one further experiment should be considered. Tenbrink and
coworkers studied the simultaneous influence of varl?zggns in helium/dpa ratio and displacement rate on the
ion-induced swelling of annealed AISI 316L at &25°C. As seen in Figure 18 the influence of
displacement rate is more pronounced than that of the hzlium/dpa ratio or the helium introduction schedule.

In_summary it appears that spectral-related correlations that proceed without consideration of even small
differencés in displacement rate are subject to challenge and may not produce a useful result.

There is a technique currently bein? used that may provide some useful data on the effect of helium on
density change, microstructural evolution and mechanical properties. This technique utilizes isotopic
tai]orlag E? vary the helium production rate without changes in neutron spectrum or disp cement i
rate.(44,45) The first results of isotopic tailoring studies involving introduction of Ni into Fe-Cr-Ni
alloys and irradiation in FFTF show that_helixg 35 intermediate h21ium/dpa _ratios causes only minor changes
in the details of microstructural evolution.t46,47} \ihen compared to the influence of cold-work,
temperature, phosphorus and nickel content, helium appears to be a secondary variable. Figure 19 shows one
subset of results comparing the relative influence of these variables on neutron-induced changes in

density.
Imoortant Questions Concerning the doa Conceot

There is one other category of correlation data that_indicates a possibly strong influence of displacement
rate on dimensional changeS induced by neutron irradiation. Foster and Coworkers made comparisons of
irradiation creep in both fast and thermal reactors. Foster and Boltax compared creep rates of three
stainless 28?15 (2% cold-worked 316, 20% cold-worked rv543 and annealed 304) irradiation in OFR D?lﬁ and
K reactgr.i Foster and Mildrum studied stress relaxation by irradiation creep in £8R-11 and ETR.(49)

The ratio of calculated steady-state creep rates for thermal and fast reactors was 2.5 and 1.7 )
respectively. While it is_tempting to ascribe the enhancement solely to the lower displacement rate in
thermal reactors, the possibly strong impact of thermal neutrons should be discussed. Thermal neutrons have
been shown in T &ﬁrlety_of metals to be much more effective in produ0|ng_last!nﬁ defect damage th?g ?oes
fast neutrons.{5¢) A similar effect has been observed in irradiations with light and heavy 1ons.{>!

While current dpa calculational procedures include the displacement contributions of all portions of the
neutron spectra, is it possible that the 1-3% of initial displacements created by thermal neutrons in mixed
spectrum reactors are somehow more effective in producing lasting damage? Does the current dpa concept need
modltlcaglon not only in the thermal neutron regime but also for the softer out-of-core regions of fast
reactors?

To address these questions Singg used published resistivitity data at 4K to generate Frenkel pair cross
sections in Cu, Ag, Mo and W. Heinisch and Mann then generated energy dependent neutron cross sections
at 300k for mobile an? g}uster defects in copper, normalizing to Simons® results at 4K and allowing for
short term annealing. (5 Simons used these cross sections and calculated specEEHT-averaged cross sections
at 300k for mobile and clustered defects for a wide variety of reactor spectra.

Figures 20-22 show some of Simons® results with specific subsets of data highlighted in each figure. Note
in Figure 20 that the calculated ratio of mobile vacancies per atom to displacements per atom of thermal
reactors at 300K indeed increases strongly as the average neutron energy decreases, signifying a stronger
than_expected influence of thermal neutrons in highly thermalized spectra. Figure 21 demonstrates that some
recoil spectra effects are to be expected in various fusion spectra. Figure 22 shows that recoil spectra
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Figure 19. Density changes observgs in the twelve alloy conditions irradiated in FFTF to 14 dpa at 495°C,
involving isotopic tailoring with ¥*Ni to study the relative ?Egs,cts of helium/dpa ratio and other variables

on microstructural evolution and mechanical property changes.
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effects may be important even when comparing high flux thermal and fast reactor data used for fusion
applications. While the in-core regions of EBR-II, FFTF-MOTA and HFIR do not exhibit too large a variation
at 300K the out-of-core regions of FFTF have much higher ratios per dpa of both mobile vacancies and Frenkel
pairs per atom.

It is important to ask whether the higher defect survivability of point defects in these softer spectra
might extend to higher and reactor-relevant temperatures. In a series of studies Rehn and coworkers studied
the effect of recoH sggftra during charged particle irradiation on radiation-induced segregation at
specimen surfaces. 3- These studies were conducted for the most part under conditions involving no
large differences in displacement rate. Note that the regime of radiation-induced segregation is well known
to be the same as that of void swelling and irradiation creep.

Figure 23 shows the remarkable agreement of these three studies in suggesting that the production of freely
migrating defects at elevated temperatures is strongly dependent on recoil spectra. The shape of the curve
is similar to defect survival calculations of Simons at lower temperatures. The relatively lower saturation
level at higher recoil energies indicates that substantial intracascade annealing may be occurring. These
results also suggest that the relative efficiency is a general property of the displacement process and is
not strongly dependent on the material being irradiated.

Ifue use the relative efficiency curve of Rehn et al. as a weighing factor possibly relevant to reactor
irradiations Table 1 shows that even in the MOTA subassembly in the core region of FFTF one would expect the
average damage efficiency at elevated temperatures to be three times that of RTNS-II and 50% larger than
that of a typical thermal reactor. Remember that the tensile data of Heinisch were best correlated with the
dpa concept at lower irradiation temperatures. The creep data in Figure 15 should also be reconsidered
since the lower displacement rates shown there are achieved in the out-of-core regions of OFR.
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Figure 23. Relative efficiency of freely miggagg g defect production utilizing measurements of radiation-
induced segregation in three alloy systems-(55- 5‘

TABLE 1. Spectra-Averaged Calculations of Displacement
Efficiency According to Simons and Rehn et al.
for Various Reactors

RFNS-IT  _LPTR _MOTA —

Net Displacements
DPA(NRT} 0.29 0.31 0.32

Rehn-Weighted Average
DPA{NRT) 0.010 0.022 0.032
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The preceding discussion leads to the following conclusions that must be considered when developing fission-
fusion correlations.

Data derived in core regions of FFTF and HFIR may lead to moderate overestimates of property
changes for first wall conditions.

Data developed in out-of-core regions may lead to larger overestimates.
Thermal neutron contributions to property changes cannot be ignored.

Use of condensed spectral parameters such as helium to dpa ratio can be misleading when recoil
spectra are significantly different.

Overall Conclusions

A large number of considerations have been shown in this paper to be relevant to the translation of data
developed in surrogate spectra. While much work remains to be done, we can draw the following general
conclusions.

« % eventually expect that data from one neutron spectrum can be extrapolated to another spectral
environment, providing all contributions to the property change are understood.

« Interactive contributions are the hardest to translate to fusion spectra. Each contribution will
probably require a separate model to achieve a successful translation from the surrogate environment.

+ Differences in displacement rate often dominate over the effects of helium and recoil spectra and
therefore cannot be ignored.

« Helium’s influence has not yet been clearly shown to be the dominant variable in any reactor-relevant
property change.

+ The effect of solid transmutants can vary from very small to very large. Each property change and
each material must be evaluated separately.

« Recoil spectrum effects can range from small to large and must be incorporated as uncertainties in dpa
levels used for input to design correlations.
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This effort will continue, focusing primarily on the effects of displacement rate, thermal neutrons and
sol id transmutants on development of fission-fusion correlations.
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PROJECTED RANGES OF ENERGETICIONS INSOLIDS - J. H. Liang and G. L Kulcinski (University of Wisconsin)

OBJECTIVE

The objective of this work is to derive simple and accurate projected range equations for the implantation of
energetic ions In solids.

SUMMARY

Projected range equations, including nuclear and electronic losses up to the third moment, are derived as a
simple and accurate means to evaluate projected ranges of energetic ions in solids. With the proposed expressions for
the nuclear stopping cross section and the third-moment of both nuclear and electronic energy lasses, good agreement
is observed betweenthe calculated results and experimental data for the projected ranges of lons in both single and
multi-component target materials

PROGRESS AND STATUS
Introduction

ion implantationtechniques have been successfully applied to improve the wear, corrosion, fatigue, and friction
properties of materials, and to modify the electrical and optical properties df materials.! Becausethe properties of the
implanted materials are strongly dependent on the implanted ion distribution, knowledge of the accurate projected
ranges of energetic ions in single and even multicomponenttarget materials is important. lt is the objective of this work
to derive simple and accurate projected range equations to meet this need. The recentlyderlvednuclear stopping
cross section and the third-moment of both nuclear and electronic losses also provided as a reliable meansto evaluate
the projected ranges,

Enerav L 0oss

The slowing down of energetic ions in solids has been a subject of great theoretical and experimental interest
since 1810. Ingeneral, the nature of ion-targetinteractioninvolves all the constituents ofthe two interacting particles,
i.e. electrons and nuclei. AS suggested by Bohr,2 the energy loss of ions in a solid can be treated separately by the So-
called nuclear energy loss and the electronic energy loss processes. The relative importance of these two processes
depends upon the instantaneous energy of the incident ion as well as the atomic number of those two interacting
particles.

1. Nuclearenergy loss

Nuclear energy lossis defined as the transfer of energy from an ion to the target atom due to an elastic collision
under the influence ot Coulombfields, which are partially screened by the existing electrons. This process gives a
discrete energy transfer and the amount of the energy transferred is dependent on the scattering angle during the
collision. Based onthe energy and angular momentum conservation laws, the scattering angle 8 in the centet-of-mass
system betweenthese TWO interacting particles can be derived as

f -dr
B=x-2p [° - (N
-L" rz\/1 _\é_@_&z
SO

r2

where Egq isthe incident energy inthe center of mass system, p is the impact parameter, 5, is the distance of closest
approach, and V{rj Isthe interatomic potential.

in essence, V(r) is represented by

vin =22 (), @

where a is the characteristic screening lengthand @ is the screening function. Numerousforms3-17 d aand @ have
been proposed. Among them, the so-called universal screening function and the universal screening length'7 are
adapted in this work because of their accuracy and wide acceptance. The expressions of & and ay are respectively
given by
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Dy(x) = 0.18186-3-2% + 0.5099e-0-9423x + 0 28020-0.4028x + 0,02817¢-0-2016x @)

0.8854a,

&= _0.23 0.23
{Z4 + 2y 3)

where &, isthe Bohr radius, Z1 and Z3 are the atomic number of the incidention and the target atom, and X is equal to
ria.

Defining the reduced energy € and the reduced impact parameter b by the forms

__8Eco
. 212262 (4)

=P
b=3a.

then Equation2 can be written in a more convenient expression as

dz

9=1r-2bJ'z°
. \/1 Eo[%] - b2z2

where z,, is the roct of the function in the denominator of Equation5. Becausethere exists a singularity at z=z; inthe
integrationterm of Equation 5, Equation 5 is difficultto integrate numerically. To get around this problem. the integration
term is rearranged accordingto a suggestion by Everhart.1® That is,

)

Z
|=|,+12=J‘0° dz1 ©)
z
- —| - b2z2
\/1 € * (7-0] bee
z
+.ro° ‘1 1 ) : 1 9.
z z
- =) - b2z2 - £ —) - p2z2
\/1 EQ(Z] b2z \/1 5¢(20J b2z
where the first integrally gives an analytic solution of
2
| ! Z -sin-1 i N
15 |5 =it | —31 |,
bl2 1+ bzzf,

and the second integrallz can be obtained with the use of a numerical integrationquadrature. The caiaulated
scattering angle versus reduced impact parameter for various values of reduced energy is shown in Fig. 1. As can be
seen. the scattering angle decreases with the increase of reduced energy and reduced impact parameter.

Nuclear Stopping Cross Saction

The nuclear stopping cross section Sp, which is related to the average energy transfer Ty in a collision, is given

by

b2
Sn{E) = J'Tndo = 1a2AE J‘ e sinzgd(bz) , (8)
0

where A is the energytransfer factor 4A/(1 + A)2 and A is the atomic mass ratio of target atomto incidention. The
reduced nuclear stopping s, is defined as
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In this work, the maximum impact parameter pmax iS approximated by the form*9

2 -2/3
Tmax = Nt (10)

where Nt is the number density of the target material. Because of the difficulty in integrating Equation 8, many
authors29-23 have tried to evaluate the reduced nuclear stopping cross section in an analyticalway, especially with Prmax
approaching infinity. Among them, Ziegler et al.23 approximatedsy for the universal potential by the form

05 In(1 + 1.1383¢) - < 30
£ + 0.01321¢0-21226 + (,19503¢0-5
Snle) = (11)
05 InE e > 30 .

E

Shown in Fig. 2 is a comparison of Equations 9 and 11 for the universal potential with various values of bmax. AS can be
seen, the exact solution of nuclear stopping cross section Is quite dependent on bmex. In general, the approximate
expression showsthe deviation when the reduced energy is less than about 10-2 and this deviation becomes more
serious as bmax gets smaller. To avoid the error that may come from the approximate expression, the exact treatment of
sy for the energy region where e is less than 10-2 will be used in this work

Straaalina of Nuclear Enerav Loss

The straggling of nuclear energy loss, {}s, can be evaluated inthe same way as that of the nuclear stopping cross
section. That is,

b2
8
Qn(E) =J'1ﬁdo - ra2A%2 | ™ siné 5 d(b?) (12)
0
The reduced nuclear straggling is given by

2

@ n(e) = ;ai@nn(a . (13)
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Inthe analytical evaluationof w, for the universal potential. Ziegler etal.23 proposed the expression
wn{E) = (4+0.197¢-1-8991 ; §.584¢-1.0494)-1 | (14

A comparison of Equations 13 and 14 for the universal potential is illustratedin Fig. 3. AS shown, the exact solution
exhibits a weak dependence on the values of bmax, and the results of the approximate expression agree guite well with
those of the exact solution. Hence, Equation 14 will be used in this work because of its simplicity and savings in
computer calculationtime.

Third-Moment of Nuclear Energy Loss

The third-moment of nuclear energy loss. Kn, can be written as

b 8
Kn (E)uJ'T,fdo = a2 A3 E3J' mex sind  d(b2)
0

and the reduced nuclear third-moment, kn, is defined as

3
alE) = 35 Kn(E) (16)

Becausethere is no approximate form of ks suggested. an analyticat expression of kg is derived Inthis work Based on
the approximate expression of s, given by Lindhard et al., 18 tre reduced nuclear third-moment can be written as

£
kn © = ‘:3 Jo wamaiad?) (an)

where't is equal to €2 sin? &2 and the function f{t1/2) is approximated by2°
f(112) = AtR-M[4 + @2ath-ma)-tig (18)

To fit Equation 17 for the exact solutionfor the universal potential. in this work. a choice of the fitting parametersx, m,
and q is proposedto be 1.7, 0.311, and 0.588, respectively. AS can be Sean in Fig. 4, Equation 17 shows avery good
approximation to the exact solution for the universal potential. Furthermore, itcan also be Seen that ¥y, is almost
independent of bmax.



2. Electronic enemv ioss

The electronic energy loss is defined as the energy loss of ions by excitation and ionization of the target medium.
This process gives a continuous energy loss and the change of the direction in interacting particlesis negligible.

I nicStoppi cti

Based on the comparison of the velocity of ionswith that of the otbital electrons in the target atoms, the electronic
stopping crass section is usually divided Intothree energy regions: high, intermediate, and lowenergy. Many
authors<3-42 have investigatedthe expression of electronic stopping cross section theoretically and emplrically.

With the use of both a NeW concept of the effective charge proposed by Brandt and Kitagawa4? and the lecal density
approximation, Ziegler et al.23 suggested a semi-empirical expression for the electronic stopping cross section Se-

In this expression, ions are basically divided Into three kinds according to their atomic numbers, 1.e. hydrogen, helium,
and heavyions. Becausethe average error of this expression is proposed23to be only 7.8% when compared with
experimental data, this expressionwill be used inthis work

Straaalina of electronic enemv loss

Forthe straggling of electronic energy icss, Bohr first suggested the expression as

2

— 5 dTe
e
0 mouz'l'g

Qep(E) = [Tado -

(19)

After that, many expressions45-48 have been proposedto improve Equation 19. Based on the free-electron-gas model,
Bonderup and Hvelplund48 suggested an analytical expression by the form

ve2 g v.2
1+ [0.2 (u) + 2—m02] In (UF) v > UF
asg v .2 (20)
: (1 + 13x3)05 (5 v < VF >
UF

where x? isequal to e2/zfvg, while vr and wp are the Fermivelocity and plasma frequency of the target material,
respectively. Equation20 will be used inthis work and the Bohr straggling will includethe relativisticeffectds and is
given by
2 1 - 0.5p2
Qo = 4n21220 (S ) (21)

where g isequal to v/c and c is the speed of light. As shown in Fig. 5, the straggling of electronic energy loss increases
roughly proportionalto the ion energy, especially at low energies, and approaches a constant as the ion velocity
becomes much greater than the Fermi velocity.

Third-Moment of Electronic Enemv Loss
For the third-moment of the electronic energy lossKe, there is no analytical expression proposed at present. The

following equation, similar to Behr's theory is therefore derived in this work:

2
2mgv2 32"21 e

Ke(E) = _[ngo -[ . Te —m;;_r—ze— dTe (22)

To accountfor the relativistic effeCtEquation 22 can be futther written inthe form of

- B2
172 513] (23)

Ke(E)=anzzz§e4mov2{ —
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Fig. 5. Straggling of electronic energy loss Fig. 6. Third-momentof electronic energy lossfor H,
for H, Si, and Bi in Si. Sl, and Biin Si.

Plotted in Fig. 6 is a demonstration of the third-momentof electronic energy loss for Several ion-target combinations. AS
displayed, the third-moment of electronic energy loss shows a linear increase with the ion energy.

Proiected Ranae Formulation

Inthis work the projected range formulationis derived onthe basis of the Biersack’s directional diffusion model48
inwhich the basic integration equation is given by

nx™-1zm =N J' doxnzm - N f do ﬂ]‘ dx*dy*dz* (24)
(x* COS & - z* SinN(x* sind + 2* cos HIMpo(E - T, X" y*24 ,

where the deflection angle ¢ is given by

- sin €
cos € + 1/A

0 [Ta
Sinﬁ-ﬁ +A) ﬁ'

and the spatial moments of the projected range distributionpy is defined as

tané (25)

xnz™ = ([ X"z Mpo(E.x*y*.2*)dx"dy*dz" . (26)

inthis work, Equation 24 is solved by using a Taylor expansion of ps, COS ¢, and sin¢ upto the third moment In
addition, the following analytically approximatedforms are being used [4§]

X = B12 (27)



where X isthe projected range, (x2 - x2) 172 representsthe range Straggling, and {z2) /2 denctes the lateral straggling.
The projectad range equations can be derived as

Q-2A0, K + (1 - 3A)KpldX ASp (1 -2AM0n (2 - 3A)Kn(
NS [1 + —2Es  * B8E25 ae-1-Nl2E - 82 -~ 8@ |¥ (28)
%2 4+ 22
N 21 27) =%

200, (1 - A)Kp]dzZ  [AS, (1-A2Q (1 - A%Kp] 5 =5 [2AQn (1 - A)2Kp] .
NS[1' Es * ae2s | dE "NE - gz -~ aes | *®-P)-|Es - ezs X

where S =8y, + Se and with similar expressionsfor Q and K. Dueto the factthatthe term {1 - 2AQaES +

(1 - A)2Kn/2E2S] can be Zero for some ion-targetcombinations, a further investigation & Equations27 and 28 is
needed. With the use of 22 = E in approximating the term [1 - 2AQnES + (1 - A)2Kn/2E28] dz2/dE, inthiswork, the
projected range equations for any ion-target combination can be derived as

Q- 2A00 K + (1 - 3A)Kn]dR AS, (1-2A)0n (2 - 3AKn|.
NSP* 4ES +  8E%S }E“’“Nz_sn' 8E2 1668 | )

(Ee2)

d22 [ASn (- A20n (1 - A)an]&E_Z_z)_[m" 1B AJZKH] [; - NS ;]

NSGE==NTF - 2 - e ES ~  2E2S

To extend the application of Equation 29 for multicomponenttarget materials, the so-called Bragg rule3? is used
inthis work. Inthe Bragg'sformulation. the electronic stopping cross section of a AmBn material is simply expressed as

Se(AmBn) = mSe(A) . nSe(B) , (30)

where Se(A) and Se(B) are the electronic stopping cross sections of the components A and B, respectively. In this work
define the following:

So =L 159 (31)
e = £ 104
Ke = IE TKej

ASe = ? AffiSe|

Al = 3 Al

AKe = ]E AfiKei
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(1 -A)zﬂe'% (1 - A2

(1- 2K = 3 (1 - APy

where fj is the atomic fraction of the [t component inthe target materialand Ajis equal to the atomic mass ratio of the j*
componentto incidentlon. A similar expressionto that of Equation 31 Is used for the nuclear energy lass.

RESULTS AND DISCUSSION

InFig. 7, the projected range Ry &nd range straggling ARp for heavy lons such as bismuth insilicon aes depicted as
functions of energy and comparedwith experimentaldata.51-54 As'can be seen, the calculated results agree quite well
with the experimentaldata. Shown in Figs. 8 and 9 are the comparisons of the calculated results with experimental
data55-61 for the projected range and range straggling of the medium lons such as boron and phosphorousin silicon.
As can be seen, the good agreementis obvious. Forthe implantation of light lons such as helium and hydrogen in
silicon, an inspectionof Figs. 10 and 11 shows that the calculated results also compare well with experimentaldata, 82+
87 |naddition, the calculatedprojected range lateral straggling AR for lead ions in silicon Is displayed along with
experimentaldata®8 in Fig. 12. As shown, the calculated results agree very well with experimental data. A comparison
of the calculated results with experimental data for bismuth and gold ions In a compound substrate such as silicon
dioxide®® has also been investigated. From Figs. 13and 14, it can again be seen that e agreement is quite good.

FUTUREWORKK

The projected range equations will be derived to further include range skewness and range kurtosis. Withthese
two parameterstogether with projected range and range straggling, the implanted lon profile can be well described by
the Pearson distribution.

CONCLUSIONS

From good comparisons between a wide range of experimental data and calculated results, it has beenfound
that the use of the recently derived projected range equations. together with the nuclear and electronic energy losses up
to the third moment, leads to a simple and accurate means of evaluating the projected ranges of energetic ions in either
single- or multicomponenttarget materials. It should be notedthat thessé comparisons are obtained without the need to
resort to any empirical correctionfactor in the recentlyderlved projected range equations.
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RELATIONSHIP BETWEEN MICROSTRUCTURE, SPINODAL-LIKE DECOMPOSITION AND SELECTIVE ELECTROPOLISH{N? OF
IRRADIATED INVAR-TYPE ALLOYS - J. M. McCarthy and F. A. Garner, Pacific Northwest Laboratory'?

0BJECTIVE

The object of this effort is_to provide an understanding of the factors which control the radiation-induced
evolution of microstructure In structural alloys.

SUMMARY

EDX analysis and selective electropolishing were used to study two specimens of Fe-35Ni irradiated with
neutrons at 420°C and 520°C and one specimen of Fe-35Ni-15Cr irradiated at 510°C. Each was shown to be
spinodally decomposed with the period of compositional oscillation appearing to decrease with decreasing
irradiation temperature. When polishin% conditions are used which promote etching, the low nickel micro-
volumes are selectively attacked. The level of chromium appears to play no role in either the selective
attack or the period of oscillation. The scale of surface irregularity and that of compositional oscil-
lation appear to be identical but not related to the presence of currently existing microstructural
components.

PROGRESS AND STATUS
Introduction

In another report, Muroga, Garner and Ohnuki discussed the fnfluence of nickel content on the radiation-
induced evolution at 510°C of Fe-15Cr-XNi alloys In EBR-1I.* One conclusion of this work was that alloys in
the intermediate nickel range exhibited a resistance to the onset of rapid void swelling that appeared to
coincide with a tendency toward retention of loop-dominated dislocation microstructure.

While many physical and diffusional properties in the Fe-Ni-Cr system are sensitive to nickel content it is
also knowg Ehat alloys in the intermediate nickel range are prone to radiation-induced spinodal-like decom-
ositien, <" a process which leads to large and periodic spatial oscillations in nickel concentration.

here is strong evidence in the scientific literature tg §ugggst that such decomposition also occurs in the
absence of radiation but at an extremely sluggish rate.®» iven the strong defendence of swelling on bulk
nickel content, it is not unreasonable to expect that local variations in nickel content must exert some
influence on radiation-induced microstructural evolution.

Since the spinodal-like decomposition of Fe-Cr-Ni alloys cannot be observed with conventional diffraction or
transmission microscopy techniqgeg, examination has proceeded using energy dispersive X-ray (EDX) analysis
and selective electropolishing.”»® The latter technique utilizes the tendencK of low-nickel microvolumes in
a spinodally decomposed matrix to be preferentially attacked under some polishing conditions. It is impor-
tant to note, however, that these previous studies inferred rather than demonstrated that it was the low-
nickel rather than the high-nickel microvolumes which were selectively attacked. This conclusion was based
on the resistance to polishing also exhibited in these specimens by nickel-enriched grain boundaries.

In another recent report McCarthy and Garner® showed that selective electropol ishing of irradiated Fe-15Cr-
XNi alloys (X = 15,19,21,30,35,45,75) occurred only for the 35% nickel allo¥, indicating a very narrow com-
positional range at 510°C over which decomposition (or at least selective e ectropolishln%) can occur.
Whereas previous studies demonstrated that selective electropolishing occurred at -500°C for chromium levels
of O and 7.5 wt%, the appearance of this phenomenon at 15 wt% chromium showed that selective
electropolishin? was not directly related to the possible role of chromium In resistinﬂ electropolishing.

The preferentially attacked regions are not only low in nickel but correspondently higher in chromium.

The selectively electropolished foils shown in Figures 1 and 2 were prepared in an earlier study Ey mech-
anically thinning the FFTF-irradiated TEM disk to -0.02 in. (-0.05 mmi prior to electropolishing.® The
extensive arrays of "worm-holes™ formed develop by electrolytic tunneling between adjacent low nickel
microvolumes, producing a pattern of holes alon% <110> directions, consistent with a SFlnodaIIy decomposed
structure with its major period of oscillation_lying along <100> directions. This would be the behavior
expected of a spinodally decomposed fce alloy.

In this report we extended the ?revious studies to confirm the relative low-nickel composition of the
preferentially attacked microvolumes and explored the possible relationship of this phenomenon to the
development of other radiation-induced microstructural components. The origin of the selective elec-
tropolishing phenomenon was also investigated.

(a) Operated for the U.S. Department of Energy by Battelle pemorial Institute under Contract
DE-ACO&-76RLD 1830.
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Fe-35Ni IN FFTF ¥

Figure 1. _Preferential attack of low nickel microvolumes in Fe-35Ni (14 dpa at 520+C _in FFTF) after .
electropolishing at room temperature. The electrolyte has tunneled througn the foil in many places, leaving
featurgs d83|gnated as "worm-holes.” The linear feature on the left is a nickel-rich zone containing a
grain boundary.

Results

The Fe-35Ni specimen (14 dpa, 520°C) shown in Figures 1 and 2 was reexamined u5|nE the EDX technique to
confirm that it was the low-nickel microvolumes that were being selectively attacked. Scanning )
micrographs of the foil surface deniunstrated that the surface of the foil was very irregular at all points.
Broad-bheam scans of very thick_areas yielded average nickel levels of -30h.  Examination of successively
thinner areas yielded progre55|vel¥ higher nickel Tevels, reflecting the relative amounts of surface-
affected and unpolished volumes. The material remaining between those worm-holes which completely

enetrated the foil was found to be even higher in nickel content. When a bar of material between two worm-
oles was analyzed the nickel levels averaged 43 to 49%, depending on how close the measurement was made to
the center of the bar. Another selectively electropolished foil of Fe-35Ni irradiated in FFTF at 420°C

3%4 dpa) was also examined by EDX. Bulk levels of 36% nickel were observed, reflect!ng nickel enrichment of
the remaining surface. Grain boundary nickel levels at -54% were found and 44-48% nickel was measured in
bars between worm-holes. Whereas the mean distance between worm-holes at 520+C was 200 to 250 nm, it was
150-200 nm at 429°C, demonstratln% that the period of oscillation is a moderate function of irradiation
temperature. This is in agreement with the results of earlier studies at higher temperatures. The third

PR35 'IMn8*ARI0eT 11BT 118 fpatatradnte TRTLaRXERInedutbnCRilae eRtNINES Tty "ERBUGIEM S pdhutar surface
observed in such specimens after electropolishing at room temperature. The foil was then r?polished at -
40°C and used for quantitative measurements of microstructure by Muroaa. Garner and Ohnuki.! EOX
measurements were then performed on_these specimens by the present authors. Figurfs 3 and 4 show typical
microstructures observed in this foil.

Figure 4 also shows the Tacation of material microvolumes cnusen for EDX analysis. In one case the cold
trap was not used during the analysis, allowing the spots to be marked with carbon contamination deB05|ts to
aid in the visualization of the_l'inear trace_analyzed. Figure 5 shows the concentration profiles observed
in these two traces. It is obvious that oscillations indeed exist and on a scale comparable to that of the
surface topography produced by the initial room temperature polish. It is also evident that high-nickel
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Figure 2 Lower_ma%nification micrograph of the specimen shown in Figure 2. Three grains are visible,
separated by grain boundaries. Note the tendency toward a crystallographic orientation of the etched-out
microvolumes, which lie along <110> directions.

Figure 3. Dislocation and void microstructure observed in Fe-15Cr-358i irradiated in EBR-II to 13 dpa at
510°C.
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- | 13 dpa in EBR-Il at 510°C . 12
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Figure_4. Relative locations of microstructural comgonents and microvolupes used to measure compositional
variations in two areas of the foil shown in Fiaure 3. Carbon Contamination spats are used teo mark the
analyzed microvolume in the left-hand micrograph. Carbon contamination was prevented from occurring in the
area shown in the right-hand micrograph.
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Figure 5. Compositional oscillations corresponding to the two positions shown in Figure 4.



Sequential Polishing

Figure 6. Surface features observed in a sequential polishing sequence of Fe-15Cr-35Ni irradiated to 13 dpa
in EBR-II at 510°C. The conditions used were a) 25°C, 50 V, 10% perchloric acid in acetic acid; b) -40°C,
50 v, 9 perchloric acid in methanol; ¢) 2s5+c, 6 ov, Bk perchloric acid in butanol for 7 sec; dj -a0°c, 60

Vv, b perchloric acid in methanol.

regions do not in general correspond to currentl existin% dislocation microstructure. This 1is also
consistent with the results of earlier experiments conducted at higher irradiation temperatures.

The specimen was then briefly exposed to a room temperature electropolish which began to regenerate the.
irregular surface. Again repolishing at -40°C, the specimen began to deve!oE the smooth surface condition.
Figure 6 shows all four surface conditions observed in this sequential polish experiment. When the

various irradiation conditions used are considered in aggregate it I's our opinion that the selective
electropolishing effect is actually an etching effect. At temperatures and voltaggs where a stable surface
film of sufficient thickness cannot be established, etching rather than electropolishing occurs.

CONCLUSIONS

The spinodal-like micro-oscillations observed in Fe-35Ni and Fe-XCr-35Ni alloys at relatively high
irradiation temperatures have been found to extend to lower temperatures as well. The wavelength decreases
as the irradiation temperature decreases, approaching 150-200 nm at 42¢°C. The micro-oscillations do not
appear to correlate with currently existing microstructural components, even though many of these are known
to segregate nickel at their surfaces. The period of compositional oscillation is of the same scale as that
of the surface irregularities, leading us to deduce that both arise from the same cause.

Selective electropolishing entails a preferential attack of low-nickel microvolumes, probably as a result of
etching and does not appear to be influenced substantially by the absence, presence or level of chromium.

FUTURE WORK

This study will continue, concentrating on §Eecimens which were subjected to post-irradiation tensile tests
and which” exhibited a pronounced spinodal-like hardening In those tests.
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THEORETICAL ANALYSIS OF PHASE TRANSFORMATIONS IN Fe-Ni "INVAR"-TYPE ALLOIS K. C. Russell (Massachusetts
Institute of Technology) and F. A. Garner (Pacific Northwest Laboratory} a)

OBJECTIVE

The objective of this effort is to model the various contributions to changes in microstructure, dimension
and mechanical properties that occur in metals during irradiation.

SUMMARY

Many studies have suggested that Fe-Ni and Fe-Ni-Cr alloys of -36 wt% Ni are susceptible to decomposition
into two FCC phases. W herein model the kinetics and thermodynamics of spinodal decomposition, nucleation,
growth, and coarsening of these alloys. Prediction of the scale of a microstructure formed by growth Or
coarsening may be done with some confidence. The absence of a model for surface energy and gradient energy
in systems with negative departure from ideality reduces us to little more than guesses for the kinetics of
both nucleation and of spinodal decomposition. W can combine our calculations with those of others and
studies of terrestrial and celestial decomposition to reach a conclusion that suggests a miscibility gap for
Fe-Ni alloys in the Invar regime. The gap is found to be very narrow at high temperatures but to be
broadened at low temperatures by magnetic effects.

PROGRESS AND STATUS

Introduction

Phase stability of Fe-based alloys near the 36 wt% (35 at%) Invar composition is a matter of increasing
scientific and technological interest. |In addition to their low coefficient of thermal expansion, Fe-Ni
alloys, with and without Cr, have been found to be very resistant to radiation-induced void swelling. Such
alloys swell only after having undergone a spinodal-like decomposition into high and low nickel regions;
void nucleation is thought to occur more readily in the latter. Studies of meteorites have also revealed

what appears to be spinodal decomposition. Numerous studies of Invar have also given evidence of
decomposition in what, according to published phase diagrams, are equilibrium single phase alloys.

ecompog'tion inp solid Fe-Ni alloys is unexpected since the system shows a negative deviatjan from Raoulti
Behaw% an sP]ou?J only show or)(/iermg reagtlons. q‘%ls paper analyzes the ggcomposmon Inetics for LIJ—'e—?\ﬂ
alloys, including spinodal decomposition, nucleation, growth, and coarsening. The purpose of the paper is
to help predict what sort of phase transformation kinetics might be expected for any desired combination of
composition and thermal history.

Thermodvnamics

Figure 1 shows the generally accepted Fe-Ni phase diagram. Invar composition alloys are shown as single

phase austenite from 725 to 1725K. Figure 2 shows a composite plot of enthalpy of mixing for austenitic Fe-
i alloys. KHbaschSW%ki et al.* stated .that thﬁ irr 3u|arit¥l ?_t 20-40 Ni '..seems = to be genuine .....
anji, et al.4 noted that the irregularity in AH would, at sufficiently low temperatures, be expected to

lead to a miscibility gap centered on the Invar composition.

Experimental studies of the early stages of phase transformations in Invar alloys are greatly hindered by Fe
and Ni having virtually the same scattering power for conventionai diagnostic particles (electrons, X-rays,
and neutrons). The diffraction techniques used to study the early stages of alloy decomposition are thus
inapplicable to Fe-Ni alloys. Insight into the behavior of Fe-Ni alloys may be obtained from studies on the
very similar Fe-Pd system. Older versions of the Fe-Pd phase diagram are very similar to the Fe-Ni diagram
in Figure 1. Later studies found a miscibility gap, as shown in Figure 3. The enthalpy of mixing of the
austenitic Fe-Pd alloys (Figure 4) exhibits an anomaly similar to that in Fe-Ni alloys (Figure 2).

Tanji, et al. combined results from a number of studies to produce the incoherent miscibility gap shown in
Figure 5. The diagram is for decomposition into strain-free incoherent Fe-rich and Ni-rich phases, and
cannot describe solid state spinodal decomposition in which both phases maintain lattice coherency.
Maintenance of coherency requires straining the lattices of both phases, which results in strain energy,
except in the unlikely case that the lattice constant is independent of composition.

(a) Operated for the U.S. Department of Energy by Battelle Memorial Institute under Contract
DE-ACO6-76RLO 1830.
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Figure 1. Fe-Ni phase diagram as proposed by Kubaschewski.d Other phase diagram collections present
similar diagrams for Fe-Ni.
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Figure 2. Mixing enthalpies of solid Fe-Ni alloys as determined in a number of studies. Zhe mixing
enthalpy of the alloys shows a pronounced hump at about 25% Ni (after Kubaschewski, et al.#)
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Figure 6. Fourth order polynomial added to enthalpy of mixing of solid Fe-Ni alloys to obtain a miscibility

gap centered at 35 wth Ni.

In this paper we have conducted a modelling study of the thermodynamics of solid Fe-Ni alloys. We
reproduced the experimental mixing enthalpy by first taking the regular solution_parabolic enthalpy of
To this we added the fourth order

mixing which gave AH = -skJ/mol at Xy; = 0.5, in agreement'with Figure 2. To t ¢
polynomial shown in Figure 6. Only qhe part of the polynomial between the minima was used; this choice
Ideal mixing entropy

insured a smooth composite curve. ) w,s added to give the curves for free energy of
In the regular solution model -7

mixing shown in Figure 7
(1)

AH = aX{1-)
AS = R (X1aX € (1-X)1n(l-X)] (2)



The regular solution constant, N, is sometimes given in terms of bond energies:

- (Epp + Epp)/2 - Epp {3)
where Epp, Egp, and Epg are the (positive) energies of A-A, B-B, and A-B bonding, respectively.

The quartic is centered at Xy; = 0.35; the minima were taken at Xy; = 0.15 and Xyj = 0.5 in an attempt to
get phase boundaries at about Xyj = 0.25 and Xy; = 0.5, as had been determined bY‘radiation studies.® Other
numerical parameters were chosen so as to_plsce the peak of the cohereat misciblity gap at a%ut 1073K, a
value suggested by thermal annealing studiesd and thermoelectric powerll and EMF measurements. W thus
included any strain energy effects in the enthalpies of mixing. The model does not include magnetic

contributions to the free energy, which are of crucial I'Tportance below the Curie temperature, and which
tend to promote ordering, rather than phase separation.

Figurelg shows the calculated miscibility gap and spinodal. The spinodal is the locus of the points for
which:

d26/dx2 = 0 (4)

The limits of the miscibility gap were obtained by the usual common tangent construction. The miscibility
?ap is not consistent with the results of radiation studies, which give broader compositjon limits. Perhaps
ortuitously, however, the gap is consistent with recent long term annealing experiments4 that indicate a
miscibility gap with composition limits of 28.5 and 36.5 at% Ni at 898K. These experiments found no
decomposition at 998K, so the peak of the calculated gap in Figure 8 is somewhat high.
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Figure 7. Free energies of mixing of Fe-Ni alloys obtained by adding the quartic AH from Figure 6 to abyix
for a regular solution.



85

HoaR-

1000+

800~
700
600("
< 5001

" 400

300(~

200"

100}
l 1 1 1 Iy | 1 [ 1
¢ 01 0.2 03 04 05 06 07 08 08 I
XnNi
Figure 8. Miscibility ga% and spinodal corresponding to aGgiy in Figure 7. Note narrowness of gap and
small lateral separation between the two curves.

The miscibility gap and spinodal In Figure 8 differ markedly from those predicted by the regular solution
model (Figure 9). The miscibility gap in Figure 8 does not broaden appreciably at lower temperatures, as
does the gap in a regular solution. In addition, at a given temperature, the miscibility gap and spinodal
in Fe-Ni alloys are predicted to lie at almost the same composition. However, due to the narrowness of the
gap at a given composition, the phase boundary and spinodal are well separated In temperature, as is the
case for the regular solution model. As such, except near the center of_the miscibility gap, an alloy would
have to be cooled well below the phase boundary before spinodal decomposition could occur. Figure 8 shows
that the calculated miscibility %ap in Fe-Ni is narrow, even at 0°K. By contrast, a cemmon tangent _
construction on Figure 4 shows the composition limits in Fe-Pd are at about O and 55 ath Pd, whereas In the
regular solution model the limits are at O and 100%. As noted earlier, however, the calculated miscibility
gap and spinodal have very limited physical significance below the Curie temperature, where magnetic effects

are dominant.
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Figure 9. Phase diagram of a regular solution showing the equilibrium phase houndary and the spinodal
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Interfacial energy is known to play a key role in controlling decomposition, whether by spinodal
decomposition or by nucleation and growth. Ifnucleation occurs well away from the spinodal composition,
the interface between matrix and nuﬂeus is likely Xo be sharp, as opposed to being diffuse. Then the
broken bond model derived by Becker'® and Turnbul114 i s appropriate. The interfacial energy is given by:

v = Cn{ax)?2 (5)

where C is a positive geometrical constant and AX is the difference between the compositions of the nucleus
and the matrix, expressed in atomic fraction. Ifone attempts to describe Fe-Ni alloys as a regular
solution, AH < 0 requires N< 0 so that ¥ < 0. A negative ¥ implies ordering, which of course occurs in the
form of the FeNi and FeNi3 phases, rather than clustering.

The graaiemt gnerg)/, k, plays much the same role in spinodal decomposition that ¥ does in nucleation. Cahn
and H1'11~'|ar'd1 show that in the regular solution model,

k=122 (6)

where L is an interaction distance on the order of the lattice constant. Once again, 1 ¢ 0 implies £ < 0
and the occurrence of ordering, rather than clustering.

It is thus clear that the regular solution model is inappropriate for calculating either v or & for Fe-Ni
alloys near the Invar composition. The regular solution model predicts that both v and & will be negative,
which is inconsistent with the possibility of clustering and spinodal decomposition in Invar alloys.

Phase Transformations

Spinodal decomposition may be characterized either by a wave length A or a wave number 8, which are related
by:

A = 2n/x (7)
The wavelength of the fastest growing wave is denoted by Amalez
2

max = 27 L1 (8)

2

" d G
G" = 5 {9)

dX

and G, as defined herein, includes the strain energy of }ge aolid solution. Typically, ax 1S the order of
nanometers for even a modest cooling below the spinodal. 16 v may obtain G" by twice 1¥ferentiating G

with respect to composition. However, as noted in the last section, determination of £ is a problem.

Examination of Figure 7 shows that G" is never very negative, which would tend to make for a large Apax-
Figure 10 shows the free energy of mixing for a regular solution at a temperature of 0.8 T., where

T. = temperature at the top of the miscibility gap. Clearly 6" is much more negative for the regular
solution than for Fe-Ni alloys at T = 0.8 Te.

Therefore, it should not be surprising i Fthe characteristics of spinodal decomposition in Fe-Ni alloys are
markedly different from those observed in ordinary alloy systems with n> 0.

The steady state rate of homogeneous nucleation in solids is:17

J = Bg exp {-aG*/kT) (10)
a

J = nuclei/ms

D = diffusion coefficient

a = lattice constant

T = Boltzmann's constant times absolute temperature

The activation barrier for nucleation, aG*, is given by:
1617V
AG* = (11)

2
3AGchem
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Where: V = molar volume in nucleus phase . . o .
AGcphem = driving force for nucleation, which in this case includes the contribution due to strain
energy.

Fi?ure 11 shows the construction by which aGepen is oObtained from the free energy of mixing of the solid
solution. In the case of the regular solution, aGcpem increases raﬂidly with cooling beneath the solvus
(FiPure 10). Comparison of Figures 7 and 10 shows gﬁat AGchep N the present case is likely to be very
small compared to values_obtained from the regular solution model, even at large undercoolings. In that
usually v varies as (aX)2, the narrowness of the miscibility gap might cause a small v and nucleation at
modest” undercool ings.

Steadr state nucleation lags the onset of a supersaturated state by a characteristic incubation time, . A
detailed discussion of 7 is not necessary. However1 the incubation time becomes an important factor when
nucleation may occur with a large critical nucleus. We may also write Equation 11 as:

2
agx - Ly (12)

where r* = critical nucleus radius. Nucleation occurs at an af reciable rate only if a6* < 60 kT.
Accord[ngLy, to have nucleation with a large r* requires a small value of v, which as just noted may well
occur in Fe-Ni alloys.

AG

X —

Figure 10. Free energy of mixing vs. composition curve corresponding to a regular solution at T = 0.8 7,.
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Figure 11. Schematic plot of free ener?y vs. composition in a miscibility gap system. The construction to
obtain aGepem for nucleation from an alloy of composition C’ is shown.



The foregoing discussion clearly shows how seriously a theoretical study of either nucleation or spinodal
decg@poglt{on is hindered by the absence of even an estimate for the interfacial energy or gradient energy
coefficient.

Diffusion Kinetics

Dean and Goldstein!® measured the interdiffusion coefficient b at relatively low temperatures in a series of
Fe-Ni and Fe-Ni-P alloys. These investigators took ?artlcular care to eliminate the effects of enhanced
diffusion in grain boundaries which is a problem at low temperatures. Small amounts of P were found to give
greatly accelerated diffusion.

Figure 12 shows their data for Fe-20 wth a11gys_without phosphorous. The line in the figure was drawn to
fit their data and to give 0, = 1 em?/s (10°* mé/s). The Dean and Goldstein measurementS are particularly
valuable because tb$¥ were made at the relatlveIY low temperatures of interest in Invar decomposition.
Ex}rapolatlon of diffusion measurements to much lower temperatures tends to be risky, particularly in
alloys.

The diffusion coefficient is an even more crucial quantity in growth and coarsening than it is_in )
nucleation. During %rowth, a particle draws Tglute from (or rejects solute into) the surrounding matrix.

Regardless of particle geometry we may write:

ra (Dt)l/2 (13}

where r is some linear dimension of the particle. Compositional and geometrical considerations affect r in
a secondary way only.

0
-4 DIFFUSION IN Fe-20% Ni
D= 1ecm¥s exp (-298kJy/mol)
.5l RT
-12-
)
& DEAN & GOLDSTEIN
E oL /” DATA (1986}
a
©
o
e | 20
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1 | 1 ™ —
0 0.4 0.8 12 6 2.0 -3

B x 10
/T, K

Figure 12, Interdiffusion coefficient in Fe-20 wt% Ni. Line is drawn through the data of Dean and
Goldsteinl® using an assumed value of B, = 1 cm?/s.

In the case of coarsening, large particles grow only through dissolution of smaller ones. This cannibal-
istic process leads to a %raQuaI increase in the averaqg particle diameter, r. Various treatments have
shown that for volume diffusion-controlled coarsening,

P - ko (14)
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where r is average particlf size at t = 0. The factor K depends on material parameters and for Fe-Ni alloys
is on the order of 3 X 10712 m/s.

Figure 13 shows the time required for a particle to grow to_a given size at a given reciprocal temperature.
Times corresponding to a few hours, a few years and a few million years are indicated as representing
typical values of short laboratory anneals, long laboratory anneals, and anneals In a cooling meteorite
parent body, respectively. As an example, we consider the temperature at which a particle would grow from
zero size to 1 nm during each anneal. The temperatures are 870k, 710K, and 550k for short, long and

I R e R T o R
longest terrestrial anneals would yield essentially no diffusion. Figure 14 is similar to Fi?ure 13, but

shows the time needed for particles to coarsen to different final radri. The starting particle radius is
not a factor if the coarsening gives at least a doubling in mean radius. Comparison of Figures 13 and 14

LT EES 505 AR S 68 BT EHERolS BHOSTEESTOT 96°U T M S5 st senthy® (b RIS SifetETEeSEa Ehe sane
time could only occur at a temperature of 1100K, some 300K higher. The difference hetween growth and

qoarsTHing kinetics is less for smaller particles. We noted earlier that a particle would grow to r = 1 nm
in 10:%s at 550K. Coarsening for the same time would give r = 1 nm at about 600¥, only 50K higher.
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Figure 13. Plot of time required for diffusional growth to various sizes as a_function of temperature.
limes corresponding to short and long laboratory anneals and to meteorite cooling rates are shown.
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Figure 14. Plot of time required for diffusion controlled coarsening to various sizes as a function of
tﬁmperatures. Times corresponding to short and long laboratory anneals and to meteorite cooling rates are
shown.

DISCUSSION

Let us now analyze observations of alloy decomposition_in Invar-tygg_ajlo s in light of the ere%oin%
analysis. In brief, we have reliable values for the diffusion coefficient and reasonable estimates Tor bulk
thermodynamic quantities. Unfortgnatel¥ we have no_information regarding either the surface energy or
gradient energy but will assume since alloy decomposition does occur that both quantities are posifive. e
enter into the f0||OWIn? analysis with the realization that bulk thermodynamics of the alloys differ
radically from the regular solution paradign. In addition, surface properties may differ greatly from those
in alloy systems studied previously.

Russell and carner! discuss the large number of observations which indicate alloy decomposition in Invar-
type alloys. Analysis of the observations is complicated by two factors. First, as stated before, fs and
Ni have almost the same scattering power; compositional changes cannot, in general, be studied by x-ray,
neutron, or electron diffraction. _In addition, Invar-type alloys have complex magnetic and electronic
structures which makes |nteYTr§}at|on of property measurements difficult. Magnetic_fluctuations occur even
above the Curie temperature!®-<! and thus may complicate even high temperature physical property
measurements.

Recent studies by Wiedenmann, et 21.9:22 provide the strongest evidence for a high temperature miscibility
gap, In Invar-type alloys. Samples of Fe-34 athh Ni were prepared from Ni isotopically-enriched to 97 ath of
Ni®92 to yield an alloy suitable for neutron diffraction studies. These samples were solution treated at
1273%, then annealed at 393K or 398K,

Samples annealed at &3k for 1.7 x 10% s_ (20 days) showed low amplitude concentration oscillations of about

28 nm wave length. An anneal for 2 x 107 5 (230days) at ssax yielded fluctuations betwsen liaits of 28.5

and 36.5 ath Ni with a wavelength of about 200 nm. B{ 5ontrast, an anneal at 932K for_10® s (12 davs)
roduced no observable oscillations, even though (0t)1/2 s the same as for the 2 x 107 s anneal at 23¢x.
iedenmann, et al. concluded that 34 at% Ni and 398K lay outside the miscibility gap.
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The 20 day anneal apparently took the sample only to the early stages of decomposition as the composition
fluctuation amplitudes were very small. Yet, the 28 nm wavelength is much larger than that usually observed
for early stages of spinodal decomposition in a variety of systems. The 200 nm wavelength observed after
the 230 day anneal _is clearly indicative of coarsening, so the composition limits should correspond to the
phase boundaries of the miscibility gap.

leteorites have been extremely valuable in deternining the_Fe-Ni phase_diggram.23'28 First of all,
meteorites were cooled in the parent body at ~10-® ¥/yr which allows signi lggnt amounts of diffusion at
temperatures where atomic motion is negligible on the laboratory time scale, Ablation ensures that only
the surfaces of the meteorites are heated during passage through the atmosphere. The interiors of the
meteorites stay very cold at all times prior to hitting the earth.

A very few meteorites are Fe-Ni_alloys with compositions near that of Invar. The Santa Catharina meteorite
contains about 35 wth Ni and 2.5 ath of minor elements (C0,0,5,?) in unweathered regions. The remainder of
the meteorite 1S f=. Back scattered electron images of BOI|shed sgctiggs of the meteorite show a blotchy
structure suggestive of spinodal decomposition followed by coarsening.<® The blotchy structure, however,

BBPERFRoFR RRXCCXRLRERCRY o FeL RRH ' AL ERARER A Fis LRI cGRp Y s celestial decomposition and cannot be used

The evidence of Wiedenmann, et z1.,9:22 who found clear indication of decomposition of Fe-35 athh Ni at 893K,
appears to_be in conflict with the microstructure of the meteorite. Had the meteorite underwent
decomposition and coarsening at ~300¥, the concentration fluctuations would have had wavelengths the order
of microns (see Figure 14). No such decomposition was observed.

Ve showed earlier that at high temperatures the driving force for decomposition in Fe-Ni alloys is very
small and that the mISCIbll[t¥ qap is probably ver¥ narrow. It is entirely possible that_the minor elements
in the meteorite and the slightly different Ni content (as_compared to the specimens of Wiedenmann, et al.
stabilized the meteorite against high temperature decomposition. Study of Figure 7 shows the plausibility
of this suggestion. A ve;y few J/mal shift in free energy would be enough to stabilize the solid solution.
By contrast, a few J/mo1 free energy change would shift the miscibility gap in a regular solution alloy
hardly at all (see Figures 9, 10.)

Lower Ni meteorites undergo a ¥ ~ a * v transformation on_cooling_ see Figure 1) to produce plates of
Fe-rich ferrite and NI-rI%H ggstenite: The Ni concentration profile in the austenite plates has a
characteristic "M" shape.¢*s€> The Ni content near the edge of the austenite plates is frequently greater
than the 35 at% Invar composition. Such regions in these plates have been studied for evidence of low
temperature spinodal decomposition.

Numerous studies?#»25,27,28 have shown evidence of low temperature spinodal decomposition in several
different meteorites. In all cases the QecomPosition produced -50 and 10 wt% Ni phases with a i
characteristic wavelength of ~1o nm. Spinodal decomposition on such a scale could occur in meteorites at a
temperature as low as 600K (Flgure 13).  The decomposition thua probably took place well below the peak of
the magnetically induced spinodal calculated by Chuang, et al.??.

Figure_15 is based on the_Bhase diagram of Chuan?, et al.;29 on it are shown the low temperature
magnetical ly-induced miscibility gap and sglnoda proposed by Chuang et al. and the high' temperature
miscibility gap proposed by the present authors.
The equilibrium low temperature phases are presumably the a (ferrite) and v (Fsifis) phases. At temperatures
below the 4/« boundary both gaps may represent metastable reactionS. However, Since achleV|ng full
equilibrium in Fe-Ni alloys at temperatures below ~800x is extraordinarily difficult, the metastable
miscibility gaps may provide more valuable information about the behavior of jnvar-t¥ﬁe alloys than does the
equilibrium phase diagram. In any event, very careful study is needed to delineate the regions of
instability and metastability of alloys near the Invar composition.
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temperature miscibility gap. The result is a miscibility gap which 1s very narrow at high temperatures but
broadens significantly below the Curie temperature.

CONCLUSIONS

The Fe-Ni systgm shows a coherent miscibilitﬁ_gap with a peak between about soox and 100gK, centered at
about 36 wth Ni. The gap is very narrow at high temperatures, but broadens at low temperatures due to
magnetic contributions to the free energy.

Driving forces for phase separation at high temperatures are so weak that minor solute additions may
stabilize the alloys and prevent decomposition.

Modelling of nucleation and spinodal decomposition processes is yreatly hampered by lack of data or
theoretical models for surface energy and gradient energy.

The extremely low cooling rates of meteorites allow_significant amounts of diffusion at te$peratures where
atomic mObI|It¥ is nil on = human time scale. Studies on such meteorites provide vital information
0

regarding the Tow temperature portion of the Fe-Ni phase diagram.
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MICROSTRUCTURAL INVESTIGATION OF SWELLING DEPENDENCE ON NICKEL CONTENT_IN FAST-NEUTRON IRRADIATED Fe-Cr-Ni
AUSTENITIC TERNARIES, T. Muro?a Research Institute for Applied Mechanics, Kyushu University, f. A. Garner,
Pacific Northwest Laboratory, 4} and s. Ohnuki, Hokkaido niversity

OBJECTIVE

The object of this effort is to determine the mechanisms involved in the radiation-induced evolution of
microstructure of structural materials intended for fusion applications.

SUMMARY

Microstructures of Fe-15cr-xNi (X = 15, 19, 21, 30, 35, 45, 75) ternary alloys and a 15Cr-85Ni binary alloy
irradiated in the £8R-11 reactor at £1¢+C and 538°c to various neutron” fluences were examined by TEM. _ At
510-C vold nucleation was complete prior to the onset of steady-state swellln? at all nickel levels, imply-
|n% that some process other than void nucleation determines when the relatively rapid void growth associated
with the onset of steady-state swelling occurs. The Protracted loop dominance” of dislocation structure and
the relatively low void density at_intermediate nickel levels {30-45 wt#%) suggested a reduced dislocation
b!aﬁ foward preferential interstitial absorption as a possible mechanism to produce lower swelling in this
nickel range.

PROGRESS AND STATUS
Introduction

Irradiation studies of austenitic alloys with tons,}:2 electrons3:4 and neutrons®:6 show that void swelling
is strongly dependent on nickel content. Generall¥, swelling exhibits a minimum value at intermediate
30-60 wt%) nickel levels. Density measurements of austenitic alloys show that the sensitivity of neutron-

( ! IS.. L : v )
anduced sw$llln to_variations jn nickel content ?r bgtg simple and complex alloys lies mainly in the
uration of inctibation or transient regime of swelling/.8.

Some nickel-dependent mechanisms have been proposed, ¢.¢., a segregation-induced change in void bias,? a
increase in vacancy diffusivity at higher nickel levels, resulting in decreased void nuclfaiion ratesl0-12
and spinodal-like decomposition ?romg ing void nucleation at intermediate nickel levels.'!s'% However, most
neutron irradiation studies are acklng in phenomenological understandlng of the role of nickel on micro-
structural evolution, because few TEM da ependence of microstructure as a
function of nickel content.

ta are available on the fluence

This study is the first systematic microstructural observation of neutron-irradiated Fe-Cr-Ni austenitic
ternaries which exR!ores the parameters of nickel content, irradiation temperature and fluence. It is
anticipated that this study will provide new light on the mechanisms of swelling dependence on nickel
content.

Experimental Details

The materials used in this study were nominally fe-15Cr-xNi ternary alloys (X - 15, 19, 21, 30, 3%, 45, 75)
and a 15?{-85Ni binary alloy. The specimens were irradiated in the AAVIT experiment in the £8R-[[ _
reactor.! The specimen designation and the irradiation conditions are shown in Table 1. The chemical
composition of these alloys are shown in reference 12. The examination of microstructures was performed on

ﬁ-JEM-lgocx electrgn mi050500 e. Ggrner and Kumar regor&ed the densities ?5 these specimens and those at
igher displacement levéls, measured using an imersion density téchnique.

(@) Operated for the U.s. Department of Energy by Battelle Memorial Institute under Contract
DE-ACOE-76RLO 1830.



Table 1. Alloys {Fe-15Cr-XNi or 85Cr-15Ni) and Irradiation Conditions

Designation E90 E19 E20 E21 E2 E23 E24  E36
Approximate Ni level 15 19 21 30 35 45 75 85
{wt%)

510°C 2.6 x 1028 n/m2(3) X X X X X X Na(D)
510°C 5.3 x 1026 n/m? NA NA NA NA X X N NA
510°C 7.3 x 1026 n/m? NA X NA X X X X NA
538°C 5.0 x 1026 n/m? X X X NA X NA X X

(3) E> 0.1 Mev
(b) NA = not analyzed.

Results

Figure 1 shows microstructures of these alloys at 510°C and 26 x 1026 n/rn2 (E>0.1 MeV). The micro-
structures exhibit a strong dependence on nickel content. Voids are observed in all cases, but their
density decreases with increasing nickel content and, after a minimum, increases again. At 15 Ni the
microstructure consists primarily of tangled dislocations with few loops. At higher nickel levels, the
densities of both faulted and perfect loops are higher, concurrent with lower densities of tangled dis-
locations. The Burgers vector analyses of loops formed in 35Ni and 75Ni alloys showed, in both cases,
a<111>/3 and a<I10>/2 displacement vectors for faulted and unfaulted loops, respectively. This is the
typical behavior of loops observed in lower nickel alloys. Figure E shogs the dependence of important
microstructural parameters on nickel content at_510°C and 2.6 x 102® n/mf. Swelling data obtained by
immersion density measurements are also shown. Generally these results are in good agreement with those
derived from microscopy. With one exception at 75Ni, the dependence of swelling on nickel content mirrors
that of void density, indicating that the mean void size is not very dependent on nickel at this dose. At
75Ni small cavities, presumably filled with helium, account for the increased cavity density. The helium
level in these alloys is roughly proportional to the nickel level. Although the density of loops initially
increases with increasing nickel content followed by a gradual decrease, both the total dislocation density
and the tangled dislocation density decrease montonically with nickel content.

Figure 3 ghows ?icrostr‘uctur‘es observed after irradiation at the same temperature but higher fluence

(7.3 x 1 . Loops sl remain in the 35-75Ni alloys but have strongly decreased in density E 10\\'87‘
nickel levels. similar dependence of the dislocation structure was observed at 538°C and 50 x 1 fi/f
as shown in Figure 4. The microstructural parameters at 538°C are summarized in Figure 5. The lower
densities of both voids and loops compared to 510°C are consistent with the known effect of temperature.

Figure 6 shows the fluence dependence of swelling and void density at 510°C. The swelling of the 19Ni and
30Ni alloys at higher fluence exhib;g rap;d linear swelling after incubation but void nucleation appears to
have been completed before 2.6 x 104° nffmc at all nickel levels.

Figure 7 shows the densities of loops and tangled dislocations as a function of swelling at 510°C. This
shows that the regime of rapid swelling coincides with a shift from loop-dominated to tangled dislocation
microstructure. Noting the weak dose dependence of void density at 510°C shown in Figure 6, it is clear
that the onset of rapid swelling is the result of accelerated void growth, commencing after a period of
restrained growth.

Discussion

The present results provide important suggestions on at least one mechanism by which nickel affects

swelling. At 516°C, void nucleation takes place at an early period of irradiation, far before the onset of
linear swelling for most alloys examined. Muroga et al. ﬂso observed very quick saturation of void density
at botg ?80 gnd 500°C in Fe-13Cr-14Ni irradiated at JOYO. These results are not consistent with previous
mo@l).¢8-19:12 i n which nickel's influence is described solely as suppressing void nucleation. Such models
are known to be most relevant at higher irradiation temperatures. The fact that the onset of linear
swelling closely relates to the start of void growth at 510°C implies that a mechanism is dominant which
controls void growth and not void nucleation. The latter is relatively easy at 510°C at all nickel levels.
The saturation density of voids is nickel-dependent, however, indicating that void nucleation is also
affected by nickel.
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Fe-I5Cr-XNi, 510°C , 2.6 10 n/m?

Figure 1. Microstructures of Fe-15Cr-XNi alloys at 510°C and 2.6 x 1026 n/m2 (E 0.1 MeV). The loops
%ppe)ar to be oriented toward <211> when observed from the <011> direction, implying that they are lying on
111) planes.
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Fe-I5Cr-XNi, 510°C, 7.3x10%*n/m?

Figure 3. Microstructures of Fe-15Cr-XNi alloys at 510°C and 7.3 x 1026 n/m2 (E 50.1 MeV).

Fe-I5Cr=-XNi, 538°C , 5.0 x10°°n/m?

I(:igure 4’0| V)Microstructures of Fe-15Cr-XNi alloys and a 85Ni-15Cr alloys at 538-C and 5.0 x 1026 n/m2
E >0.1 Mev).
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Figure 7. Loop number density and tangled dislocation density as a function of swelling at 510°C.

As shown in Figure 2, the void density is a strong negative function of the nickel content from low to
intermediate nickel levels, while the dislocation density is a weak function of the nickel content. As a
result, the dislocation density is high relative to voids in the intermediate nickel level. This implies
that, in this nickel range, dislocations are weak sinks relative to voids.

As to which type of sink is dependent on nickel content, the dislocation structures observed in this study
are suggestive. The loops remaining at considerably high doses at intermediate nickel levels are thought to
result from a lower growth rate of loops. This again implies that dislocations are weak sinks at interme-
diate nickel levels but this time not relative to voids. Therefore, a low dislocation bias toward prefer-
ential interstitial absorption in the intermediate nickel range can explain nickel's influence on both void
density and dislocation structure as observed in the present experiment.

Lee and Mansurl? cite a similar persistence of loop-dominated microstructure when comparing Fe-15Cr-15Ni and
Fe-15Cr-35Ni irradiated with ions at a much higher temperature. Though their discussion was based on the
influence of nickel content on the critical radius and the critical number of gas atoms needed for bias-
driven swelling, they reached the same conclusion concerning a nickel-dependent bias. In this case,
however, the void density for both alloys was still increasing throughout the experiment.

There is another nickel-dependent property that may be relevant to the persistent presence of loops at
intermediate nickel levels. Schramm and Reed show that the staTEing fault energy of Fe-Ni binaries is a
strong function of nickel content with a minimum at about 40Ni. Large faulted loops observed in 30-45Ni
alloys in the present study may also imply an enhanced stability against unfaulting.

The present study showed that the duration of swelling transient regime is not necessarily determined by the
void nucleation rate. Some of the mechanisms proposed in other studies for environmental or compositional
(other than nickel level) effects on void swelling may also need reconsideration if they are based only on
their effects on void nucleation rate.

CONCLUSIONS

In Fe-15Cr-XNi austenitic ternaries, it was found that neutron-induced void nucleation is complete at 510°C
prior to the onset of steady-state swelling, implying that some process other than void nucleation deter-
mines when the rapid void growth associated with steady-state swelling occurs. The void density and
dislocation structure observed suggests that a nickel-dependent sink strength of dislocations may be
responsible.
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FUTURE WO

This effort will continue, concentrating both on microchemical aspects of the evolution and on comparisons
with ion-bombarded specimens.
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MICROSTRUCTURAL EXAMINATION OF LOW ACTIVATION FERRITIC ALLOYS IRRADIATED IN THE FFTF/MOTA T0 100 DPA
D. S. Gelles (Pacific Northwest Laboratory) and C. Y. Hsu (G A Technologies)

OBJECTIVE

The objective of this effort is to determine the applicability of low activation martensitic stainless
steels for first wall applications.

SUMMARY

The present effort is intended to describe microstructural response to fast neutrons of two tungsten
stabilized ferritic/martensitic steels and HT-9 following irradiation to doses as high as 100 dpa.

The major change_in_microstructural development at _420°C from 34 to 103 dpa was found to be due to void
evolution. No significant differences in dislocation or Pre0|p|tate structures could be identified, whereas
void structures were found to have developed more uniformly and the resultant swelling was greater. The
Brec!p!tate structure_that had formed during irradiation to 34 dpa remained stable to higher dose.

recipitate distributions showed only modest increases in size, indicating that this phase has stabilized,
and will not chanﬁe significantly with further irradiation. Therefore, tungsten stabilized martensitic
steels appear to have excellent Trradiation resistance, and can be expected to perform well to doses
significantly higher than 100 dpa.

PROGRESS AND STATUS
Introduction

In order to increase the acceptability of fusion power by decreasing the quantity of highly activated
material generated in fusion machine compoTents, low activation alloy development has been” incorporated into
the goals of fusion materials develepment.: Low activation can be defined as the ﬁroperty of a reactor
material which allows the components made from that material to be treated as non-hazardous_ (non-
radloactlve%_after between 100 and 500 years from the time a fusion machine has been decommissioned. In
order to achieve this goal, certain elemental additions must be carefully controlled; in particular, Cu, Ni,

WowileiB YerkBSh M9ib5RreReRtAng the tant i Tus Rar eIt iobeaih AL LEMFEL. ARMESEHAY e pEdaeR b s 12
similar to those of HT-9, a 12§r-1Mo-WV martensitic steel that is receiving increasingeattention as a

candidate first wall material ,> Yet fast neutron damage does not significantly degrade properties of

gungsten 5 ab{lgz?d maEtensitic steels such as impact resistance, fracture toughness, strength and
imensronal stability.

The present effort is intended to describe microstructural re3p$n?? of two tungsten stabglized nih 0
A A A e Tt SN O b T e L T R R e A L
martensitic alloy HT-9 were examined following irradiation In the Fast Flux Test Facility Materials Open
Test_Assembly {FFTF/MOTA) to doses as high as 34 dpa. Alloys of interest were GA3X, a 7.5Cr tungsten
stabilized martensitic alloy, GA4X, a I0Cr tungsten containing ferritic allo¥ with some martensite and GA8SX,
a remelt of HT-9. Irradiations covered the temperature range 365 to 600°C. The 7.5Cr martensitic steel was
found to have developed void and dislocation structure at 365 and 426<C and precipitate coarsening at 600°C.
The 10Cr ferritic steel was found to have developed void and dislocation structure over the temperature
range 365 to 520°C, with peak swelling of 0.3 at 426°C_to 34 dpa_and significant precipitate coarsening at
600-C. Unusual swelling response was observed near grain boundaries in the ferritic steel. Composition
analysis of extracted precipitates demonstrated the Tormation of tungsten-rich intermetallic phases, most
pronounced at 600°C. The HT-9 remelt was found to contain voids only following irradiation at 420°C, but
the swelling was low. Precipitates were tentatively identified as chromium-rich &, G phase_and
intermetallic Fe-Cr-Mo Chi phase. Lower irradiation temperatures favored the formation of finer
precipitates (G phase) and dislocation loops. These observations provide a basis for comparison with the
present effort.

Also of note is the fact that Charpy impact test results on irradiated GA3X are very encouraging,®:®
Miniature Charp¥ specimens of GA3X Trradiated at 365°C to 10 dpa, gave a ductile brittle transition
temperature (DBTT) of OC corresponding to a shift %n OBTT of 24°C as a result of irradiation. The upper
shelf energy (USE) was reduced from 405 to 345 J/cmé.3 In comparison with results on other low activation
$II?ys_|n the ggst_matrlx, these rﬁsults rgpregenteg the smallgst shift in DBTT and the highest USE
YRt R T B e RS A T G R M ot
Therefore, precipitate formation at 365°C to doses on the order of 10 dpa does not significantly degrade
impact properties.

©) O%%BatEd for the U.S. Department of Energy by Battelle Memorial Institute under Contract DE-AC06-76RLO
1830.
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Companion specimens have now been irradiated to over 100 doa at 420:C for microstructural analvsis and it is
the purposs of the present effort to examine those specimens in order to determine the consequences of
further irradiation on microstructure.

Experimental Procedure

The alloys of interest, 6a3%, GA4x and GABX (HMT-9), have been described previously.3>% Specimens of those
alloys had been examined following irradiation at temperatures of 365, 420, 520 and 600°C at doses as high
as 34 dpa. Duplicate specimens were contained in a second set of TEM packets irradiated to a higher dose.
Unfortunatelg, the specimens irradiated at 520 and 600°C underwent an over-temperature excursion that is
expected to have altered microstructural development, but the specimens being irradiated at 365 and 429-C
were In weeper canisters that did not experience the overheating. Therefore, examination of specimens
irradiated to higher dose is being limited to the 365 and 420:¢c conditions.

The irradiation histories for the specimens of interest are as follows. Specimens of alloys at a
multiplicity of four were loaded into identical TEM packets and were irradiated in contact with flowing
reactor sodium. Specimens irradiated at 420°C were in packet K3 which was irradiated first in MOTA 1¢ ™ (FFTF
cycles 5 and &), 1in position 2C4 at an average temperature of 426°C to a total dose of 34 dpa. For MOTA 10
(%ycles 7 and 3}, packet K3 was located in position zc2 at an average temperature of 420°C and accumulated a
total dose of 63 dpa. Finally, in MOTA 1£ (FFTF cycle 9) it remained in position 2¢2 at an average
temperature of 420-C and accunulated a_total dose of 103 dpa. Therefore, the specimen temperature varied
between about 420 and ¢25:C, but is _being re%orted as 420°C. Specimens irradiated at 365°C were in packet
KZ which was irradiated first in MOTA 1c” (FFTF cycles 5 and 5), below core in position B0l at an average
temperature of 355°C to a total dose of 11 dpa. ~For MOTA 1D (cycles 7 and 3), packet KZ remained in
position 801 at an average temperature of 365°C and accumulated a total dose of 21 dpa. Finally, in MOTA 1t
éFFTF %ygéedg) it was transferred to position BC4 at an average temperature of 370-C and accumulated a total
0se 0 pa.

Results
Density Change

Specimens of each condition of interest were measured for density change. Results are provided in Table 1
and show that the martensitic steels remained stable to doses as high as 100 dpa at 420°C. GA3x densified
both at 420 and at 355-C to levels on the order of n.5%, and HT-9 swelled at 420+¢C to 0.8 and densified at
365°C to 0.4%. However, the 10Cr ferritic steel showed swelling as high as 2.5% following irradiation at
420°C.  Swelling on_the order of 3 has been observed in simple ferritic alloys following irradiation under
similar conditions,’ so that the swelling levels observed in GA4x represent only moderate behavior.

Table 1. Results of density change measurements.

Control Irradiation Irradiated
Alloy Densit; ID code smoaratura Densit¥ Swelling
gm/cm e gm/cm Y%

GA3X 7.8609 07KZ 365 7.9018 -0.52
07K3 420 7.8949 -0.43

GA4X 7.8754 99K 365 7.8320 0.55
99K3 420 7.6355 3.05

HT-9¢ 7.7652 q9K7 365 7.7948 -0,38
09K Z 420 7.7193 0.59

Microstructures - 420°C

The major change in microstructural development at 420°C from 34 to 103 dpa was in void evolution. No
significant differences in dislocation and precipitate structures could be identified, whereas void
structures developed into more uniform void arrays and the resultant swelling was greater. Figures 1, 2 and
3 provide comparison of conditions GA3X, GA4x and HT-9 following irradiation at 420°C to 34 and 103 dpa at
intermediate magnification. Figure ! shows void structures within martensite laths in the 7.5Cr-2% alloy.
Only a few non-uniformly distributed voids are found after irradiation to 34 dpa, but after 103 dpa, the
voids _are more un!forml¥ distributed, with some voids significantly larger than at lower dose. The void _
distribution in Figure 1b is typical of a material just completing the void nucleation process and beginning
to approach steady state swelling behavior.



Figure 1. Void arrays in GA3X following irradiation at 420°C to (a) 34 dpa and (b) 103 dpa.

Figure 2a shows a region near a grain boundary in a ferrite grain in GA4X irradiated at 420°C to 34 dpa.

The region at the right is adjacent to the boundary whereas the region on the left is more typical of bulk
behavior. When this area was first examined, an explanation for the different structures was not available.
Comparison with the structure shown in Figure 2b within a ferrite grain following irradiation to 103 dpa
indicates that the bulk void density had increased, so that the structure found at lower dose near the
boundary was more typical of high dose behavior. Therefore, the void development away from grain boundaries
at lower dose was probably due to early nucleation of voids, possibly by an effect of impurity segregation
(unusual void shapes are characteristic of such behavior). Higher more uniform void distributions are
apparently more typical of higher dose behavior.

Figure 2. Voids in a ferrite region of GA4X following irradiation at 420°C to (a) 34 dpa and (b) 103 dpa.

Figure 3 provides similar comparisons of behavior in HT-9. At 34 dpa, voids were small and very non-
uniformly distributed as shown in Figure 3a. Following irradiation to 103 dpa, the void distribution was
much more uniform, as shown in Figure 3b. However, at the higher dose, many small voids can be identified,
indicating that void nucleation was still occurring and that steady state swelling had not been achieved.
Comparisons between Figures Ib and 3b indicate that void evolution-is more developed in the 7.5Cr-2W alloy
than in HT-9.

Similarities in dislocation development can D& demonstrated 2s 2 function 2f composition at 103 dpa.

Figure 4 has been organized to show the dislocation structures of each of the alloys so that the same area
is shown under g=110 and g=200 contrast conditions with foil orientations near (001). For g=110 images, 2/3
of the possible a<100> dislocation Burgers vectors and half of the a/2 <111> dislocation Burgers vectors are
visible. For g=200 images, 1/3 of the a<100> ?islocations (in strong contrast) and all of the a/2 <111»
dislocations (in weaker contrast) are visible.’ For example, in Figure 4a of 7.5Cr-2¥, small loops can be
identified which are highly elongated either vertically or horizontally, and longer dislocation line
segments are generally oriented at 45' to the loops. More circular images are probably voids, as can be
verified by comparison with Figure 4b. In Figure 4b, only one of the sets of small highly elongated loops
is visible, whereas two sets of longer dislocation line segments (in weaker contrast) can be identified.



Figure 3. Voids in HT-9 following irradiation at 420°C to (a) 34 dpa and (b) 103 dpa

Figure 4. Comparison of dislocation structures following irradiation to 103 dpa at 420°C under different
imaging conditions: GA3X in (a) g=110 contrast and (b) g=200 contrast, GA4X in (c) g=110 contrast
and (d) g=200 contrast, and HT-9 in (e) g=110 contrast and (f) g=200 contrast.
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This comparison indicates that the small loops have a<100> Burgers vectors and the dislocation line
segments are of type a/2 <Il11>, Figures 4c and d, showing similar images for 10Cr-2W in a delta ferrite
grain, can be used to demonstrate that the a<100> loops are similar in size to those in 7.5Cr-2¥ martensite
but the density of a/2 <111> dislocation is reduced. Figures 4e and f give similar images for a delta
ferrite grain in HT-9. The a<100> loops are similar in size and density but the density of a/2 <111>
dislocation line segments appears to be lower than in the other alloys. Therefore, although differences can
be identified for a/2 <111> dislocation line segment development, the size and distribution of a<100> loops
are remarkably similar in the three alloys, considering the differences in void evolution.

The precipitate structure formed during irradiation to 34 dpa remained stable to higher dose. Figures 5a
and b provide comparisons of precipitate images using g=3/4 <200> dark field imaging conditions for HT-9
irradiated at 34 and 1 3 dpa, respegtively. The precipitate particles imaged are those identified
previously as G phase! or n (MgC).® Precipitate distributions show only modest increases in size,

indicating that this phase has stabilized, and will not change significantly with further irradiation.

Figure 5. Precipitates in HT-9 following irradiation at 420°C to (a) 34 dpa and (b) 103 dpa.

Microstructures = 385°C

Microstructural evolution at 365°C from 11 to 36 dpa was similar to that found at 420°C, consisting
principally of void nucleation and growth. Whereas only GA4X had developed a non-uniform array of voids
following irradiation to 11 dpa, after 36 dpa, GA3X had also developed a non-uniformly distributed, low
density of cavities while HT-9 showed no void swelling. Also, the void density in GA4X had increased by 36
dpa so that the accumulated swelling was dominated by the increased void nucleation. Dislocation and
precipitate structures were relatively unchanged, although evidence for new dislocation loop evolution in
GA3X was identified.

Examples of void development at 365°C are given in Figure 6. _Figure 6a shows two small regions containing
voids within martensite laths in GA3X irradiated to 36 dpa. The voids are facetted and vary greatly in
size, with nearby regions containing no voids. Such response is typical of the start of void development.
Figures &b and ¢ provide comparison of void development with fncreased dose in GA4X, 1In both cases,
behavior in a delta ferrite grain is shown. Void development at 11 dpa consists of irregularly shaped, nron-
uniformly distributed voids. These voids are retained following irradiation to 36 dpa, with a high density
of smaller voids added. The smafler volds are equlaxed and uniform in shape. Therefore, between 11 and 36
dpa void nucleation and growth occurred in GA4X, producing a uniform void array. However, HT-9 does not
appear to have developed void swelling at 385°C even to doses as high as 36 dpa. An example is given in
Figure 6d.

dominated by the as-tempered structute following irradiation at 365°C to 11 dpa, as shown in Figure 7a.
However, after irradiation to 36 dpa, examples of well developed dislocation loops were found. -An example
in Figure 79 shows typical subgrain boundary structure, dislocations retained during the tempering process
and well defined loops ranging in size from 7 to 50 rm For GA4X, the dislocation structure found following
irradiation at 365°C to 36 dpa was similar to that found following irradiation at 420°C to 103 dpa. An
example at 365°C to 36 dpa is given in Figures 7¢ and d showing the dislocation structure under g=110 and
g=200 contrast conditions with the foil orientation near (001). Comparison of the images again reveals

that most of the loops present have a<200> Burgers vectors and the longer line segments are of a/2 <111»
type. When Figures 7c¢ and d are compared with Figures 4c and d (shown at half the magnification), it is
apparent that the distribution of Burgers vectors is_similar in the two cases and, surprisingly, the loop
sizes are also similar. In most cases, an increase in both irradiation temperature and dose would result in
greater loop growth. Examples of dislocation structures in HT-9 are not shown because the images obtained



Figure 6. Void development following irradiation at 365°C, in GA3X (a) at 36 dpa, in GA4X (b) at 11 dpa and
(c) at 36 dpa and in HT-9 (d) at 36 dpa where no voids were found.

- O e :
44 - ey i

i Comparison of dislocation structures following irradiation at 365°C under different imaging
i congitions: GA3X (a) to 11 doa in g=110 contrast and (b) to 36 dpa in g=110 contrast, and GA4X to
36 dpa in (C) g=110 contrast®and (d) g=200 contrast.
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Figure 8. Precipitates in HT-9 following irradiation at 365°c to (a) 11 dpa and (b) 36 dpa.

werg_difficult to interpret. The complex images are believed to be due to precipitation found in this
condition.

Precipitation response at 365°C was_also similar_to that found_at 420°C, A comparison is provided in

Figure 8, showing dark field precipitate images In HT-9 following irradiation to 11 dpa In 8a and to 36 dpa
In 8b. The images of Figure 8a are complicated by competing matrix contrast; however, the precipitates
appear as the smaller bright equiaxed features distributed airIY uniformly throughout the specimen. The
imaging conditions are improved In Figure 8b, showing the particles more clearly, "but although more of the
larger particles are present at higher dose, the range of particle sizes is similar. Comparison of Figure 8
with Figure 5 demonstrations that irradiation at 365-C produces a higher density of smaller particles (the

magnifications in this comparison are the same). Therefore, increases in hardening due to precipitation can
be expected for lower irradiation temperature.

Microstructural and Microchemical Analysis

Quantitative measurements of void swelling and dislocation density have been made and are included in

Table 2. Dislocation densities given are direct measurements from images using g=110, uncorrected for
dislocations out of contrast. Void swelling is found to_be 8enera|ly ess than 1%, the only value obtained
higher than 1% being for the ferrite phase In GA4X irradiated at 420°C to 103 dpa, where 2" swelling was
measured. Increasing dose always resulted in increased swelling for a given alloy and irradiation )
temperature. Large variations In swelling, as high as a factor of 3 or 4. were found from area to area In a
given condition. These_large swelling variations were more often a result of differences in voig densi}g
thag due to variations_In mean void diameter. Void densities were generally iIn the range of 10'* to 10

cm gith gﬂly minor differences due to irradiation temperature. Dislocation densities were on the order of
2x1610 cm-2, and were insensitive to irradiation temperature.

The microstructurally based results in Table 2 differ with_the density change measurements given in Table 1
Void swelling at 420°C is found to be higher In GA3X than In HT-9, whereas density measurements predict the
reverse. Such response is usually explained as due to compensating effects from densification due to phase
instability. However, based on microstructural examinations, HT-9 is expected to be the more unstable
alloy. This disagreement may be a consequence of precipitation not recognized during microstructural
examination, but generally phase instability is similar at 365 and 420°C. Therefore, the disparity appears
to be within the GA3X_results and a straightforward explanation cannot yet be provided. Of course, In use,
the macroscopic swelling is the more important parameter. However, extrapolation of the results beyond the
limited data base reguires an understanding to the controlling mechanisms.

Table 3 shows preliminary results of x-ray dispersive analysis for extraction replicai gf specimens
irradiated at 420°C t¢ 103 dpa compared to results obtained previvusly av Tower dose.!s* These results
indicated that tungsten additions In low activation martensitic steels tend to concentrate If MpaCg, but
some intermetallic formation occurs. Of particular note is the observation of considerable 1eve?s of nlckel
In precipitates extracted from HT-9. HT-9 generally contains 0.5 Ni, as was verified for the present heat,
and concentration of the nickel In_precipitate particles is therefore limited. Nickel levels rarely exceed
10% in HT-9 precipitate particles.? Therefore, the high levels of nickel given for HT-9 precipitates in
Table 3 are unexpected and difficult to explain.
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Table 2. Sumnary of quantitative microstructural measurements.

Void Dislocation
[rrad. Spec. Phase _ Number : "
Alloy Temp. Dose _ID  Type? av/N _ d_ densigx line gngt
(°C) (dpa) (%)  {nm) (cm™2) (cm™¢)
GA3X 365 36  Kz07 M 00 0.0
420 34 K107 M 008 255 9.1x1013 2.1x1010
420 103 K307 M 041 273 4.3x10l4
M 074 302 5.6x10l4 1.8x1010
M 0.98 318 5.4xlol4% 1.9x10l0
GALX 365 11 KX99 F o005 167 2.7x10l4  2.1x1010
365 36 K99 F 0.55 16.6 1.20x1015
F 016 142 1.22x1
420 34 K199 F 027 363 9.4x1013 1.8x1010
b 0.35 303 3.5x10l4
420 103 K399 M 047 278  3.8xl0l4
M 0.71 394 2.2xl0l4
F o084 412 3.zx10l4
F 201 348 1.05x1015 2.5x1010¢
HT-9 365 36 KZ09 M 00 0.0
420 103 K309 M 041 177  1.286x1915
I 0.24 185 7.rapdd
M 039 196 1.27x10i5 2.9x1010
F 035 161 1.91xlols
F 044 167 1.97x1015
a. Phases analyzed where M-martensite and F=delta ferrite.
b. For a region with enhanced void density near a grain Boundary. 3 ) ) _
c 15 jeepsfem® at a dislocation density of

. measurwent sf a<100> loops in same area gave 1.9x10
1.6x10°Y cm™

Table 3. Compositions (in weight percent) of extracted precipitate particles.

Sapple. ldentj - .
Composition
Alloy ) Condition _Fe Cr Mo — W Si
GA3X 07 control 28-34 43-51 19-26
30 37 33
KX07 365°C Ildpa 26-31 49-53 19-21
K107 426°C 34dpa 19-30 51-61 13-27
17-25 33-49 31-50
BAAX 99 control not available
¥X99 365°C Ildpa 21-29 56-58 0-0.8 14-24 .
29 60 11Ti
K199 426°C 34dpa 24-31 57-62 00.6 12-17
27 30 i3
49 51 .
46 36 56 13Ti
K399 420°C 103dpa 21-29 55-61 - 0-.4 13-23
HT-9 09 control 25-29 57-62 6-11 0-2 0-4 0-2
g oEthm o B OBE MM B s o
° - - - - - -1.5 -5Ni
K09 A26°C 3adpa 024 5566 67 0-1 3-5 1i-ioki
0-1 99-100 .
K309 420°C 103dpa 22-29 55-66 4-8 0-.8 0-3 1-4 1-124i
17-24 36-53 4-6 0-.7 5-12 14-28Ni
522 TR 28 4n
Discussion

The purpose of the present effort was to determine the applicability of tungsten stabilized,
steels for fusion reactor structural materials by examining the microstructures of specimens

No. Identi-
11 M23Cq
1 Chi/Laves?
18 M23Cg
12 M23Ce
3 Chi?
9 M23C6
1 Laves?
13 M23Cq
1 Laves?
1 Sigma
1 2
21 M23Cq
20 M23Cq
10 M23Cgq
10 M23C
B
3 e'
19 M23Ce
4 G?
]
? La%es?
martensitic

irradiated to



113

high dose. The results of those examinations are very encouraging. Martensitic steels were found to be low
swelling and tungsten stabilized steels behaved similarly. Void development is observed, but as with
ferritic steels, the swelling remains Tow a; a dose as high as 100 dpa. Even to higher doses, the swelling
rate is expected to remain below 0.06%/dpa.’ Therefore, tungsten stabilized martensitic steels demonstrate
the low swelling potential of the martensitic steel class.

The potential for phase instability due to tungsten additions on the order of 2% also appears to be of
little concern. Intermetallic phase formation was encountered at lower dose, but the results for specimens
irradiated to higher dose levels indicates that tungsten is concentrating in Ma3Cg carbide particles and
therefore, intermetallic formation is not expected to degrade properties at_st??] higher doses. )
Therefore, tungsten stabilized, martensitic steels apPear to be viable candidates for low activation fusion
reactor structural materials. In line with this conclusion, efforts have been initiated to obtain
mechanical proFertles_data for these steels fOllOWIﬂ% irradiation to high dose. Nippon Kokan Corporation
(NKK) has kindly provided 300 pound heats of GA3X and GA4X and these heats are being used for further
testing. Swelling/microstructure, tensile, charpy and fracture toughness specimens have been fabricated and
prepared for irradiation In FFTF/MOTA 2A. Although initially unsuccessful, efforts to produce tublnﬂ .
suitable for pressurized tube fabrication will be continued so that thermal and irradiation creep behavior
can also be obtained. This effort is intended to ?rovide a limited mechanical properties data base for the
tungsten stabilized, martensitic stainless steel alloy class.

CONCLUSIONS

Microstructural examination of tungsten stabilized, martensitic and ferritic stainless steels irradiated to
high dose has shown that these steels have excellent irradiation resistance. Void swelling in the o
martensitic steel is comparable to that found in other martensitic steels and void swelling In the ferritic
steel 1is lower than that found in similar simple alloys, with behavior to higher doses expected to remain
low. Phase instability appears to be improving with increasing dose as indicated by the concentration of
tungsten in already Bresent M23Cg, and reduced formation of intermetallic phases such as chi and Laves.
These alloys should be considered viable candidates for low activation fusion reactor structural materials.

FUTURE WORK
This work is completed. The next phase of this effort involves irradiation of new heats of GA3X, GA4X and
HT-9 mechanical properties specimens to very high dose in order to determine mechanical property response.
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IRRADIATION CREEP OF THE FUSION HEATS OF HT9 AND SCr-1Mo IN FFTF/MOTA - F. A. Garner, Pacific Northwest
Laboratory; {8) R. J. Puigh, Westinghouse Hanford Company

0BJECTIVE

The objective of this effort is to provide irradiation creep data for application to fusion reactor design.

SUMMARY

Steady-state swelling of HT9 and 9Cr-1Mo apﬁears to develop after 75 dpa for irradiation temperatures in the
range 403-410°C. The rate of swelling in the stress-free condition is very low, on the order of 0.015%/dpa.
Steady-state creep rates also develop concurrently, with creep not only proportional to the applied stress
above a certain level but also to the swelling rate. The creep-swelling coupling coefficient for these
ferritic/martensitic alloys appears to be very close to that of austenitic alloys. At 520-C the creep rate
is_linear with stress at all stress levels but at 600°C these alloys exhibit stress exponents greater than
unity, reflecting the onset of thermal creep possibly activated by phase instabilities.

PROGRESS AND STATUS

Ferritic/martensitic alloys are presently being considered as potential structural materials for future
fusion reactors. Several of the properties of interest are radiation-induced void swelling and irradiation
creep. These are known to be interactive phenomena and can be studied relatively easily by measuring the
diameter changes of gas-pressurized tubes fOllOWIHg irradiation. In this report are presented dimensional
change data of two fusion candidate alloys, KT9 and 9Cr-1Mo.

Heat 130176 of 9Cr-1Mo (1038°C/5min/AC + 760-C/1h/AC) and heat #9607R2 (1038-C/5min/AC t 760°C/2.5h/AC) OF
HT9 were irradiated in FFTF/MOTA in the form of 2.24 cm long helium-pressurized tubes possessing outer and
inner diameters of (4.55, 4.22 mm) for 9Cr-1Mo and (4.78, 4.17 mm) for HT9 respectively. Compositions of
these alloys is given In Table 1, The specimens were removed periodically from the reactor and their
diameters measured at five equidistant positions using a non-contacting laser system. During any one
irradiation interval the temperature was actively controlled within #5°C.

Table 1. Chemical Compositions (Weight Percent)

Alloy
(Meat No.) Fe £ Mn P $ si N cr MoV  NkTa T Co  tu Al B ¥ N
WTe (9607RZ)  Bal. 020 057 0.0% 0003 0.17 051 121 104 028 -- 0001 <0.05 0.07 0007 <0.001 045 0.027

9Cr-iMo (30175) Bal. 0,081 037 0,010 0003 011 0.09 861 089 0209 0.072 0.004 0.010 004 0007 <0.09 4.01 0.055

Results

Figure 5 shows Ehe diametral changes observed in both alloys to exposures slightly in excess of
31 x 1062 n cm~2 (E>0.1MeV) in an irradiation series where the temperature ranged from 403 to 426°C over the
five MOTA cycles inhabited by these tubes. The exact temperature sequence is shown in Figure 1.

The stress-free curves show that a diameter change, presumably due to void swelling, occurs in both alloys
after a relatively Ion? incubation period. In general, HT9 appears to creep and swell at similar rates
compared to 9Cr-1Mo. 9 hoth a}loys an apparent steady-state diametral change rate appears to have
developed after 15 X 1042 n cm 2 (E>0.1MeV) or -75 dpa.

Figure 2 shows that both alloys exhibit a linear creep rgse depeadence on stress for hoop stress levels
greater than 50 MPa for fluences on the order of 10 x 10¢¢ n em™¢ {E>0.1MeV} or -50 dpa, but there is some
obvious nonlinearity below 50 MPa, suggesting a stress-initiated process that possible involves a direct
effect of stress on the phase or void evolution of the microstructure.

For the 520 and S00"C temperature conditions the specimen and irradiation matrix is much more limited than
that of -400°C. As shown in Figure 3 linear behavior is observed in 9Cr-1Mo and HT$ at 520°C. At
temperatures of S00°C, however, the creep of both alloys exhibits a stress exponent greater than unity,

(a) Operated for the u.S. Department of Energy by Battelle Memorial Institute under Contract
DE-ACO&-76RLO 1830.
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Figure 1. Diametral strains observed in 9Cr-1Mo and HT9 during irradiation at 403-426°C in FFTF/MOTA. The
hoop stress levels for each curve are given.

3

9Cr-1Mo

403-426 °C

= -2
MAX10T nem” (EsG.1 MeV)

;/" 15.1x |ua
—

. g *gax10” -
!___-——-""'. — 2410
0 . :
HT-9 #3145 10
403-426 °C
3
225x10°
AD '
Oy
Yo DQ 2?2 -

1 / e 1553107
:;:::

93 x 10
a‘ _,,- 2 & x 10 ‘
O 50 1C0 150 200 250
Hooo Stress. MPa

38911091.15

igure 2. s dependen dlame ral straln in 9Cr-1Mo and during irradiation at
Exﬁosure levsl§55 deRandence of ¢ ney 0 TReg I 7o e HTS g 403-426°C.



116

16.6 X 1072
9Cr-1Mo

I 590-605 °C

HT-9 ry
7.7x 10 " em? (£50.1 MeV) /

._D _ 600"C ]
%2} \f !

s 153x10%2 9Cr-1Mo

:...-/-:' 78x 107 | 520°C
L !
150 200

Hoop Stress,MPa
Figure 3. Stress dependence of diametral strain in 9Cr-1Mo and HT9 during irradiation for various

combinations of alloy, temperature and fluence. Two HT9 capsules at 600-C failed at 100 and 140 MPa and are
not shown; one 9Cr-1Mo capsule at 605°C and 140 MPa also failed.

probably reflecting the onset of thermal creep which may be activated by phase instabilities. Note that HT9
develops a nonlinear stress dependence sooner than 9Cr-1Me,

Discussion

If we.use the 0 apd 200,MPa data for HT n derjve g_stress-free swelljng rate of 0.015%/dpa _and a cree
coetficient § = ?EB t 05) of g.?g b 10'2 BEas dpa=1. Froie assune B? fg ngz ro we can caféqute an upperp
boynd estipate of D=1.4 x 10~ . . - - -1 iti
a?qoys %0 Ee va?ld for tﬁeée alﬁg§s, %ﬁeﬁe aﬁsB@%Sthlga}uﬁngl% OAXmo(r)e d%ggllegpgna|9§?% ?SVrSHSF?thA%
this point_te coTpIqter separate the contributions of B, and D, but it, is obgious that D is on the order of
<1.0 x 1072 MPa-l, in rimarkab1e agreement with the value of -0.6 X 1072 MPa-1 obtained for a large variety
of austenitic alloys.l-

Conclusions

Steady-state swelling of HT9 and 9Cr-1Mo apﬁears to develop after 75 dpa for irradiation temperatures in the
range 403-410°C. The rate of swelling in the stress-free condition is very low, on the order of 0.015%/dpa.
Steady-state creep rates also develop concurrently, with creep not only proportional to the applied stress
above a certain level but also to the swelling rate. The creep-swelling coupling coefficient for these
ferritic martensitic alloys appears to be very close to that of austenitic alloys. At 520°C the creep rate
is_linear with stress at all stress levels but at 600°C these alloys exhibit _stress exponents greater than
unity, probably reflecting the onset of thermal creep associated with phase instabilities.

FUTURE WORK

This effort will continue, focusing on a more detailed numerical analysis of the data.
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MICROSTRUCTURAL EVOLUTION F MARTENSITIC STEELS DURING FAST NEUTRON IRRADIATION — P. J. Maziasz {02k
Ridge National Laboratory)

OBJECTIVE

The purpose of this work is comparison of reactor-irradiated and long-tern thermally aged specimens
of 9Cr-1MoVNb steel to distinguish displacement damage effects from those due to elevated-temperature
exposure alone.

SUMMARY

The microstructure of 9Cr-1MoVNb steel evolves quite differently during thermal aging and during
neutron irradiation. During thermal aging at temperatures of 482 to 600°C for times up to 25000 h, the
as-tempered microstructure of lathlsubgrain boundaries and carbides (M23Cs and MC) remains unchanged
while films and particles of Laves phase form along grain and subgrain boundaries, and dense dispersions
of fine VC needles form in the matrix. By contrast, High Flux Isotope Reactor (HFIR) irradiation at 300
to 500°C to 37 to 39 dpa (about 10.000 h} causes the as-tempered subgrain boundary and carbide precipitate
structure to become unstable, but does not produce precipitation of any new phases. Irradiation in HFIR
causes partial dissolution of My3Cg, coarsening and compositional evolution of MC, and recovery and coar-
sening of the lathlsubgrain structure.

PROGRESS AND STATUS
Introduction

Irradiation of martensitic/ferritic steels with fast neutrons (E > 01 MeV) to displacement damage
levels of 30 to 50 dpa at temperatures of 300 to 500°C produces significant changes in the as-tempered
microstructure.!=* Dislocation loops and networks can be produced, irradiation-induced precipitates can
form, the lathlsubgrain boundary structure and the thermal precipitates produced during tempering can
become unstable, and if helium is present, bubbles and voids can form. These microstructural changes
caused by irradiation can have important effects on the properties of this class of steels for both fast
breeder reactor (FBR) and magnetic fusion reactor (MFR) applications. The purpose of this report is to
compare reactor-irradiated and long-term thermally aged 9Cr-1MoVNb specimens. in order to distinguish
effects due to displacement damage from those caused by elevated-temperature exposure alone.

Results

9Cr-1MoVNb Aged to 25000 h — Microstructures of specimens aged at 482 to 706°C for 10,000 and
25,000 h have been examined using analytical electron microscopy (AEM).5 The microstructure of
normalized-and tempered (1 h at 760°C) 9Cr-1MoV¥Nb consists of lathlsubgrain boundaries from the prior
martensitic structure, some intralath dislocations, and mainly coarser M23Cg and some finer MC precipita-
tion. This microstructure remains stable up to 600°C, but coarsens somewhat at higher temperatures.
After 25000 h at aging temperatures below 600°C, a dense dispersion of fine vanadium-rich MC needle pre-
cipitates was found within the laths together with a substantial increase in dislocation density, and
coarser Laves phase particles were found along the suborain boundaries. These aging effects appeared to
be maximum at 482 to 538°C; the microstructure at 538°C is shown in Fig. 1

9Cr-1MoVNb Irradiated 1n HFIR to 37 to 39 dpa — Microstructures of specimens irradiated at 300 to
600°C to 31 to 39 dpa (about 10,000 h) t'n HFIR Rave also been examinea using AEM.!~% In contrast to
thermally aged material, the as-tempered microstructure is unstable during irradiation in HFIR at 300 to
500°C, but shows almost no effects of irradiation at 800°C. Irradiation induces recovery and coarsening
of the lathlsubgrain structure, dissolution of M23Cg and MC (with some coarsening and compositional evo-
lution of the latter), and formation of dislocation loo S and networks, with all of these effects being
most pronounced at the lowest irradiation temperatures.! The microstructure produced in 9Cr-1MoVNb by
HFIR irradiation at 500°C is shown in Fig. 1 This steel contains about 0.1 wt % Ni, so that HFIR irra-
diation to 37 to 39 dpa also produced about 32 appm He (refs. 1.2). Voids and fine helium bubbles were
found at 400°C, and only small bubbles were detected at 600°C; no cavities were detected at 300 and 500°C
(refs. 1,2}. No additional precipitate phases were produced in the 9Cr-1MoVNb steel during HFIR irra-
diation, although a variety of radiation-induced phases can form in similar martensitic/ferritic steels
during reactor irradiation at 400 to 500°C.3
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Fig. 1 Transmission electron microscopy of 9Cr-1MoVNb after (a) HFIR irradiation at 500°C to
38 dpa, and (b) and (c) thermal aging at 538°C for 25,000 h. (a) and (b) are at the same magnification,
while (c) shows fine VC precipitates imaged in dark field at higher magnification.

Discussion

Several differences in the microstructural evolution of 9Cr-1MoVNb steel are obvious from the com-
parison of thermally aged and HFIR-irradiated specimens:

1 The as-tempered subgrain structure and precipitates become unstable during irradiation, whereas
they do not during aging.

i
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2.  Laves phase forms during aging, but not during irradiation.

3. The dislocation concentration within laths is higher after aging than after irradiation.

The effects of irradiation are caused by several mechanisms acting in concert that include
(a) cascade damage, (b} annihilation, accumulation and/or migration of radiation-produced point defects,
and {c) radiation-induced segregation (RIS} and enhanced thermal diffusion caused by the fluxes of
radiation-induced point defects. The effects of thermal aging are driven by thermal diffusion, solute
supersaturation, and recovery processes.

During long-term aging, there appears to be no recovery of the as-tempered structure. The fine VC
precipitation within laths is likely to be due to additional supersaturation of carbon at temperatures
sufficiently below the tempering temperature. The development of Laves phase along subgrain boundaries
and between Or around carbide particles suggests that depletion of carbon from the matrix triggers for-
mation of this carbon-free intermetallic. 3»

During reactor irradiation, the temperature dependence of the microstructural changes, particularly
instability of the as-tempered structure, suggests that irradiation-induced point-defect effects are the
cause, rather than radiation-enhanced thermal diffusion. However, the exact mechanism (or mechanisms)
is not completely clear.!s2 It does appear that Laves phase, which precipitates abundantly from 482 to
600°C during thermal aging, is retarded during HFIR irradiation, at least at 500°C. This could be due to
differences between thermal segregation and RIS, as well as due to matrix compositional differences in
the two cases. |If Laves forms due to carbon depletion during aging, then increased matrix carbon due to
partial dissolution of as-tempered carbides with no additional precipitation may help explain the absence
of Laves phase during irradiation.

CONCLUSIONS

The microstructure of 9Cr-1MoVNb steel evolves quite differently during thermal aging and during
neutron irradiation. During thermal aging at temperatures of 482 to 600°C for times up to 25,000 h, the
as-tempered microstructure of lath/subgrain boundaries and carbides {M23C¢ and MC) remains unchanged
while films and particles of Laves phase form along grain and subgrain boundaries and dense dispersions
of fine VC needles form in the matrix. By contrast, HFIR irradiation at 300 to 500°C to 37 to 39 dpa
(about 10,000 h) causes the as-tempered subgrain boundary and carbide precipitate structure to become
unstable, but does not produce precipitation of any new phases. Irradiation in HFIR causes partial
dissolution of M;3Cg, coarsening and compositional evolution of MC, and recovery and coarsening of the
lathlsubgrain boundary structure. These differences in microstructural evolution may help explain dif-
ferences in mechanical properties behavior in the two exposure environments. Furthermore, they may pro-
vide additional insight into new potential avenues for alloy development to improve the properties, and
suggest that the avenues for optimum performance will most likely be different for high-temperature and
for reactor service environments.
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THE DEVELOPMENT OF FERRITIC STEELS FOR FAST INDUCED-RADIOACTIVITY DECAY -- R. L. Klueh (Oak Ridge
National Laboratory)

OBJECTIVE

Induced radioactivity in the first-wall and blanket-structure materials of a fusion reactor will
make these components highly radioactive after their service lifetime, leading to difficult radioactive
waste-management problems. One way to minimize the disposal problem is to use structural materials in
which radioactive isotopes induced by irradiation decay quickly to levels that allow simplified disposal
techniques. W are assessing the feasibility of developing such ferritic steels.

SUMMARY

Irradiation of ferritic steels with neutrons in the temperature range of room temperature to ~450°C
results in lattice hardening, which causes an increase in strength and a decrease in ductility. Eight
reduced-activation Cr-W-V steels with chromium concentrations varying from 2.25 to 12%were irradiated at
365°C to ~7 dpa in the Fast Flux Test Facility. Steels containing the combination of 2% W and 0.25% V
hardened less than those containing vanadium or tungsten alone or a steel with 194V and 0.25% V. The
amount of hardening was similar for Cr-W-V steels with constant vanadium and tungsten concentrations and
containing 225 5 and 9%Cr; a steel with 12%Cr hardened considerably more. Specimens of two conven-
tional Cr-Mo steels, 9Cr-1MoV¥Nb and 12Cr-1MoVW, were also irradiated, and the hardening of these steels
was similar to analogous reduced-activation steels.

PROGRESS AND STATUS

Introduction

When metals and alloys are irradiated with neutrons at temperatures below about 0.35 Tp» where Ty is
the absolute melting point of the irradiated material, interstitials are mobile relative to vacancies.
and the interstitials combine to form dislocation loops. This gives rise to an increase in strength and
a decrease in ductility. Such hardening occurs in all metals and alloys, but it is especially important
for body-centered-cubic materials. such as the ferritic steels. In addition to the loss of ductility
that accompanies the strength increase in these steels, hardening also affects toughness. Irradiation of
ferritic steels at temperatures up to -450°C can cause a large increase in the ductile-to-brittle tran-
sition temperature and a decrease in the upper-shelf energy. Increases in the transition temperature of
over 200°C have been observed.'

In our reduced-activation alloy development program to develop steels with fast induced-
radioactivity decay (FIRD steels), a range of chromium compositions is being investigated,2™* as shown in
Table 1. These steels were developed by replacing molybdenum in Cr-Mo steels with tungsten. Alloys with
2 1/4% Cr and containing 0.25% V (designated 2 174Cr¥), 2% W (2 1/4Cr-2W}, 1% and 0.25% V (2 1/4Cr-
1MV}, and 2% W and 0.25% V (2 1/4Cr-2WV) are being examined to determine the effect of tungsten and vana-
dium on properties. Also, steels with 2% W and 0.25% V with 5% Cr {5Cr-2Wv), 9% Cr (9Cr-2WV¥), and 12%Cr
(12Cr-2WV) are being examined. The 12Cr-2WV steel was meant to be analogous to 12Cr-1MoVW steel, and
0.07% Ta was added to the 8Cr-2WV steel composition to obtain 3r-2WV¥Ta, which is analogous to 9Cr-1Mo¥Nb
steel. A carbon level of 0.1% was maintained for all steels.2

Microstructure, tensile properties, and impact behavior of these eight steels in the unirradiated
condition have been published.2=* \¢ have now irradiated tensile specimens of these steels, and in this
report irradiation hardening will be discussed. The results will be compared with results for 9Cr-1MoVNb
and 12Cr-1MoVW steels irradiated similarly. The 9Cr-1MgV¥Nb and 12Cr-1MoVW steels are conventional fer-
ritic steels being considered for fusion reactor materials.

Experimental Procedure

Eight heats of steel with nominal compositions given in Table 1 were prepared. For comparison,
specimens of 9Cr-1MoV¥Nb (heat 30176) and 12Cr-1MovW {9607-R2} steel were also irradiated and tested.
Melt compositions for the test materials have been given.?

Sheet tensile specimens with a reduced gage section of 7.62-mm long by 1.52-mm wide by ©.76-mm thick
were irradiated. Specimens were machined with gage lengths parallel to the rolling direction and were
irradiated in the normalized-and-tempered {N & T} condition. Normalizing involved austenitizing 0.5 h at



121

Table 1. Nominal composition of reduced-activation and 1050°C, except for the 2 1/4Cr-2W
conventional ferritic steels irradiated and tested steel that was austenitized 0.5 h at
900°C. (A normalized steel is gener-
Nominal chemical composition,? wt % ally defined as one that is air cooled
Alloy after austenitization. However, to
Cr W v Ni Vb Ta No C minimize oxidation, heat treatments

were carried out in a flowing helium

2.25CrV 2.25 0.25 0.1 atmosphere and cooled by pulling the
2.25Cr-1WV 2.25 1.0 0.25 0.1 specimens into the helium-cooled cold
2.25Cr-2W 2.25 2.0 0.1 zone of the tube furnace. This heat
2.25Cr-2WyV 2.25 2.0 0.25 0.1 treatment is here referred to as
5Cr-2Wy 5.0 2.0 0.25 0.1 normalizing). The 2 1/4CrV, 2 1/4Cr-
9Cr-2WV 9.0 2.0 0.25 0.1 1WV, and the 2 1/4Cr-2W steels were
9Cr-2WVTa 9.0 20 0.25 0.07 0.1 tempered 1 h at 700°C, and the other
12Cr-2Wv 12.0 2.0 0.25 0.1 five steels were tempered 1 h at
9Cr-1MoVNb 9.0 0.25 1 0.06 0.1 750°C. The 9Cr-1MoVNb was normalized
12Cr-IMoVW 12 0.5 0.25 0.5 1 0.2 05 h at 1040°C and tempered 1 h at

760°C; the 12Cr-1MoVW was normalized
8Balance iron. 05 h at 1050°C and tempered 2.5 h at
780°C. Tests were made in vacuum on
a 44-kN-capacity Instron universal
testing machine at a nominal strain
rate of 1.1 x 1073/s.

Specimens were irradiated in the Fast Flux Test Facility (FFTF) in the below-core specimen canister of
the Materials Open Test Assembly (MOTA). This irradiation position is a sodium "weeper" that operates at
~365°C, which is slightly above the coolant ambient temperature. Specimens were irradiated to -1.8 to
21 x 102% n/m2 (E »>0.1 MeV), which produced displacement-damage levels of -6.4 to 76 dpa.

Results

Microstructures of the N 8 T tensile specimens depended on the composition2: the four 2 1/4Cr steels
were 100%bainite; the 5Cr-2WV, 9Cr-2WV, and 9Cr-2WVTa steels were 100% martensite; and 12Cr-2WV steel con-
tained 25% delta-ferrite, the balance martensite.

Table 2 summarizes the tensile results for the reduced-activation steels along with the conventional
Cr-Mo steels. All steels hardened during irradiation. Hardening was accompanied by a decrease in ductility,
as measured by the total elongation.

Table 2. Tensile Properties of Irradiated Cr-W and Cr-Mo Steels In Fig. 1, the 0.2%
yield stresses for the eight
Unirradiated Irradiated reduced-activation steels and
9Cr-1MoVNb and 12Cr-1MoVW
Strength, MPa Elongation  Strength, MPa Elongation steels are compared in the N
Alloy R — (%) (%) & T and irradiated conditions.
Yield Ultimate Yield Ultimate Two specimens each were tested
Tensile Tensile for the irradiated steels, and
the value used in Fig. 1is
2 1/4Crv 649 723 12.0 952 980 6.2 the average of the two. The
947 980 7.0 height of each bar represents
2 1/4Cr-1wv 643 733 123 866 894 73 the strength after irradiation
983 1025 7.7 and the lower portion repre-
2 1/4Cr-2W 509 618 13.7 787 821 8.7 sents the strength of the N &
755 776 89 T steel. The top portion of
2 1/4Cr-2WV 606 693 127 710 731 75 each bar represents the hard-
867 890 8.1 ening caused by irradiation.
5Cr-2w¥ 537 645 13.0 733 774 8.8
724 768 9.3 Ifthe yield stress
9Cr-2WV 549 659 12.3 716 767 97 behavior for the four steels
703 761 10.7 containing 2.25% Cr is exa-
9Cr-2WVTa 544 652 12.3 661 716 10.8 mined, hardening appears to
676 751 114 be affected by tungsten and
12Cr-2W¥ 522 657 13.0 845 872 77 vanadium concentrations.
868 907 8.3 Steel with the combination of
SCr-1Mo¥Nb 539 630 13.3 695 746 105 2% W and 0.25% V hardened the
688 744 10.0 least of these four steels.
12Cr-1MoVW 556 738 14.3 901 965 93 Steel to which only vanadium
938 1001 938 or tungsten were added (2 i/4

tr¥ and 2 1/4 Cr-2W) showed
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omiowa UlI—
a large increase in strength as did
1.000 the steel with 0n|y41%W and 0.25% V.
77 & 7 i (Note that the 2 1/4Cr-2WV steel was
900 // B N&T  Pliradiated tempered at a higher temperature than
/ % the other three 2 1/4Cr steels;
800 / however, the strength of the 2 1/4Cr-
2W¥ steel was comparable to the other
g 700 three steels when all were in the
3 N & T condition.)
. 600 ) )
b To compare steels with different
¥ 500 chromium compositions, it is appro-
s priate to examine the 2 1/4Cr-2WV,
a 400 5Cr-2WV, 9Cr-2WV, and 12Cr-2ZwWv
0 steels, since these all contain the
% 300 same 2% W and 0.25% V and all were
normalized and tempered in the same
200 way. Little difference in the amount
of hardening occurred for the 2 1/4 Cr-
2WY, 5Cr-2WY, and 9Cr-2WY steels, but
100 the 12Cr-2WV steel hardened con-
0 E [z siderably more. An addition of a
IV 2250IWY 2.250-20 225G-WY SCLZNY  C1-ZWY OCIZWYTL DC-IWY DCrBKATD ROHIRNW small amount of tantalum (0.07%) to
the 9Cr-2WY¥Y composition resulted in a
Fig. 1. Yield stress at 365°C for eight reduced-activation somewhat smaller amount of hardening
steels and 9Cr-1Mo¥Nb and 12Cr-1MoVW steels before and after for the 9Cr-2WV¥Ta steel.

irradiation to -7 dpa at 365°C.

For the Cr-Mo steels, the 12Cr-1MoVW hardened considerably more than 9Cr-1MoVNh steel (Fig. 1}.
When the increased yield stresses are compared with those of the analogous Cr-W-V steels, the change in
strength for the 9Cr-1MoV¥Nb and 9Cr-2WVTa steels is similar, as is the change for the 12Cr-1MoVW and
12Cr-2WV steels (Fig. 1).

From Table 2, it is seen that for all steels the relative increase in the ultimate tensile strength
after irradiation is similar to that observed for the yield stress. The magnitude of the changes in
ultimate tensile strength was less than that observed for the yield stress.

Figure 2 compares total elongation changes for the different steels (an average of the two values
for the irradiated steels was again used). |In this diagram, the height of the lower portion of each bar
is the elongation after irradiation, and the total height of the two portions represents the unirradiated
elongation. The length of the upper portion of each bar represents the loss of ductility due to the
hardening. Elongation changes for the four 2 1/4Cr steels were similar, all near 5%. The 12Cr-2WV steel
had a similar change, but the 5Cr-2WV, 9Cr-2WV, and 9Cr-2W¥Ta steels had smaller changes. The 9Cr-1MoVNb
and 12Cr-1MoVW steels showed changes similar to their counterpart Cr-W-V steels. Mote that all steels
maintained considerable ductility after irradiation.

Discussion

Suganuma and Kayano® studied the hardening of Fe-Cr binary alloys with 0to 15%Cr irradiated to
-1.1 = 1023 n/m? (E »1 MeV) at 127°C and tested between -196°C and room temperature. They found a linear
relationship between the increase in yield stress and chromium concentration and concluded that, "The
hardening mechanism suggests that there is a linear increase with O content in the athermal component of
the irradiation hardening of Fe-Cr alloys." They also tested several experimental and commercial ferri-
tic and martensitic steels with different chromium concentrations at room temperature and found that the
hardening of these steels fell within the band of data defined by the binary alloys, indicating that the
same mechanism should apply for these steels.® These latter alloys included commercial steels containing
Mo, V, Nb, and W {12Cr-1MoVW steel was included).

Gelles and Hamilton® irradiated tensile specimens of reduced-activation ferritic steels with chro-
mium concentrations between 2 1/4 and 12%. However, instead of using tungsten as the substitute for
molybdenum, as was done for the reduced-activation steels discussed in the present experiment, most of
their alloys contained vanadium (up to 1.5%) and no tungsten. This was true for all of the 2 1/40
alloys; one 9Cr alloy and one 12Cr alloy contained -0.9% W (ref. 6). They found that the 2 1/4Cr steels
were prone to precipitate formation and irradiation hardening when irradiated to approximately 15 and 45
dpa at 420°C in FFTF.® From these results, Gelles concluded that steels with chromium composition around
2% would not be viable for fusion reactor applications.’



ome-Owa | — Results in Table 2 suggest that when
1€ the concentration of elements other than
772 Iradiated [ chromium are fixed, chromium concentration
. between 2 1/4 and 9% has little effect on
F hardening, except for the steel with 12%Cr.
Thus, the linear behavior observed by
Suganuma and Kayano® apparently does not
apply for these steels. Note, however, that
the neutron fluence of the Suganuma and
Kayano' irradiations was three orders of
magnitude less than those of the present
experiment. Specimens in the present
experiment were also irradiated and tested
at a higher temperature than used by
Suganuma and Kayano, who irradiated at 127°C
and tested at room temperature.

12

TOTAL ELONGATION (%)

From results on the reduced-activation
steels (Fig. 1), it appears that the type of
] - alloying elements present in addition to the

R | s chromium affected hardening. This was not
ik R il observed by Suganuma and Kayano for the
tlly" zescawy ¢ Z25C-INY BCHIWY  UC-INY DOL2WYIL TO-TWY 3C-MoHy DOLMVW alloys they tested." For the 2 1/4Cr
steels, an alloy with 0.25% V (no tungsten)

Fig. 2. Total elongation at 365°C for eight and one with 2% W (no vanadium) harden more
reduced-activation steels and 9Cr-1MoV¥Nb and 12Cr-1MoVW than when the combination of these elements
steels before and after irradiation to -7 dpa at 365°C. (2% W, 0.25% V) is present. Also, 2% W in

combination with 0.25% V does not harden

to the same extent as one with 1%l and
0.25% V, indicating how tungsten affects hardening in the presence of vanadium. Addition of 0.07% Ta to
the 9Cr-2WY had a significant effect in decreasing the amount of hardening of the 9Cr-2WY steel. The
observation that the combination of tungsten and vanadium produced a 2 1/4Cr steel that hardened less
during irradiation than steels containing these elements alone agrees with the observations of Gelles and
Hamilton," who observed large increases in strength and decreases in ductility in 2 1/4 Cr steels with
05 1, and 1.5% V and no tungsten.

In previous experiments, 2 1/4Cr-1Mo (ref. 8), 9Cr-IMoVNb (ref. 9) and 12Cr-1MoVW (ref. 10) steels
were irradiated in the Experimental Breeder Reactor {EBR-II) to -12 dpa at 390°C and tested at 400°C
(Table 3). The 12Cr-1MoVW steel was irradiated and tested in two different heat-treated conditions {HT1
and HT2Y, both of them different from the one used in the present experiment. Table 3 shows the heat
treatments, the yield stress changes, and elongation changes that occurred in those tests. Contrary to
the present results, the 9Cr-1Mo¥Nb steel showed the greatest amount of hardening, and the 12Cr-1MoVw
(HT2) and 2 1/4Cr-1Mo steels showed the least change. The 126r-1MoVW steel with HT2 was given the most
stringent tempering treatment, resulting in the lowest strength and the most stable microstructure prior
to irradiation. These observed changes in yield stress also do not fit into the relationship with chro-
mium proposed by Suganuma and Kayno."

Table 3. Tensile Properties of Cr-Mo Steels Irradiated In general, results from the
in EBR-IT at 400°C to 12 dpa present tests indicate that the
reduced-activation ferritic steels
Yield Stress, MPA Elongation, % do not harden significantly more
than 9Cr-1MoV¥Nb and 12Cr-1MoVW
Irra-  Unirra- AYS Irra-  Unirra- AE steels, the conventional ferritic
Alloy diated diated diated diated steels that are considered candi-
dates for fusion reactor applica-
2 1/4Cr-1Mo 636 501 135 54 8.4 3.0 tions. When the compositions far
the reduced-activation steels were
9Cr-1MoVNb 781 474 307 41 5.9 18 chosen, tungsten was selected as a
substitute for molybdenum and
12Cr-1MoViW {HT1) 872 641 231 34 5.6 2.2 tantalum as a substitute for
niobium. One objective was steels
12Cr-1MoVW {HT2) 673 548 125 4.8 6.1 13 having properties similar to the
steels being replaced — thats:
Heat Treatments: similarity between 9Cr-2WVTa and 9Cr-
2 1/4Cr-1Mo: 0.5 h at $00°C, air cool; 1 h at 700°C. 1MoV¥Nb and between 12Cr-2WV arid
9Cr-1MoVND: 1h at 1038°C. air cool: 1h at 760°C. 12Cr-1MoVW. The present results indi-

12Cr-1MoVW (HT1): 008 h at 1038°C. air cool; 05 h at 760°C.  cate that there is considerable similar-
12Cr-1MoVW (HTZ2}: 05 h at 1038°C, air cool; 1h at 760°C. ity in the way these analogous steels
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harden when irradiated and tested under similar conditions. For the 12Cr steels, this occurred despite
the 12Cr-2WV steel containing -25% delta-ferrite, whereas the 12Cr-1MoVW steel was completely marten-
sitic. Similarity in behavior of the analogous Cr-W and Cr-Mo steels was also observed for unirradiated
properties. 3%

SUMMARY AND CONCLUSIONS

A series of reduced-activation Cr-W steels and the conventional Cr-Mo steels 9Cr-1MpV¥Nb and 12Cr-
1MoVW were irradiated to ~7 dpa at 365°C. All steels hardened. Observations on the Cr-W steels indi-
cated that steels containing 2 1/4% Cr and a combination of vanadium and tungsten hardened less than
those to which only vanadium or tungsten were added. For the steels containing 2.25, 5, 9, and 12%Cr
and 2% W and 0.25% V, the steel with 12%Cr hardened the most, while the other three steels hardened
significantly less. A 9Cr-2WVTa steel developed the smallest amount of hardening of all of the reduced-
activation steels. In a comparison of the Cr-W and Cr-Mo steels, it was found that analogous steels
hardened similar amounts: the 9Cr-2WV¥Ta and 9Cr-1MoV¥Nb steels showed similar amounts of hardening, as
did the 12Cr-2WV and the 12Cr-1MoVW steels.
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HEAT TREATMENT EFFECT ON IMPACT PROPERTIES (F REDUCED-ACTIVATION STEELS -- R. L. Klueh, P. J. Maziasz,
and 0. J. Alexander (Oak Ridge National Laboratory)

OBJECTIVE

Induced radioactivity in the first-wall and blanket-structure materials of a fusion reactor will
make these components highly radioactive after their service lifetime, leadingto difficult radioactive
waste-management problems. One way to minimize the disposal problem is to use structural materials in
which radioactive isotopes induced by irradiation decay quickly to levels that allow simplified disposal
techniques. W are assessing the feasibility of developing such ferritic steels.

SUMMARY

The effect of heat treatment on the impact behavior of eight experimental heats of reduced-
activation ferritic steels was investigated. Steels with 2 1/4, 5, 9, and 12 wt % Cr and containing
tungsten, vanadium, and tantalum were examined. Impact properties of steels with 2 114%Cr depended on
microstructure, which was affected by cooling rate after austenitization. By heat treating the 2 1/4Cr
steels to change the microstructure from a bainitic structure containing ferrite to one without ferrite,
the ductile-brittle transition temperatures were reduced substantially. Cooling rate had essentially no
effect on the high-chromium martensitic steels.

PROGRESS AND STATUS
Introduction

E1ght heats of reduced-activation ferritic steels are being investigated for fusion reactor applica-
tionsl- (Table 1). Steels with 2 114, 5 9, and 12%Cr (all compositions are in weight percent) and
containing 2% W and 0.25% V (designated 2 1/4Cr-2WV, 5Cr-2WV, 9Cr-2WV, 12Cr-2Wy) were produced. To
determine the effect of tungsten and vanadium, 2 1/4Cr steels were produced with 2% W and no vanadium
(2 1/4Cr-2W) and with 0.25% V and no tungsten (2 1/4 Cr¥} and 1940 (2 1/4Cr-1WV). A 9Cr steel with 2% W,
0.25% V, and 0.07% Ta (9Cr-2W¥Ta) was also studied. All alloys contained 0.1% C.

In previous work, tensile tests of these eight steels showed that the 2 1/4Cr-2WV and 9Cr-2WVTa

steels had comparable strength and were substantially stronger than the other six steels.? However, the
impact tests showed the 2 1/4Cr-2WV steel to have a ductile-brittle-transition temperature (DBTT) above
room temperature.? Since the DBTT is expected to increase during irradiation. this high DBTT might make
the steel unsuitable for fusion reactor applications. 1t was concluded that the high DBTT was caused by
20% polygonal ferrite formed in the mostly bainitic microstructure when heat treated as 15.9-mn-thick
plate.® ~ Iftrue, the OBTT can be improved by heat treating to obtain a completely bainitic steel.

In this paper, Charpy impact properties of the eight experimental reduced-activation steels given
different heat treatments are compared.

Experimental Procedure

Eight heats of steel with nominal compositions given in Table 1 were prepared by Combustion
Engineering, Inc., Chattanooga, Tennessee. Tests were previously made on standard Charpy V-notch (CVN)
impact specimens obtained from normalized-and-tempered 15.9-mm-thick plate.3 Specimens were machined
from the heat-treated plate in the longitudinal orientation with a transverse crack (LT}. The 2.25Cr-2W
steel was normalized by annealing 1 h at 900°C and air cooling. The other seven heats were annealed 1h
at 1050°C and air cooled; the higher temperature was used for these steels to assure that any vanadium
carbide present in the microstructure dissolved when the steel was austenitized. Tempering treatments
were given according to the chromium, tungsten, and vanadium compositions. The 2 1/4CrY¥ and 2 1/4Cr-2W
steels were tempered 1 h at 700°C, the 2 1/4Cr-1WV steel was tempered 1 h at 725°C, and the five other
heats were tempered 1 h at 750"C.5 Details on melt compositions, microstructures, and processing have
been given.'

To determine the effect of heat treatment, standard CVN specimens made but not tested previously?
were sectioned to make eight miniature specimens from each standard specimen. The subsize specimens were
essentially one-third the standard size and measured 33 by 3.3 by 25.4 mm and contained a 0.51-mn-deep
30" V-notch with a 0.05-to-0.08-mm-root radius.
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Table 1. Nominal composition of reduced- With the exception of the 2 1/4Cr-2W, the small
activation and conventional ferritic specimens were normalized by austenitizing 0.5 h at
steels irradiated and tested 1050°C in a tube furnace under a helium atmosphere.
They were then pulled into the cold zone of the furnace
Nominal chemical composition? and cooled in flowing helium. The 2 1/4Cr-2W steel was
wt% annealed 0.5 h at 900°C. Tests were made after two
Alloy tempering conditions: 1 h at 700°C and 1 h at 7%0°C.
Cr W v Ta C Results were compared to results for miniature speci-
mens heat treated as 15.9-mm-thick plate {i.e., one-
2.25CrV 2.25 0.25 0.1 third-size specimens that were tested as machined from
2.25Cr-1WyY 2.25 1.0 0.25 0.1 the standard Charpy specimens).
2.25Cr-2W 2.25 2.0 0.1
2.25Cr-2wy 2.25 2.0 0.25 0.1 Details on the testing procedure for miniature
5Cr-2Wy 5.0 2.0 0.25 0.1 specimens have been published.* Each Charpy data set
9Cr-2WV 9.0 2.0 0.25 0.1 was fitted with a hyperbolic tangent function to obtain
9Cr-2WVTa 9.0 2.0 0.25 007 0.1 the OBTT and upper-shelf energy (USE). The DBTT was
12Cr-2WY 12.0 20 0.25 0.1 determined where the impact energy was one-half of the
USE.

2Balance iron.
Results

Microstructures were previously determined after normalizing and tempering the 15.9-mm-thick plate.'
The 2 1/4CrV steel contained 30 to 35% bainite, with the remainder being polygonal or proeutectoid
ferrite. The 2 1/4Cr-1WY¥ steel contained -55% bainite and 45% ferrite. More bainite was contained in
the microstructures of the 2 1/4Cr-2W and 2 1/4Cr-2WV steels: the 2 1/4Cr-2W steel was -100% bainite;
the 2 1/4Cr-2WY steel contained 15 to 20% polygonal ferrite. With the increase in chromium to 5% or
more, the hardenability becomes great enough to form martensite instead of bainite.’ The 5Cr-2WV,
9Cr-2WY, and 9Cr-2WVTa steels were 100% martensite. However, the 12Cr-2WVY steel contained approximately
25% delta-ferrite, with the balance being martensite.’

Wren these steels were heat treated in the one-third-size Charpy specimen geometry (3.3-mm square
cross section), the four 2 1/4Cr steels were essentially 100% bainite. No change was observed in the
microstructures of the high-chromium steels.

The first two columns of Table 2 show the Charpy impact test results when the steels were heat
treated as one-third-size Charpy specimens and tempered at 700 and 750°C, respectively. The third column
gives results for steels heat treated as 15.9-mm plate. For three of the four 2 1/4Cr steels, the size
of specimen heat treated, and thus, the microstructure, had an effect. With the exception of 2 1/4Cr-2W,
which remained unchanged, the DBTT of the other three 2 1/4Cr steels was substantially lower for the
small specimens that were entirely bainite, compared with specimens taken from heat-treated plate
(similar tempering treatments are compared). Little difference in OBTT was observed for 9Cr-2WV,
9Cr-2WvTa, and 12Cr-ZWV when data for material heat treated as 15.9-mm plate and one-third-size specimens
were compared after both were tempered at 750°C. The 5Cr-2WY steel showed a small improvement in proper-
ties when it was heat treated as the one-third size specimen, as opposed to heat treating as 15.9-mm
plate.

For most of the steels, tempering at 750°C lowered the DBTT and raised the USE relative to values
obtained when tempered at 700°C. The exceptions were the 2 1/4 Cr¥ and 2 1/4Cr-2W steels, where there
was little difference in properties between the steel tempered at 700 and 750°C.

Qiscussion

The relatively high DBTT values for three of the four 2 1/4Cr steels taken from heat-treated 15.9-mm
plate when tested as standard CVN specimens were tentatively attributed to the ferrite in the mixed
ferrite-bainite microstructures.d Only 2 1/4Cr-2W steel had a low DBTT, and it was 100% tempered
bainite. After 1/3-size Charpy specimens were heat treated, the DBTT of the 2 1/4Cr-2W steel was
unchanged: -48°C when heat treated as 159-mm plate and —56°C after heat treatment as 1/3-size specimens
(specimens tempered at 700°C are being compared). On the other hand, the three steels that previously
had high OBTT values in the normalized-and-tempered 15.9-mm plate showed large decreases (Table 2) when
specimens with similar tempers are compared (the 2 1/4CrV was tempered at 700°C, 2 1/4Cr-1WV at
725°C--interpolation required--and 2 1/4Cr-2WV at 750°C). Thus, it appears that the conclusion that the
high values were caused by ferrite in the mixed bainite-ferrite microstructure is correct.3

For 9Cr-2WV, 9Cr-2WVTa, and 12Cr-2WY steels, there was essentially no change in DBTT between steel
heat treated as plate or as miniature CVN specimens (comparison is made for the 750°C temper). This was
expected and reflects the high hardenability of these steels. Microstructures were unchanged, regardless
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Table 2. Charpy impact properties of reduced-activation steels

Heat Treatment Geometry

1/3-5ize Specimen 15.9-mm-plate
Alloy
1 h 700°C 1 h 7650°C
) DBTT2 (°C) USE {J)
2 1/4Cr¥ -24 109 -26 105 36 94
2 1/4Cr-1WV -32 90 -58 10.7 -5 9.7
2 1/4Cr-2W -56 115 =77 101 -48 96
2 1/4Cr-2wWv -9 70 -52 110 0 9.7
ECr-2WY -86 10.0 -112 117 -80 10.0
9Cr-2WY -16 8.0 -63 95 -71 94
9Cr-2WVTa -43 75 -80 10.1 -78 9.7
12Cr-2WY -33 86 -59 99 -50 9.0

AThe tempering conditions for the plates were as follows: 2 1/4Cr¥ and 2 1/4Cr-2WV were tempered 1 h
at 700°C; 2 1/4Cr-1WV was tempered 1 h at 725°C; all other steels were tempered 1 h at 750°C.

of the size of specimen heat treated. Although the DBTT of 5Cr-2WY¥ was not expected to change, it
decreased slightly. The reason for this is unclear, since the microstructure was concluded to be 100%
martensite." and if true, it should behave as the other high-chromium steels.

These results for the 2 1/4Cr steels indicate that if it is possible to use thinner sections, quench
instead of normalizing, or improve the hardenability of such steels, it should be possible to lower the
DBTT to make these steels attractive for fusion reactor applications. Since under certain conditions the
2 1/4Cr-2WV steel had the highest strength of the eight steels examined,? it should be possible to use
such a steel if it is heat treated properly. Of course, the final determination of the usefulness will
be determined by the effect of irradiation on the toughness.

Toughness, as measured by DBTT and USE, is expected to improve with an increase in tempering tem-
perature, since strength decreases. This was observed for most of the steels, but not for the 2 1/4Cr-
2W. To try to understand this, compare the data for 2 1/4Cr-2W and 2 1/4Cr-2WV in Table 2, where it is
seen that tempering had much less effect on the DBTT of 2 1/4Cr-2W than on that of 2 1/4Cr-2WV. Although
optical microstructures of both steels indicated tempered bainite microstructures, differences were
apparent from transmission electron microscopy (TEM). Elongated substructure and precipitates appeared
inthe 2 1/4Cr-2W [Fig. 1(a)], giving evidence of a lath-like microstructure prior to tempering.
Precipitates in the 2 1/4Cr-2WV were globular and often appeared to form in patches [Fig. l(b)g]- The

ORNL-PHOTO 9366-89

Fig. 1 Transmission electron microscopy photomicrographs of the bainitic microstructures of the
normalized-and-tempered (a) 2 1/4Cr-2W and {b) 2 1/4Cr-2WV steels.
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reason for these differences is believed to be the different kind of bainite that forms in the two steels
when they were normalized. This difference is associated with hardenability and how rapidly the steels
are cooled from the austenitizing temperature.5~7

To demonstrate the effect of cooling rate, pieces of tested standard-size and 1/3~size CVN specimens
were normalized by heating in a helium atmosphere in a tube furnace and cooled by pulling into the cold
zone. An austenitization treatment of 05 h at 900°C was used for 2 1/4Cr-2W and 05 h at 1050°C for
2 1/8Cr-2WV. To speed the cooling of the small specimen, it was cooled in flowing helium. The large
specimen was cooled in static helium to further slow the cooling rate relative to the small specimen.

Optical metallography indicated both steels were 100%bainite after both the fast and slow cools,
although there were differences in appearance, as shown in Fig. 2 for 2 1/4Cr-2WV. The specimen given
the fast cool appeared more acicular. Similar observations were made for 2 1/4Cr-2W.

ORNL-PHOTO 9367-89
2 L

-

Fig. 2. Optical microstructures of 2 1/4Cr-2WV steel after (a) slow cool and (b} fast cool from the
900°C austenitization temperature.

Bainite, generally defined microstructurally as carbides in a ferrite matrix formed in the tem-
perature range -250 to 550°C, was originally thought to consist of only two morphological variations,
upper and lower bainite, which were defined according to the temperature of formation. Classical upper
and lower bainite can be differentiated by the appearance of the carbide particles relative to the axis
of the bainitic ferrite plate or needle. Upper bainite forms as a collection of ferrite plates or laths
with carbide particles forming parallel to the plates. Lower bainite consists of ferrite plates or
needles with carbides forming within the ferrite at about a 60° angle to the axis of the plate or needle.

There are important variations on these classical bainites that were first pointed out by Habraken.>
He found morphological variations in the bainite transformation products that differed from upper and
lower bainite, although they formed in the bainite transformation temperature regime. Such
"nonclassical" bainites formed more easily during continuous cooling than during an isothermal transfor-
mation,3:6 where classical bainitas are generally formed. Habraken and Economopoulos® contrasted the
morphologies of the nonclassical structures formed during continuous cooling with classical bainites
obtained during isothermal transformation.

Classical upper and lower bainite microstructures form when transformed in different temperature
regimes of the bainite transformation temperature region as defined on an isothermal-transformation (IT)
diagram.® This means that the bainite transformation region of an IT diagram can be divided into two
temperature regimes by a horizontal line, above which upper bainite forms and below which lower bainite
forms. For the nonclassical bainites, Habraken and Economopou1055 showed that a continuous cooling
transformation (CCT) diagram could be divided into three vertical regions (Fig. 3). Three different
nonclassical bainite microstructures form when cooling rates are such as to pass through these different
zones. A steel cooled rapidly enough to pass through zone | produces a "carbide-free acicular” struc-
ture, which consists of side-by-slde plates or laths.® When cooled through zore IIé a carbide-free
"massive or granular" structure results, generally referred to as granular bainite. It has been
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concluded that granular bainite consists of a ferrite matrix with a high dislocation density that con-
tains martensite-austenite (M-A) "islands."® Since the microstructures developed by cooling through zone
IIT were not observed in this study, they will not be discussed.
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Fig. 3. Schematic representation of a continuous-cooling transformation diagram that shows cooling
zones for the formation of three morphological variations of bainite during continuous cooling. After
Habraken and Economopoules.’

Microstructures observed by TEM on the different-sized specimens of normalized 2 1/4Cr-2W and
2 1/ACr-2WV are shown in Figs. 4 and 5 respectively. The slowly cooled specimens are shown in Figs. &{a)
and 5{a) and are characteristic of granular bainite;3*® the dark areas are the M-A islands. Micrographs
of the sgeczimens cooled rapidly [Figs. 4(b} and 5(b)J} are characteristic of carbide-free acicular
bainite.>»& When granular bainite is tempered, large globular carbides form in the M-A islands, whereas
elongated carbides form on lath boundaries of acicular bainite,” just the types of morphology observed
when 2 1/4Cr-2W [Fig. 1{(&)] and 2 1/4Cr-2WV [Fig. 1{b)] were tempered.

Experimental work on a 3Cr-1,5M0-0.25V steel indicated that for carbide-free acicular bainite. a
high toughness (low DBTT and high USE) wes achieved after te ering at a lower temperature or for a
shorter time (constant temperature) than for ganular bainite?  Further, once these properties were
reached for the acicular bainite, tempering had little further effect on toughness. This could explain

ORNL-PHOTO 9368-89

Fig. 4 Transmission electron microscopy photomicrographs of the bainitic microstructures of the
normalized 2 1/4Cr-2W after (a) slow cool and {b) fast cool from the 900°C austenitiring temperature.
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SUMMARY AND CONCLUSIONS

The impact behavior of eight experimental reduced-activation steels with chromium concentrations of
2 1/4, 5 9, and 12%was investigated. Four 2 1/4Cr steels with varying vanadium and tungsten concentra-
tions were included. The heat-treated section size had little or no effect on the microstructure and
toughness of the steels with greater than 2 1/4% Cr. The amount of ferrite present in the microstructure
of the rmstly bainitic 2 1/4Cr steels affected the impact properties, and the effect of tempering On the
impact properties of these steels depended on the nmrphological variation of the bainite present in the
microstructure.
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IRRADIATION CREEP AND SWELLING OF ANNEALED TYPE 304L STAINLESS STEEL AT ~390°C AND HIGH NEUTRON FLUENCE -
D. L. Porter, Argonne National Laboratory, F. A. Garner, Pacific Northwest Labaratory ) and G. D. Hudman,
Argonne National Laboratory

OBJECTIVE

The objective of this effort is to determine the mechanisms involved in radiation-induced deformation of
structural materials and apply these insights toward extrapolation of available fast reactor data to fusion-
relevant conditions.

SUMMARY

The irradiation-induced creep and swelling of annealed AISI| 304L in EBR-II at ~390°C have been investigated
to exposures on the order of 80 dpa and compared with the behavior of AISI 316 stainless steel. It is shown
that swelling and creep of various austenitic steels are strongly interactive phenomena. While swelling
depends on stress, displacement rate, composition and cold-work level, the creep rate directly depends only
on the stress level and the instantaneous swelling rate. The creep-swelling coupling coefficient does not
appear to be very sensitive to composition, cold work level or temperature.

PROGRESS AND STATUS
Jntroduction

Most recent irradiation creep studies on austenitic steels have focused on Type 316 stainless and various
titanium-modified variants of this steel. One recently reported series of studies conducted on Type 316 to
very high fluences in EBR-II has yielde? sl?nificant insight on irradiation creep and its relationships with
swelling and irradiation embrittlement. 1- '‘Some new phenomena were also observed, including the
disappearance of irradiation creep at moderate amounts of swelling and high stress levels.

In an attempt to further study these phenomena, additional analysis has been performed on a companion
experiment involving irradiation of relatively long creep tubes constructed from annealed Type 304L
stainless steel. In addition to addressing fundamental questions concerning the relationship of stress,
swelling and creep, this study is also timely in that Type 304 stainless steel has recently been propose?
for potential use in near-term fusion applications where the neutron wall loading may be relatively low. 5)
The relatively smaller amounts of nickel and molybdenum in Type 304 compared to Type 316 may allow Type 304
to satisfy currently specified waste disposal criteria at sufficiently low exposure levels.

Experimental Details

This in-reactor nineteen pin pressurized tube experiment was conducted in Row 7 of the Experimental Breeder
Reactor-11 {EBR-II} to study the creep and swelling behavior of annealed AISI| Type 304L, the material that
originally formed most of the cladding for EBR-II fuel. Each tube was 152 on in length, with an outer
diameter of 0.737 cm, 0.051 am wall thickness, and a nominal grain size of ASIM 6. They were pressurized
with helium to yield one of seven levels of hoop stress, varying from 0 to 188 MPa. The temperature varied
from 380°C at the bottom of the core to 415°C a, the top. There was a small radial gradient in displacement
rate across the tube assembly, reaching 5.3x1074 dpa/sec for the center tube in the ggbasselirbly at core
centerline. Approximately 5 dpa (*10%) are produced in this reactor for each 1.0x104¢ n/emé {E>0.1 MeV),
depending slightly on the position within the reactor.

The tubes were removed periodically from the reactor and the total creep plus swelling deformation was
measured using profilometry along the gug? axis. Analyses of creep behavior at lower fluence levels
(30-45 dpa) were reported previously.( ) In this report the creep behavior of fourteen tubes carried to
displacement levels on the order of 80-85 dpa is analyzed.

At the termination of the experiment, portions of the bottom half of these tubes (one at each stress level)
were cut into 2.5 an sections and their density change determined using an immersion technique. Some of the
swelling results and Eg?ir dependence on simultaneous variations in displacement rate and stress were
published previously. The flux variations in the swelling data at a given stress level arise from the

axial variation in displacement rate.

(a) Operated for the US. Department of Energy by Battelle Memorial Institute under Contract
DE-AC-06-76RLO 1830.
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Figure 1. Maximum diametral strains observed in fourteen gas-pressurized tubes constructed of annealed
Type 304L stainless steel and irradiated in EBR-II. Pin designations are given; those marked with an
asterisk were sectioned for density measurements,
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Results

Figure 1 (a-g) shows the diametral strains observed in each pin at the position of maximum diametral strain
arising from the combined contributions of void swelling and irradiation creep. In those cases where two or
more pins were available at the same stress level, it is obvious that the diameter change behavior is quite
reproducible. The deformation of the unstressed tubes is the result of swellln% only, reaching 11-12% at
=75 dpa, assuming that swelling-induced strains are isotopically distributed. The steady-state swelling
rate deduced from Figure la is 0.18%/dpa.

Figure 2 shows the results of the density change measurements. The highest displacement level is associated
with a 2.5 cm section cut from each tube at 28-29 inches above the bottom of the core. This is not
necessarily the same position as that of the maximum diameter chanﬁe, however. Since each tube was fixed at
the bottom of the core, each point on the tube moves upward through the core during irradiation; the amount
of upward displacement is the integral sum of the linear swelling deformation below that point. (In this
geometry cree? does not contribute to axial deformation.) Therefore, swelling data were obtained only from
the bottom half of each pin to minimize uncertainties in position and dpa level. The temperature along this
lower portion of the tube is 390 £10°C.

At lower fluences and flux levels, there appears to be no effect of stress on swelling. The swelling data
from all seven tubes are colinear_in the low flux range and yield an extrapolated intercept of -10 dpa, a
value also obtained by extrapolation of the strain curves in Figure 1. There very clearly appears to be an
effect of stress on swelling at higher fluence and flux levels, however.

The maximum swelling measured in the unstressed tube P-19 is %% comﬁared to 11% derived from Figure la. The
difference ﬁrobabl¥_reflects the difference in elevation at which the two measurements were taken and the
i

fact that the swelling measurement is an average value over a 2.5 cm increment.

DISCUSSION

To determine the creep strain and creep strain rate, a fourth order orthogonal polynomial was least-squares
fit to the total strain as a function of neutron dose for each of the stressed and unstressed capsules. The
coefficients of the polynomials for the unstressed capsules were subtracted from the respective coefficients
for the stressed capsules to yield a_polynomial which describes the creep strain at the particular value of
applied stress. This procedure implicitly assumes that there is no effect of stress on swelling, an
assumption which we know to be incorrect at_higher fluence levels. The creep-strain rate for each stress
level was then calculated by taklnﬂ the derivative of the fourth-order polynomial that describes the creep
strain as a function of dose and then dividing by the stress level.

The instantaneous creep coefficients, B(o), derived for_each stress level using this procedure are shown in
Figure 3a. In each case the creep coefficient is relatively small at low dose and then increases toward a
plateau level that is relatively independent of applied stress, Two features of these curves require
explanation. First, at zero dpa some of the curves exhibit negative intercepts on the B axis. This 1is
unphysical and is largely an artifact of the fitting and derivation procedures which emphasize fitting at
Iarger strain levels. Second, some of the curves, especially those at higher stress levels, exhibit a
tendency to increase again at higher fluence levels. This also is an artifact which arises from the
assumption that stress does not affect swelling. We know this to be incorrect in the fluence range where
the upturn occurs. The calculational procedure employed here in effect treats the stress-affected swelling
component as a new late-term contribution to creep. Since swelling strains are isotropically distributed
and creep strains are not, however, this commonly used procedure is not really valid for design
applications.

We can use the swelling measurements shown in Figure 2 along with the diameter change measured at the center
of each tube segment to calculate a better estimate of the creep coefficient at high fluence without
including stress-affected swelling as a comﬁonent of creep. Figure 4 shows that after subtracting the
actual (stress-affected) swelling strain, the true creep strain per unit neutron fluence is linear with
stress as expected. This calculation assumes that the incubation period is small compared to the total dpa
Iﬁyeldand is relatively independent of stress, both of which appear to be relatively safe assumptions for
this data set.

Figure 3b shows the creep coefficient obtained by averaging the coefficients of each polynomial term for the
six stress levels. This creep coefficient is described by

B(MPa-l dpa-1) = 3.8598 X 1077 t 4.7627 x 1077y -1.001 X 10-8y2 ¢ 7.0368 X 10-11y3 (1)
where Y is the dose in dpa.

Also shown in Figure 3b_is the assumed true creep behavior. The data of Figure 4 can be used to calculate
the average creep coefficient B over the total exposure of the experiment. Figure 5 shows the relatively
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Figure 2. (a,b) Swelling data derived from 2.5 cm long tube rings. Two curves are shown to reduce data

overlap and show trends clearly, {c) composite behavior showing relationship to solute-free Fe-Cr-Ni model
alloys.
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good agreement of the calculated value from Figure 4 with the 8 curve calculated from Equation (1) by
|ntegrat|nﬁ it to obtain the average value of & between O and Y for every value of Y. This comparison
confirms that the true creep strain is smaller than that QIEdTS}ed when Stress-affected swelling i s treated
as a creep component. As discussed in other publicationsti®- the instantaneous creep rate can be written

B=¢éo = By +D8, (2)

providing that the material _is annealed and does not develop any significant phase-related strains or
density changes, where &/, is_the effective strain rate per unit stress, a is the effective stress (./3/2

Thoopls 3o 1S the creep compliance, D is the creep-swelling coupling coefficient and $ is the instantaneous
swe??ing rate.

1T we 1gno ive i in Ei ; i is 0.5-1.0 -6
Pa1 dpa-i ol CthSERELCSARTRRERES ST o P S 19uree®R V- £ 0.t 108a%1 s3ihg P et T vhlLe of
swelling rate_(0.18%/dpa) derived earlier to be suitable for <50 dpa, the coupling coefficient O ap?ears to
be 0.61X 1072 upa-T. A previous estimate of these c?gfflglents for i gnd 20% cold-worked 316 55a miefs )
steel irradiated at 335-400°C in a similar experiment{3) yielded 1 x 107° MPa~! dpa-l and 0.6x10-¢ MPa!, in
good_agreement with the value derived for annealed Type 304L stainless steel. Thus, the effects of cold-
worklnﬂ and composition on the creep coefficient appear to be relatlvel¥ insignificant. Ehrlich has shown
e e

that the creep coefficients nd D appear to_be independent of varjables such as cold work, temperature
an composft?gn over a refat%%e?y W|depPange of austen?t?c steefs.?Y5§ P
While 1t is easy to see the stress dependence at_constant displacement rate in Figure 4, 1t is not so easy
to see the effect of displacement rate alone. Figure 6 shows the effect of displacement rate on swelling

at zero stress observed at a lower displacement level in this experimental series. [t appears that
displacement rate is the strongest variable in that stress exerts no influence at lower displacement rates.
It is particularly interesting that the combined effect of these two variables cannot reduce the duration of
the tra?ia?nt regime of swelling below the minimum level of 1¢ dpa found in solute-free Fe-Cr-Ni model

alloys. A more detailed analysis of the swelling data was presented in Reference 8.

Swelling, %

3.0 | | |

2 3 4 5x10°7
Displacement Rate, dpa/s 38911091.3

E}gga?a ionD8¥eQHﬁ88?e8”A?§?p§SﬁfmTHt rate of swelling-induced diameter change at 30 dpa in unstressed
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CONCLUSIONS

At ~380°C the swelling of annealed AIS| 304L stainless steel is sensitive to displacement rate and applied
stress although the influence of the latter can only be observed at higher displacement rates and displace-
ment levels. The irradiation creep rate in this alloy was found to be directly proportional to the stress
level and the instantaneous creep rate. Since annealed Type 304L swells at a faster rate than 20% cold-
worked Type 316 at this temperature, the creep rate of 304L is larger, but the swelling-creep coupling
coefficient does not appear to be influenced by differences in cold-work or composition between the two
steels. Inclusion of the stress-affected portion of swelling into the creep description is not correct for
predictive use in design applications.

FUTURE WO

This effort will continue, focusing on a more detailed examination of the influence of cold-work level on
the creep of AISI Type 316.
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IRRADIATION CREEP CF PCA OBSERVED |IN FFTF/MOTA - F. A. Garner, Pacific Northwest Laboratory;(2)
R. J. Puigh, Westinghouse Hanford Company

OBJECTIVE

The objective of this effort is to provide irradiation creep data for application to fusion reactor design.

SUMMARY

The candidate austenitic alloy designated PCA was irradiated in FFTF/MOTA in the 20% cold-worked condition
to fluences ranging as high as 122 dpa. At temperatures in the range of 384-550°C the creep rate was found
to linearly dependent on the applied stress level. The assumption that the 90 + DY creep model is
applicable to this alloy yields a creep-swelling coefficient of 0- 0.6 X 107% MPa"*, in excellent agreement
with the results of studies on solution annealed AISI 304L and various thermomechanical treatments of AISI
316 stainless steel.

PROGRESS AND STATUS
Introduction

In a number of recent reports the creep-swelling relati Esg;p of annealed AISI 304L(1} and various
thermomechanical treatments of AISI 316 stainless steell<~®/ have been investigated. These studies were
conducted in EBR-II and showed a remarkable consistency in results, indicating that irradiation creep at
most temperatures of interest could be described as consisting of several minor contributions
(precipitati@n-related dw?nsional changes and transient relaxation of cold-work induced dislocations) and
two major contributions. The major contributions were associated with the creep compliance, By, a
quantity unrelated to void swelling, and a swelling-driven creep component. While swelling 1tse1$ is very
sensitive to a large variety of material and environmental variables, the instantaneous creep rate appears
to be proportl'?ng} only to the applied stress and the instantaneous swelling rate. As discussed in other
publications, /- the instantaneous creep rate can therefore be written

B = ¢/o = By t DS (1)

providing that the material is annealed and does not develop any significant phase-related strains or
density changes, where é/o is the effective strain rate per unit stress, & is the effective stress (J/3/2
J» Bg is the creep compliance, D is the creep-swelling coupling coefficient and § is the instantaneous

gng??ing rate.

Exoerimental Details

In this study the Fusion Prime Candidate Alloy designated PCA (heat K280) was irradiated in FFTF/MOTA using
2.24 an long helium-pressurized tubes with outer and inner diameters of 4.57 mm and 4.06 mm, respectively.
The composition of this heat is Fe-16.63Ni-14.31Cr-1.95Mo0-1.83Mn-0,5251-0.048C-0.014P-0.0255-0.04V-0.02Nb-
0.31Ti-0.04C0-0.02Cu-0.05A1-0,.001B-0.008N (wt.%). The specimens were removed periodically from }B? reactor
and their diameters measured at five equidistant positions using a non-contacting laser system.( During
any one irradiation interval the temperature is actively controlled within #5°C. Some of the tubes
described in the following section were subjected to substantial temperature increases for 1-2 hours in the
fourth irradiation cycle and were discarded. This report examines the creep response of PCA only for those
conditions in which the temperature was very well defined.

Figure 1 shows the results of six identical tubes irradiated side-by-side at ~400°C, varying only in hoop
stress levels, which ranged from 0-200 MPa. The variation in temperature (384-406°C} arose from one run to
another as the tubes were placed at different reactor levels at each reconstitution of the experiment.
Figure 1 shows that the total diametral strain, including contributions from both void swelling and
irradiation creep, varies linearly with stress. The temperatures quoted for each curve in Figure 1 are
those associated with the last irradiation cycle. Figure 2 shows the total diametral strain for these same
tubes as a function of fluence. Note that the diameter change of the tube with zero hoop stress represents
only swelling-induced deformation and shows that swelling at this temperature is continuously accelerating
with irradiation exposure.

(a) Operated for the U.S. Department of Energy by Battelle Memorial Institute under Contract
DE-AC06-76RLO 1830.
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Figures 3 and 4 show similar curves for tubes irradiated at three higher temperatures. Dotted lines in
these curves indicate that several of these tubes failed, losing their pressure somewhere in the last
irradiation cycle. Each of these three sets of tubes extends to lower fluence levels than that shown iIn
Figures 1 and 2, since they were subjected to the large excursions in temperature mentioned previously and
therefore discarded. Figure 4 shows that the linearity of total diametral strain with stress does not apply
at >600°C, probably signaling the onset of thermal creep and poiil?ly stress-affected swelling. The latter
is known to accelerate In AISI 316 at temperatures above 550°C. It may also partially represent the
effect of stress in accelerating the formation of sigma phase, whose T3300|ated volume changes are sometimes
incorrectly interpreted as representing the onset of tertiary creep.( The data at 743 and 750°C

probably are associated with tertiary creep, however.

Discussion

In several earlier ﬁapers it was shown that irradiation creep apﬁears to cease at relatively high
temperatures when the swelling level approaches ~10% and the swelling rate reaches the steady-state value of
~1%/dpa. The cessation of creeﬁ is therefore associated with a diametral strain rate of ~0.33%/dpa, that
due to swelling alone. It is therefore of interest to examine this experiment to see if a similar behavior
was observed in PCA.

The average stress-free swelling rate observed over the last irradiation cycle is ~0.14%/dpa and the total
swelling 1s only 66 Since the average creeﬂ rate at 200 MPa hoop stress Is only G.18%/dpa, well below the
0.33%/dpa limit, we will have to wait till the next discharge of this experiment to see IT PCA will
experience a cessation of creep similar to that observed in AISI 316. Since the swelling rate is still
increasing, the possibility of creep cessation may yet occur.

If we assume that swelling is not strongly affected by §§re5§-?fd32514°5°c we calculate an average creep
goeTEicheqt Berbtes g5E-T TERClaRIRRElg T 2Ruknb? o uaes. (134, STSHRL S RS HORSF oERHRAL Ce
coefficient D is found to be 0.63 x lg' Mpa-t, in excellent agreement with the values found for AISI 304L
(0-61 x 1072) and AISI 316 (0.6 x 10~4).

It therefore @pﬁears that the creep-swelling couPling coefficient D for austenitic steels is not a strong
function of either composition or cold-work level.

CONCLUSIONS

The candidate austenitic alloy designated PCA was irradiated in FFTF/MOTA in the 20% cold-worked condition
to fluences ranging as high as 122 dpa. At temperatures in the range of 384-550°C the creep rate was found
to linearly dependent on the applied stress level. The assumption that the E“ t D§ creep model is
applicable to this alloy yields a crgep-swelllng coefficient of D= 0.6 X 1074 MPa"i, in excellent agreement
with the results of studies on solution annealed AISI 304L and various thermomechanical treatments of AlSI
316 stainless steel.

FUTURE WORK

This effort will continue in an attempt to compile a comprehensive evaluation of irradiation creep in
austenitic stainless steels.
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PHASE STABILITY OF A MANGANESE-STABILZED LOW-ACTIVATIONMARTENSITICSTEEL - RD. Griffin*, DS.

Gelles*, RA Dodd*, and G.L. Kulkelnskl* (*Fusion Technology Insthute-University of Wisconsin and *Pagitic Northwest
Laboratory)

OBJECTIVE
The objectof this work is to characterize the phase stablitty of a 12Cr-8.5Mn-1W-0,3V-0,1C martensitic steel.

SUMMARY

The developmentof alleys with reduced long-lite radicactivity has beenIncorperated Intothe goals of fusion
marials development One possible candidate alloy I¢ an Fe-12Cr-8.5Mn-1W-0.3V-0.1C stabliized martensitic steel.
The phase stability of this steel has been investigated following neutron irradlatlon over atemperature range of 420°C
to 800°C to doses as high as 100 dpa. The microstructural resoonse of the irradiated steel has been compared to that
of the Same alloy aged for 10,000 hours from 3685°C to 800°C.,

M23Cs was the only carblde foundin boththe aged and Irradlated structures. Inthe samples aged at 420°C and
620°C, and the samples Irradiated at 520°C, an Fe-Cr-Mn-W ¢hi phase formed. Inthe samples Irradlatedat 420°C,
alpha prime formed. The presence of chi phasein both the thermally aged and neutron Irradiated steels indicates that
the Fe~Cr-Mn system s proneto intermetallic phase formation SO that caretu) study of the effects of alloying are
needed.

PROGRESS AND STATUS
Introduction

A goal for fuslon reactor materials is that they have reduced long-iite radlcactivity. For steels. this means that the
common alloying elements nickel and molybdenum must be eliminated.! A 12%chromium martensitic steel, which was
designated L8, was designed based on the 12Cr1MoVW steel HT-92 The 12% chromium In these steels slows
peariite, ferrite and bainite formation SO that a martensitic structure is obtained with air cooling. Table 1showsthe
composition of this steel along with that of HT-8, AS nickel cannot be used, manganese was added to eliminate delta
ferrite. The tungsten content was increasedto compensate forthe loss of molybdenum. and the amount of carbonwas
also decreasedto increasethe steel's ductility. Inthis study, the response of the steel to aging arid Irradiationwas
studied.

Table 1L Composition of L8 and HT-8 (wt%)

Element Cr (o} "2 w Mn NI Mo

Lo 12 01 03 1.0 6.5 - -

HT-9 12 02 03 05 06 05 10
Experimenial Procedure

Both the aged ana e irradiated samples were first normalized and tempered. The sampleswere held at
1000°C for 20 hours and alr cooled to roomtemperature. They were then heatedto 1100°C for 10 minutesand air
cooled againto roomtemperature. Tempering was done at 700°C for two hours. Transmission electron microscopy
(TEM) disks were aged for 10,000 hours at 365°C, 420°C, 520°C, and 800°C. Normalized and tempered disks were
Irradiated inthe Fast Flux Test Facility (FFTF) Materials Open Test Assembly (MOTA) in Richland, Washington, at 420°C
todoses of 10, 48, and 114dpa. Irradlationsat 520°C were doneto 14 and 48 dpa. At B00°C, the samples were
Irradlatedto 14dpa. The disks were jet thinned in a solutionof 10% perchloric acid and 0% butyl alcohol at -30°C.
Extraction replicaswere also completed on most of the samples. The samples were studled using JEOL 100CX and
200CX transmission electron microscopes which were equipped with energy dispersive x-ray spectrometers (EDS).
Optical metallographywas also performed on the aged samples.
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Aging Results

The tempered steel congisted of martensite lathswith a high dislocationdensity, and M2aCs precipitates. Aging
for 10,000 hours at 365°C and 420°C did not lead to much change Inthe lath size or the dislocationdensity. Aging at
520°C and 800°C caused the lath and precipitate sizes to Ircreass, and leadto some dislocation recovery. Optical
metallography showed lath coarsening (Fig. 1). At 365°C and 420°C there was no drop {n the hardnessfrom mat of the
tempered steel, but the samples aged at 520°C and 800°C showed a loss of hardness. The TEM lath and precipitate
structures of the sample aged for 16,000 hours are shownin Fig. 2. Dislocation recovery, lath and precipitate

coarsening can all be seen.

Fig. 1. Optical metallographyresults from the 12Cr-0.1C-6.5Mn-1W-0.3V steel after aging for 10,000 hoiirs at
385°C, 420°C, 520°C, and 600°C.

Fig. 2. TEM micrographs showing the structure of L9 after aging for 10,000 hours.

At 385°C and 600°C, there was no change in the phases presentfrom the tempered sample, only M23Cg and
martensite lathswere present. At 420°C and 520°C, aging for 10,000 led to the formation of chi phase. This phasewas
also seen inthe steel when itwas aged at 420°C and 520°C for 1000 and 5000 hours.? The increased aging ime led
to amarked increase in the amount and size of the chi which formed. In Fig. 3,a TEM image of the sample aged for
10,000 hours at 520°C contains avery large chi grain. At 420°C, the ¢hi grains which formed were somewhat Smaller
than those formed at 520°C, butthe phase still readily formed. The compositionof the chi which formed in the steel was
58%Fs, 1B8%Cr, 16%Mn, and 8%W (wt%). The orientation relationship bstween the chi and the martensitewas cube-

on-cube.
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Fig. 3. TEM micrographtrom L8 aged for 10,000

hours d 520°C. A large chigrain Is seen inthe upper Fig. 4. Microstructurs of LQ after irradiationat
left comer. 600°C to 15 dpa.
Irradiation Results

irradiationat 800°C to 14 dpadid not lead to the formation of any new precipitates; only M23Cg formed under
conditions. The dislocation density was qutte low (Fig. 4). inone large volume of this sample, a substantial
amount of austenite which had a higher manganese content than that of the ferrite grains was present (Fig. 5). A
selected areadiffraction titt sequence used to identify the phase is shown in Fig. 6. The presence of the austenite is
probably due to local inhomogeneitiesinthe alloy compesition because regions rich in austenite were also found ina

few heat treated samples. No voids were seen inthe sample irradiated at 800°C.

At 520°C, no voids were Seend 150r 48 dpa. Again the dislocation density was wry low. Large precipitates
which were Identified as chi phaseformed at the lath boundares (Fig. 7). At 48 dpa the amountof chi present increased
so that the martensite + M23aCs structure had broken down to a mixtureof ferrite + ¢hi + M23Cs, The ferrite/chl interface
often showed a regular interfacial dislocation structure. Figure8 showsthe structure of the sample irradiated & 526°C
to 48 dpa. The smoath grains are chl.

Fig. 5. Austenite grains in L9 after irradiationat 600°C to 15dpa.



148

Fig. 6. Selected area electron diffraction patterns from the austenitegrains in L9 after irradiation & 600°C to
15 dpa.

L oa@

. . ' 4

500 nm
Fig. 7. Microstructure of L9 after Irradiation at Fig. 8. Microstructure d L8 after irradiation a
520°C to 14 dpa. The large, dark grains at the lath 520°C 1 48dpa. The smooth grains are chi.

boundaries are chi.
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Rg. 9. Mlcrostructures of the samples Irradiatedat 420°C.

Irradiationat 420°C led to the formation of some voids, although at 10dpa very few were seen. At43 and 114
dpa. more voids wers found, buteven at 114dpa. there were Very few and they were NOt evenly distributed. irradiation
at 420°C also led to the formation of dislocation networks and loops. The Mz3Cs was stiil presentand, in addition, small
round alpha prime precipitates formed. The amount of alpha prime increased with the higher dpa and the phase
coarsansd slightly. Figure 9 shows the structure of the samples Irradiated at 420°C. The increase inthe amount and
the size of the alpha primels apparent inthese images. A few voids and dislocation loops can also be seen.

Discussion

Aging at 385°C and 800°C and irradiation at 600°C did Not leadto any unexpected results. The stest Showed
remarkable resistance to the aging at the lowsr temperatures and also showed excellent void swelling resistance when
itwas irradiated. However, the formation of alpha prime which occurredwhen the steel was irradiated at 420°C may
cause embritlement. Aging at 420°C and 520°C, and irradiationat 820°C led to the unexpected formation of the brittle
Fe-Cr-Mn-Wcehl phase.

Chi phasels oftenthoughtof as an Fe-Cr-Mo intermetallic. but there is also an Fe-Cr-W chl.4$ The Fe-Cr-Mn
does not have a chi phase inits equilibriumdiagram,® and the only evidencefor chi formation in simple Fe-Cr-
Mn alloys has been in irradiated Fe-Cr-Mnternaries where both Fe-Cr-Mn and Fe-Mn alloys were TEStadl. irradiation at
420°C of an Fe-5Cr-15Mn alloy to 9 dpa ed to the formation of manganese-rich chi phase precipltates,? At manganese
levels above 20%, the bee chi phaseformed again, butthis time was chromium-rich. The amounts which formed
increased as the chromium level increased. No chiwas found in ttesimple Fe-Mnaltoys.

nere has also been heat treatment studies on Fe-Cr-Mn ternaries, and some Fe-Cr-Mn steels, which cio not
containappreciable amounts of\llor Mo, For exampls, a study or the microstructural svoiution of 3 17.3Mn, 10.1Cr,
0.3C, 0.2N steel whichwas creep T8 for 22,603 hours at 500°C, for 17,740 hours at 550°C, 13,438 hours at 600°C,
10,544 hours at 850°C, and at 700°C for 8,448 hoursdid not report the formation of any chi.8

Chi phasewas reported intwo aged, high manganese austenitic steels which contained Mo and W. inthe first of

,an austenitic 0,4C, 30.5Mn, 3.0Al, 2,5Cr, 1.5Mo, 0.5W, 1.5V steel, chi formed after aging at 850°C between 520
and 5000 hours. itwas concluded that chromiumaccelerated chi formation.® Inthe second paper, a steel with 0.7C,
17Cr, 14Mn, 2Mo, .3N, .28 formed chi at 550°C, 880°C, 7560°C, 850°C, and 850°C intimes as short as flve minutes.10
The composition 0f the chi was given as fe31Cr14Mng sMo4.5. intermetallicformation in 12Cr-0.1C steelswith only
0.6%Mn, is N0t expected until Mo or W levels reach 3%.11 But in the present study, chi formed ina 12%Cr steel with
only 1%W, when 8.5%Mn was also added. Fromthese studies and the presentOne, it can be concluded that both
Increased chromium and manganese contents enhance chi formation. This can be importantfor low activation studies
where Fe-Cr-Mn steels are being studied. The addition of W to these steels may produce similar tendencies.



CONCLUSIONS

The addition ot manganeseto Fe-Cralleys containing W or Mo prometes phase instability. For both austenitic
and martensitic Fe-Cr-W steels, tre presenceof manganese can enhance intermetallic phase formation, specificalty chi.
The chi which forms is expected to vary widely in composition. Although this formation in healtreated samples can be
sluggish, irradiationcan accelerate the formation so that in an irradiation environment these alloys must be carefulty
designed.

For 12%Cr, Mn-stabilized martensiticsteels. the presencs of tungsten and molybdenum must be eliminatedto
discourage phase instability. Perhaps if strengthening was obtained with glements which have not been shownto form
a chi phase, tre steel's structure would remain stable. Vanadium additions might be used as no evidence d an Fe-Cr-V
chi phasewas found inthe literature.

FUTURE WORK

The 12Cr-8.5Mn-1W-0.3V-0.1C steel L8 will be Irradiated with 38 MeV Fe** ionsto further test Its phase stability
and resistanceto swelling. The Irradlations will be doneto 10, 20 and 40 dpa at450, 850, and 850°C. At 580°C, He+
will be coimplanted withthe Fe** at levelsof 10appm He/dpa and 20 appm He/dpa.
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PHASE STABILITY OF AN Fe-Cr-Mn ALLOY AQED FOR 2000 AND £000 HOURS - RD. Griffin*, D.S. Gelles*, RA
Dodd*, @.L. Kulelnski* ("Fusion Technology Instituts-University & Wisconsin and *Pacific Northwest Laboratories)

OBJECTIVE

The object of this study is to determinethe feasibility of low activation stesls by Investigating the phase stability of
an Fe-Cr-Mn aiioy.

SUMMARY

An Fe-Cr-Mn-W chi phaseformed ina 12Cr-8.5Mn-1W-0.3V-0.1C (wt%) martensitic steel that was aged from
1000 to 5000 hours at 426°C and 520°C.1 An Fe-26%Cr-15%Mn alloy with a composition ¢lose to that of the chi phase
was fabricated and aged Trr 20W and 000 hours in order to datermine phase stability. Optical and transmission
electron microscopy of the samples showed that sigma, ferrits, austenite and M23Ce formed. These results show that
chl phage does nat form easilv in simple Fe-Cr-Mnalloys and that chi may require minor additions of tungsten or
molybdenum to form thermally.

PROGRESS AND STATUS
Introduction

Fe-Cr-Mn alloys are belng considered as possible candidates for fusion reactor materialswhich can satisty the
requirements for near surface burial. Recent results On a 12Cr-6.5Mn-1W-0.3V-0.1C martensitic steel showed that an
Fe~-Cr-Mn-W ¢hl phaseformed when Itwas aged for 00 hours.? Ina 12Cr-6Mn-1Mo-0.3V-0.1C steel, chi formed
when Itwas Irradiated at 365°C.2 A Mn-rich chi phase also formed in an Fe-5Cr-15Mn austenitic alloy irradiated at
420°C to 9 dpa.? Thischi phase formationwas unexpected, especlaily Inthe aged sample becausethere is no chi
phase inthe Fe-Cr-Mnphase diagram upto Mn levels as high as30%.4 inthis experiment an alloy was fabricated with
acomposition close to that of the chi phasethat formed inthe martensiticsteels. This alloy was aged to determineif cht
phase formed.

Experimental Details

The target composition of the alloy was Fe-256%Cr-16%Mn. The alloy was manufactured in a standard arc
melting furnace backfllled with argon using 99.9% pure starting materials. The alloy was homogenized at 1250°C for 2
hours. Itwas warm rolled twice by heatingto 1000°C and rolling, 11% on thefirst pass and 20% on the second. twas
further cold rolled 30%, 60%, 60%, 35%, and 45% with each reductionfollowed by a solution annsal at 1030°C for
5 hours. Finally, the alloy was cold rolled to a thicknessof 02 mm and punched into transmissionelectron microscopy
(TEM) disks. The disks were aged & 385°C, 410°C and 520°C for 2000 hours, and & 520°C for 5000 hours. Optical
metallography and analytical electron microscopy followed standard procedures.

Results

Energy dispersive x-ray analysis of the samples showed the overall sample compositionto be Fe-25%Cr-
12%Mn, which was inghtIP/cfr from the target composition, often found when arc melting alloys containing manganese.
The structure of the as-rolled sample and those which were aged for 200C hourswere all similar. The optical micro-
graphs from thesesamples are shown in Fig. L They consist of large ferrite grains.(approximatety 100 microns) with
smaller particies withinthem. TEM analysis ofthe samples showed the ferrite grains had a very high dislocationdensity
which can be attributedto the final cold rolling. The particleswere shown to consist of a matrix phase with ribbons of a
second phase running through it The structure found in these samples is shown in Fig. 2 (420°C, 200Q hr), where one
of the two-phase clumps s surrounded by the ferrite with a high dislocation density. A higher magnificationimage of the
ribbons and matrix surrounding them are shown inFig, 3a. Figure 3b and 3¢ show the results of diffraction analysis on

phases. The analysis demonstratedithe particle matrix was austenite, while the ibbons were M23Cg with the
normal cube-on-cubsa orientation relationstip.

The samplewhich was aged for 5000 hours at 520°C showed a marked change from the 20W hour samples. In
this sample the large ferrite grainswith the highdislocationdensity were replaced with a finer grained structure (approx-
imately 400 nm). The microstructure was a mixture of sigma, ferrite and some austenite. Figure4 shows a TEM image
of the microstructure. The large grain in the center is a sigmagrain. Figure5shows a St of convergent beamdiftrac-
tlon patterns which were usedto identitythe sigma phase. Nochiwas found inthe sample.
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m 365C 2000 hr 410C 2000 hr ' 1520C 2000 hr

Fig. 1. structure of the Fe-Cr-Mn ternary after aging for 2000 hours.

Fig. 3. TEM analysis ofthe two phase particle: a) TEM image, b) SAD diffraction patterns.
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flg. 4. TEM Imageof a large sigma grain after aging for 5000 hours at §20°C,

Fig. 5. Converged beam diffractlon pattarns from sigma.

Discyssion

Two Important results obtaingd Trom this work meri Turther comment. First, phase instability in Fe-25Cr-12Mn
occurs as a result of thermal aging for between 2000 and 5000 hours at 520°C, and second the phasesthat form in the
simple Fe-Cr-Mnternary alloy appearto be differentfrom those found in a more complex steel. The aging response of
Fe-25Cr-12Mn at 520°C apparentlytakes on the order of half a year in order to allow formation of sigma phase. Similar
results were obtained for the formation of Laves (FegW) at 500°C.8 Therefore, properly changesin low activation steels
may only eceur after aging times of that order at 5X*C  and significantly longer times at lower temperatures.

When this work was started, It was assumed that an Fe-Cr-Mn chi phase had been overlooked in thetechnical
IRerature, Chi phaseis infactthe alpha-manganase crystal structurs, so that Fe-Cr-Mn chi can easily be envisioned as
a simple substitution of iron and chromiumfor manganese. The presentwork refutes that assumption. Apparently,
instead sigma phasels stable. This result raisesthe question, “"Why does chi form in mom complicatedsteels or in
simple steels under irradiation?' The answer may lie Inthe work by Goldschmidt, demonstrating that chi phase is One of
the carbon-dlssolving intermetalliccompounds, Fe-Cr-Mo and Fe-Cr-W being thOexamples!  Goldschmidt's work
suggests that 1} carbon may be necessaryfor ¢hi formation, and 2) Fe-Cr-Mo and Fe-Cr-W chi phases do form so that
Fe-Cr-Mnchi can be envisioned as Fe-Cr-(Mo, W) chi with Mn substituted for (Mo,W). AS M23Cg was found inour Fe~
25Cr-12Mn alloy. carbonwas available to aid chi phaseformation but chi stili did not form. Therefore, an explanation
for our resultscan be envisioned as requiring the presence of Mo or W to allow chi formation with eventual substitution
of Mnfor MO or W. Nucleation of chi may be controlling phase stability. and therefore, irradiationdamage may be
necessary in simpler systems such as the austenitic Fe-Cr-Mn alloy. 3
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CONCLUSION

An Fe-15Cr-12Mn aiioy was fabricated with a composition¢lose to thatof a chi phasefound in more compilcated
Fe-12Cr-8.5Mn martensitic steels. The alloy was aged at and near thetemperatures at which the chi formed in the steel.
The results shovwed onty the formation of the expected equilibrium austenite, ferrite and sigma phases with the excep-
tion of some M2aCs formation where carbon was present in the samples. Thess resultsshow that chi does Not form
easily in simple Fe-Cr-Mn alloys and that chi may require minor additions of tungsten or molytdenumto form thermally.

FUTUREWORK

No future work is planned on this aiioy.
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PHASE STABILITY GF Fe-Cr-Mn AUSTENITIC STEELS DEVELOPED FOR REDUCED ACTIVATION = E. A Kenik,
P. J. Maziasz. and R L. Klueh (Oak Ridge National Laboratory)

OBJECTIVE

The goal of this study is to continue to evaluate the phase stability of manganese-stabilized aus-
tenite in alloys based on Fe-12Cr-20Mn-0.25C with minor additions of W Ti, V, P, and B. Long-term aging
(5000 h) at 600°C was performed on both annealed and cold-worked material to evaluate the tendency of
these alloys toward intermetallic phase formation and recrystallization. The involvement of the minor
alloying additions in these processes was examined.

SUMMARY

The phase stability of manganese-stabilized austenitic alloys based on Fe-12Cr-20Mn-0.25C with
minor additions of W, Ti, V, P, and B has been evaluated at 600°C.” Dominant precipitate phases in both
annealed and cold-worked materials are Ma3Cg and TiC carbides, wlth no intermetallic phases being
observed. Composition differences between matrix and grain boundary Ms3Cg were observed in aged speci-
mens. Those differences are associated with the formation of grain boundary Mp3Cg during annealing at
high temperature. Minor alloy additions have significant influence on the precipitate structure and
composition. Tungsten is strongly incorporated into My3Cg and TiC, whereas vanadium is not. Phosphorus
is incorporated into Ma3Cg but not into TiC. The austenite stability even after the precipitation of
carbides during high temperature annealing indicates that the carbon level of these alloys can be reduced
and still maintain a stable austenite matrix with good resistance to intermetallic formation.

PROGRESS AND STATUS

Introduction

Development of manganese-stabilized stainless steels has been prompted by two different objec-
tives; (1) the reduction of long-term induced radioactivity of fusion neutron-irradiated stainless steels
by replacing nickel, molybdenum, and nitrogen and (2) the replacement of nickel, normally used to stabi-
lize austenitic stainless steels. which is historically an expensive, strategic material.

Klueh et al. have shown that in Fe-Cr-Mn alloys a single-phase austenite exists near Fe-12Cr-20Mn-
0.25C (wt %) at high temperatures." Development of more complex alloys based on this composition with
other minor alloy additions is under way.2 The aim is to develop alloys with improved mechanical proper-
ties, while minimizing the formation of embrittling intermetallic phases such as sigma or Laves. The
stabhility of these alloys during thermal aging and the influence of the other alloying additions were
studied in the current work for both solution-annealed and cold-worked conditions.

Experimental procedure

Seven alloys based on the above composition were made with additions of tungsten, titanium. vana-
dium. pholiphorus and boron, either singly or in combination.? The alloys were hot-worked and sub-
sequently cold-worked to sheet with intermediate anneals at 1156°C. Materials were aged at 600°C for
5000 h in both 20%cold-worked and annealed conditions (1 h, 1050°C). Bulk extractions were performed on
the startiing and aged materials to estimate the total amount of precipitate present.

Analytical electron microscopy was performed on electropolished foils and on carbon extraction
replicas in either Philips EM4DOT/FEG or CM30 microscopes, equipped with EDAX detectors and 9100 or 9900
analyzers, respectively. X-ray intensities were quantified to composition for elements heavier than neon
with the use of the standardless approach of Zaluzec.* Broad beam analysis of large areas of replica was
used to indicate the overall comnesition Df tho precipitate phasal(s).® ‘rrem that information and the
average compositions for individual phases, the relative amount of different phases present was estimated.

Results

In annealed material the dominant precipitate phase present after aging for 5000 h was Mz3Cg.
Though chromium-rich, its exact composition depended on the alloying elements present and the exact
location of the precipitate. Figure 1(a) illustrates copious precipitation of coarse M3Cg at grain
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Fig. 1{a). Replica from annealed alloy with W, aged at 600°C for 5000 h. (b} Replica from annealed
base alloy, aged at 600°C for 5000 hr. Note fine My3Cg decorating dislocations (arrowed).

boundaries (GB) and smaller amounts in the matrix (MT), sometimes decorating pre-existing dislocations
[Fig. 1(b}]. The relative amount of M to GB M23Cs ranged from 0.05 to 05 for the various alloys. The
GB M23Cg precipitates were depleted in chromium and enriched in manganese and iron relative to the MT
M23Cg precipitates. The average Mn/Cr and Fe/Cr ratios for the seven alloys were 0.46 and 049 for the
GB Ms3Cg and 0.28 and 0.32 for the MI Mp3Cg. In both the 1050 and 1150°C as-annealed materials, GB Mz23Cq
was observed and exhibited average Mn/Cr and Fe/Cr ratios of 0.41 and 0.70, respectively. As such, the
difference in GB and MI M;3Cg compositions observed after 600°C aging i s a consequence of the formation

of a portion of the GB My3Cg at high temperature.

Titanium additions resulted in the precipitation of coarse TiC (Fig. 2) and in some cases fine
matrix TiC. In alloys containing titanium some matrix Ma3Cg exhibited significant apparent levels of
titanium (up to 10 at. %). However, such precipitates always exhibited a core which could be imaged with
careful tilting (Fig. 3). High spatial resolution x-ray microanalysis indicated that the core was tita-
nium enriched, whereas the outer shell contained little titanium. It was presumed that a pre-existing
TiC particle served as heterogeneous nucleation site for the M;3Cg, which subsequently coated the TiC.
Figure 4 shows similar cases of heterogeneous nucleation of My3Cg on larger TiC precipitates. Examina-
tion of materials annealed at 1050 and 1150°C showed the presence of coarse TiC precipitates. Though the
1150°C as-annealed materials exhibited less TiC, the presence of TiC indicates that the temperature
required to fully solution anneal these high carbon alloys is greater than 1150°C.

ORNL-PHOTO 5593-89 ORNL-PHOTO 5594(a)-89

foc

Fig. 2 Replica from annealed alloy with Ti Fig. 3. My3Cg precipitates, one showing
and W, aged at 600°C for 5000 h. Coarse TiC precip- internal fine TiC (arrowed), after aging at 600°C
itates arrowed. for 5000 h.
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In annealed alloys containing tungsten,
vanadium, or phosphorus, the distribution of
these elements was determined by the precipitate
phases present. Ms3Cg was enriched in these ele-
ments by factors of 2 to 10 relative to the alloy
composition. Phosphorus reached levels near
lat. % inthe fine MT Ma3Cg. The larger GB MasC
precipitates had lower apparent phosphorus
levels, although preferential absorption of
phosphorus x-rays may be responsible. In alloys
containing titanium, tungsten partitions strongly
to the TiC and to a lesser degree to the M23Cg-
Tungsten levels near 10 at. %were observed in
coarse TiC. Fine matrix TiC was found to contain
approximately 35 at. ¥ Cr and 25 at. ¥ W TiC
and M3Cg exhibited similar levels of vanadium
(<2 at. %), although the error bars were larger
for TiC as a result of peak overlap between tita-
nium and vanadium.

Fig. 4  Several My3Cg precipitates attached Combining the analytical electron microscopy

to larger TiC, after aging at 600°C for 5000 h. with the bulk extraction data (Table 1), the

influence of the different minor alloy additions

on the precipitate microstructure can be esti-
mated. The addition of -0.1 wt % Ti to the base alloy increases the extracted amount of precipitate
roughly fourfold. as the formation of TiC is promoted. The addition of -1 wt % W actually decreases the
amount of precipitate slightly, possibly as a result of slower M23Cg formation kinetics. The addition of
both titanium and tungsten result in even higher amounts of precipitate. Currently, the roles of vana-
dium. phosphorus, and boron on precipitation are not clear. As a significant fraction of the precipita-
tion is GB MngG: a portion of which forms at high temperatures, the variation in the amount of extracted
precipitates in the alloys containing boron and phosphorus may be related to the high temperature stabil-
ity of that phase.

Table 1. Weight Percent Precipitate From Bulk Extractions In cold-worked material the dispari-
ties between GB and MT precipitation were
reduced (Fig. 5). Mz3Cg was still the

Alloy 1050°C/1 h; 1150°C/1 h; Cw; dominant precipitate phase, but the
600°C/5000 h 600°C/5000 h amounts of GB and MT My3Cg were roughly

PCMA-15 (Base) 0.39 0.81 equal. The Mn/Cr and Fe/Cr ratios for GB
PCMA-16 (Base+T1) 157 177 and MT My3Cg were reduced relative to
PCMA-17 (Base+H) 0.24 261 those for annealed material and the com-
PCMA-18 (Base+W,Ti) 1.94 3.21 position difference between GB and MT pre-
PCMA19 (Base+T1,8,P) 136 140 cipitates was reduced. In titanium-

20 (Base+Ti,¥,B,P) 1.01 152 containing alloys, the amount of TiC was
PCMA 21 {Base+W,T1,¥,B,P) 237 3.8 estimated as 5 to 10 wt %. The par-

titioning of other elements to second
phases was similar to that observed in
annealed material. Some limited amount of
recrystallization was observed in several of the alloys after aging at 600°C for 5000 h, especially the
alloys with less minor alloying additions.

No sigma or Laves phase has been identified in either the cold-worked or annealed alloys. Formation
of such intermetallics is often associated with recrystallization of cold-work materials. However, even
in areas where limited recrystallization occurred. carbides formed rather than siama or Laves ohases.

Discus!sion

The dominant preci_Pitate phases which form in the selected manganese-stabilized steels during aging
at 600°C are Mp3Cg and TiC carbides. Minor alloying additions of tungsten, titanium, phosphorus, and
boron have significant influence on the precipitation process. On the other hand. vanadium appears to
have little or no effect, at least at the 0.1 wt % level. Though some vanadium (-2 at. %) is incor-
porated in both precipitate phases, it appears that the solubility of vanadium in the manganese-stabilized
austenite is higher than that in the corresponding nickel-stabilized austenite. Tungsten is incorporated
in both precipitate phases, whereas phosphorus prefers Mp3Cg-

The difference in composition for the GB and MT M,3Cg observed in the annealed and aged alloys is
related to their high carbon levels. Annealing at 1050°C (and at 1150°C to a lesser degree) is insuf-
ficient to completely solutionize the material. In fact. additional precipitates form at 1050°C, as the
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materials were all annealed at 1150°C during fabri-
ORNL-PHOTO 5595-89 cation. A'significant amount of GB Mz3Cg is present
in the as-annealed material and exhibits a signifi-
cantly different composition than that formed at
lower temperatures (e.g.; higher levels of Mh and
Fe). The similarity of the GB and MT M23Cg in the
cold-worked materials results in part from the
higher annealing temperature used prior to cold-
working (1150°C}, which left less undissolved
M23Cg. In addition, the cold-working provided
dislocations which act as heterogeneous nucleation
sites and rapid short-circuit diffusion paths.
This results in formation of more MI M23Cg and a
mere uniform distribution.

The presence of TiC and M23Ce in the annealed
materials indicates that temperatures greater than
1150°C must be used in order to solution-anneal
these alloys. As some of the carbon is bound in
these carbides, it appears that the carbon level
can be reduced somewhat and still maintain the
austenite stability. These results indicate that
the development of a manganese-stabilized auste-

Fig. 5. Replica from cold-worked alloy with nitic alloy with high strength, adequate ductility,
Ti and V, aged at 600°C for 5000 h. and resistance to intermetallic compounds formation
is possible.
CONCLUSIONS

The phase stability of a series of manganese-stabilized austenitic alloys has been investiglated by
analytical electron microscopy and bulk extractions. Starting materials were either annealed at 1150°C
and cold-worked 20% or annealed at 1050°C. Materials were examined before and after aging at 600°C for
5000 h. Observations and conclusions can be summarized as follows:

1. The dominant phase was M;3Cg, which formed both in the matrix {MT} and at grain boundaries (GB).
In alloys containing titanium, the other phase was TiC, which also formed both intra- and intergranularly.

2. In aged material previously annealed at 1050°C, the composition of the GB M23Cg was depleted in
chromium and enriched in iron and manganese relative to MT M23Cg. In material annealed at 1150°C and
cold-worked, both variants had compositions similar to that of the MT variant at 1050°C.

3. This composition difference was the result of the presence of a significant amount of undis-
solved grain boundary M;3Cg in the 1050°C annealed material, which exhibited a different composition.

4. Ma3Cg incorporates several of the minor alloying additions; in particular, tungsten and small
amounts of vanadium and phosphorus.

5 TiC often acts as an heterogeneous nucleation site for Mz3Cg.

6. TiC incorporates tungsten and small amounts of vanadium. Fine matrix TiC contains a significant
fraction of chromium.

7. No formation of intermetallic phases was observed, even in recrystallized areas of the cold-
worked materials where such formation would be favored.

8. As a significant amount of carbide precipitation is present after a 1050°C anneal, the current
alloys must be solutionized at 1150°C or above. However, as the austenite is still stable after this
precipitation removes some carbon from solution, alloys with appropriately lower carbon should remain
austenitic, resist the formation of intermetallic phases, and exhibit similar properties.
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FUTURE WORK

The role of boron and phosphorus on the phase stability of these manganese-stabilized austenitic
alloys will be investigated, in order to understand the microstructural changes observed for alloys con-
taining boron and phosphorus. Qn the basis of the copious grain boundary precipitation of Ms3Cg
observed, the possibility of chromium depletion at grain boundaries and attendant sensitization of these
alloys will be examined.
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CAVITY MICROSTRUCTURE AND KINETICS DURING GTA WELDING OF HELIUM CONTAINING STAINLESS STEEL -- H T. Lin
and B. A Chin (Auburn University), M. L. Grossbeck (Oak Ridge National Laboratory), and S. H. Goods
(Sandia National Laboratory, Livermore)

OBJECTIVE

The objective of the present study is to provide a better understanding of the mechanisms and kine-
tics which govern grain boundary bubble growth during the welding of helium containing materials.

SUMMARY

Helium was implanted in type 316 stainless steel, through tritium decay, to levels of 0.18, 25, 27,
105, and 256 appm. Read-on-plate welds were then made using the gas tungsten arc process. Intergranular
cracking occurred in the heat-affected zones (HAZ) of specimens with helium concentrations equal to or
greater than 2.5 appm. No such cracking was observed in helium-free control specimens or in specimens
containing the lowest helium concentration. In addition to the HAZ cracking, brittle, centerline
cracking occurred in the fusion zone of specimens containing 105 and 256 appm He. Transmission and
scanning electron microscopy results indicated that both the HAZ cracking and centerline cracking in the
fusion zone resulted from the stress-induced growth and coalescence of cavities initiated at helium
bubbles on interfaces. For the HAZ case, the cavity growth rate is modeled and is shown to predict the
experimentally measured 1 s time lag between peak weld temperature and the onset of cracking.

PROGRESS AND STATUS
Introduction

It is well known that energetic neutron irradiation produces sianificant physical damage to crystal-
line solids by the displacement of atoms from their normal lattice sites.l22 |p addition, transmutation
reactions generate foreign elements of which helium is known to induce intergranular embrittlement.3"
Degradation of material properties by these processes plays a decisive role in limiting the useful life
of nuclear reactor components. It is reasonable, therefore, to anticipate that the repair and replace-
ment of degraded reactor components will be required. Such repair procedures are likely to require the
use of joining processes such as gas tungsten arc {GTA) welding.

One of the critical issues in determining the postirradiation weldability of materials is the pres-
ence of entrapped helium. Helium is essentially insoluble in metals. Experimentally. _its solubility has
been reported to be <1071 appm/Pa at the melting point in metals such as Ni and Au.®* Because it 15
insoluble, it is thermodynamically favorable for entrapped helium to precipitate as bubbles at relatively
low temperatures. The formation of grain boundary (GB) bubbles can ultimately lead to drastic changes in
macroscopic properties, including severe embrittlement at elevated temperatures. At high temperatures,
these bubbles will grow under the influence of stress and temperature. As the bubbles coalesce, the
grain boundaries are weakened and intergranular fracture occurs.

Welding processes produce internal stresses and elevated temperatures which may enhance the growth
rate of helium bubbles, accelerating the degradation of properties. Previous attempts to join irradiated
materials containing helium via GIA welding have been made by several investigators.®-10 The results of
these studies are inconclusive. Hall et al.® welded thin wall AISI 304 stainless steel tubing which was
irradiated in EBR-II at temperatures between 454 and 487°C to integrated fast-neutron fluences ranging
from 1.38 to 7.51 x 102% n/m?2 (E » 0.1 MeV). Intergranular cracking was observed in the HAZ of a small
fraction of these welds which is estimated to have helium concentrations between 3 and 15 appm depending
upon the fluences. Atkin® performed GTA welding of 20% cold worked 316 stainless steel irradiated in
EBR-II at approximately 400°C to a peak fluence of 12.6 = 1026 n/m? (E > 0.1 MeV). These welds, which
were made in an unconstrained condition, were then bend tested. Preliminary examinations indicated that
the welds were sound and free from cracks. The helium content is calculated to be between 4 to 25 appm.
Atkin concluded that weld zone properties of 20% CW 316 stainless steel were not severely degraded by the
precipitation of helium. However, no further results have been reported. Some recent results involvin?
the repair of stress-corrosion cracks in an irradiated stainless steel reactor tank have been reported. 10
The helium content of the reactor tank material was measured to be approximately 3 appm. Patches were
GTA welded over the regions containing stress corrosion cracks. Subsequent examination revealed exten-
sive cracking in the HAZ of the patch welds.

The obviously hostile environment and radiological hazards associated with the welding of irradiated
materials have limited the scope of previous investigations. As a result, a quantitative understanding
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of the relationship between helium and weld cracking has not been developed. The objective of the pres-
ent study is to provide a better understanding of the mechanisms and kinetics of processes which govern
bubble growth during the welding of helium-bearing materials. To avoid the difficulties involved with
hot cell operations and reduce the radiological hazards, helium was introduced into type 316 stainless
steel by tritium charging the test material and allowing the tritium to decay to 3He prior to welding.
Inthis way it was possible to evaluate the principal effects that helium has on the fusion welding of
stainless steel.

Experimental Procedures

Type 316 stainless steel (reference heat 8092297}, which has been thoroughly characterized in the
US. Fast Breeder Reactor Program,”" was chosen as the base material for this study. The chemical com-
positions are: 0.057% C, 1.86% M 0.024% P, 0.019% S, 058% Si, 13.48% Ni. 17.25% Cr and 234% Mo. The
material was received in the form of 1.52-mm cold rolled plates. These plates were annealed at 1060°C
for 1 h in argon followed by cold relling to 076 mm, after which the plates were again annealed at
1050°C for 1 h in argon which resulted in a final grain size of 70 um.

In order to examine the effects of helium on the weldability of stainless steel, the "tritium trick"
technique!? was employed to implant helium into the test material. In this technique, tritium gas is
diffused into the material at elevated temperatures. The dissolved tritium is then allowed to decay to
form helium by the reaction 3H + 8~ + 3He with a half-life of 123 years. All specimens were charged at
300°C and at tritium pressures ranging from 0.0/ to 125 MPa for 30 days. The detailed charging con-
ditions for each helium level are given in Table 1 Since the diffusivity of tritium in stainless steel
is rapid at 300°C,13 charging at this temperature for this length of time ensured that a uniform con-
centration of tritium (and therefore a uniform distribution of helium) was established through the
thickness of the starting material. At the end of this period. the exposed material was removed fom the
high pressure charging vessel. Some specimens were imnediately offgassed at 400°C in a vacuum of 1073 Pa
to remove residual tritium and hence stop the further generation of helium. Other specimens were stored
at —40°C for periods of time up to six months in order to allow additional helium to be generated. At
the end of these periods, specimens were outgassed as described above. Thus, by varying the tritium
charging pressure (and therefore its solubility) and aging time, a wide range of helium concentrations
was generated.

The concentrations of helium were then measured quantitatively using vacuum fusion mass
spectroscopy.l® Helium concentration levels of 0.18, 25 27. 105 and 256 appm were obtained. To ensure
that the cracking which occurred during welding arose only from the presence of helium instead of the
hydrogen isotope, control material was also charged in hydrogen under the same conditions used to produce
the highest helium content specimens (300°C and 125 MPa). The hydrogen-charged specimens were not
degassed at 400°C after hydrogen implantation. This material was then subjected to the same welding pro-
cedures as were the helium-bearing specimens and examined for hydrogen induced degradation.

Bead-on-plate GTA welds of plates 29 mm wide x 38 mm long x 0.6 mm thick were made on control and
helium-doped materials. The motion of the welding torch was controlled by a Unislide 8201M stepping
motor translator. The plates were fully constrained transverse to the welding direction. Start and
runoff tabs were used to eliminate end effects. A protective argon atmosphere was maintained over the
entire weld specimen by an enclosed plastic chamber. Full penetration welds were produced in the 0.76-m-
thick plates by welding at 10 V-dc. 24 A at a travel speed of 36 mm/s. Partial penetration welds were

made to investigate the effect of variable heat input on the
cracking susceptibility. The partial penetration welds,

Table 1 Helium doping conditions of ranging from 30 to 50% depth, were also made under the same
type 316 stainless steel at 300°C constraint conditions at 10 V-dc, 11to 13 A at the same
travel speed. The welding Process was videotaped to provide
Helium Leveld Pressure Time a permanent record of time and the macroscopic. response
(appm) (MPa) (h) (cracking) of the specimens.
0.18 0.07 720 The weld microstructures were examined by preparing
25 17 720 metallographic sections transverse to the welding direction.
27.0 38.0 720 The sections were electrolytically etched in a solution of
105.0 125.0 720 40%HND3 and 60%H20. The helium bubble morphotogy, prior to
256.0b 125.0 720 and after welding, was examined using a Philips CM-12
Hydrogen 125.0 500 transmission electron microscope (TEM} operated at 120 keV.
Thin foils for the TEM work were prepared from 3-mm-diam
dMaterfals were degassed at disks cut from the 0.6 mm plate. The disks were polished on
1073 Pa and 400°C for 118 h. 600-grit paper to a thickness of 025 mm and were sub-
DMaterials were stored at —40°C sequently electropolished in a Struers Tenupol using a 12.5%

for six months after "tritium trick." sulfuric acid (Hp$04) in methanol solution at —15°C, 120 mA,



162

and 20 V-dc. Fractographic analysis of weld defects was conducted using a JEOL JSM-35CF scanning
electron microscope (SEM).

Results

A, Unwelded Microstructures

Transmission electron microscopy of the control materials revealed a microstructure low in disloca-
tion density and free of any grain boundary defect microstructure. The microstructures of the specimens
containing helium levels of 018 25 27 and 105 appm prior to welding are shown in Figs. 1{a)—{e). The
microscopy revealed the presence of a grain boundary helium gas bubble microstructure. In the specimens
containing 018 appm He, bubbles were rarely observed. The helium bubble density for the helium contents
equal to or greater than 25 appm in the grain boundaries was agé)roximately between 57 and 88 x 101%*/m?,
which varied slightly with helium concentration. The observed helium bubbles were about 1.8 to 20 M
in diameter. The observed number of bubbles in the grain boundaries varied from boundary to boundary
and, therefore, may have depended upon the specific orientation of adjacent grains. The observation of
relatively high GB helium bubble densities suggests that helium atoms are preferentially trapped there as
a consequence of high binding energy. This is consistent with reported values of binding energies for
helium trapping by grain boundaries in nickel.!5 Thus, it is not surprising that a well-established GB
bubble microstructure was observed in the specimens after the relatively low 400°C offgassing treatment.

e

Fig. 1 Transmission electron micrographs showing grain boundary helium bubbles of helium-doped
materials prior to welding. (a) 0.18, (b) 25 (¢} 27, (d) 105 and (e) 256 appm He.
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Not all the helium bubbles were found to decorate grain boundaries. A small fraction of bubbles
were found to have precipitated intragranularly. primarily along dislocations and dislocation loops.
These bubbles are typically on the order of 16 mm in diameter. The formation of dislocation loops is
believed to be related to the mechanisms of helium bubble formation in the grains. The helium bubbles in
the grains can form through the mechanism of self-interstitial emission as reported by Wilson et al.16-13
It has been shown by Wilson that a cluster of five helium atoms creates an elastic strain field which
would be sufficient to eject a lattice atom. The ejected atom then spontaneously becomes a self-
interstitial, leaving a vacancy for the helium interstitials to fall into. It was also pointed out that
the self-interstitials have a strong propensity to agglomerate to form dislocation loops at the embryonic
helium bubble due to the resultant reduction in elastic strain. By continuous repetition of this self-
trapping process, helium bubbles will form in the absence of thermal vacancies or radiation damage.
Observation of dislocation loops in tritium-charged stainless steel confirms that helium bubbles can form
at an energy level below the displacement threshold energy. Such loops have been reported by several
investigators,2®,21

B.  Full Penetration Welds

Metallographic examination of helium-free plates (both control and hydrogen-charged) and plates with
018 appm He revealed the materials to be sound and free of any weld defects. However, material con-
tainlng helium concentrations greater than 0.18 appm showed significant degradation in weldabillty.
Figure 2 shows the typical features of the as-welded materials with a helium level of 25 appm. In these
specimens (5 out of 5). continuous through-thickness cracking in the HAZ was consistently observed as
shown in Fig. 2{a}. Further, this cracking was entirely intergranular in nature [Fig. 2(b}] and typically
occurred in the HAZ within 1to 3 grain diameters of the fusion boundary. The HAZ cracking was always
normal to the thermal stress which was parallel to the welding direction. Since no external loads were
applied, the cracking resulted from shrinkage stresses as the laterally constrained plates cooled after
welding. A video tape recording showed that the cracking in the HAZ occurred approximately 10 £ 01 s
after the passing of the torch. At higher magnification the grain boundary facets were observed to be
decorated with a uniform distribution of dimples as shown in Fig. 2{¢}. The average dimple size was
approximately 1um and was independent of helium concentration.

Figure 3 shows the weld response for higher helium content material (105 appm). All of the welded
plates (7 out of 7) showed HAZ cracking similar to that described above. As in the previous instance, the
HAZ cracking was fully intergranular in nature as shown in Fig. 2{b) and {c¢} and occurred within a few
grain diameters of the fusion boundary. In addition, more than 60%of the welded plates (5 out of 7)
exhibited centerline cracking in the fusion zone [Fig. 3(a)]}. Examination of this centerline cracking at
higher magnification, as shown in Fig. 3{b} and {¢), revealed that brittle failure proceeded along an
interdendritic path during weld metal resolidification. Very large spherical pores resulting from the
migration and coalescence of the preexlIsting helium bubbles were also observed on the fracture surface.
The cross sections of welds (Fig. 4) show that in the helium-doped materials, visible spherical pores
decorate the solidification dendrite boundaries. The density and size of the cavities in helium-doped
welds were found to increase with increasing helium concentration.

Figure 5 shows the optical metallography of the welds from a section taken transverse to the welding
direction for the control, hydrogen-charged. and specimens containing 25 and 105 appm He. Generally, the
fusion zone is composed primarily of austenite. Both control and hydrogen-charged specimens were found
to be uncracked and free of any damage. Thus, it is apparent that the loss of alloy weldability, the
tendency for the material to suffer fusion zone and WAL cracking, is entirely related to the entrapped
helium rather than to the hydrogen isotope. Figure 5 also shows that large pores tend to locate prefer-
entially in the fusion zone close to the fusion boundary. The tendency to retain larger bubbles adjacent
to the weld interface suggests that the stagnant flow in the weld interface enhances bubble coalescence.
That the main failure in the HAZ occurs several grain diameters from the fusion zone suggests that peak
temperature alone is not the main driving force for bubble growth and coalescence. Rather, a combination
of stress and temperature must be the controlling factors in bubble growth and crack formation. This is
confirmed by annealing studies at temperatures up to 1300°C for 1 h on unstressed tensile specimens and
TEM disks containing 256 appm He which displayed no cracking after the high-temperature aging.22 Also,
the 1300°C aged specimens showed much smaller GB helium bubbles (0.1 wm) than those observed on the HAZ
fracture surfaces (1 um). In addition, all of the aged specimens still showed good ductility at room
temperature (> 35%total elongation). These results support the hypothesis that high peak temperature
alone is not sufficient to cause cracking of the welds. Since no external loads were applied, the
cracking resulted from shrinkage stresses as the laterally constrained plates cooled after welding.

C. Partial Penetration Welds

Partial penetration welds were made to study the effects of low heat input on the cracking sen-
sitivity of welds. Figure 6 shows representative SEM photomicrographs of welds for a control and a
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Fig. 2. Structure of as-welded materials con- Fig. 3. Structure of as-welded materials
taining 25 appm He. (a) Photomacrograph of heat- containing 105 appm He. (a) Photomacrograph
affected zone showing intergranular fracture, of brittle fracture in fusion and heat-affected
(b) SEM micrograph showing details of intergranular zones, (b) SEM micrograph showing that brittle
fracture, and (c) SEM micrograph of grain boundary failure in the fusion zone proceeds along an
facets decorated with a uniform distribution of interdendritic path. (c) SEM micrograph showing
dimples. helium bubbles at dendrite boundaries.

specimen containing 105 appm He. Penetration of the welds ranged from 30 to 50% of the plate thickness
(0.76 mm). The SEM micrographs show that the bigger helium bubbles tend to locate near the fusion
zone-HAZ interface similar to the observations that were made for full penetration welds (Fig. 5). This
is again due to the stagnant flow at the weld interface which enhances the coalescence and growth of
helium bubbles. The helium bubbles were also observed to decorate dendrite boundaries. Intergranular
cracking occurred in the HAZ, especially underneath the center region of the fusion zone of all the
helium-doped plates [Fig. 6(b)]. This is the region of the partial penetration weld which is subjected
to the highest shrinkage tensile stress during cooling. Thus, again it is clear that high temperature
alone is not sufficient to induce catastrophic cracking. Rather, cracking is most pronounced in regions
subjected to a critical combination of stress and temperature.

D. Transmission Electron Microsopy of Welds

In the HAZ of 0.18 appm He material, GB helium bubbles were rarely observed. Those that were found
were approximately 60 nm in size, much larger than had existed prior to welding. They remained, however,
discrete and well separated. A typical helium bubble morphology in the HAZ of welded helium-doped plates
(256 appm) is shown in Fig. 7. In general, most of the grain boundaries in the higher helium content
specimens were preferentially perforated during the thinning process, making foil preparation extremely
difficult. This was caused by the presence of very large helium bubbles which were located along the
grain boundaries [as indicated in Fig. 7(a)]. The perforations were similar in size to observed dimples
on the HAZ fracture surface [Fig. 2(c¢)], indicating that the grain boundaries in the foils were very near
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Fig. 4. Scanning electron micrographs of fusion zone pores. (a) 256, (b) 105, {¢) 27, and (d) 25
. Note that pores decorate the dendrite boundaries. The density and size of pores increase with
increasing helium levels.

Fig. 5 Optical metallography of welds taken transverse to the welding direction. ('a) Control
material, (b) hydrogen-charged material, (c) 2.5 appm, (d) 105 appm. Failure occurred in the heat-
affected zone. Larger pore Size ana grealer aensity Of helium bubbies occurred In the fusion zone
near the fusion boundary.

the final stage of cracking. Both the matrix and grain boundary bubbles subsequent to weldlng were much
larger than those observed in the as-imolanted condition.. The number and size nf helium bubbles in the
HAZ also varied significantly from boundary to boundary. The differences were apparently due to the
variation in the orientation of grain boundaries relative to the thermal stress direction and to the
thermal history experienced by each individual grain boundary. The boundaries which were normal to the
thermal stress and which experienced the highest temperature would be expected to have the largest helium
bubbles. The micrographs also show that the GB helium bubble density decreased after welding, implying
that impingement and coalescence of smaller helium bubbles had occurred. Most of the GB helium bubbles
were equiaxed and crystallographically faceted in shape.
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Underbead
Cracking

Fig. 6. Scanning electron micrographs of
partial penetration welds. (a) Control material,
(b} and {c} 105 appm He. Intergranular fracture
occurred in the heat-affected zone directly below ;
the centerline of the weld. This is the region
which experienced the critical combination of
high temperature and high tensile stress
required to induce cracking.

o - }i e

Fig. 7. Transmission electron micrographs of
the heat-affected zone of helium-doped materials
with 256 appm He. (a) Perforated grain boundary,
(b) matrix helium bubbles attached to dislocations,

Oiscussion (c) grain boundary helium bubbles in non-perforated
region, and (d) subgrain structure with helium
bubbles .

A Heat-Affected Zone

Since both the control and hydrogen-charged specimens were welded successfully, it is evident that
the cracking and fracture morphology shown in Figs. 2 and 3 for the material with helium concentrations
equal to and greater than 25 appm in the HAZ resulted from the presence of helium bubbles at grain boun-
daries. Transmission electron microscopy of the microstructure in the HAZ [Figs. 7{a) and {(c}] further
supports this conclusion. However, the fact that the lowest helium content material was welded success-
fully suggests that a threshold level (between 0.18 and 25 appm) of helium exists below which materials
may be welded successfully.

The growth of GE helium bubbles is favored by conditions that promote high temperature and stress.
For the case of welding, the high temperature is provided by the welding arc, and stress is generated
upon cooling of the constrained plates. The followiing discussion will be focused primarily on the
growth kinetics of GB helium bubbles. The growth kinetics of GB helium bubbles in the HAZ can be divided
into three sequential time regimes, as indicated in IFig. 8 Regime | is the heatup period before melting
occurs. Regime II is chosen as the time interval during which the moTten pool is present, resulting in a
stress-free state. Region IIT occurs after the melten pool has begun to re-solidify and internal shrink-
age stresses are generated in the constrained plate.

During the first regime, the nucleated bubbles in grain boundaries can grow by absorption of thermal
vacancies during the heatup period. However, compressive stresses generated by the thermal expansion of
the material will tend to retard bubble growth at grain boundaries normal to the compressive stresses.
While bubble growth may not occur in material that does not have a well-stabilized GB bubble microstruc-
ture, combination of helium atoms and vacancies will occur, resulting in GE helium bubble nucleation. It
i s then reasonable to conclude that bubble growth takes place primarily during time regimes II and III.

During regime II, Ostwald ripening?3:2* js one of the possible mechanisms by which GE helium bubbles
may grow. However, it is unlikely that this mechanism dominates since it depends upon a reasonable level
of solubility of helium in the metals to effect efficient transfer of gas atoms from small to large
bubbles. Since the solubility of helium in metals & negligible, coarsening via Ostwald ripening pro-
cesses is not likely to be of importance in this regime.
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Fig. 8  Schematic showing the growth kinetics of grain boundary helium bubbles in the heat-affected
zone during welding. (a) Time Regime 1: heatup period, compressive stresses, and weld centerline path
temperature less than Ty, (b} Time Regime 1I: molten pool present, stress-free state, and weld center-
line path temperature greater than Ty, and {c) Time Regime III: cooling period of resolidified metal,
shrinkage tensile stresses, and weld centerline path temperature less than Tpy-

The growth of GB helium bubbles may also occur by migration of matrix helium bubbles. Bubbles may
also be swept by moving dislocations into grain boundaries.?5 Since the starting material was fully
annealed and the time at elevated temperature short, the sweeping of bubbles into the grain boundaries by
dislocations is probably not important.

Growth of GB helium bubbles is also known to occur by grain boundary migration2® and/or recrystalli-
zation. However, the prior annealing treatment at 1050°C for 1 h ensures that little driving force is
available for such processes. Grain growth dose occur in the HAZ during welding, but the grain size
changes by less than 6%. Hence, grain boundary migration and recrystallization are not anticipated to
cause significant helium bubble growth during welding of annealed material.

Accordingly, during regime II the growth of GB helium bubbles is hypothesized to be primarily due to
the absorption of vacancies into bubbles. This process is particularly favored at temperatures close to
the melting point where there is a high vacancy concentration. Since during regime II the HAZ is in a
stress-free state, the driving force for growth is the helium gas overpressure in the bubble. This
overpressure is the excess of interior helium gas pressure over the surface tension restraint, 2y/r,
where 1 is the surface free energy and r is the bubble radius. This prevents excess thermal emission of
vacancies from the bubbles and results in a net vacancy flux to the bubbles. The derivation of the
growth rate of a discrete B helium bubble in regime II is as follows:

The concentgation of vacancies on a bubble surface {Cy) can be related to the equilibrium vacancy
concentration (Cv) at temperature T by

Cy = CT exp[-{p — 2y/r)a/kT] , (1)

where @ is the atomic volume and k is the Boltzmann's constant. The term Cs is given by:

& = [exp(aSy/k)exp(-a,/kT)1/a | (2}

where ASy is the vacancy formation entropy and &H, is the vacancy formation energy. Let us assume that

the equilibrium vacancy concentration is the same in the grain boundary as in the matrix. This assump-
tion will be analyzed later by investigating the effect of different aHy values on the bubble size pre-
dictions. Although structural misfit in the grain boundaries provides an additional source of vacancies,
it will not be considered here. The current of vacancies into the bubble is given by

I, = 2n8DgbCY {1 - exp[-(p - 2v/r}a/kTI} , {3)

where 6 is grain boundary thickness and Dg 1S the self-diffusion coefficient in the grain boundary. The
volume growth rate of GB bubbles can be expressed by

dV/dt = 1,9 , (4)

and alternatively the growth rate of the bubble radius is given by
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dr/dt = 8aDgpCy {1 - exp[-(p - 2v/r}a/kT1}/2r2 . (5)

To numerically integrate Eq. {5), p must be expressed in terms of the bubble radius. This is difficult

for _a non-equilibrium gas bubble. However, for this case {p - 2v/r)a is larger than kT leading to

expi-(p - 2v/r)2/kT] << 1. This assumption can be proved b apg] ing the following parameters:

p = 3ngkT/4 ri (ideal gas law), ng * number of gas atoms = gﬂ'ﬂ" /‘¥4kT, and p = 2y/r (equilibrium helium

gas bubble). Substitution of theSe quantities leads to a value of 0.033 for the term exp[-(p - 2v/r)a/kT],
which is much smaller than 1. Consequently, a valid approximation of bubble growth in the second regime
can then be obtained. We have from Eg.

dr/dt ~ saDgpCy/2r? . (6)
The solution to Egq. (6) (with boundary condition r = r§ at t = 0) is
r}—rf = 3GQngC$At/2 . 7)

where rj is the initial bubble radius in grain boundaries and At is the time spent in the second regime.
Equation (7) can therefore be used to calculate the size of bubbles in the HAZ at the end of regime II.
Figure 9 shows the bubble size as a function of peak temperature in the HAZ at the end of this period.
Curves for three differiamt AHy are shown, The results were obtained by specifying rj = 1 nm,

ASy = 1.5 k, ng =2 exp(-l.ﬁg eV/kT) cm2/s (ref. 27), At = 17 s, @ = 10723 ;3 and 6 = 04 nm.  The
time spent in regime II is estimated using a weld pool size of 6 mm and a welding speed of 3.6 mm/s.

The peak temperature-position profile in the HA2 was obtained using Adam's equation for the case of thin
specimens.2®  For instance, at a peak temperature of 1600 K and aHy = 1.8 eV, the bubble size at a grain
boundary one to three grain diameters (70 um) from the fusion boundary is approximately 50 m after
regime II. The result of this calculation indicates that bubble growth rate during regime Il is signifi-
cantly affected by vacancy concentration {(aHy). Also, for temperatures below 1000°C (1300 K), no signif-
icant bubble growth is predicted.

The kinetics of bubble growth in regime III are essentially identical to that in regime II with the
exception that external rather than internal stress dominates. These stresses have their origin in the
thermal contraction of the specimens as they cool. An equation similar to Eq. (6) can be derived for
regime IIl. A model for the growth of GB voids under external stress was first proposed by Hull and
Rimmer, 29 Subsequently, models of diffusive cavity growth induced by stresses normal to grain boundaries
have been developed extensively3%=3% and have been reviewed by Reide13% in detail. The growth rate of &B
voids is approximately given by2?

dr/dt = 2nsaDgho/arkT (8)

where a is the spacing between centers of voids, a is the shrinkage stress (transverse to the welding
direction) normal to the grain boundary. The bubble size can be obtained by integration of Eq. (8)if
Dgh» o and T as functions of time are known. In general, these can be obtained theoretically or/and

experimentally as explicit functions of time. However, in the present case the transverse shrinkage
stresses (a} as a function of time during cooling are difficult to describe explicitly. This leads to
some uncertainty in obtaining an accurate solution for Eq. (8).

From elasticity theory, the thermal stress can be related to the Young's modulus (E) and the thermal
expansion coefficient (a) which are also functions of temperature and hence time. At any instant, ther-
mal stress can be expressed by

aft) = E(t)a(t)aT . (9)

Consequently, an approximate relationship between shrinkage stress and time can be obtained. The instan-
taneous bubble size can then he expressed as

ar = 2 saDgy{t)o(t)at/ar(t)kT(t) (10)

where Dgp{t), T{t) and o(t) are assumed to be constant within a given time interval. During cooling, the
temperagure (in the HAZ) and time relationship is theoretically expressed by3®

T(t) = 293 t 1906/t Y2 exp{-668388/[t(Tpay - 293)27} . (11)

This specific temperature-time 92uation was obtained by substituting the following experimental parame-
ters into Rosenthal's e%uation:3 V=10 V-dc, | = 24 A pCp = 4.7 x 10% J/m3K (volume thermal capacity)
v = 36 mm/s, Ty = 1400°C, and h = 0.76 mm. Alternatively, Dgb as a function of time can be obtained by

means of Eq. (11) which is given by27

Dgb = 2 x 107 exp [-1.65 eV/kT(t)] m?/s . (12)
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Fig. 9. Grain boundary helium bubble size as a function of peak temperature in the heat-affected
zone after Regime 11. Curves for three different aH, are presented.

In addition, Young's modulus and the thermal expansion coefficient of annealed type 316 stainless steel
as functions of temperature are known . 37-42 Accordingly, an approximate bubble size after regime III can
be obtained by iterative numerical summation of Eg. (10). Figure 10 shows the bubble size as a function
of time for three different values of aH, and a peak temperature of 1600 K. Results indicate that final
bubble size after the third regime is rather insensitive to AH,. Grain boundary bubble size as a func-
tion of time for different peak temperatures (aH, = 1.8 eV) is given in Fig. 11 The theory predicts
that the bubbles on grain boundaries located one to three grain diameters from the fusion zone should be
0.85 wvm in diameter 1.0 s after resolidification of the weld pool. This compares favorably with the
measured time between the passing of the weld torch and onset of cracking as recorded by video tape.
Since the explicit thermal history and stresses experienced by each grain boundary examined are unknown,
it is difficult to relate the observed microstructure to the calculated results. Nevertheless the
dimple spacing of about 1 um observed on the HAZ fracture surface (Figs. land 2) is consistent with the
theoretical prediction (0.85 wm}. Thus, the proposed models provide a reasonable simulation for the
observed helium bubble growth in the HAZ.  Furthermore, the model is able to predict bubble size in dif-
ferent locations of the HAZ which have experienced different thermal history and residual stresses.

Transmission electron micrographs of the HA2 (Fig. 7) show that the GB helium bubble density after
welding is one to two orders magnitude less than that prior to welding, and that GB bubbles vary in size.
This indicates that bubble impingement and coalescence, due to geometrical inhomogeneities and/or bubble
migration, have occurred during welding. The coalescence will further enhance the GB bubble growth rate
due to conservation of bubble surface area, shortening the time of initiation of HA2 cracking. The
importance of in situ bubble coalescence to @ bubble growth has been reported by Wolfenden and Farrel on
fluorine bubbles in tungsten.*3 It was suggested that at high temperatures GB bubble growth is greatly
enhanced by overlapping or in situ coalescence of gas bubbles. However, GB bubble coalescence was not
taken into account in the development of the B bubble growth mdel. This event may be argued to be an
important factor in determining the bubble growth rate which may lead to significant difference between
the experimentally measured and theoretical time for onset of cracking. Nevertheless, the proposed @B
bubble growth mdel for the formation of HAZ cracking is conservative. Also, the experimental results,
onset of the HA2 cracking, and bubble size are reasonably consistent with those predicted by the proposed
model detailed above. This suggests that the contribution of bubble coalescence to bubble growth rate
may not be significant in our case.

B. Fusion Zone

Fracture surface features of the fusion zone of both 105 and 256 appm He welded material [Fig. 2(b)
and (c)] reveal that brittle fracture occurred along paths between dendrite arms. Scanning electron
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micrographs of the fusion zone (Fig. 4) suggest that brittle failure is caused by the precipitation of
helium bubbles along the dendrite boundaries. As solidification proceeds, helium is rejected by the
growing dendrites because of the low solubility of helium in the solid and is trapped in the inter-
dendritic region which is the last to solidify. These bubbles coalesce into microcracks. Tensile
stresses developed in the weld during cooling then cause these cracks to propagate, leading to brittle
rupture.

In sumnary, the results of this study show that brittle failure can occur in both the fusion zone
and the HAZ from the growth and linkage of helium bubbles on the dendrite interfaces and grain boundaries,
respectively. It also suggests that repair or replacement of irradiated structural components using con-
ventional GIA welding techniques may be very difficult. On the other hand, the presence of radiation
damage, such as dislocation loops, networks and voids, induced by neutron irradiation, my make weld
response of irradiated materials different to tritium-charged materials. Nevertheless, the present study
suggests that helium doping by the "tritium trick"™ technique is a good approach to simulate the effect of
helium on the weldability of neutron-irradiated materials.

CONCLUSIONS

The following conclusions were drawn from the present study:
Severe intergranular HAZ cracking occurred during cooling of GIA welded type 316 stainless steel
plates containing helium levels as low as 2.5 appm.

2. Brittle fracture in both fusion and heat-affected zones was induced by the growth of helium
bubbles at dendrite interfaces and grain boundaries.

3. The size and density of cavities in the fusion zone increased with increasing helium con-
centration. The largest pores were found in the fusion zone near the fusion line.

4. Low-heat input welding methods tend to induce underbead intergranular cracking in the heat-
affected zone in helium-containing austenitic stainless steel.

5. A simple theory of bubble growth has been presented based on stress-assisted growth model made
possible by the high vacancy concentration resulting from temperatures near the melting point. The model
is used to predict grain boundary bubble sizes as a function of position in the heat-affected zone.
Predicted sizes were found to compare well with those measured by electron microscopy.
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MICROSTRUCTURAL EXAMINATION OF SIMPLE VANADIUM ALLOYS IRRAMIATED N THE FFTF/MOTA - S. Ohnuki (Hokkaido
University, Japan), 0. S. Gelles (Pacific Northwest Labm‘atory),(a B. A. Loomis (Argonne National
Laboratory), F. A. Garner (Pacific Northwest Laboratory) and H. Takahashi (Hokkaido University, Japan)

OBJECTIVE

The objective of this effort is to determine the suitability of low activation vanadium alloys for fusion
reactor first walls.

SUMVARY

A number of simple vanadium alloys have been examined by transmission electron microscopy following
irradiation in the Materials Open Test Assembly of the Fast Flux Test Facility (FFTF/MOTA) at 600°C to

14 dpa. The alloys included pure vanadium, V-4%Mo, V-9%W, V-10 and 15%Cr, V-5, 10 and 20%T#, V-20%T%-5%Y
(in weight percent) and VANSTAR-7. All specimens were found to have developed features typical of radiation
damage. However, large differences were found as a function of composition so that void, dislocation and
precipitate structures were dissimilar even for specimens of similar composition. For example, different
heats of pure vanadium with different interstitial solute contents were examined. One contained voids and
the other did not. In a series of three V-Ti alloys, precipitation varied as a function of titanium
content. However, in general, specimens displayed precipitate development, often indicated by (001)
stacking fault features. About half the alloys contained voids. Dislocation structures included large
loops and dislocation tangles but much smaller loops similar to black spot damage could be frequently
identified. Therefore, microstructures developed under irradiation are very sensitive to initial
composition.

PROGRESS AND STATUS
Introduction

Vanadium _alloys are candidate llaa;ua'nialg for first wall fusion reactor applications! based on low induced
activity4 and heat resistant response. However, recent results have inﬂigated that neutron irradiation
damage in vanadium alloys leads to degradation of mechanical properties.®” In order to better understand
the causes of property degradation and to identify most promising alloy compositions, it is necessary to
understand the effects of neutron damage on microstructure and composition.

Neutron irradiation in the temperature range 400 to 600§C18an produce void_swelling, Ngislocation evolution
and precipitatign ip pure vanadiym apd vanadium alloys.® *¥ Ohnyki et al.? have sho oid formatign i
purepvana um, V-3at.‘2Cr, anga\?-%atﬁ 0 ?oﬂowrpng ]lryad|at|0n WPH”! fast neutrons to \IOZY nﬁlng (E>0.1 p/leV)
or about 0.6 dpa in the temperature range 400 to 600°C. Also, fine precipitates formed on pre-existing
dislocations in V-3at.%Cy, and rod shaped precipitates, identified_as TiQ, develo in ¥-14,8at%Ti.
Brasktl:g found vo‘fd swelling as E?gh aspe% Pn spgc$mens of VANSTAR-7 |Srra8|ated atpggoﬂg to 40 dpa, and
showed swelling in specimens of VANSTAR-7, V-15Cr-5Ti and ¥-3Ti-1Si (compositions in wt%) following
irradimtioT over the temperature range 400 to 600°C, but did not report on precipitation response. Bentley
and Wiffenl0 found voids in v-10wt%Cr and VANSTAR-7 and small unidentified precipitate particles in
v-10wt%Cr following irradiation to 17 dpa at 500 and 580°C, whereas only dislocation evolution was
identified in v-20wt%Ti following irradiation to doses as high as 45 dpa at 440°C. Each of these
experiments showed dislocatipg development due to irradiation for all materials studied. However,
microstructural observations' vV at somewhat higher temperatures of 690 and 805°C to 17 dpa did not reveal
precipitate formation even in ¥-10wt%Cr although voids could be identified in V-10wt%Cr and VANSTAR-7.

The aim of this study is to examine a number of simple vanadium alloys following irradiation in the
Materials Open Test Assembly of the Fast Flux Test Facility (FFTF/MOTA). Specimens were irradiated in the
temperature range 420 to 600°C to about 15 dpa, but only specimens irradiated at 600<C will be discussed in
this report. The alloys included pure vanadium, V-2.5%Mo, V-8.5%W, V-10 and 15%Cr, V-5, 10 and 20%Ti, V-
20%T1-5%Y (in weight percent) and VANSTAR-7. A companion paper in this proceeding describes behavior in V-
15Cr-5T1 under similar irradiation conditions.

Exoerimental Procedures

Twelve specimens were examined by transmission electron microscopy. Compositions of the specimens selected
for examination are listed in Table 1. Specimens had been irradiated in the form of standard transmission
electron microscopy (TEM) disks immersed in lithium and contained in molybdenum alloy capsules. The

capsules were identified as V626, V627 and V628, and all TEM specimens were engraved with the same location

(a) Operated for the U.S. Department of Energy by Battelle Memorial Institute under Contract
DE-AC-6-76RLO 1830.
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Table 1. Compositions and Results of Density Change Measurements for Specimens
Selected for Examination

Interstitial Concentration (wt ppm)

ANL 1D Material 10 Melt No. 0 N C Si Fe Swelling
EL-20 pure vanadium XE ANL 20 570 110 120 325 <100 M
EL-19 pure vanadium XE M
EL-1 V-4 0Mo VU ANL 1 230 73 90 110 <100 NM
EL-2 V-8 6W W ANL 2 300 150 120 59 <100 0.51
BL-4 ¥-10,0Cr-0, 1A1 VZ ANL 4 530 76 240 <50 530 1.64
EL-5 Y-14 1Cr-0, 347 ¥l ANL 5 330 69 200 <50 570 1.16
EL-25 ;-%gjdcr-o.aTi- XM ANL 25 390 64 120 150 680 0.26
BL-11 V-4.,9T4 V5 ANL 11 1820 530 470 220 780 0.03
EL-12 V-9,8T4 Ve ANL 12 1670 390 450 245 6300 0.01
BL-15 V-17.7Ti V9 CAM 832 80 160 380 480 390 0.01
EL-8 V-20T1-5Y V3 NM
EL-28 VANSTAR-7 xP CAM 837 275 540 740 -- - 1.12

(V-9.0Cr-3.3F2-1.21r)

All alloys contained <100 ppm Nb except for v-s.6W with 365 ppm Nb.
NV = not measured.

code: L1. [lIrradiation was performed in the FF7f/MOTA during cycles 7 and 8 in level 5, canister 0, )
basket 2, designed to_operate at €00<C. The actual operating temperature was 601 = 2¢°C._ However, during
irradiation in cycle 7, specimens underwsgt a temperature excursion to 738-306°C for 50 minutes. The
accumulated neutron fluence was 2.4 X 10¢¢ n/cm 5 > 0.% MeV) correspondlng to a dose of 14 dpa (using the
correlation factor for vanadium of 5.9 dpa per 10¢¢ a/cmé (E > 0.1 MeV).) Following irradiation, specimens
were removed and cleaned. One specimen of each alloy was assigned for density change measurement and the
second was provided for TEM.

SPecimen preparation followed standard electropolishing ﬁrocedures using a twin jet polishing unit with an
electrolyte solution of 20% sulfuric acid in methanol. = Microstructural examinations were performed on a 200
Ke¥ transmission electron microscope and compositional analyses employed a scanning transmission electron
microscope operating at 120 Kay, fitted with a standard x-ray detector coupled to an analyzing computer.
Beam positions for compositional scans were controlled manually.

Results
Density Measurements

Density measurements were made on specimens selected for microstructural examinations. The swelling values
obtained are included in Table 1. From Table 1, it can be noted that swelling was on the order of It or
less for all aI!oKs fOllQWIn? irradiation to 14 dpa at 600°C., The alloys that showed the largest swelling
aIII?Qntalned high chromium levels, but titanium additions to high chromium alloys appear to reduce
swelling.

Microstructural Examinations
AIl specimens were found to have developed features typical of radiation damage. However, large differences

were found as a function of composition so that void, dislocation and precipitate structures were dissimilar
even for specimens of similar composition. For example, different heats of pure vanadium with different
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interstitial solute contents were examined. One showed void development and the other did not. 1In a series
of three V-Ti alloys, the intermediate composition showed different precipitate development than did the
other two. However, in general, s?e0|mens displayed precipitate development, often indicated by stacking
fault features. About half the alloys showed voids. Dislocation structures included Iar?e loops _and
dislocation tangles but much smaller loops similar to black spot damage could be frequently identified.
Details of microstructural observations for each alloy will be given In the order provided in Table 1.

Pure Vanadium
The Purest vanadium alloy examined, heat ANL 20, after irradiation to 14 dpa at 600°C was found to have
developed .a complex microstructure fgllowln% irradiation. Voids on the order of 50 nm in diameter were
found at_low density non-uniformly distributed within grains and much smaller voids or bubbles on the order
of 5 nm in diameter were distributed more uniformly at higher density. At least two types of precipitate
structures could be identified, one blocky in _shape with sizes on the order of 30 nm, and the other in the
forn of large platelets less than 10 nm in thickness but several hundred nm long. The dislocation structure
contained a network of dislocation line segments, and a high density of black spot-like features could also
be imaged in strain contrast. Examples of these features are shown in Figures la, Ib and 1c. Figures la
and Ib show areas in void contrast; Figure la was selected to show the smaller voids at higher density and
Figure 1b was selected to show both the blocky and planar precipitate morphologies. Figure l¢ shows an area
in g = <110> contrast in order to image the dislocation structure; both dislocation line segments and black

spot damage can be_identified. Stacking fault features were also found, as shown in Figure 1d under ¢ =
<110> 1imaging conditions.

Figure 1. Microstructure at intermediate magnification in pure vanadium specimen XBL1 following irradiation
at 6%0“6 to %ﬁsdpa showing (2) voids and (b) voids and precipitates. The dislocation structure
is shown in (C).

However, a less pure vanadium alloy identified as BL-19 behaved quite differently. No voids were found
after 14 dpa at_60¢°C, the dislocation structure had not yet developed into a network and the density of
platelet precipitates was higher. Figure 2a provides an example of_an area In void contrast with a set of
platelet precipitates in strong contrast. No voids can be seen. Figure 2b shows another area in g = <110>
dislocation contrast. Examples of loop formation near dislocation line segments, larger dislocation loops,
stacking fault features in three orientations, and black spot damage can be identified. _ The faulted
features were found to be elongated in <001> directions. Therefore, increases_in impurity levels in pure
vanadium can slow irradiation-induced microstructural development and delay void formation.

V-4Mo

Additions of molybdenum to vanadium appeared to reduce, but not eliminate cavitation and to promote phase
instability. An example of ¥-4Mo after irradiation at 600°C to 14 dpa is given in Figure 3a_showing the
structure In void contrast. Blocky darker features associated with irregularly shaped_cavities and smaller
darker features can be identified throughout the structure. An example of this precipitate structure at
higher magnification is shown in Figure 3b. Larger irregularly-shaped cavities are coupled to a darker



Figure 2. Microstructure in impure vanadium specimen XEL1 following irradiation at 600<C to 14 dpa showing
precipitates In void contrast at high magnification In (a) and the dislocation structure at
intermediate magnification in (b).

region believed to be a precipitate particle, and smaller spherical bubble-like features are scattered
randomly through the matrix. _The observation of such features indicates that it is reasonable to assume
that this V-4Mo SBECIan has just begun swelling. It has not yet been possible to identify the precipitate
that is forming; both intermetallic or interstitial compounds are possibilities. An example of the
dislocation structure in g = <110> contrast is given in Figure 3c. The dislocation structure consists of
climbing perfect dislocations, Rrob@bly of Burgers vector a/2 <111>, black sgot damage and large planar
faulted features. Therefore, the dislocation evolution in V-4Mo appears to be similar to that found in the
pure vanadium specimen from BL-19 shown In Figure 2¢, and the major effect of molybdenum additions is to
promote a blocky precipitate phase that provides sites for cavity nucleation.

Figure 3. Microstructure in V¥-4.0Mo specimen ¥UL1 following irradiation at 600°C to 14 dpa showing_void and
precipitate structures at low magnification In (a) and at hl?her magnification in (b). The
dislocation structure is shown at higher magnification In {c

V-8.6W

Microstructural geveIoPment was somewhat different with tungsten additions in vanadium. The blocky precipi-
tates observed with molybdenum additions were not found, swelling was more developed in the matrix, the
dislocation structure revealed a higher density of faulted features, and black spot damage was restricted to



regions adjacent to climbing unfaulted dislocations. Examples are given for V-8.6¥ following irradiation at
600°C to 14 dpa In Figure 4. Figure 4a shows the void structure in V-8.6W at low magnification. A low
density of voids can be identified, the !ar?est 50 nm_In diameter. The largest voids appear cuboidal
whereas the smaller voids are more spherical, indicative of solute coatings on the cuboidal voids. The
faint darker images show dislocations In weak contrast. The dislocation structure is shown In g = <110>
contrast in Figure 4b. A hlgh_den5|ty of faulted features aepear in orthogonal arrays indicative of (100)
faults similar to those found In Pure vanadium BL-19 and In V-4Mo, but at higher density. The dislocation
structure is shown in Figure 4c at_higher magnification using g = <200> contrast. Both black spot damage
and Iarger loops can be seen restricted to regions adjacent to the climbing dislocations. Therefore,
segregation of tungsten to dislocations is expected to play an important role In microstructural evolution

in dLh2a «T7T

U

Figure 4. Microstructure in V-8.6W specimen VVL1 following irradiation at 600°C to 14 dpa showing voids at
low magnification In (a), dislocations at higher magnification In (b), and stacking fault
features in dislocation contrast at high magnification In (c).

¥-10Cr-0.1A1

Alloys containing chromium and aluminum were found to be the highest swelling alloys examined. The V-10Cr-
1A alloy irradiated at 600°C to 14 dpa contained voids distributed uniformly throughout the specimen with
void diameters generally 100 nm or _less, (but in one grain boundary region, several were found as large as
200 nn.)  An_example is given In Figure 5a. However, void sizes as small as 5 nm were found, indicating
that nucleation was continuing and Steady state microstructures may not have developed by 14 dpa. Voids.
ranging In size from 5 to 100 nm are shown_in Flgure 5b. The voids are clearly facetted, with both cuboidal
(100) and dodecahedral (110) surfaces showing. _Such shape variations are generally ascribe to solute
segregation. The dislocation structure, shown In Figure 5c usgn? g = <200> contrast for the same region as
in Flgure 5b, consists of a tangle of climbing dislocations, dis ocatlon_loqgg and black spot damage.
Therefore, chromium and aluminum additions promote void development and inhibit precipitate formation.

- -0.3A1

Increases in chromium and aluminum contents to 14.4Cr and ©0.3A1 resulted In very little change in micro-
structure. Figure 6 provides examples that can be directly compared with Figure 5, except that Figures 6b
and 6c are at higher magnification. The low magnification example of void structure in Figure 6a shows
voids as large as 100 nm, and a wide range of void sizes and shapes. In Figure 6b, both large and small
voids are present with a wide range of s a?es due to_variations in facetting. In Figure 6c, similar dis-
location structures are found, with small loops forming in the vicinity of climbing dislocations, but no
indication of black spot damage.
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Figure 5. Microstructure in V-10C .0, 1A1 specimen VZIL1 following irradiation at 600°C to 14 dpa showing

void swelling at Tow manification in (a) and at intermediate magnification in {b). The area of
(b) is shown in dislocajgn contrast in {c}.

Figure 6.

Microstructure in V-14. cy-0,3A1 specimen VIL! following irradiation at 600°C to 14 dpa showing

void swelling at low majnification in (a) and at intermediate magnification in (b). The area of
(b) is shown in disloca.ion contrast in (c).

V-14.4Cr-0.3Ti-0.3A1

Additions of 0.3Ti were found to hye a large effect on void swelling response. Only one small region was
found in the specimen examined tha; contained voids as large as 50 nm but in general, void sizes were
greatly reduced. Figure 7a shows :he structure in V-14.4Cr-0.3Ti-0.3A1 following irradiation at 600°C to 14
dpa at low magnificaﬂon. No void; can be seen but a coarse corduroy-like structure, similar to that found
in zirconium alloys,*¢ is evident. The region containing large voids is shown in Figure 7b, but this figure
is most notable because it revealsthe presence of hundreds of cavities as small as 2 m in diameter.

Therefore, the observed reduction in swelling is apparently due to enhanced void or bubble nucleation. The
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dislocation structure is shown in greater detail in Figure 7e. It consists of climbing dislocations, small
loops and some black spot damage. The corduroy structure appears to result from variations in contrast from
one band to the next due to slight changes in lattice rotation. Similar behavior was not found in any other
vanadium specimen examined.

Figure 7. Microstructure in V-14.4Cr-0.3Ti-0.3A1 specimen XMLl following irradiation at 600°C to 14 dpa
showing corduroy structure at low magnification in (a) and a region containing both large and
small voids at higher magnification in (b). The corduroy structure i s shown in dislocation
contrast at higher magnification in (c).

Titanium additions resulted in irradiated microstructures with low swelling, and a tendency for phase
instability. Examples for ¥-4.9Ti are given-in Figure 8. Figure 8a shows the major features of the
microstructure in a (100) orientation using g = <110> contrast. The dislocation structure consists of a low
density of a/2 <111» dislocation line segments and a higher density of both long a short features elongated
in <100> directions. The features elongated in <100> directions are expected to be associated with precipi-
tation because <100> features do not otherwise form in irradiated vanadium alloys. Larger precipitate
structures are also present, decorated by small bubbles or cavities following irradiation. Another example
of a large precipitate particle containing cavities is given in Figure 8b. These large precipitate
particles are expected to be Ti0z, present in the alloy prior to irradiation. Therefore,

Figure 8. Microstructure in specimen V¥5L1 following irradiation at 600°C to 14 dpa showing precipitate and
dislocation structures at intermediated low magnification in (a), and voids on precipitates at
high magnification in (b). Compositional analyses determined that a specimen mix up had occurred
and this specimen was ¥-9.8Ti.
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¥-4.9Ti is found to be very swelling resistant, with cavities forming onlv in association with preexisting
T102 particles. The observation of phase instability ai low titanium levels is unexpectedI although
formation of « titanium has recently been predicted as a stable phase for ¥-10Ti at 600°C. 2

V-9.8Ti

The specimen identified as V-9.8Ti behaved somewhat differently. The structure showed no evidence for
dislocation and precipitate formation on (100) planes, ind void swelling occurred in the matrix. Examples
of the microstructures for V-9.87i irradiated at 600°C to 14 dpa are given in Figure 9. _Figure 9a provides
a low magnification example of voids; the voids have formed non-uniformly with large variations in size,
indicative of swelling In the incubation regime. The voids are cuboidal-in shape, similar to some of the
voids found in V-8.6W. Figure 9b, showing the dislocatiion structure in g = <110> contrast, reveals an array
of climbing perfect dislocations and small loops. OF pirticuiar note is the grouE of voids adjacent to the

rain boundary. Such voids often form in regions where grain boundary migration has occurred, because

islocations and impurity levels are reduced. The dislocation structure is shown at higher magnification in
Figure 9¢. Individual climbing dislocations exist amongst regions containing high_densities of loops and
black spot damage. It is notzget understood why these clifferent morphologies coexist. Figure 9¢ also
provides examples of slight (110) truncations on the cuboeidal voids. This_specimen was confirmed to be a
vanadium-titanium alloy using x-ray dispersive analysis. Measurements indicated a base composition of V-
5.7T4i, suggesting a possible mix-up between the V-4.9Ti and V-9.8Ti specimens.

V-17.7Ti

Higher additions of titanium produced striking micrestructures. Precipitates %rew both as large platelets
and as decorations on dislocations. An example of the mmicrostructure near (111) orientation is given In
Figure 10a at low magnification using g = <110>, The diislocation structure consists of decorated climbing
dislocation segments and loops. Large elongated platelc!ts can be seen in three orientations. The disloca-
tion structure is shown at higher magnification in Figure 10b using g = <110> contrast for a foil near_(011)
orientation. Again, three sets of orthogonal platelets can be identified indicating an (001) habit. The
dislocation structure_includes both climbing dislocation line segments, and decorated loops and partial
rings that show stacking fault contrast. The climbing dine se%ments are probably of Bur?ers vector type a/2
<111> lying on (011) planes whereas the faulted loops 1ie on (001) planes and are probably of Burgers’vector
a/2d<1g?> type. Several examples of multiple a/2 <100> loop nucleation at the same site, can be identified
as double rings.

Crystallographic analysis of thicker platelets_in a thin foil verified a (001) habit plane, and demonstrated
an hexagonal crystal structure with [0001]]/[011] and [0110][[211], and lattice parameters of ¢ = .48 nm and
a = 0.26 nm for the hexagonal phase. The glatelets are confirmed to be rich in titanium. Therefore, the
microstructural development is controlled

precipitation of titanium on {001} planes.

y segregation of titanium to climbing dislocations and

2

Figure 9. Microstructure in specimen V6Ll following irradiation at 600°C to 14 dpa showing_void swelling at
low magnification in (@). The dislocation structure is shown and at low magnification in (b)
and at higher magnification in (c). Compositional analyses determined that a specimen mix up had
occurred and this specimen was V-4.9Ti.



Figure 10. Microstructure in v-17.7T4 specimen voLl following irradiation at 600°C to 14 dpa showing
dislocations and precipitates at low magnification in (aa and at intermediate magnification in

(). A precipitate decorated with voids is shown at higher magnification in (C).

Void swelling was observed in ¥-17.7Ti only in association with Ti02 particles. An example is given in
Figure toc. Therefore, swelling behavior in V-17.7 was found to be similar to that in V-4.7Ti.

¥-20Ti-5Y

Large additions of both titanium and yttrium to vanadium resulted in irradiated microstructures g

ferent from those in vanadium alloys only containing titanium. Evidence for precipitation of titanium was
not found and dislocation structures were only of a72 <111> type. An example of the structure at low
magnification is given in Figure lla. A grain boundary is shown decorated with blocky precipitate, in
dislocation contrast on one side and in void contrast on the other. The dislocation structure consi
tangle of climbing dislocations and_small loops, and no void swelling is observed. The dislocation
structure is shown at higher magnification in Figure Ilb. Several dislocations appear wavy or crenelated,

Figure 11. Microstructure in V-20Ti-5Y specimen ¥3L1 following irradiation at 600°C to 14 dpa showing a

grain boundary at_low magnification in (a), dislocations at higher magnification in (b), and a
region near a grain boundary containing voids at intermediate magnification in (C).
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and several others_afpear_as faint arrays of darker spots. Such features may arise due to segregation and
E[eC|p|tat|0n on dislocations. (Similar features can be identified with a/2 <111> dislocations In
igure 10b.) Therefore, yttrium appears to prevent nucleation of titanium on (001) planes.

One unusual region near a grain boundary is shown in Figure llc. The region contains voids as large as
500 nm with many of the volds decorated by precipitates. _Such observations are generally associated with
grain boundary migration and solute redistribution, allowing early void nucleation and growth. Therefore,
it is likely that at higher dose, voids will nucleate and grow In this alloy.

VANSTAR-7

The last _alloy examined In this series was Vanstar-7 containing V-9Cr-3.3Fe-1.2Zr. The specimen of
Vanstar-7 was difficult to prepare for examination, and therefore, examinations were restricted by limited
thin area. Density measurements had indicated that swelling as high as 1% existed In the alloy, but no
evidence of void swelling was found durln% microstructural examination.  Instead, the structure was found to
contain a high density of stacking fault features which dominated the microstructure. Examples are given In
Figure 12. Figure 12a shows a region In weak contrast In order to_image void swelling. No voids can be
identified, but several dark features, all elongated In the same direction, can be seen. The structure is
shown In g = <110> contrast in Figures 12b and C u5|qg_br|ght field and dark field imaging, resEectlver.

An orthogonal array of faulted features can be identified in the bright field image, and In dark field, the
structure apgears to be filled with Iarge faulted precipitate features and a fine distribution of smaller
particles. Therefore, based on these observations, it is_concluded that the observed density change found
in Vanstar-7 irradiated at 600-C to 14 dpa is due to precipitation, and not to void swelling.

Microchemical Analysis

Several of the specimens of interest were analrzed to provide results on microchemical segregation. In each
case, an area was chosen with a microstructural feature of interest, such as a grain boundary, and a small
diameter electron beam was positigned and x-ray spectra obtained for a number of locations approaching the
feature. The results of compositional analysis from these series of measurements are given in Figure 13.

Figure 13a gives the results of segregation measurements at a grain boundary in specimen VéL1, of cqmﬁosi—
tion v-9.7Ti. The grain boundary was located at the graphical axis and measurements were made on either
side in a direction a?prOX|mater perpendicular to the boundary. The matrix _composition was measured at
5.7%Ti by scanning a large area of the specimen during x-ray accumulation. From Figure 13a, it can be
demonstrated that titanium segregates towards the grain boundary to levels as high as 8%Ti, or 40% higher
than the matrix composition. The fact that the composition maximum_does not_appear at_the boundary may be
due to grain boundary mlqratlon during irradiation. Also, the matrix composition is significantly lower
than expected in this alloy. The low matrix composition may provide an explanation for unusual
microstructural development found in this specimen.

Figure 12. Microstructure in Vanstar-7 specimen XPL1 following irradiation at 600°C to 14 dpa showing an
area in void contrast at hlgh magnlflcatlon in (2), and another area at high magnification in

dislocations contrast in (b), and dark field contrast in (c}.
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Figure 13. Analytical electron microscopy results showing solute segregation in specimen ¥6L1 (determined to
be V-4.7Ti) at a grain boundary in (a), in specimen V¥5L1 (determined to be ¥-9.7Ti) at a grain

boundary in (b}, and in ¥-14.1Cr-0.3Ti specimen XTLI at two voids in (C),

in (d).

and at a grain boundary



Figure 13b provides an example of segregation measurements at a boundary in specimen ¥5L1, of composition
V-4.7Ti. In this case, a slight reduction in titanium concentration occurs at the boundary. Matrix
composition determinations using broad scans showed the matrix composition to be between 9.6 and 10.0%
titanium. Therefore, specimens V5L1 and V6L1 were mixed up, and a simple explanation for differences in
microstructural development is possible.

Figure 13c shows chromium segregation near two voids in a specimen of ¥-10Cr-0.3Ti that was not used for
microstructural examination. Chromium is found to concentrate at the voids to levels as high as 14.2%Cr, in
comparison to a matrix composition measured at 8.1%Cr, or an increase of 75%. Figure 13d shows similar
measurements for a grain boundary region in this specimen. Segregation to the boundary is less, but
reductions in chromium levels are found next to the boundary. Therefore, chromium is found to move toward
point defect sinks.

Finally, the ¥-17.7Ti was examined and it was found that the specimen composition was 20.6%Ti and titanium
segregated towards a grain boundary to a maximum composition of 42.6%Ti, or an increase of 107%. Analysis
of precipitate particles in the foil showed enrichment of titanium with low levels of aluminum on the order
of 1%.

DISCUSSION

This effort was intended to provide a preliminary survey of microstructural response to irradiation damage
in vanadium alloys. Therefore, a large number of questions remain unanswered. The effort will be
continued, both by further examination of the specimens already examined in order to provide further
understanding of the microstructures, and by examination of the same alloys irradiated to higher dose and at
lower temperatures. However, a summary of the results at this time is expected to be of value. This
discussion will consider that specimens of ¥-4.9Ti and V-9.8Ti have been interchanged, based on the
experimental analytical microscopy results.

Microstructural development from fast neutron damage in vanadium and its alloys is found to be complex, and
response can vary greatly as a result of minor changes in composition. For example, void swelling response
following irradiation to 14 dpa at 600°C varies from void free structures in Vanstar-7 and the less-pure
heat of pure vanadium, to the high swelling cases of V-10Cr and V-15Cr. Intermediate cases included the
purer heat of vanadium, V¥-8.6W and V-4.9Ti, where uniform void swelling had not quite been reached, and
V-4Mo, V-9.8Ti and V-17.7Ti where swelling was very low and voids were found associated with precipitate
particles, either formed during irradiation or, as in the case of Ti0y, probably present prior to
irradiation. The most unusual case was that of V-14.4Cr-0.3Ti-0.3A1, where it appears that addition of
0.3%Ti has reduced the swelling response by causing formation of a very high density of small cavities.

Also, different alloying additions are found to alter void shape. In general, voids are highly truncated,
often appearing almost sphere-like. Examples were less-pure vanadium, and chromium-containing alloys.
However, alloys with tungsten and titdnium developed voids of cuboidal shape, and several alloys contained
voids of unusual shape due to void-precipitate interactions, such as in ¥-20Ti-5Y.

Dislocation evolution was also complex. In most cases, examples of climbing perfect dislocation arrays with
the standard a/2 <111> Burgers vector were found. However, often smaller loops developed near some of the
climbing dislocations, and black spot damage was also found. In many cases, faulted features associated
with (001) planes were also found, for example, in impure vanadium, V-4Mo, V-8.6W,V-9.8Ti, V-17.7Ti, and
Vanstar-7. It appears likely that faults on (001) planes and black spot damage are indicative of
precipitate formation, but further work is needed to verify that this is the case for each of the alloys
studied.

However, the finding that must be emphasized was the tendency for precipitate formation. All specimens
examined showed some tendency for precipitation. |n many cases, such as Vanstar-7, V-4Mo, the alloys
containing high levels of titanium, and even the impure vanadium, the precipitates were obvious in void
contrast. But even in the high swelling alloys containing chromium, black spot damage was found, suggesting
precipitation was occurring. The best example of this response is in the purer vanadium alloy, where even
with impurities in the range of hundreds of parts per million, precipitates were easily identified following
irradiation. It is interesting to speculate that the tendency for void swelling is inversely related to the
amount of precipitate that forms, at least to dose levels on the order of 14 dpa. Therefore, solute
additions can be expected to alter both swelling response and postirradiation mechanical properties,
depending on how effective the solute is in forming precipitate particles during irradiation.

Unfortunately, either higher swelling or an increase in hardness will occur, and any alloying addition will
likely have some deleterious effect.
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CONCLUSIONS

A series of vanadium alloys including pure and impure vanadium, and alloys with molybdenum, tungsten, chro-
mium, titanium and yttrium additions and the commercial alloy Vanstar-7 have been examined by transmission
electron microscopy following irradiation in the FFTF/MOTA to 14 dpa at 600°C.

All specimens were found to have developed features typical of radiation damage. However, large differences
were found as a function of composition so that void, dislocation and precipitate structures were dissimilar
even for specimens of similar composition. For example, different heats of pure vanadium with different
interstitial solute contents were examined. One showed void development and the other did not. 1In a series
of three V-Ti alloys, precipitate development varied as a function of titanium content. However, in
general, specimens displayed precipitate development, often indicated by (001) stacking fault features.
About half the alloys showed voids. Dislocation structures included large loops and dislocation tangles but
much smaller loops similar to black spot damage could be frequently identified.

FUTURE WORK

This work will be continued. Presently available specimens well be examined further, and specimens irradi-
ated to higher fluence and over a wider range of temperatures will also be examined.
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IMPACT BEHA\(IS)R OF IRRADIATED V-15Cr-5T1 FOLLOWING HYDROGEN §E§10VAL, M. L. Hamilton, Pacific Northwest
Laboratory,(2) and B. A. Loomis, Argonne National Laboratory

OBJECTIVE

The purpose of this work was to determine whether the impact behavior of irradiated V-15Cr-5T1 could be
improved by removing the hydrogen which is suspected to be contributing to the radiation-induced degradation
previously observed in the ductile to brittle transition temperature (DBTT).

SUMMARY

Dehydrogenation of v-15cr-5T1 Charpy impact specimens after irradiation at 400°C to 114 dpa was performed
rior to impact %esting. Hydrogen removal caused no change in the impact behavior of the alloy, yielding a
BTT in excess of 400-C.

PROGRESS AND STATUS
Introduction

ImPact tests on !/3-siza Charpy specimens of V-15Cr-5Ti demonstrated recently that this particular vanadium
alloy exhibited a S|in|f|cant increase in the DBTT with irradiation to only 6 dpa.l Two possibilities have

SRr9d 8. F IR Rk LRI V-6R1e85 88 LTS, HertPdabialre FPEASFAIRY Y HILOoTheniin Y YRS BRPR0BMLo1e
precipitate development during irradiation.i To investigate the premise of hydrogen embrittlement,

additéonal irradiated Charpy specimens were heated in vacuum to remove any hydrogen present and subsequently
tested.

Exeeriment Procedure

One-third Size Charpy samples of V-15Cr-5T¢ heat C%E-B3SB yere irradiated In the Materials Open Test
Assembly at 404°C to a nominal fluence of 19.8 x 10?2 n/cm? (£>0.1 MeV), corresponding to a damage level of
114 dpa. They were irradiated in Iithium-filled Tzm capsules to _prevent contamination by the interstitial
elements ¢, O and N, for which vanadium alloys have a high affinity. Following removal from the capsules
and cleaning to remove the lithium, the specimens were heated in a vacuum furnace to allow any hydrogen
present to be released. Specimens were heated at a rate of 10-15°C/min to 500°C_and then cooled, a
procedure which has successfully removed hydrogen from unirradiated tensile specimens of the same atloy.?
While no measurements of hydrogen release were made during the anneal of the irradiated specimens, the
increased pressure shown by the pressure gauge confirmed that outgassing was occurring. level of hydrogen
release similar to that observed in the tensile specimens was assumed for the work presented here on _
irradiated v-15Cr-5T1 Charpy specimens, but there is no way at present to verify this assumption. Despite
the fact that the anneal exposed the specimens to temperatures 100°C in excess of the irradiation
temperature, it is believed that the anneal caused no microstructural changes which might influence the
mechanical behavior of the alloy. This conclusion is based on the fact that comparable tensile behavior has
been observed gn tests at room temperature on_irradiated specimens which were and were not annealed for one
hour at 600°C.° Impact tests were performed in the same instrumented drop tower as the tests described in
Reference 1, except that the specimen carriage of the drop tower had been revised so that higher test
temperatures could be achieved.

Results and Discussion

The data from both the current and prior test series are given in Table 1. Note that "first cycle" energies
are tabulated instead of total fracture energy. First cycle energy is technically a more accurate
expression of the fracture energy since it represents the en@r%¥ absorbed prior to _the first oscillation
about zero load typically observed at the end of tests on brittle specimens. For impact tests on this
alloy, the difference between the total and first cycle energies is less than %. The fracture energy and
maximum load data are plotted in Figure 1. The tests performed are obviously on the lower shelf until at
least 400°c. Tests were not conducted above 400-°C. Scanning electron microscopy is expected to confirm the
brittle nature of the fractures in the near future.

{a) Oeerated for the US. Department OF Energy by Battelle Memorial Institute under Contract
DE-acns-78RL0 1830.

(by Work supported by the U.S. Department of Energy, Office of Fusion Energy, under Contract
W-31-109-Eng-38.
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Table 1. Impact Data on Irradiated v-15Cr-STi

Test Irradiation First Maximum
Specimen Temperature Temperature Dose Cycle Load
ID (-C) {(*C) (dpa) Energy (J) (kN)
Previous tests:
RHOS5 240 365 6 0.034 0.350
RHO4 242 365 6 0.026 0.398
RH14 225 404 30 0.015 0.210
RH27 242 520 18 0.015 0.268
RH35 240 601 14 0.045 0.545
Current tests:
RH21 240 404 114 0.034 0.336
RH22 315 404 114 0.037 0.367
RHZ4 395 404 114 0.038 0.426

It is evident that the DBTT of the alloy is well in excess of 400°C following irradiation to 114 dpa at
404-C. No improvement in fracture energy or maximum load aﬁpears to have been produced as a result of the
hydrogen removal. This conclusion IS appropriate despite the fact that the comparison is between data at 6
and 114 dpa since it has been demonstrated that the le el of radiation hardening aﬁpears to peak at about
30-50 dpa and then drops off with further irradiation.! Thus the implication is that the precipitate
structures described in Reference 3 are responsible for the radiation-induced degradation In impact behavior
in ¥-15Cr-5Ti. It does not appear likely that the removal of hydrogen prior to irradiation would be
beneficial, since there is no indication that precipitate formation depends on the presence of hydrogen.

CONCLUSIONS

Hydrogen removal following irradiation provides no significant improvement in the impact behavior of
V-15Cr-5Ti.

FUTURE WORK

No further efforts are planned for this material.
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Figure 1. Impact test results on ¥-15Cr-3T1 showing (a) maximum load and (b) impact energy.
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A MICROSTRUCTURAL EXPL?N§TION FOR IRRADIATION EMBRITTLEMENT OF V-15Cr-5Ti - D. S. Gelles (Pacific
Northwest Laboratory), 8} §. Ohnuki (Hokkaido University, Japan), B. A. Loomis_ (Argonne National
Laboratory), H. Takahashi (Hokkaido University, Japan) and F. A. Garner (Pacific Northwest Laboratory)

OBJECTIVE

The objective of this effort is to determine the suitability of low activation vanadium alloys for first
wall applications.

SUMMARY

Recent results have indicated that modest levels of neutron irradiation damage in V-15Cr-5Ti lead to severe
degradation of mechanical properties. In order to explain the observed behavior, specimens of ¥-15Cy-5Ti
have been examined by transmission electron microscopy following irradiation at 600°C to 14 dpa in the Fast
Flux Test Facility (%ETF). The conditions examined included two heats of v-15Cr-5T3 with very different
oxygen contents and, in one case, a section of a charpy specimen demonstrated to have very poor impact
resistance. Specimens irradiated at 420 and 5206<C were also examined to confirm density change measurements
that indicated swelling levels as high as 2.5%.

FoIIowinq_irradiation at 600°C, a complex microstructure was found that included a perfect dislocation net-
work of line segments and loops, faulted loops, a h!gh density of black spot damage and a high density of
rod-shaped precipitates. Heat-to-heat variations did not appear to significantly alter these
microstructural features; instead the density of large blocky precipitates, believed to be Ti0p, was found
to_have increased with increasing oxygen content. Only two of the specimens irradiated at 600°C_contained
voids, whereas none of the specimens irradiated at 420 or 520°C contained significant void swelling.
Therefore, swelling as measured by density change is ?robably due to phase instability in these specimen
conditions, and the hardening and irradiation embrittlement that have been observed can be explained by the
microstructural development. Phase stability appears to be an important criterion in the design of vanadium
alloys for fusion applications.

PROGRESS AND STATUS
Introduction

Vanadium, alloys are candidate materia1§ for first wall fusion reactor applications! based on low induced
activity4 and heat resistant response.> However, recent results have ingigated that neutron irradiation
damage 1n vanadium alloys leads to degradation of mechanical properties.*-© The most severe degradation was
found in the most promising allog, v-15Cr-5Ti. It is not yet understood what has caused this mechanical
property degraga}3°"- Two possibilities have been suggested: oxygen contamination and hydrogen ]
embrittlement.”» 1% However, an earlier paper had shown that hydrogen contamination was less severe in
V-15Cr-5T§ than in other vanadium alloys because the hydrogen did not diffuse into the alloy as extensively;
therefore, the %reater loss of ductility exhibited by the v-15cr-sTi after neutron irradiation, in
comparison to the v-37i-0.553 and v-207i alloys, is not attributable to an increased H concentration.ll

It was the original intent of the present effort to examine irradiated V-15Cr-5Ti microstructures In order
to assess the consequences of solute segregation and dislocation evolution on embrittlement. This work was
done concurfsntly with microstructural examinations of simpler vanadium alloys irradiated under the same
conditions, '€ so that comparisons with less embrittled microstructures can be made. The available specimen
matrix included two heats of ¥-15Cr-5Ti with different oxygen levels, and different specimens of the same
material irradiated in different capsules so as to give somewhat different dose levels and hydrogen
absorption levels. Compositions for the alloys that were examined are given in Table 1. It was also
possible to examine the microstructure of an embrittled charpy specimen to eliminate the possibility that
the Charpy specimens were mishandled during manufacture.

Recently, density change measTEements were reported for a _series of v-15Cr-5Ti specimens irradiated at 420,
520 or 600°C to about 15 dpa. The results, reproduced in Table 2, indicated levels of swelling as high as
2.4. As a result, the present effort was expanded to include microstructural examination of several of the
specimens of interest, in order to explain the large variation in swelling that was found.

(€)) OEerated for the U.S. Department of Energy by Battelle Memorial Institute under Contract
DE-AC06-76RLG 1830.



Table 1. Alloy Compositions for ¥-15C+-5Ti Heats

ANL Melt Imourity Concentration

ID No. Number Base Alloy 0 N C S Fe
BL-21 CAM835 V-13.7Cr-4,8T4 340 510 180 1150 300
BL-22 ANL114 V-13.40r-5,1TH 300 52 150 56 140
BL-23 CAvM834 ¥-12.90r-5.9T4 400 490 280 1230 420

EL-24 ANLIOI V-13.5Cr-5.2T4 1190 360 500 390 520

ExDerimental Procedures

Compositions of the specimens selected for examination are listed in Table 1. These specimens were
irradiated in the form of either standard transmission electron microscopy (TEM) disks or miniature charpy
specimens which were immersed in lithium and contained in molybdenum alloy capsules. The capsules were_
identified as Y420, Y519, v521, V624 and ¥527, and all TEM specimens in a given capsule were engraved with
the same location code: LR, LV, LX, LZ and L1, respectively. Irradiation was_performed in the FFT¢/M0TA
during cycles 7 and 8. Capsule V420 was in level 2, canister C, basket 4 designed to operate at 420°C, but
actually at 405°C. Capsules v519 and v521 were in level 1, canister B, basket 1 and basket 3, respectively,
both desi%ned to operate at 520°C. The actual operating temperature was 520°C. Capsules V624 and V627 were
in level 5, canister b, basket 3 and basket 2, _respectively, designed to operate at 60¢<C. The actual
operating temperature was &0i-c. _However, during irradiation in the middle of c¥cle 7, specimens underwent
a_temperature excursion to €76-C in level 1, canister & and to 7s3-806°C in level 5, canister 0, for 50
minutes. Therefore, specimens irradiated at 520°C were briefly heated 156 and specimens irradiated at
502“0 werg briefly heated z05“;. The accumulated neutron fluences were 5.19, 4.33, 3.51, 2.96 and 2.39 X
1022 n/emé (E > 0.1 MeV), respectively, corresponding to doses of 30.6, 25.6, 21.1, 17.4 and 14.1 dpa.
Following irradiation, specimens were removed and cleaned. _One specimen of each alloy was assigned for
density change measurement and the second was provided for TEM. Specimen conditions selected for
examination, irradiation history and results of density measurement are listed in Table 2

Specimen preparation followed standard electropolishing procedures using a twin jet polishing unit with a
solution of 20% sulfuric acid in methanol. Microstructural examinations were performed on a 200 KeV
transmission electron microscope, and compositional analyses employed a scanning transmission electron
microscope operating at 120 KeV, fitted with a standard x-ray detector coupled to an analyzing computer.
geam positions for compositional scans were controlled manually.

Resuits
Void Swelling

The density change measurements given in Table 2 indicate variations in density of up to 2% for nominally
similar specimens irradiated under similar conditions. The maximum measured was 2.3% for heat AHLLl4 at
520°C and 21 dpa, but the same heat reached 1.56% at 420°C and 31 dpa; heat CAM834 had 1.4 at 420°C and
31 dpa. All other measurements were on the order of 0.3t or less. Comparison of these results with alloy
composition information in Table 1 §Uﬁgests that the alloy with the lowest iTgurity level gave the largest
decrease in density, in agreement with conclusions drawn for simpler alloys.

However, transmission electron microscopy observations were unable to confirm density changes in excess of
1% were due to CaVItK formation, or that_caV|t¥ formation was even a prominent microstructural development
inv-15Cr-37i.  Of the specimens listed in Table 2, all conditions except XHLR, XFLX and XLLI were
successfully prepared for transmission electron microscopy. Only specimen XHLI of heat ANLI14, irradiated
at 400+C to 14 dpa, had developed a well defined uniform array of voids. The remaining specimens either
contained only a few voids, non-uniformly distributed, or none at all. In cases where only a few voids were
f??nd, }Qey were generally associated with blocky precipitate similar to the situation seen in simpler
alloys.

Examples of microstructures found in specimens XKLR, XHLX and XHLI are given in Figure 1. Figures la and 1o
show specimen XKLR, of heat CAM834 irradiated at 420°C to 30.6 dpa. This specimen condition had 1.4%
density change. The microstructure is shown in void contrast in Figure la. A few small voids marked by
arrows and a number of surface pits can be identified. Figure 1o shows another area in dislocation
contrast. The dislocation structure is complex, including dislocation loops, tangles, and black spot
damage. Figures ic and Id provide similar information for specimen XHLX (heat &4NL114 irradiated at 520°C
and 21 dpa) that had 2.3% swelling as measured by density change. In Figure l¢, several large cavities can



Table 2. Specimen Conditions of ¥-15Cr-5Ti Selected for Microstructural Examination. Swelling
values based on density change measurements are included where available.

Specimen ANL Heat Capsule Irradiation
ID D No. Number Number Temperature Dose(?) Swelling
(°0) (dpa)

XLLR BL-24 ANLIOI V420 420 30.6 0.0
XKLIR EL-23 CAMB34 V420 420 30.6 14
XHR BL-22 ANL114 V420 420 30.6 1.56
XAR EL-21 CAMB835 V420 420 30.6 0.44
XLLV BL-24 ANLIOI V519 520 25.6 0.36
XKLX BL-23 CAVBA V521 520 21.1 0.55
XHX BL-22 ANL114 V521 520 21.1 2.39
XAX BL-21 CAMB35 V521 520 21.1 0.63
XLLI BL-24 ANLIOI V627 600 14.1 0.0
XKL1 BL-23 CAMIB34 V627 600 14.1 W
XKLZ EL-23 CAVIB34 V624 600 174 0.28
XHLI EL-22 ANL114 V627 600 14.1 0.33
XFLI EL-21 CAMB35 V627 600 14.1 0.42¢
XLLZ BL-24 ANLIOI V624 600 17.4 NM
rRH3s(b)  BL-24  cAave® V624 600 174 NM

not measured.

NM =

(a) = based on 5.9 dpa/ 1022 n-cm"2, (E > 0.1 MeV).

(b) = section from Charpy specimen.

(c) = density measurement for specimen XFL.Z at 17.4 dpa.

be seen associated with a large spherical precipitate. However, the rest of the microstructure contains
negligible cavitation, and an explanation for the density change results is- not apparent. The dislocation
structure, shown in Figure 1d, contains dislocation loops, tangles, and black spot damage, but the structure
i s coarser than that formed at 420°C. Figure |e provides an example of the structure in the same alloy
following irradiation at 600*C and 14 dpa where 0.33% density change was observed. A moderate density of
small cavities as large as 4 nrm can be seen. Therefore, it must be presumed that the density change
measurements that implied void swelling levels as high as 2.4% were not really due to void swelling.

Microstructural evolution at 690°C

Due to the complexity of the microstructure, the major emphasis of microstructural examinations was shifted
to the highest available irradiation temperature of 00°C, in order to provide the least complicated micro-
structure with the largest features for examination. Several conditions were examined In order to evaluate
the tendency for heat-to-heat and specimen-to-specimen variations. The specimens were XKLZ and XKLI of heat
CAM834, irradiated in different capsules; specimen XLLZ of heat ANLIOI, irradiated adjacent to specimen
XKLZ; specimen XFLI of heat CAM835, used for compositional analysis; and a section from charpy specimen RH35
of heat CAM835, which had been tested at 240°C and gave brittle response indicating a ductile brittle
transition temperature [DBTT) above 240°C.

Figure 2 provides a series of micrographs for an area near an (011) orientation in specimen XKL.Z of heat
CAM834 with moderate impurity content, irradiated at 600°C to 174 dpa. Figure 2a shows the microstructure
in g = 011 dislocation contrast. The-structure contains a complex dislocation tangle and black spot damage.
The same area is shown in dark field g = 011 contrast (approaching weak beam) in Figure 2b, and in dark
field g = 200 contrast in Figure 2c. Comparison of Figures 2b and 2c demonstrates that a complex
dislocation structure is present, containing stacking fault features on at least two different planes
(visible only in <011> contrast), and a complex dislocation tangle. Stereo analysis of the planar defects
indicates that these faults are probably on (110) planes. Stacking fault features in vanadium alloys are
expected to indicate the presence of precipitate particles that were formed during irradiation.

Figure 3 shows a second area near an (001) orientation in specimen XKLZ  Figure 3a provides an image in
g = 110 dislocation contrast that i s remarkable for the short straight features that can be seen along with
the dislocation tangles and black spot damage. The straight features lie in <100> directions. They appear
apparently as a result of <100> rel rods found in the diffraction pattern and therefore are a result of
either planar defects on (100) planes or needles in <100> directions. Dark field images of the features



Figure 1. Examples of specimen microstructures. Specimen XKLR from heat CAM834 irradiated at 420*C is
shown (a) in void contrast and (b) in 011 dislocation contrast. Specimen XHLX from heat ANL114 irradiated
at 520°C is shown (c) in void contrast and (d) in 011 dislocation contrast. Specimen XHLI also from heat
ANL114 irradiated at 600°C is shown (e) in void contrast.

forming the rel rod spots are shown in Figures 3b and 3c for two orthogonal orientations. The images are
ak long as 40 nm, often consisting of a series of small spots, indicative of precipitate interactions.
Tlierefore, evidence both for precipitation on (110) planes and either on (100) planes or in <110> directions
is indicated. Figures 3d and 3e provide the corresponding g = 110 and 200 dark field dislocation contrast
imnages, showing dislocation tangles similar to those in Figures 2b and 2c. However, faulted images do not
appear in either micrograph. The reason why the faulted images in g = 110 contrast appear for 011 foil
orientations and not for 001 foil orientations is not yet understood.

1e dislocation and rel rod images were examined to a lesser extent in specimens XKLI, XLLZ XFLI and RH35

id were found to be similar in appearance and scale. In order to demonstrate the similarities, Figures 4,

and 6 have been prepared to show similar rel rod images in specimens XKLI, XLLZ, and RH35, respectively.

igure 4 provides a bright field image in 4a and two dark field images in 4b and 4c using dark field

mtrast from orthogonal rel rods for a thicker foil near an (001) orientation. The specimen identity is

(L1, corresponding to the same heat as that shown in Figures 2 and 3, but following irradiation in a
different capsule to a somewhat higher dose. The rel rod images in Figures 3 and 4 are similar in size and
distribution. Therefore, minor differences in irradiation history have little effect on precipitation
response of the rel rod features found in ¥-15Cr-5Ti.

E



Figure 2. Specimen XKLZ from heat CAM834 irradiated at 600°C to 17.4 dpa in (a) 011 bright field and (b)
dark field dislocation contrast and in (c) 200 dark field contrast for a foil near (011).

Figure 5 gives similar images for specimen XLLZ, made from heat ANLIOI and irradiated in the same capsule as
specimen XKLI. The main differences between heats ANL101 and CAM834 are In impurity content: ANLIOI
contains higher oxygen and carbon levels, and CAM834 contains a higher silicon level. Figures 5a and 5b
show bright and dark field rel rod images and Figure 5¢ provides dark field contrast for the orthogonal rel
rod images. The images in Figure 5 are similar to those in Figure 4 except that a second fine precipitate

i s distributed more uniformly in Figure 5.

The microstructure of specimen RH35 was found to be similar to that of XHLI and different from other
conditions of ¥-15Cr-5T1 because void swelling was found in one large area of the specimen, with some voids
as large as 30 nm. RH35 was made from heat CAM835, which is similar in composition to CAM834 but not as
pure as ANL114., The void swelling in RH35 is shown in Figure 6a, to be compared with that in Figure le at
much higher magnification. However, dislocation and rel rod images were similar to other conditions of
V-15Cr-5T1 irradiated at 600°C. Examples of dislocation contrast and dark field rel rod contrast for the
orthogonal rel rod images are given in Figures 6b, 6¢c and 6d. These images are very similar in size and
distribution to those from the other specimens examined.

Therefore, except for differences in void development, all of the conditions of ¥-15Cr-5Ti examined
following irradiation at 600°C had similar microstructures. and the microstructures were sufficientlv
complex to provide adequate explanation for irradiation hardening and post-irradiation embrittlement; as
were observed in Charpy and tensile tests.

In the course of microstructural examinations, it was found that a low density of very large precipitate
particles were present in several of the specimens, distributed nonuniformly. Examples are provided in
Figure 7. Specimen XLLI of heat ANLIOI, which had the highest oxygen content, is shown in Figure 7a,
compared with specimens XKLZ and RH35 of heats CAM834 and CAMB35, which had similar lower oxygen contents,
in Figures 7b and 7¢, respectively. It is assumed that these particles are Ti0s, based on the observation
that the highest density of particles was found in heat ANLIOI, which had the highest oxygen content. IF
the oxygen in ¥-15Cr-5T1 is retained as large particles after melting procedures, then oxygen levels would
not be expected to have a significant consequence on mechanical properties in this alloy, except that crack
Buc_leation éat such particles may be facilitated, and the Ductile Brittle Transition Temperature (OBTT) would
e increased.
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Figure 3. Specimen XKLZ from heat ( AM834 irradiated at 600°C to 17.4 dpa in (a) 110 bright field
dislocation contrast, in (b) and (c 1IN <200> vel rod dark field contrast for orthogonal "rel rods and (d)
and (e) 110 and 200 dark field disli cation contrast, respectively, in a foil near (001).

Microchemical Analysis

Specimen XFL1 was analyzed to provic € results on microchemical segregation in the vicinity of a grain bound-
ary. The results are shown in Figw € 8, giving titanium and chromium concentrations as a function of
distance from the grain boundary (G B) for an area containing a grain boundary. Figure 8 demonstrates that
titanium levels are higher at the g aln boundary and lower adjacent to the boundary, whereas chromium
concentrations are relatively unaffi Cted, with perhaps slight” enhancement adjacent” to the boundary. There-
fore, titanium tends to segregate t( #ards all point defect sinks, and chromium tends not to segregate. The
effective diffusion distance for se regation at 600°C to 14 dpa is on the order of 200 nm based one the
extent of the denuded zone.



Fig;ure 4. Specimen XKLI from heat CAM834 irradiated at 608°C to 14.1 dpa in (a) bright field and in (b) and

(c

in <200> rel rod dark field contrast for orthogonal ret? rods in a foil near (011}.

Figure 5. Specimen XLLZ from heat ANLIOI irradiated at 600°C to 11.4 dpa in (a) bright field and in (b) and
(c) in <200> rel rod dark field contrast for orthogonal rel rods in a foil near (011).
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Figure . Char@y specimen RH35 from heat CAM835 irradiated at 600°C to 17.4 dpa in (a? void contrast, in
ie

(b) 110 bright Id dislocation contrast and in (c) and (d) in <200> rel rod dark field contrast for

orthogoinal ret rods in a foil near (011).

DISCUSS ION

The purlpose of this effort was to provide an explanation for the severe irradiation embrittlement observed
in V-15Lr-5T1 in comparison to other vanadium alloys of interest. Several specimens of V-15Cr-5T{
comprising different heats and somewhat different irradiation conditions have been examined by electron
microscopy and an explanation based on rather complex microstructural development can now be given.
Micrestiructural observations on V-15Cr-5Ti irradiated at 600°C to about 15 dpa ma¥ be summarized as follows.
Void swelling is rarely observed, and then, apparently only in purer alloys. Dislocation structures consist
of climlbing dislocation |00E$ and tangles. However, 'in the course of imaging dislocation structures, other
features are found: 1) stacking fault features, apparently on (011) planes, 2) rel rod features (either
latelets on (00L) planes or needles in <001> directions) which indicate precipitate formation, and 3) as

lack spot damage, also which also indicates precipitate formation. The density of these features is
considerrably higher than those found In simpler alloys, 2 and therefore, greater irradiation hardening is
expecteid in v-15Cr-5Ti than In other vanadium alloys of interest. Irradiation hardening can explain the
large DBTT shifts found in this alloy following irradiation.

It can be argued that insufficient control of hydrogen or oxygen impurity levels is responsible for the
observed embrittlement. Certainly, data can be produced to demonstrate that hydrogen and oxygen_intake lead
to incrisased embrittlement. However, these arguments are not expected to apply in the present situation.
Hydrogeh intake has been found to be more restricted to surface layers in V-15Cr-5Ti than in V-3Ti-0.55i,11
or specimens which were surface-ground in contact with water at room temperature. In those experiments,
hydrogek levels in ¥-15Cr-5Ti were found to have been reduced from 12 a/o at the surface to about 0.4 a/o at
a distance of 20 um f om the surface. Since hydrogen levels in v-15Cr-5Ti are known to be reduced from _
exposurie to Tithium,'! it can_be assumed that if hydrogen is responsible for embrittlement In the mechanical
property specimens, hydrogen intake must have occurred following irradiation during cleaning operations at
room tenperature. Any significant hydrogen absorption is therefore probably restricted to the vicinity of
specimein surfaces. Hydrogen adsorption at specimen surfaces is not expected to produce the embrittlement
observed following irradiation.



Figure 7. Low magnification examples of blocky precipitates in (a) specimen Xtil from heat ANL101, in (b)
specimen XKLZ from heat CAM834 and in (c) specimen RH35 from heat CAM335.

The excessive oxygen levels in the ¥-15Cr-5T1 alloys that were tested may also be responsible for such
embrittlement. However, if the interpretation of the observations of large precipitate Eartlcles is
correct, then oxygen tends to be tied uP in large Ti0Oz precipitate particles, and_the bulk gxygen levels
probably do not account for the unusually poor postirradiation mechanical properties found In V-15Ce-5Ti.

A microstructural explanation for excessive irradiation embrittlement of V-15Cr-5Ti specimens iS suggested
based on the complex microstructure observed. V-15Cr-5Ti does indeed have a more complex microstructure
following irradiation at 600+C to about 15 dpa In the FFTF/MOTA compared with simpler vanadium alloys. This
difference is probab#y a result of decreased phase stability. The large density change measurements that
cannot be accounted for by void swelling are also probably a consequence of phase instability. The density
of V-Cr-Ti alloys 1S a steep function of Cr and Ti such that segregation and/or Rrecipitation could easily
lead to large density changes. The complex microstructure alone would explain the poor postirradiation
mechanical properties of v-15Cr-5Ti in comparison with simpler vanadium alloys.

It is interesting to speculate on the cayse. The rel rod structure found in v-15Cr-5Ti has similarities to
precipitates found In V-10Ti and V-20Ti. IT these features are both due to titanium precipitation, then
the fault features on (9;1) planes may be a result of chromium precipitation. Irradiation hardening could
result from the segregation of hoth major alloyln% additions to precipitates which form obstacles to )

deformation..  BFthis argument is correct, the only way to solve this irradiation embrittlement ﬁrob!em In

%;%scr-STi is by improved alloy design. Other alloying options must be considered rather than chromium and
itanium.

CONCLUSIONS

A complex microstructure was found in V-15Cr-5Ti specimens following irradiation at 600°C to doses of about
15 dpa. The structure included a perfect dislocation network of climbing line segments and loops, faulted
loops, a hlgh density of black spot damage and a high density of rod-shaped precipitates. Heat-to-heat
variations did not appear to significantly alter these microstructural features; instead the density of
large blocky precipitates, believed to be Ti0s, increased with increasing oxygen content. Two of the
specimens irradiated at 600°C contained voids but the accumulated swelling was low, whereas none of the
specimens irradiated at 420 or 520°C contained significant void swelling. Therefore, swellln% as measured
by density change is probably due to phase instability in these specimen conditions, and the hardening and
irradiation embrittlement that have been observed can be explained by the microstructural development.
Phaig stability appears to be an important criterion in the design of vanadium alloys for fusion
applications.
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FUTURE WORK

This work will be continued when warranted.
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TENSILE PROPERTIES FOR NEUTRON-IRRADIATEDVANADIUM ALLOYS - B. A. Loomis and D. L. Smith
(Argonne National Laboratory)

OBJECTIVE

The objective of this research is to determine the composition of a vanadium-base alloy with the optimum
combination of swelling resistance, corrosion resistance, and mechanical propertiesin the environment of a magnetic
fusion reactor.

SUMMARY

The tensile properties of ¥-13.5Cr-5.2Ti, V-9.2Cr-4.9Ti, V-7.2Cr-14.5Ti, V-3.1Ti-0.35i, and V-17.7Ti alloys were
determined after neutron irradiation at 420, 520, and 600°C to irradiation damage levels ranging from 21 to 87 dpa.
These alloys exhibited a maximum of irradiation hardening in the range of 25 to 50 dpa. These alloys also exhibited
significant ductility (>3%) after irradiation at 420, 520, and 63¢0°C to 87 dpa.

PROGRESS AND STATUS
Introduction

The results of tensile tests to determine the strength and ductility for V-15Cr-5Ti, Vanstar-7, and V-3Ti-18! alloys
after neutron irradiation (FFTF-MOTA) at 420°C to 90 dpa have been reported by D. N. Braski.’” These results
purportedly show that irradiation hardening, i.e., increase of yield stress, for the V-3Ti-1Si alloy attains a maximum after
less than 10 dpa and after approximately 40 dpa for the Vanstar-7 and V-15Cr-5Ti alloys without significant degradation
of the ductility. This report presentsthe results of tensile tests on the V-15Cr-5Ti alloy and several additional vanadium
alloys after irradiationat 420, 520, and 660°C o 87 dpa. These tests were conducted to determine the existence of

irradiation hardening maximafor vanadium alloys after irradiation at 520 and 600°C and to provide tensile property data
on additional neutron-irradiated vanadium alloys.

Materials and Procedure

Vanadium alloys with the compositions listed in Table 1 were obtained in the form of 50% cold-worked sheet with a
thickness of 0.9 mm. Tensile specimens with a gauge length of 7.62 mm and a gauge width of 1.52 mm were machined
from the as-received sheet. The surfaces of the tensile specimens were mechanically ground and polishedto a surface
finish of 0.3 um. The surface-finished specimens were recrystallized by annealing for 1 h in a vacuum of 2 x 10-% Pa.

The V-13.6Cr-5.2Ti, V-8.2Cr-4.9Ti, and V-7.2Cr-14.5Ti specimens were annealed at 1125°C. The V-17.7Ti and V-3.1Ti-
0.358i specimens were annealed at 1100°C and 1050°C, respectively.

Table 1. Alloy Compositions

Concentration (wppm)

Alloy Composition Melt

(wt.%) Number O N C Si S Nb
V-13.5Cr-5.2Ti ANL 101 1190 360 500 390 <30 100
V-98.2Cr—4.9Ti ANL 206 230 31 100 340 20 160
V-7.2Cr~-14.5Ti ANL 94 1110 250 400 400 20 110
V-3.1Ti=0.38i ORNL 10837 210 310 310 2500 120 55

V-17.7T1 CAM 832 830 160 380 480 <10 44
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The tensile specimens were irradiated in Li7-filled TZM molybdenum capsules at 420, 520, and 600°C to radiation
damage levels ranging from 21 to 87 dpa during Cycles 7.8,8, and 10 of the FFTF-MOTA. The encapsulated specimens
that were irradiated at 520 and 600°C during Cycles 7 and 8 of the FFTF-MOTA experienced a temperature excursion of
approximately 200°C. In this report. the tensile data were compromisedfor specimensthat experienced atemperature
excursion, but these specimens had radiation damage that was limitedto 21-26 dpa.

The hydrogen concentrationin at least one tensile specimen from each of the TZM capsules was determined
before tensile tests were initiated. The hydrogen concentration was determined by use of a quadrupole, partial-
pressure gas analyzer mountedin an ion-pumped vacuum system. Ifthe hydrogen concentration was determined to be
>100 apprn, the tensile specimens in a capsule were heated to 510°C in an ion-pumped vacuum system. This
procedure reduced the hydrogen concentrationto <5¢ appm with no significant effect on the tensile properties of the
specimens. The necessity for annealing the tensile specimens to reduce the hydrogen concentration (<50 appm) was
limited to those specimens that were irradiated during Cycles 7.8, and 8-8.

The tensile specimens were tested at a tensile strain rate of 0.0011 s° for a crosshead speed of 0.008 mm-s-1. All
of the tensile tests were conducted in an environment of flowing argon of 99.9999% purity. The specimentemperature
during the tensile test was determined from a ¢hromel-alumel thermocouple that was arc-welded to the edge of the
specimen.

Ernerimental Results
(a) luadiationtest temperature dependence

The tensile properties for the vanadium alloys considered in this report are presented in Table 2. The dependence
of the yield strength on irradiation andlor test temperature fer the specimens irradiated to 41-46 dpa is shown in Fig. 1.
Whereas the yield strength for unirradiated alioy(s) was independent of test temperature between 420 and 600°C.
yield strength for irradiated alloy(s) was strongly dependent on irradiation/test temperature. The yield strength for
the unirradiated alloys was in the order of V-7.2Ct-14.5T1 » V-17.7Ti > V-13.56Cr-5.2Ti > V-9.2Cr-4.9Ti > V-3.1Ti-0.3Si
(Table 2). However, yield strength for the irradiated alloys (41-46 dpa) was in the order of V-13.5Cr-5.2Ti » ¥=7.2Cr-
14.5T » V-8.2Cr-4 9Ti > V-17.7Ti > V-3.1Ti-0.35i. The yield strength for the irradiated V-13.5Cr-5Ti alloy was signif-
icantly higherthan that for the other irradiated alloys at all irradiation and/or test temperatures. The yield strength for the
specimens irradiated at 420°C and tested at 25°C was 200-300 MPa higher than the yield strength for specimens
irradiated at 420°C and tested at 420°C,

The dependence of ultimate tensile strength on irradiationand/or test temperature for specimens irradiatedto 41-
46 dpa is shown in Fig. 2. The tensile strength for the irradiated alloys decreased approximately 400 MPa on increasing
the irradiationhesttemperature from 420°C to 600°C.

The dependence of total elongation, i.e., ductility, on irradiation andlor test temperature for specimens irradiated to
41-46 dpa is shown in Fig. 3. The ductility of the irradiated (41-46 dpa) alloys was in the order of V-17.7Ti » ¥-7.2Cr-
14,570 > V-3.1Ti-0.38i > V-8.2Cr-4.9Ti » V-13.5Cr-5.2Ti. With the exception of the ¥-13.5Cr-5.2Ti specimenirradiated at
420°C and tested at 25°C, all of the specimens irradiatedto 41-46 dpa underwent a significant, although localized,
reduction in cross-sectional area during the tensile test. The V-13.5Cr-5.2 specimen fractured in a totally transgranular
manner before attainment of maximum load during the tensile test.

(b) lrradiation damage dependence

The dependence of increase of yield stress (irradiation hardening) for neutron-irradiated and ion-irradiated
vanadium alloy specimens [relative to an unirradiated specimen) on radiation damage (dpa) is shown in Fig. 4. The
increase of yield stress for the ion-irradiated V-12.8Cr-5.9Ti alloy was determined from analyses of TEM microstructures
for dislocation density, void number density, number density and diameter of precipitates, and from consideration of
these microstructuralfeatures as obstacles to dislocation motion.2 The data in Fig. 3 for the V-14.5Cr-6.2Ti alloy was
obtained by Braski.' The increase of yield stress on neutron irradiation of alloy specimens at 420, 520, and 600°C was
inthe order of V-13.5Cr-5.2Ti » V-3.1Ti-0.38i » V-3.2Cr-4.9Ti > V-7.2Cr-14.5Ti > V-17.7Tl. The V-7.2Cr-14.5Ti and
V-17.7Ti alloy specimens underwent significantly less irradiation hardening on the basis of the tensile tests than the
other alloys. The data in Fig. 4 show that irradiation hardening for these vanadium alloys attained a maximum when
radiation damage was in the range of 25 to 50 dpa.
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Table 2. Tensile Propertiesfor Vanadium Alloys

trad./Test Elongation

Temp. Y.S. AY.S52 UTS. Unif. Total

Alloy (“C) DPA  (MPA) (MPA) (MPA) ~ (%]} %)
V—13.6Cr-5.2Ti 420 0 341 - 518 20.7 26.6
4201420 41 860 519 1064 49 56
4201420 46 659 518 1156 32 33
4201420 46 840 499 1162 6.3 7.2
420125 46 1174 833 1358 26 2.8
V—13.5Cr-5.2Ti 520 0 326 - 502 16.9 22.6
5201520 21 702 376 930 7.3 10.0
5201520 41 710 384 950 70 9.0
V-13.5Cr-5.2Ti 600 0 342 — 555  20.7 26.0
6001600 44 563 221 713 8.8 11.0
6001600 87 521 179 730 8.2 11.0
V-9.2Cr-4.9Ti 420 0 300 - 467 19.7 25.2
4201420 41 712 412 930 7.0 8.9
420125 41 1050 750 1130 47 6.0
V-9.2Cr-4.9Ti 520 0 297 - 463 184 233
5201520 21 568 271 738 8.4 12.1
5201520 41 570 273 730 6.3 12.0
V-8.2Cr-4.9Ti 600 0 297 - 502 213 24.5
6001600 44 447 150 566 11.2 15.2
V-7.2Cr-14.5Ti 420 0 485 - 730 220 29.0
4201420 41 764 279 1120 12.0 13.3
420125 46 1086 601 1210 75 10.8
V-7.2Cr-14.5Ti 520 0 484 - 730 241 27.6
5201520 21 608 124 855 12.5 15.2
5201520 41 600 116 890 120 15.0
V~7.2Cr-14.5Ti 600 0 469 - 738 257 271
6001600 44 492 23 685  15.7 15.7
6001600 87 452 =17 547 8.1 81
V-3.1Ti-0.38i 420 0 238 - 437 19.8 25.6
4201420 38 746 508 930 8.3 9.4
420/25 46 911 673 1020 6.9 9.8
V-3.1TI-0.3Si 520 0 228 - 424 19.2 23.0
5201520 22 522 294 678 8.8 10.6
5201520 46 520 292 680 6.0 104
V-3.1Ti-0.38i 600 0 230 - 435 209 24.9
6001600 21 390 160 520 10.2 16.0
6001600 46 385 155 520 9.8 15.0
6001600 87 381 151 574 6.7 13.0
V=17.7Ti 420 0 443 — 658 244 29.7
4201420 41 714 271 982 115 13.8
420125 46 947 504 1049 7.3 11.3
V-17.7Ti 520 0 445 - 678 28.6 33.1
5201520 26 543 98 743 15.3 20.1
5201520 46 540 95 750 15.0 18.0
V-17.7Ti 600 0 417 - 554  20.2 28.0
6001600 26 425 6 576 14.0 19.0
6001600 44 427 10 587 13.2 22.0
6001600 87 419 2 535 169 26.2

ancraase of yield stress.
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Fig. 2. Dependence of ultimate tensile strength on irradiation and/or test temperature.

The dependence of ductility, i.e., total elongation, on irradiation damage (dpa) for specimens irradiated at 600°C is
shown in Fig. 5. The alloys exhibited a substantial reduction in ductility for damage levels up to approximately 25 dpa.
The ductility of the V-13.5Cr-5.2Ti and V-3.1Ti-0.3Si alloys was not significantly changed on additional irradiation to
87 dpa. Whereas the ductility of the V-17.7Ti alloy increased significantly on further irradiationto 87 dpa, the ductility of
the V-7.2Cr-14,5Ti alloy decreased significantly. The V-7.2Ct-14.5Ti specimen irradiated at 600°C to 87 dpa underwent
total transgranular fracture before the attainment of maximum load during the tensile test. Although the V-7.2Cr-14.5Ti
alloy exhibited high ductility (15.7%) after irradiation at 600°C to 44 dpa, this alloy fractured under the maximum load
(Table 2).
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Di ion of Resul

The tensile test data presented in this report, together with the data presented previously by Braski! provide
substantial evidence for the existence of a maximum hardening, i.e., increase of yield stress, of vanadium alloys on
neutron irradiation. Inthe case of vanadium alloys irradiated at 420, 520, and 600°C, the maximum irradiation
hardening occurred inthe range of 25to 50 dpa. A previous evaluation of irradiation-induced microstructural features in
ion-irradiated V-15Cr-5Ti alloy likewise showed the existence of a yield stress maximum with the maximum at approx-
imately 50dpa.2 Inthe case of ion-irradiated alloy, the decrease in yield stress (after the yield stress maximum)
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Fig. 5. Dependence of ductility (as measured by total elongation) on irradiation damage

was due to a reduction in the dislocation density, an increase of the irradiation-produced precipitate diameter, and a
decrease of the precipitate numberdensity. Inthe absence of detailed microstructural cbservations for the neutron-
irradiated alloys, we may speculate that similar microstructuralchanges were the basic cause for the irradiation
hardening maximum in the neutron irradiated alloys.

It might be concluded that the existence of an irradiation hardening maximum for an alloy would resuit in an alloy
being less susceptible to embrittliement for irradiation damage levels above the hardening maximum. On the basis of
the tensile ductility parameter (Fig. 5), this conclusion would not be justified, without exception, since the V-7.2Cr-14.5Ti
alloy exhibited embrittlement after irradiation at 600°C to 87 dpa.

Total elongation, i.e., ductility, of the vanadium alloys irradiated at 600°C to 87 dpa (Table 2, Fig. 5) was inversely
relatedto the swelling of these alloys after irradiation at 600°C to 84 dpa, i.e., V-17.7Ti (0.1%), V-3.1Ti-0.3Si (0.6%).
V-13.5Cr-5.2Ti (2.1%). and V-7.2Cr-14.5Ti (8.1%).3 The swelling of these alloys was determined from density change
measurements. Since the swelling of these alloys was attributed primarily to the presence of irradiation-induced
precipitates,the embrittlement of the V-7.2Cr-14.5Ti alloy after irradiation at 600°C to 87 dpa may be attributed to the
presence of an exceptional number density and/or size of precipitates in the microstructure.

CONCLUSIONS

Vanadium-base alloys, upon neutron irradiation at 420, 520, and 600°C, undergo maximum irradiation hardening
for radiation damage levels in the range of 25 to 50 dpa.

The V-13.5Cr-5.2Ti, V-9.2Cr-4.9Ti, V-7.2Cr-14.5Ti, V-8.1Ti-0.3Si, and V-t 7.7Ti alloys exhibit significant ductility
{»3%} after irradiation at 420, 520, and 600°C to radiation damage levels up to 100 dpa.

FUTUREWORK

The relationship between the microstructuresof irradiated vanadium alloys and the tensile properties of those

alloys will be determined from transmission electron microscopy observations of alloy specimens irradiated at 420, 520,
and 600°C to 87 dpa.
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TENSILE PROPERTIES AND FRACTURE BEHAVIOR OF DISPERSION STRENGTHENED COPPER ALLOYS IRRADIATED IN FFTFMOTA,
K. R. Anderson, NORCUS Program, University of Illinois, F. A Garner, M. L. Hamilton, Pacific Northwest
Laboratory and J. F. Stubbins, University of Illinois

OBJECTIVE

The objective of this effort is to identify suitable copper alloys for high heat flux applications in fusion
reactors.

SUMMARY

The tensile and fracture behavior of a variety of dispersidn strengthened copper alloys were examined after
irradiation at 411, 414 and 52%°C to doses ranging from 32 to 50 dpa. The internally oxidized Glidcop
alloys appear to be the best candidates for high heat flux service. Unfortunately, laser welding completely
destroys their favorable properties.

PROGRESS AND STATUS
Intreduction

A earlier documertt repor}ed the electrical resistivity changes induced in a variety of copper alloys by
fast neutron jrradiation.* These alloys represented the "1.5 End 2.0" generations of copper irradiation
experiments, part of a continuing series of irradiation tests.¢ This report presents the results of
tensile tests and fractography examination on these same alloys. The composition, final processing
conditions and grain sizes of the alloys are listed in Tables 1 and 2.

Table 1. Composition and Final Processing Conditions of Copper Alloys
Final Proce?s;ng
Alloy Code Composition {wt%) Conditiont2
Marz Cu RO 99.999 Cu Annealed
CuA125 R4 025 Al as Alz03, bal. Cu 509 CW
CuA125 N 025 Al as Ala03, bal. Cu 50% cw t welded
CuAl20 ux 0.20 AY as Aly03, bal. €u 20% oW
CuAll5+48 VO 0.15 Al as Alz03, <200 ppm B, Annealed
bal. Cu
CuCr 3A 3.5 Cr as Crp03 bal. Cu 20% CW t 45¢°C/0.5 h/AC
CuHf 3B 1.1 Hf as Hfp, bal. Cu 20% CW t 450°C/0.5 h/AC
QDs-1 3F 0.25 Mg, 1 Al203, bal. Cu 40% CW
QDs-1 3H 0.25 Mg, 1 Al»03, bal. Cu 40% CW t welded
0DS-2 3K 0.25 Mg, 1Al203, bal. Cu 40% CH
ODs-3 3L 0.5 Mg, 17r0s, bal. Cu 40% CW
ODs-4 M 0.5 Mg, 1A1263, bal. Cu 40% OW
Cu-5Ni-2.5T1 VK 5.09 Ni, 2.10 Ti, 0.8 Ti0a, SA:  950°C/1 h/WQ
0.22 Zr, bal. Cu A 500°C/1 h/AC

Cu-5Ni-2.5Ti VL

5 Ni, 25 Ti (some as

Tifp) bal. Cu

Cu-4Ni-45n VN

4 Ni, 4 Sn, bal. Cu

SA: 900°C/20 m/WQ
A 525°C/1 h/ AC

SA:  750°C/30 m/MWQ
A 450°C/1 h/AC

(a) All heat treatments in argon.
cw

= cold worked
SA = solution annealed
A = aged
WQ = water quenched
AC = air cooled
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Table 2. Grain Size in Plane of Rolling Direction

Average Grain Diameter Approximate ASTM

Al loy Code () Grain Size
Marz Cu RO 120 3
CuA125 R4 elongated (0.6 x 2.4) nm(b)
CuAl25 welded 3N elongated (0.6 x 2.4) NM
CuAl120 ux elongated (0.45x 3.0) NM
CuAl15+4B V0 elongated (0.5x 3.0) NM
Cucr 3A deformed(2) NM
CuHf 3B deformed(2) NM
0Ds-1 3F 210 2
0DS-1 welded 3H 210 2
0Ds-2 3K 300 0.5
ODs-3 3L 280 1
0Ds-4 M 280 1
Cu-5Ni-2.5T% K 4.3 13
Cu-5Ni-2.5Ti VL 6.8 12
Cu-4Ni-53n VN 100 4

(a) Exhibited highly deformed, randomly shaped grains which
could not be adequately characterized. Approximate sizes
ranged from 1.0 to 11.5 microns.

(b) NM = not meaningful

ExDerimental Oetails

Miniature tensile specimens and TEM disks were fabricated from 0.01 in. thick sheet of each alloy using a
commercial hand operated press and conventional tool steel die sets. The dimensions of the miniature
tensile specimens are shown in Figure 1. The TEM disks were 3 mm in diameter. Even though care was taken
to ensure the punch remained properly sharpened, the punching operation sometimes produced a slight
deformation burr on the edge of each specimen. Because the burr may influence the tensile behavior of the
specimens, it was subsequently removed by lightly sanding on 600 grit SiC grinding paper. Both specimen
types were permanently identified by laser engraving with both a material and irradiation code. Codes were
placed on the tabs of the miniature tensile specimens and on the circumference of one face of the TEM disks.
Laser engraving constituted the final step in the specimen fabrication process.

L
0.040 o (1.0 mm) | ! | 0.500 In, {12.7 tmm)

9.20% In.IIE.'I mm)

1

—»I ‘ |—<—n.1oo In. 2.5 mm}

—

§

0.010 1'*.{0.25 mm)

Figure 1. Dimensions of Miniature Tensile Specimens



The specimens were irradiated in FFTF-MOTA under conditions described praviously! to 34 and 50 dpa at
411-414°C and to 32 dpa at 529°C. Due to space limitations, not all alloys were irradiated at each of the
three irradiation conditions, as shown In Table 3. Identical specimens were thermally aged at 420°C and
521+¢ for 1026 hours in order to assess their tendency for thermally induced changes_iIn tensile properties.
The tensile properties of unirradiated, thermally aged and irradiated miniature tensile specimens were 3
determined at room temperature using a horizonta tensile teitlng frame and procedures described earlier.
The tests were performed at a strain rate of 4.7 x 1077 sec™!,

Fractography was performed using a JEOL JsM 35C scanning electron microscope. A JEOL 840 scanning electron
microscope with a Link Systems chemical and image analysis system was also used. Fracture surfaces

required immediate examination after tensile testing due to rapid formation of an oxide layer which obscured
detail at magnifications over approximately 1000x.

Table 3. Tensile Testing Conditions

] Irradiated Agad
Material LIRS 4147 523°C 420°C 521°C
Alloy Code Unirrrad. 50dpa 34dpa 32dpa 1026 hrs 1026 hrs

Marz Cu RO t t t -- t --
Cua12s R4 t t -- -- t --
tuall25 (welded) 3N t t -- -- t --
CuAl20 o UX t t t t t t
cual1s (boron deoxidized) Vo t -- t -- t --
ops-1 3F t t -- -- t -
0Ds-1 (welded) 3H t t -- -- t --
0ns-¢ 3M t t -- .- t -
CuCr 3A t t -- -- t -
CuHf 36 t t -- -- t -
Cu-5Ni-2.5T1 (MI VK t -- t t t t
Cu-sNi-2.5Ti (LANL) VL t - t - t -
Cu-4Ni-4Sn (LANL) W t -- t -- t -

t = tensile specimen(s} available

Results and Discussion

The tensile properties measured in this study are compiled in Table 4 and Figure 2.

Pure zone refined copﬁer exhibited a decrease in both yield and ultimate tensile strength following
irradiation. While there was a substantial amount of uniform elongation, SEM examination of the fracture
surface revealed an extremely small reduction in area, leading to a large decrease in total elongation
relative to the unirradiated state. The fracture surface was very unustial and was dominated by the details
of the void distribution. This behavior will be covered in more detail In a separate report.

The changes in the tensile properties of alumina strengthened copper alloys were primarily a function of the
amount ot recrystallization which occurred during_irradiation. cuaAll5 in the annealed state exhibited
minimal changes in tensile properties after irradiation, while £ual20 and cua125 In the 20 and 50% cold
worked conditions, respectively, showed decreased strengths as well as increased elongations. TEM )
performed on disks irradiated with the tensile specimens revealed that CuA120 was completely recrystallized,
whereas cual23 was only partlalIK_recrystalllzed. Pre- and post-irradiation electron micrographs of both
alloys are shown in Figure 3. This micCrostructural difference corresponded to a smaller strength decrease
in the partially recryStallized cua125 compared to that of the fully recrystallized cua120,

Fractography of these alloys revealed that microvoid coalescence was the failure mechanism for both
irradiated and unirradiated specimens. The fracture surfaces of the irradiated specimens also apﬁeared to
contain a reduced level of the larger alumina particles. This and other obsgryatlons_sugggsted that a
phenomenon known as ballistic dissolution of Al,04 was occurring. This possibility will covered in more
depth in a later report.

The mechanically alloyed, dispersion strengthened alloys containing either Cry05 or Hf0, not only completely
recrystallized during irradiation but were subject to redistribution of the oxide particles. Density change
measurement of the Cry0 -stren%thened alloy indicated -6% swelling and fractography showed that it arose

not only from void swg]?ing but also somewhat from irradiation-induced dissolution of large refractory
inclusions present prior to irradiation. The [elatlvel¥ large, irregular Kfo, particles were almost totally
destroyed and replaced by a much finer dispersion of polygonal oxide precipitates, which, in combination_
with the recrystallization, caused a_S|gn|f|cant drop in Strength and a !ar?e increase in ductility. This
alloy also developed a substantial yield drop following irradiation, a highly unusual behavior for an fcc
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Table 4. Average Tensile Properties of Miniature Copper Specimens

Ultimate Fracture Uniform Total Number
Material Alloy and i Elongation  Elongation of
Code Condition (WPa)  (ksi)  (MPa) (ksi) (MPa) (ksi) (%) (%} Specimens
RO Mar2 Cu
Unirradiated 75 10.8 171 24.7 5 0.6 23.2 29.0 2
Aged 420+C 1026 hrr. 71 10.2 171 24.7 2 0.3 16.7 20.8 2
Irr. 34 dpa 414-C 64 9.3 116 16.8 103 15.0 9.7 10.1 1
Irr. 50 dpa 411-C 63 9.1 131 19.0 120 17.4 14.7 15.0 2
Vo CuAll5
Unirradiated 274 39.8 359 52.1 266 38.6 12.4 15.5 3
Aged 420°C 1026 hrr. 302 43.8 301 56.8 306 44 .4 13.4 18.3 2
Irr. 34 dpa 414-C 295 42.8 372 54.0 303 43.9 12.1 15.3 2
UX CuA120
Unirradiated 475 68.9 500 72.5 405 58.8 13 3.6 7
Aged 420°C 1026 hrs, 423 61.3 445 64.5 387 56.1 3.5 5.9 2
Aged 521-C 1026 hrr. 393 57.0 426 61.8 357 51.8 5.6 8.3 2
Irr. 34 dpa 414°C 378 54.7 411 59.6 346 50.1 7.9 9.9 2
Irr. 50 dpa 411°¢C 376 54.5 397 57.5 353 51.2 11.1 14.1 2
Irr. 32 dpa 529°C 388 56.3 441 63.9 378 54.9 10.6 14.7 2
R4 CuAl125
Unirradiated 501 72.7 556 80.7 463 67.1 1.5 43 4
Aged 428-C 1026 hrs. 473 68.6 502 72.8 425 61.7 4.3 8.4 2
Irr. 50 dpa 4il-C 461 66.9 481 69.8 414 60.1 8.3 11.5 2
3N CuAl25 Laser Welded
Unirradiated 145 21.0 204 29.6 15 2.1 8.6 13.6 3
Aged 420-C 1026 hrs. 71 10.3 202 29.3 95 13.8 27.4 30.9 2
Irr. 50 dpa 411°C 73 10.6 143 20.7 140 20.3 13.0 13.1 2
3A CuCr
Unirradiated 159 23.0 300 435 220 31.9 22.0 30.7 2
Aged 420-C 1026 hrs. 149 21.6 295 42.8 203 29.4 22.6 33.0 2
Irr. 50 dpa 411+C 163 23.6 308  44.7 295 42.8 18.8 19.8 2
kl:} CuHf
Unirradiated 378 54.8 462 66.9 317 46.0 4.2 8.7 3
Aged 420°C 1026 hrs. 154 22.3 310 45.0 205 2.7 20.9 25.6 2
Irr. 50 dpa 411°¢
{upper) 327 47.4 321 46.5 251 36.4 16.3 20.5 2
{1ower) 305 44.3
3F 0Ds-1
Unirradiated 312 45.3 345 50.0 178 25.8 0.8 3.7 2
Aged 420*C 1026 hrs. 62 9.0 218 31.6 76 1.0 33.8 39.8 2
Irr. 50 dpa 411°C 87 12.6 152 22.0 92 13.4 8.4 9.3 2
3H 0Ds-1 Laser Welded
Unirradiated 191 27.6 229 33.2 133 19.3 1.5 3.5 3
Aged 42¢*C 1026 hrr. 144 20.8 224 32.5 78 11.2 2.3 4.7 2
Irr. 50 dpa 411°C 123 17.9 126 18.3 119 17.3 0.4 0.4 2
M 0DS-4
Unirradiated 278 40.4 353 51.1 215 31.2 0.8 3.8 2
Aged 420°C 1026 hrr. 55 8.0 227 32.9 151 21.8 37.1 40.9 2
Irr. 50 dpa 411°¢C 80 11.5 163 23.6 45 6.5 13.3 14.5 2
VK CuNiTi
Unirradiated 429 62.2 555 80.5 484 70.2 11.2 13.9 2
Aged 420-C 1026 hrs. 457 66.2 574 83.3 504 73.1 9.8 11.8 2
Aged 521-C 1026 hrs. 373 54.1 517 75.0 474 68.7 9.4 10.9 2
Irr. 34 dpa 414°C 425 61.6 580 84.1 526 76.3 9.5 10.9 2
Irr. 32 dpa 529°C 337 48.9 494 71.6 437 63.4 9.8 10.6 1
VL CuNiTi
Unirradiated 314 455 497 72.0 443 64.2 13.2 15.3
Aged 420°C 1026 hrs, 358 51.9 526 76.3 462 66.9 12.5 15.4 1
Irr. 34 dpa 414°C 338 49.1 530 76.9 504 73.0 10.1 11.3 2
UN CuNisSn
Unirradiated 86 12.4 168  24.3 64 9.3 14.3 16.7 2
Aged 420°C 1026 hrr. 171  24.8 (a} (a} (a) {a) (a) (a) 1
Irr. 34 dpa 414*C 187 27.2 392 56.9 355 51.4 13.0 14.4 3

(a) Specimen failed outride of gauge length
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Figure 2. Average tensile properties of copper alloys irradiated in FFTF-MOTA.

Ultimate Tenslle
Strength (MPa)




CuA120 CuA125
(d) , lym

(b) L 2pm (e) o lm

Figure 3. Electron microgra{')hs of grain structure for Glidcop alloys in the unirradiated and irradiated (50
dpa, 411°C) conditions. CuAi20 in (@) unirradiated, bright field; (b) unirradiated, dark field and (E)
irradiated, bright field conditions. €CuA125 in (d) unirradiated, bright field; (e) unirradiated, dark field
and (f) irradiated, bright field conditions. Note the recrystallization observed after irradiation In bath

alloys.
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alloy. Since both the unirradiated and thermally aged specimens showed no signs of this phenomenon, it was
surmised that the low density of mobile dislocations which survived following recrystallization were pinned
by redistributed hafnium in the form of small oxide precipitates and possibly elemental hafnium. The
initial results of microscopy coenfirm this hypothesis.

The cast ODS alloys exhibited very poor mechanical properties in all conditions tested, including the
unirradiated condition. Fractographic examination showed that this was due to the presence of laminar
arrays of deformed, as-cast, oxygen-filled microporosity. This signals the presence of a supersaturation of
oxygen, as also evidenced by the relatively large void swelling levels which developed compared to that
found in the Glidcop alloys.

The spinodally strengthened alloys {Cu-5Ni-2.5T1 and Cu-4Ni-4Sn} showed excellent tensile properties
following irradiation, with substantial thermally induced increases in strength coupled with excellent
elongation. Microstructural evaluation of these alloys is presently underway.

Finally, laser welding was found to be an ineffective method by which to join oxide dispersion strengthened
alloys. The oxide dispersion in CuAl25 was only partially retained in the welded region. The net result
was that the swelling, tensile and fracture behavior were very similar to those of pure copper.

CONCLUSIONS

The internally oxidized Glidcop alloys appear to be the best current candidates for high heat flux service
at 400°C and above. Laser welding destroys their favorable qualities, however, and alternate methods of
joining must be found.

FUTURE WORK
Microstructural examination will continue, using both scanning and transmission electron microscopy.
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CONDUCTIVITY CHANGES 08s€Rved IN GENERATION, t, O COPPER ALLOYS IRRADIATED AT 436-C TO 16-98 QPA,
£. A. Garner, Pacific Northwest Laboratory; (3} k. R. Anderson, NORCUS Student, University of Illinois

OBJECTIVE

The object of this effort is to provide electrical conductivity data on neutron-irradiated copper alloys for
use in estimating thermal conductivity changes in high heat flux diverter alloys.

SUMMARY

The changes observed in electrical conductivity of pure copger in a variety of neutron irradiation
experiments at -400°C are quite consistent. The addition of relatively minor levels of solutes does not
appgar_to change the irradiation response of the alloys beyond the changes observed in the unirradiated
condition.

PROGRESS AND STATUS
Introduction

Neutron irradiation of copper alloys induces changes in their electrical conductivity, primarily by three
processes. These are void swelling, transmutation and solute redistribution. In a recent report we
discussed the changes induced in a_ variety of Generation 1.5 and 2.0 copper alloys irr diated in FFTF,
concentratlng primarily on dispersion-stréngthened and spinodally-strengthened al k¥§i Pure coner Is used
as a standard reference material in this_irradiation series and 1t is of interest to determine the
reproducibility of its response to irradiation.

In_a companion report2 it is shown that the swelling behavior of pure cop%er_ln a variety of experiments is
quite consistent at ~420°C and one would therefore assume that the conductivity changes should also be very
consistent. This report investigates the validity of that assumption and also examines the response of
several copper alloys which contain relatively small amounts of solute elements.

Exoerimental Details

Three alloys were examined. These are MARZ copger (99.999% QU), Cu-0.1%Ag and Cu-0.3%Ag-0,06%P-0.08%Mg.
The latter are usually referred to as CuAg and CuAgP, respectively. Each of these were irradiated as TEM

e lat ] _ : :
hapa.® he hlastraReal o otel AR TnsaRPAEsLr RS AINiSIRTY I ents to doses ranging from 16 to

Results and Discussion

Figure 1 shows a %ogpilatioH of data on cogductivity of %rradiated ure copper, computed frog cha?gesfin

CERLPEEIERY- 1o/ ShC5 LRl U e HRLa L LYol oR M YN TLIGD 2 S SXBRLMBRRCcoRHt VeI

Eqasured for the CuAg and CuAgP alloys, comparing them with the trend line established for pure copper in
igure 1.

It appears that the changes induced in Qonductivit¥_of ure copper_at 400°C are very consistent, as might be
expected from the consistency observed in the swelling behavior. The major contributions to the

CODPYSEAVAPY piPangss,are.youd, stetling., apd Topration of pickel .ang Zinc via Lransautation e SAnSentleeivity
is much lower, as shown in Figure 1. The transmutant levels should be nearly identical for the two
irradiation temperatures, sinCe the two irradiation canisters were at the same level in reactor.

The addition of solutes in CuAg and CuAgP lowered the preirradiation conductivity from 101% IACS to 97 and
35%, respectively. As shown in Flgure 2, this decrement |n_conduct|V|t¢ is maintained with little change

SBrRHANR . et TERGAR RO cBober! My BkgR S iOBRYIH «SHE PSS NYsSARTRA T s LAk RN ER FHALSBYEL TG

(@) Operated for the U.S. Department of Energy by Battelle Memorial Institute under Contract
DE-ACO5-76RL0 1830.
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Figure 1. Electrical conductivities measured for pure copper in various irradiation experiments
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Figure 2. Comparisen of conductivity measurements of CuAg and CuAgP with that of pure copper, all
irradiated at 430°C in FFTF Generation 1.0 experiment.
CONCLUSIONS
The changes observed in electrical conductivity of pure copPer in a variety of neutron irradiation
0

experiments at ~400°C are quite consistent. The addition relatively minor levels of solutes does not

appggr_to change the irradiation response of the alloy beyond the changes observed in the unirradiated
condition.

FUTURE woRrk

Measurements of electrical resistivity in irradiated capper alloys will continue. concentrating on
precipi tation-strengthened alloys.
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DENSITY CHANGES OF GENERATION 1.5 AND 2.0 C?ggEﬁ AbLOYS IRRADIATED AT 411-414°C AND 529°C IN FFTF-MOTA,
F. A. Garner, Pacific Northwest laboratory, . R. Brager, Westinghouse Hanford Company and

K. R. Anderson, NORCUS student, University of Illinois

0BJECTIVE

The objective of this effort is to identify those copper alloys which offer promise as high heat flux
materials for fusion applications.

SUMMARY

The intrinsic swelling rate of pure copper and Cu-SNi appears to be ~0.5%/dpa at ~400°C. At 529°C the
swelling rate of these alloys anears to be much lower. In more complex precipitation-strengthened alloys
phase instabilities apBgar top ax a role In determining the onset of void swelling and also the density of
the unvoided matrix. Dispersion-hardened alloys were found to be very resistant to swelling. Large
amounts of oxygen in an alloy, however, can overcome the swelling resistance imparted by very high densities
of oxide dispersoids. _Internally oxidized Gildcop alloys offer the most pronounced resistance to swelling,
with the transient regime progressively extended as alumina content increases. Unfortunately, laser welding
destroys the swelling resistance of dispersion-strengthened alloys.

PROGRESS AND STATUS

Introduction

In an earlier report the neutron-induced swelling was reported for a number of cop?er alloys included in a
first generation eproEatory pro?ram designed to assess the suitability of such alloys for hlgh heat flux
diverter applications.® These alloys reached 16, 47, 63 and 98 dpa_in FFTF-MOTA at a reported temperature
of ~-450°C. This temperature assignment included an uPper bound estimate of 30°C gamma heating above the

ambient coolant temperature of 420°C. More recent calculations now yield 8-10°C gamma heating such that
430°C is a better temperature assignment for that experiment.

As documented in a separate report, the earlier results of the First genesation experiment led to two
successively more focused experiments, designated Generation 1.5 and 2.0.¢ These experiments involved the
irradiation of some but not all of the Generation 1.0 alloys, but also included a wider variety of alloys
hardened either by dispersed oxides of various types or by spinodal decomposition. Tables 1 and 2 list the
various alloys irradiated in these experiments. While Generation 1.5 reached 34 dpa at 414°C and 32 dpa at
529°C, Generation 2.0 reached 50 and 100 dpa at 411°C. The specimens at 50 dpa have been examined but those
at 100 dpa have not yet been removed from the disk packets in which they were irradiated.

The post-irradiation conductivity3 and the tensile and fracture behavior4 for the dispersion and spinodally
strengthened subsets of the Generations 1.5 and 2.0 have been reported elsewhere. In this report, the
density chanﬁes induced by neutron irradiation in all alloy subsets are presented and compared with the
results of the first generation copper alloy experiment.

Results and Discussion
Irradiation at 411-414°C

The density changes observed in these alloys range from densifications as large as -0.3% and swellings as
large as 26.2% ap/py (35.6% aV/Vo), as shown in Tables 1 and 2 and Figures 1 and 2. As shown in Figure 3,
the swelling of relatively simple alloys such_as pure copper and Cu-5Ni is reasonably reproducible, 1Ia thTt
the swelling data from one experiment in ORR,5 two experiments in EBR-II%7 and three experiments in FFTFL:2
all appear to exhibit a consistent behavior, even though the displacement rates vary more than an order of
magnitude and the quoted temperatures range from 385 to 430°C. Note that Cu-5Ni swells at about the same
level as pure copper, indicating that nickel, both natural and transmuted from copﬂer, does not affect
swe]léng substantially. The swelling rate of both alloys is ~0.5%/dpa after a rather small incubation
period.

Figure 4 shows that the swelling of Glidcop alloys appears to be somewhat sensitive to the alumina content
In that increasing levels of alumina (CuA115+B, CuA120_and CuA125) lead to a progressive extension of the
transient regime of swelling. The apparent densification in CuA125 may be real and poss’ply re?resents a

GARBSPAFENE SEub'DISSABCRLRSRMEAR) STE)eaaligiaRRaEislass oo observed in this study™ and also in an or

(a) Operated for the US. Department of Energy by Battelle Memorial Institute under Contract
DE-AC06-76RLD 1830.
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Table 1. Density Changes (-ap/py) in Generation 1.5 Copper Alloy Specimens Irradiated in MOTA-1D

Specimen Density Change (X)
Engraving 34 dpa 32 dpa
Alloy Condition Code 414°C 529-°C

MARZ Annealed RD 146., 15.5(3) 176
A120 Annealed uy -0.22 0.78
A120 20% cold-worked UX 0.31 0.61
A120 80% cold-worked Uz 0.30 0.56
CuBeNi Solutionized and aged Ul -0.04 {b)
CuBeNi Solutionized, 20% cold-worked and aged u3 1.66 (b}
CuBeNi Solutionized, 20% cold-worked and aged ud 0.14 0.09
MzC Solutionized, 90% cold-worked and aged Ug 0.97 0.47
MZC Solutionized, 90% cold-worked and aged u7 1.25 (b}
MZC (MIT#2) Solutionized and aged us 112 6.53(c)
Cy-5Ni Annealed vp 2.0, 23.8(8) 056
MIC (MIT#3) Solutionized and aged VB 0.26 0.21
Cu-4Ni-4Sn (LANL) Solutionized and aged VN 0.66 0.95
Cu-3.5Ti (LANL) Solutionized and aged VT -0.01 0.12
A1154B (LANL) Annealed Vo 1.17 0.62
Cu-5N1-2.5T1 (MIT#6) Solutionized and aged K 112 c.18
Cu-5N1-2.5T1 (LANL) Solutionized and aged VL 1.04 0.16

{a) Variation observed between two nominallv similar specimens. All other specimens were in pairs
and agreed within 0.16%.

(b) Data not yet available.

{c) Only one specimen measured.

Table 2. Density Changes (-ap/pg) in Generation 2 Copper Alloy Specimens Irradiated at 411°C to

50 dpa in MOTA-1E

Specimen Density(2)
Engraving Change

Alloy Condition Code (%)
MARZ Annealed RO 221, 23.2(b)
A125 50% cold-worked R4 -0.30
A125 50% cold-worked and weld N 9.72, 7.37(b)
CuBe Solutionized, 20% cold-worked and aged R1 0.35
CuBe Solutionized and aged R3 0.8
A120 20% cold-worked ux 0.60 (3)
MzC Solutionized, 90% cold-worked and aged us 1.74 (3)
MzC Solutionized, 90% cold-worked and aged u7 152 (3)
MZC (MiT#2) Solutionized and aged usg 0.19 (3)
MZC (MIT#3) Solutionized and aged VB 0.66
Cu-5Ni-2.5T1 (MIT#6)} Solutionized and aged K 1.61
Cu-5Ni-2.5T1 (LANL) Solutionized and aged VL 252
A115+B (LANL) Annealed VO 1.96
CuCr (MIT) 20% cold-worked, stress relieved 3A 6.68, 5.00(b)
CuHf (MIT) 20% cold-worked, stress relieved iB 0.15
CuCrzZr (JRC) Solutionized and aged 3E 0.31
CDS-1 (TRAA) 40% cold-worked 3F 22.7
0DS-1 (TRAA) 40% cold-worked and weld 3H 26.2 (1)
0DS-2 (TRAB) 40% cold-worked XK 16.3
ODs-3 (TRAC) 40% cold-worked 3L 252 (1)
ODs-4 (TRAD) 40% cold-worked M 9.71 (1)

()

(b)

Measurements were made on a pair of nominally identical specimens which in most cases
agreed within #0.16%. In some cases (shown in parentheses) there were three or only one
specimens measured.

Variation observed between two nominally similar specimens.



225

40
! BN 34 dpa @ 414°C
50 dpa @ 411°C
30 EX] 32 dpa @ 529°C
[~ ]
E 2
3
® 10
0 50 dpa
-10
M cu CuAl15+B CuAI20 CuAI25 CuAI2s +Weld
23 50 dpa @ 411°C
30
a0 -
2
P ool
'at -
0
h cucr CuHf 0DS-1 ODs-1 + Wald 0DS.2
40
X B 34 dpa @ 414°C
a0 b £ 50 dpa @ 411°C
i (59 32dpa @ 528°C
220
® 10 [
0
-10
oDS-3 0DS-4 CuNITI{VK) CuNITI(VL) CuNiSn
38910004.1

Figure 1. Swelling observed in various alloys irradiated in this study

Figure 5 compares the CuAl25 behavior observed in this study with that observed in the Generation 1.0 study,
showing a_relative resistance of this aIIoY to swelling in the unwelded condition but a total destruction of
the swelling resistance following laser welding. A similar increase in swelling with welding was observed
in the 0DS-1 alloy but this alloy apparently had already lost a large ffictlon of its swelling resistance
due to a supersaturation of oxy%en retained in the alloy during casting.* To one degree or another, all of
the cast 0DS alloys exhibited this oxygen-casting problem and a resultant loss of swelling resistance as can
be seen In Figure 1, where swelling of these alloys ran?es from 10.8 to 35.5% a¥/¥v  This is not the first
time that a large swelling response to high oxygen levels has been observed. Electrolytic tough pitch
copper with 0.02-0.05 wth oxygen Was shown to respond strongly to oxygen, swelling 34% at 13.5 dpa when
irradiated at 400°C in EBR-II.
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Figure 2. Swelling observed in various alloys irradiated in this study (continued).



227

0 Pure Copper Cu-5Ni

- | <+ ORR, 300°C

A EBR-, 385°C

. 40 <$> EBR-Il, 400°C
S‘;{”"e""ﬂg’ O FFTF, 430°C
AV (X FFTF,411-414°C

20

0.5%/dpa
10

0, I I I

0 25 50 75 100 0 25 50 75 160 25
Displacements Per Atom

38911050.5

Figu{e 3. Compilation of swelling data on pure copper and Cu-5Ni irradiated at 385-430°C in various
reactors.
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Figure 4. Swelling observed in Glidcop alloys in FFTF at 411-414°C



228

14
CuAl25
te]
., | 400°C
10— Effect of Welding
Observedin MOTA-IE
a -
Swelling, I Behavior of
% AV, CuAl25in
0 4 Generation 1.0
irradiation Series
2 B /
_..I)-——-—-ig"Tj".—.—‘i::;d25in
: <" \OTAE
P 11 | | L

Displacements per Atom

Figure 5. Behavior of cuatzs in the various FFTF-MOTA experiments. Note the destruction of swelling
resistance caused by laser welding.

The mechanically alloyed dispersion-strengthened alloy CuCr exhibited substantial swelling (3-7%) but the
similar alloy CuHf developed very little swelling. In _both alloys the microstructure was substantlall¥
changed, first by recrystallization and then by extensive refinement of the oxide dispersoids, the latter
probably occurring as a result of ballistic dissolution.

The spinodally-stren%thened alloys Cu-5Ni-2.5T4, cu-3.5Ti and Cu-4Ni-45n all swelled moderately, ranging
from -0.01 to"1.1% at 34 dpa and” 1.6 to 2.5% at 50 dpa, although only the two cu-5ii-2.57i alloys were_
irradiated to this latter dose. The possibility exists that some fraction of these density changes arises
from lattice parameter changes associated with Spinodal decomposition. This possibility will be checked
using electron microscopy.

The various precipitation-strengthened alloys CuBe, CuBeNi, MZC and CuCrZr all swelled relatively moderate
amounts. Detailed comment will "be withheld” until mlcroscopK is available, since the swe!]ina de density
change behavior of these alloys is known to depend on the phase stability under irradiation.?:%% A

. a 1S KN ) N I adia
I L O R S S e e LY I S I P T
parameter change associated with precipitation. No microscopy has been performed to date on Cu-2Be.

As shown in Figure 7, the range of swelling behavior for the various stgrtin? conditions of CuNiBe In the
current series of experiments is not consistent with the behavior of this alloy observed in the Generation
1.0 experiment. The range of swelling in the current experiment seems to reflect the influence of the final
heat treatment, which is different for each of the three alloys.

Irradiation at 529-°C

Bl rEEn Bl OrsL el Ledo AT LU FRET EReUBBsBhuatih S ZitRiLraRCELIEI S T2 AR et the
swelling of pure copper falls quickIK_above 350°C.  For some alloys in the present experiment which_swelled
51% the swetling at 523°C was often higher than that at 4}1-414°c but was still relatively small. These
differences may reflect the influence of temperature on phase stability more than the direct_influence of
temperature on swellln%. Based on the behavior of pure capper (both In this experiment and in that of
reference 5) and also that of cu-3Ni one would expect the direct effect of increasing the temperature to be
a reduction in swelling.
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Figure 6. Compilation of swelling data on MZC and Cu-Be alloys at ~400°C in FFTF-MOTA
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Figure 7. Swelling of CuBeNi in various starting conditions irradiated in FFTF-MOTA.
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Figure 8. Swelling observed by Zinkle and Farrell in pure copper irradiated in ORR.

CONCLUSIONS

The intrinsic swelling rate of pure copper and Cu-5Ni appears to be ~0.5%/dpa at -400°C. At 529°C the
swelling rate of these alloys a?pears to be much lower. In more complex precipitation-strengthened alloys
phase instabilities apB@ar to play a role in determining the onset of void swelling and also the density of
the unvoided matrix. Dispersion-hardened alloys were found to be very resistant to swe!llng. Large amounts
of_oxygen in an alloy, however, can_overcome the swelling resistance imparted by very high densities of _
oxide dispersoids. ‘Internally oxidized Glidcop alloys offer the most pronounced resistance to swelllng_W|th
the transient reglme progressively extended with increasing alumina content. Unfortunately, laser welding
destroys the swelling resistance of dispersion-strengthened alloys.

FUTURE WORK

This effort will continue, focusing on microscopy examination to separate the void and non-void
contributions to density change.
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EVALUATION CF RADIATION-INDUCED SENSITIZATION F PCA USING THE ELECTROCHEMICAL POTENTIOKINETIC
REACTIVATION TECHNIQUE — T. Inazumi (Japan Atomic Energy Research Institute, assigned to ORNL) and
GEC. Bell (Oak Ridge Associated Universities)

OBJECTIVE

The objective of this work is to evaluate the degree of radiation-induced sensitization in austenitic
stainless steels by the electrochemical potentiokinetic reactivation (EPR) test technique using miniatur-
ized soecimens.

SUMMARY

The electrochemical potentiokinetic reactivation (EPR) test technique was applied to the deter-
mination of sensitization in a neutron-irradiated (420°C. 10 dpa) PCA. Miniaturized specimens (3 mn diam
by 025 mm thick) in both solution-annealed and 25% cold-worked conditions were tested and the degree of
sensitization {DOS) was calculated in terms of the reactivation charge, Pa. Results indicated the pres-
ence of radiation-induced sensitization as compared to control specimens thermally aged at the irra-
diation temperatures. Post-EPR test examination of the specimen surfaces showed etching across the face
of each grain as well as grain boundaries. This indicates that the Pa value normalized by total grain
boundary area, which is an accepted EPR-DOS criterion to determine the susceptibility of thermally sen-
sitized stainless steels to intergranular stress corrosion cracking (IGSCC), is not directly applicable
to radiation-induced sensitization for the condition investigated. Further investigations are necessary
to correlate the results in this study to the IGSCC susceptibility of the irradiated stainless steel.

PROGRESS AND STATUS

Introduction

Irradiation-assisted stress-corrosion cracking (IASCC) may become one of the major environmental
degradation mechanisms of water-cooled austenitic stainless steel components for fusion reactors.! Since
IASCC has a form of intergranular stress corrosion cracking (IGSC€),2°% changes in grain boundary com-
position by radiation-induced segregation (RIS} is considered a major material parameter affecting
IASCC."*=18" Chromium depletion fiom grain boundaries has been suggested as one of the changes which may
enhance susceptibility to 1ASCC.1%"1

An electrochemical testing system was developed to evaluate degree of sensitization associated with
chromium depletion along grain boundaries in neutron-irradiated austenitic stainless steels."™ The
testing system was designed to use miniaturized disk-type specimens, 3 mm diam by 0.25 mm thick.

Thermally-induced sensitization in Type 316 stainless steel specimens of this geometry has been success-
fully detected using the electrochemical potentiokinetic reactivation (EPR) test technique.

In the present study, radiation-induced sensitization in a candidate austenitic stainless steel
designed for use in fusion reactors (designated as PCA) was evaluated by the EPR test technique using
miniaturized specimens.

Experimental

Material — The material used in this study was a Ti-modified austenitic stainless steel developed by
the US. fusion program, designated as PCA. The chemical composition of the PCA is shown in Table 1.
Disk specimens, 3 mn in diameter, were punched from 0.25 mn-thick sheet of the material and solution
annealed at 1100°C for 30 min. Specimens in the 25% cold-worked condition were also prepared.

The specimens were irradiated in the
Table 1. Chemical composition of PCA (wt %) Material Open Test Assembly of the Fast

Flux Test Facility {FFTF/MOTA) in

. Hanford, Washington, at a temperature of
C Si Mh P S Ni G M Ti Fe 420°C up to 10 dpa. Control specimens

were thermally aged at 420°C for 5000 h

followed by water quenching to simulate
0.05 04 1.8 0.01 0.003 162 140 23 0.24 bal the thermal history of the irradiated

specimens.
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Surface Preparation — The specimen surface condition (e.g., oxide films and roughness) significantly
affects the EPR test results. The surface finishing by mechanicai polishing with 1 um diamond paste or
0.05 um alumina slurry is recommendedl8:19 to get the maximum sensitivity of EPR testing. An electro-
polishing technique was adopted as the surface preparation technique because of the difficulty in applying
the mechanical polishing to the miniaturized radioactive specimens. A gravity-flow vertical-jet electro-
polishing apparatusZo was modified to be used for handling the radioactive specimens. The preliminary
study was carried out on thermally-sensitized solution-.annealed PCAs to examine the effects of electro-
polishing on EPR test results. One of the results is shown in Fig. 1 The electropolishing was per-
formed using (by volume) 90% acetic acid—10% perchloric acid. No significant difference was observed in
EPR curves for the electropolishing technique and the reconended mechanical polishing technique. The
miniaturized radioactive specimens were polished to 02 wmm thickness using the electrolyte at room tem-
perature. The polished surface of each specimen was examined with an optical microscope before EPR
testing.
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Fig. 1. Effect of surface preparation technique on EPR curves.

EPR Test — A detailed description of the testing system was previously given.""

Table 2. EPR test conditions

Single loop EPR tests were performed following

the test conditions reconended by W L. Clarke et Solution 05 M HpS0, + 0.01 M KSCN
al.1% A sumnary of the test conditions is given in Temperature 30°C

Table 2. The degree of sensitization {D0S) was Passivation 2 min at +200 m¥ vs SCE
determined by calculating the normalized reac- Reactivation scan 6 V/h

tivation charge, Pa

Surface Examination — Observation of the specimen surfaces after EPR testing was carried out with an
optical microscope and SEM to examine the morphology of sensitization.

Results

EPR Test — Reactivation curves of the irradiated and thermally-aged control specimens are shown in
Fig. 2. The reactivation peak of current density appeared at approximately -120 m¥ vs SCE for all the
specimens. However, the peaks for the irradiated specimens were approximately two orders of magnitude
higher than those of the thermally-aged specimens for both the solution-annealed and cold-worked
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Fig. 2 Reactivation curves of PCA

conditions. There was no significant difference between the reactivation curves for the solution-
annealed and the cold-worked conditions. There was no significant difference between the reactivation
curves for the solution-annealed and the cold-worked conditions. The Flade potential, the potential at
which current started increasing, was substantially higher for the irradiated specimens (by approximately
75 m¥ for the solution-annealed condition and 125 m¥ for the cold-worked condition).

The normalized reactivation charge, Pa (coulombs/cm2?), was calculated for each specimen and the
results are shown in Table 3. The Pa values of the irradiated specimens were two orders of magnitude
higher than those of the thermally-aged control specimens for both the solution-annealed and cold-worked
conditions. There was no significant difference in the Pa value between the solution-annealed and cold-
worked conditions. The Pa values of two specimens in each condition were in good agreement.

Table 3. Reactivation charge value Surface Examination — Optical micrographs of the
(Normalized by total grain specimen surfaces after EPR testing are shown in Figs. 3
boundary area) and 4. The thermally-aged specimens did not show etching
in either the solution-annealed or cold-worked condition
Pa, coulombs/cm? [Figs. 3{a) and 4{a)]. On the other hand, the irradiated
Steel specimens were apparently etched in both conditions

Aged*  Irradiated [Figs. 3(b) and 4{(b)]. For the irradiated annealed PCA
the grain boundaries were weakly etched. The grain faces

PCA Solution annealed 0.14 64.1 also had very finely etched structure [Fig. 3(b)]. The
59.9 cold-worked PCA showed similarly etched grain boundaries
and etched slip lines [Fig. 4{b}]. SEM micrographs of
PCA 25%cold worked 024 530 the specimen surface of the irradiated annealed PCA are
540 shown in Fig. 5 The grain boundaries were apparently
etched after EPR testing. The grain boundary etching was
*Average value of two specimens aged not continuous and the width was not uniform [Fig. 5(a)].
at 420°C for 5000 h The finely etched structure observed at the grain faces

[Figs. 3(b) and 4({b)] was found to be regions of dimple-

shape corrosion, approximately 05 wm in diameter [Fig.
5(b)]. The etching depth was much less than that at the grain boundaries. The width of the etched grain
boundaries was approximately 1um at the widest portion and it narrowed to less than 100 mm near the bot-
tom [Fig. 5(c)].

A SEM micrograph of the irradiated cold worked PCA is shown in Fig. 6. The grain boundary etching
was similar to that of the irradiated annealed specimen. Dimple-shape corrosion over grain faces was
also observed.
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Fig. 3. Optical micrographs of solution-annealed PCA after EPR tests. (a) Thermally aged;
(b) neutron irradiated.

ORNL-PHOTO 9583-89

-

Fig. 4. Optical micrographs of 25% cold-worked PCA after EPR tests. (a) Thermally aged;
neutron irradiated.

Qiscussion

Microstructural observations revealed that the grain boundaries of irradiated PCAs were clearly
etched after EPR testing. This indicates that sensitization associated with chromium depletion along
grain boundaries was induced by the neutron irradiation as reported by Taylor on 20Cr-26Ni-Nb stabilized
steel irradiated up to 55 dpa at 350 to 520°C.1® This also suggests that radiation-induced sensitiza-
tion was detectable by the EPR test technique as well as thermally-induced sensitization. The narrow
width of the etched grain boundaries indicates that RIS, which has been reported to be less than 100 mm
wide,12>13 js one of the possible mechanisms for the sensitization.

The normalized reactivation charge, Pa, is reconnnended as one of the criteria to determine the DOS.
Good correlation between intergranular stress corrosion cracking (IGSCC& susceptibility of austenitic
stainless steels (Type 304) and the Pa value has been demonstrated.l8:1% The Pa value is the normalized
charge per unit grain boundary area. This calculation assumes that mest of reactivation current comes
from the grain boundaries.“*’{g It has been suggested that SCC can occur when the Pa value exceeds about
2 coulombs/cm? for Type 304 stainless steels.!® The Pa values of irradiated PCAs (Table 3) are an order
of magnitude higher than this critical value. However, as shown in Figs. 3(b)} and 4 (b), both the grain
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Fig. 6. SEM micrograph of irra-
diated 25% cold-worked PCA after EPR
test.
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Fig. 5 SEM micrographs of irradiated PCA
after EPR test.

boundaries and the grain faces were etched during the reacti-
vation process. Since the grain faces apparently contribute
to reactivation current, the normalized Pa value per grain
boundary area overestimates the actual reactivation charge
associated with the grain boundaries.

Ifwe assume that the reactivation current is uniformly
distributed between the grain boundaries and faces, then the Pa
value can be normalized to represent the charge per grain bound-
ary area using the total tested area of the specimens instead of
only the grain boundary area. The results of this calculation
are shown in Table 4 These Pa values possibly underestimate the
contribution from the grain boundaries because of the relative
deep etching at the grain boundaries as compared to the dimples
in the grain faces. Nevertheless, the Pa values of the irra-
diated specimens are still an order of magnitude higher than
those of the aged specimens and close to 2 coulombs/cm2, the cri-
tical value for the susceptibility of Type 304 stainless steels
to IGSCC. For mlybdenum-containing austenitic stainless steels
(e.c «, Type 316). it has been reported that the Pa values were
lowe r than for Type 304 for the same degree of thermally-induced
sensitization (as determined bv the Strauss test22), Therefore. .
a lcwer critical value of Pa, as compared to Type 304, may be
required for mlybdenum-containing austenitic stainless steels
to te susceptible to IGSCC. W& suggest that the neutron irradia-
tion at 420°C up to 10 dpa could have increased the DOS of PCA to
the level at which IASCC could occur. However, radiation-induced

sensitlzation and thermally-induced sensitization are substantially different processes and direct appli-
cation of EPR-DOS criterion for thermally-sensitized materials is not valid. The post-EPR test morpho-
logy of microstructures produced on the irradiated specimens apparently differs from that of
thermally-sensitized specimens with similar Pa values (an example is shown in Fig. 7). For the irra-
diated specimens, grain boundary etching was narrower.
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Table 4. Reactivation charge value
(calculated using total tested area)

Steel Pa, coulombs/cm?
PCA, solution annealed 1.85
1.73
PCA 25% cold worked 1.53
1.56

Therefore, a smaller initial flaw size

may exist for the irradiated material. . 50um
Changes in the mechanical properties by

the irradiation (e.g., matrix hardening Fig. 7. Optical micrograph of thermally sensitized
and decrease in ductility23-25) may also annealed PCA after EPR test (Pa = 1.64 coulomb/cm?).

affect the susceptibility of the irra-

diated PCA to IGSCC. Further investiga-

tions, including stress corrosion cracking tests on the same irradiated materials, are necessary to
correlate the EPR test results in this study to the IGSCC susceptibility.

Figure 8 shows an optical micrograph of irradiated PCA after EPR testing was ‘interrupted half way to
the peak of current density. The initiation of fine etching was observed. The dimmple-shape etching of
the grain faces apparently results from the continuous increase in the density of the fine etching.

Under the irradiation condition in this study, small-scale voids (10—20 nm in diameter) were formed in
the grain interiors.2® It has been demonstrated that chromium depletion can occur at free surfaces in
grain interiors, e.g. voids, during irradiation, as well as at grain boundaries.2? Therefore, the cause
for dimple-shape etching on grain faces may be attributed to chromium depletion around voids by RIS.

YE-14012  Conclusions

Radiation-induced sensitization of the neutron-
irradiated Ti-modified austenit'ic stainless steel was
evaluated by the EPR test technique using miniaturized
specimens. The following conclusions were obtained.

e wrgnaaieene wawnge- e €lectrochemical prop-
erties of Ti-modified austenitic stainless steel due
to neutron irradiation at 420°C up to 10 dpa were
detected by the miniaturized EPR test technique.

2. EPR test results an6 resulting grain boundary
etching indicated the occurrence of radiation-induced
sensitization.

3. In addition to grain boundaries, ?rain faces
showed shallow dimple-shape etching after EPR testing.
Therefore, the reactivation charge normalized by total
grain boundary area, which is an accepted EPR-DOS cri-

Fig. 8 Optical micrograph of irradiated terion to determine the IGSCC susceptibility of
annealed PCA after EPR test; interrupted half thermally-sensitized stainless steels, was not
way to the peak current. directly appticable to radiation-induced sensitization

for the condition investigated.

4. For this irradiation condition, 25%cold work did not have significant effects on the EPR test
results.

5. The electropolishing technique was adoEted for surface preparation of the miniaturized specimens
and provided the sufficient sensitivity of the EPR testing.

6. Further investigations are necessary to correlate the results in this study with the 16SCC
susceptibility of the irradiated stainless steel.
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FUTURE WORK

TEM studies will be carried out on the specimens tested in this study to relate the EPR test results
to microstructural changes caused by the irradiation. The EPR measurements will be continued on PCA and
Type 316 stainless steels irradiated at lower temperatures (60to 300°C) to obtain data relevant to the
International Thermonuclear Experimental Reactor (ITER).
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CARBON TRANSFER IN LITHIUMISTRUCTURAL-MATERIALSYSTEMS-- A. B. Hull, O. K. Chopra, and A B. Patel
(Argonne National Laboratory)

OBJECTIVE

The objective of this study is to investigatethe influence of a flowing lithium environment on the carbon transfer
behavior of structural alloys under conditions of interest for fusion reactors. The tesults of this study will supplement the
corrosion data base that will be used in materials selection for structural applications.

SUMMARY

Chemical interactions involving carbon have a dominant role in the corrosion behavior of ferrous and vanadium-
base alloys in lithium. Experimental investigationswith these alloys in austenitic forced-circulation lithium loops have
shown that weight changes in these systems are influenced by both mass transfer and deposition. The carburization—
decarburization behavior of both commercial and high—purity experimental austenitic and ferritic alloys in flowing lithium
has been compared with that observed in flowing sodium at temperatures of 550 to 700°C. Type 316 stainless steel
(SS) and various experimental and commercial heats of Fe—=Ct—Mo ferritic materials were investigatedto determine the
effect of varying levels of chromium and molybdenum. Carbon transfer was evaluated in both pure vanadium and
vanadium—base alloys containing various amounts of chromium and titanium, such as V-10Cr-3Fe—Zr, V-15Cr-5Ti,
V-10TI, and V-20T..

PROGRESS AND STATUS
Introduction and Background

Liquid lithiumis a leading candidate as a tritium breeder material for fusion reactors because of its acceptable
tritium-breeding and heat transfer characteristics. However, compatibility of the liquid metal with the containment
materialsis a major concern. Liquid metal can influence surface active properties of structural materials through
phenomena such as carburization-decarburizationand thus aiter near—surface deformation behavior and affect
mechanical properties such as fatigue crack initiation and propagation. In sodium, degradation of mechanical

properties is essentially due to carbon transfer in the material, i.e., decarburization of such ferritic alloys as
Fe-2.25Cr-1 Mo steel and carburization of austenitic stainless stesl.!

Corrosion data and interpretations presented earlier indicate that dissolution of major alloy elements and mass
transfer, as well as chemical interactions between alloy elements and nonmetallic elements such as nitrogen and
carbon, influence the overall corrosion behavior of ferrous alloys.2:3.4 Chemical interactions also play a dominant role
in the corrosion behavior of vanadium alloys.5

A quantitative evaluation of sodium effects on secondary-system materials for Liquid Metal Fast Breeder Reactor
steam generators involved obtaining experimental data on carbon activity-concentration relationships for the alloys and
kinetic information on the decarburization-carburizationbehavior.8-12 This approach has been used to analyze
carburization-decarburizationphenomenathat involve austenitic and ferritic steels in sodium heat-transport systems of
nuclear reactors.

A similar approach was followed in this study, focusing specifically on carbon transfer. For this purpose, carbon
activity-concentration relationships have been generated.

Experimental Procedures

The composition of the steels used in the present study is given in Table 1. Carbon transport experiments were
conducted with specimens ranging in thickness from 0.5 mm for Type 316 SS coupons to 0.02 mm for high-punty ferritic
specimens. Inthe latter case, the specimens are thin enough that carbon equilibration was enhanced and surface
effects maximized. The ferritic specimens were in both normalized and tempered and normalized conditions (Table 2).
Vanadium alloys were prepared using standard procedures.5

Corrosion tests were conducted in a forcedcirculation Li loop equipped with cold- and hot-trapping purification
capabilities to control the concentration of nonmetallic elements. A detailed description of the loop and the test
procedure have been presented previously.13 Carbon in the lithium ranged from 1.7 to 84 ppm C, as determined by the
acetylene evolution method.’ In comparison, the solubility of carbon at the colt!-trap temperature of the loop (~215°C)
is calculated to be 0.62 wppm (Fig.1a).
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Table 1. Composition of Different Steels {wt.%)

Steel C Cr Mo Ni Si Mn Nb \ Other
High Puri
Fe~1Cr—0.5Mo (M1) 0.096 0.97 0.47 0.08 0.09 0.001 0.002 - _
Fe—5Cr-2Mo (H5) 0.092 4.32 1.87 0.04 0.09 0.002  0.005 0.001 -
Fe—12Cr—0.5Mo (H9) 0.094 11.94 0.49 0.05 0.01 0.001 0.002 - -
Fe—12Cr-2.5Mo (H11) 0.095 11.28 2.30 0.05 0.01 0.001 0.005  0.001 -
Commercial
ESRXA 3177 0.089 9.58 0.80 0.08 0.17 0.44 0.11 0.15 0.46W,
0.086N,
0.04Ti
HT-9 0.2 115 10 05 0.4 0.55 - 0.3 0.5W
316 SS <0.05 17.0 2.0 12.0 <1.0 <2.0 - - -
Table 2. Heat Treatment of Ferritic Specimens
Heat Treatment {°C)2
Alloy Normalized Normalized and Tempered
Fe—1Cr—0.5Mo (H1) 927 927
740
Fe-5Cr—2Mo (H5) 1000 1000
740
Fe-12Cr-0.5Mo (H9) 1038 1038
760
Fe-12Cr-2.5Mo (H1i1) 1100 1100
780
ESRXA 3177 1038 1038
760

aAll specimens were subseauehtly air-cooled for 1 h.

The solubility of C inlithium15 is significantly higher than in sodium (Fig. 1a). The binary ionic lithium compounds
(such as lithium carbide, Li;C») are more thermodynamically stable because of the smaller Li+ ion and the greater

lattice energy. Lithium carbide is the solid phase in equilibrium with saturated solutions of carbon in lithium.

The presence of LizC» as a precipitate phase on the alloy surface after lithium exposure indicates that the carbon
activity inthe lithium is close to 1.0. Carbon activities in lithium and sodium were obtained from the established
relationship between liquid metal temperature and concentration of carbon in the liquid metal. Carbon activity (&) is
related to the concentrationof carbon in the alkali metal (Cyy) by:

am = Cw/Swu,

{1)

where the solubility (S_j) of carbon in lithium (wppm) as a function of temperature (T in degrees K) can be definedi4 as

log S| j = 7.459 - (3740/T )

(2)
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Fig. 1. Comparison between Sodium and Lithium of (a) Solubility of Carbon in the Liquid Metaland (b) Activity of
Carbon in Lithium (dotted lines) and Sodium (solid lines) as a Function of Temperature for Carbon Concentrations (Na:
0.01, 0.1, and 1; Li: 1, 10, 100) Exploredin the Carbon—Transfer Experiments.

and the solubility of carbon in sodium (wppm) can be defined!® as
log SNa = 8.12 - (6640/T ). (3)

For a given temperature, the solubility of carbon in lithium is several orders of magnitude higher than its solubility in
sodium (Fig. 1a). The activity of carbon in liquid metalfemperature regimes investigatedin this study is shown in
Fig. Ib.

After exposure to Li, the specimens were cleaned in alcohol and water and inspected metallographically for
surface deposits. Both before and after lithium exposure, specimens were analyzed for carbon with a LECO jow-
carbon combustion analyzer that had a sensitivity of -5 ug carbon per 1 g sample. Surface reaction products were
analyzed by X-ray diffraction both before and after post-exposure cleaning.

Results and Analysis

Austenitic Sieels

The carbon contents in Type 316 SS specimens exposed to lithium at temperatures of 372 to 538°C are given in
Table 3. The carbon concentrationsin lithium and the corresponding carbon activity values for the various test runs are
also given in the table. The results show that Type 316 SS decarburizes at 538°C and carburizes at 482°C and below.

The carbon activity in the quaternary Fe-Cr-Ni-C system has been established as a function of alloy composition for
Cr and Ni concentrations in the range of 0 to 22 and 0 to 16 wt.%, respectively.® The thermodynamic information and
carbon transfer studies in liquid sodium systems have been used to obtain the isothermal carbon activity-carbon
concentration relationships for the Type 304 §$19 and Type 316 8.1 The equilibrium carbon activity-concentralion
curves for Type 316 SS at 550 and 600°C are shown in Fig. 2. Results for the lithium-exposed specimens are also
shown in the figure. The initial carbon concentration in the steel {i.e., the "as-received" line in Fig. 2) corresponds to
carbon activities of -0.019 and 0.006 at 550 and 600°C. respectively. Consequently, the steel should decarburize when
exposed at 550 and 600°C to lithium with carbon activities below these values, and it should carburize in lithium with
higher values of carbon activities. The conditions of lithium purity and temperature for carburization/decarburization of
Type 316 SS with -0.055 wt.% C are definedin Fig. 3. The equilibrium carbon activity-concentration relationships at
temperatures below 550°C are not available. Consequently, the high—temperature data are extrapolated to lower
temperatures in Fig. 3.
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Table 3. Carbon Concentrationin 316 SS Exposedto Flowing Lithium

Exposure Conditions Carbonad Carbon
Specimen Test Temp. Time CinlLi Activity in SteelP No. of

Identity Run (°C) (h) (wppm)  (apparent) (wppm) Analyses
Ac.8 Before Exposure 542+ 9 5
Ece Before Exposure 571+ 29 3
A 4 427 5739 12 0.09 818+ 9 2
A 4 482 5521 12 0.04 736+ 64 2
A2 5 372 4955 11d 0.24 18211 94 4
A 5 427 5023 11 c.08 645+ 15 2
A A5 6 462 3330 11 0.03 710+ 31 4
Al, A2e 6a 482 2528 11 0.03 18£8 4
Ase 6 482 1707 11 0.03 870t 24 2
Ate 6 538 3655 11 0.02 269+ 30 3
[306 = 12] (2]
A1, A3e 6 538 2271 11 0.02 278+ 39 4
A2 6 538 3185 11 0.02 390t 2 2
E2 6 538 3065 11 0.02 675+ 13 3
E4, E5® 6 482 3330 11 0.03 728+ 20 4

aCarbon activity, based on concentration of carbon in lithium as determined by lithium analyses, should
be considered as only a first approximation.

bvalues in brackets represent concentrations for specimens that were mechanically polished to remove
surface reaction products.

CSpecimens identified with an A were solution—annealed: those with an E were cold-worked.

dLithium analyzed >1000 h before Run 5 began, so there is more uncertainty with this carbon level.

®These specimens were tested for conversion of austenite to ferrite as determined by magnetic
susceptibility. As-received specimens were exclusively austenitic, whereas specimens exposed to
538°C flowing lithium had a larger phase transformation than those exposed at 482°C.

The experimental results show good agreement with the thermodynamic predictions, i.e., the specimens carburize
at temperatures below ~500°C in lithium containing 8 to 12 ppm C. However, the measured carbon concentraiions in
lithium-exposed specimens most likely do not representthe equilibrium values because the diffusivity of C in steel is
extremely slow at temperatures <50G°C,

Another factor that adds uncertainty in evaluating the equilibrium carbon activity-concentration relationships in
lithium is the depletion of Ni, and to some extent Cr, from the steel. There may be significant compositional changes in
the thin foils exposed to lithium, i.e., the austenitic steels develop a ferrite layer on the surface after exposure to lithium.
Metallographic evaluations of the lithium-exposed specimens are underway to determine compositional changes and
thicknesses of the ferrite scale. Carbon concentrations in the specimens will be measured after removal of the ferrite
layer by mechanical or chemical means.

Ferritic Steels

At both 410 and 480°C, the normalized steels decarburize to a much greater extent than do the normalized and
tempered steels (Table 4). Also, the extent of decarburization increases with a decrease in chromium content or an
increase in molybdenum content. The results indicate that the metallurgical microstructure of the steel plays an
mportant role in the decarburization behavior of ferritic steels. Similar decarburization behavior has been observed in a
sodium environment.8,10,17

The tempered bainite or martensite phase in Fe-Cr-Mo ferritic steels contains MagCg and MgC carbides. The
relative amount of these two carbides depends on the Mo/C atomic ratio in the steel.8.10.17 Both M,3Cg and MgC
coexist when the Mo/C ratio is between 1.5 and 3; MgC is the only stable carbide at ratios above 3, while Ma3Cg alone
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is stable at ratios below 1.5. The kinetics of decarburization of normalizedand tempered steels are controlled by the
dissociation of carbides, which is extremely slow, particularly the dissociation of M3Cg carbides. Consequently, while
carbon activity in ferritic steels is significantly higher than that in the lithium environment, decarburization rates are
extremely slow. The steels with higher molybdenum content decarburize slightly faster because of the larger amount of
MgC and possibly M,C carbides in the steel.

The bainite or martensite phase in normalized Fe-Cr-Mo ferritic steels contain cementite and € carbides. These
carbides are metastable and transform to stable Ma3Cg carbide with aging. The decarburization behavior of normalized
steels is controlled by two competing processes, i.e., microstructuraltransformationsto reach thermodynamically stable
carbide phases, and carburization or decarburizationto equalize carbon activity between the alloy and the liquid metal.
The former process is extremely slow at temperatures below 550°C. For example, the typical tempering treatment of 1 h
at 700°C is equivalentto -4 x 105 h at 480°C.18 Consequently, decarburization of normalized steel is much faster than
that of normalized and tempered steel.

The increase in decarburizationwith a decrease in Cr content in the steel is also due to microstructural differences.
The normalized and tempered low-Cr steels also contain cementite and MzC carbides.8 The decarburization behavior
of these steels is comparableto that of normalized medium-Cr steels.

Micrographs of the surfaces of Fe-1Cr-0.8Mo (H1) and Fe-12Cr-0.5Mo (H9) exposed to lithium at 463°C are shown
in Fig. 4. Both the high-Cr steels and the normalized and tempered specimens featured etch-like localized corrosion
along the grain boundaries and martensitic lathes. These microstructuralvariations are consistent with a surface
destabilization model!® that can explain the differences in surface recession behavior between Fs-1Cr-0.5Mo and
Fe-12Cr-0.5Mo. A surface that undergoes preferential dissolution, such as Fg-12Cr-0.5Mo where Cr becomes
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Table 4. Carbon Content in High—Purity Ferritic Alloys Exposedto Lithium

Li Exposure Concentration (wppm) % Decarburization?
Normalized Normalized
Temp. Time and and
Alloy (°C) (h) Normalized  Tempered Normalized Tempered
Fe—1Cr—0.5Mo (H1) 410 2486 22916 714+ 4 76 26
460 2547 120+ 9 544 £ 13 88 43
Fe—5Cr-2Mo (H5) 410 2486 190 £ 1 803 f9 79 13
460 2547 171+ 28 669 t 3 81 27
Fe—9Cr—1Mo (ESRXA 3177) 410 2486 656 + 2 884+ 6 25 -2b
460 2547 644 £ 9 886 T 15 26 -2b
Fe-12Cr-0.5Mo (Hg) 410 2486 747 £ 29 911 £ 31 23 3
460 2547 7181 2 889 F 16 21 5
Fe—12Cr-2.5Mo (H11) 410 2486 179 £ 19 415f.45 81 56
460 2547 274 £ 80¢ 383+ 13 71 60

aDefined as 100 [C; — Cy/Cj) where G is initial carbon concentration in the pristine specimen and C is carbon
concentration after exposure to lithium environment.

BIn this situation, there was either no carbon transfer or slight carburization.

¢Based on quadruplicate analyses, high variability is related to localization of carbon-rich surface deposits. Because
the foils are so thin, surface effects predominate.

Fig. 4. Microstructures of High-Purity Ferritic Steels after Exposure to Flowing Lithium at 460°C for >2500 h:
(@)Fe-1Cr-0.5Mo (H1), Normalized, (b) Fe-1Cr-0.5Mo (H1), Normalized and Tempered, (c) Fe-12Cr-0.5Mo (H8),
Normalized, and (d) Fe-12Cr-0.5Mo (H9), Normalized and Tempered.

depleted, develops a very nonuniform, rugged corrosion front. Where selective leaching is less, the surface recedes
more uniformly, as was observed in Fig 4a and 4b for the Fe-1Cr-0.5Mo steel.

Compounds such as LigCrNs form on the surface of structural alloys in static experiments after -670 h in lithium
containing nitrogen at 600°C.15 The dimpled surface morphology, related to the depletion of Cr from ferritic steels,
underlies the extensive reaction product, as shown in Fig. 4¢.
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Vanadium-base alloys tend to decarburize at lower temperatures and carburize at higher temperatures than do
ferritic alloys. The C contents of the pure V specimens, after exposure to lithium, are of the same magnitude as the
solubility of carbon in vanadium, as indicated by the solid line curve in Fig. 5. It can be seen that for a given temper-
ature, specimens of the ANL heat of V-15Cr-5Ti picked up relatively more carbon than did those of the ORNL heat. This
is because of bulk effects associatedwith the relative thicknesses of the specimens: the ORNL specimens were 8 X
thicker (0.8 mm vs. 0.1 mm) and did not equilibrate with the liquid lithium after 1500 h. VC was identified as the surface
reaction product on both the V-15Cr-5Ti and the pure V.

V-20Ti exhibited minimal carbon transfer phenomena in contrast to that of v-10Ti; this is consistent with the
observation2 that alloys containing 15-20% Ti develop a uniform scale of nitride reaction products. Earlier studies
indicatedthat VV-20Ti had the lowest corrosion rate and that pure V exhibited the highest corrosion rate. The present
study demonstrates that the formation of a protective titanium nitride layer on the alloy surface also significantly retarded
the transfer of carbon, whereas carbon appeared most mobile in V and V-10Cr-3Fe-Zr, neither of which contained Ti.
The presence of a nitride scale alters the behavior expected on the basis of equilibrium distribution coefficients for
carbon between V, Ti, and Cr.22 On a theoretical basis, it has been suggested that Ti would enhance carbide formation
(andthus Carburization) and that Cr would reduce the tendency for carbide formation, but this suggestion predates the
complications caused by nitrogen-metal reactions.

CONCLUSIONS

Chemical interactions involving carbon have a dominant role in the corrosion behavior of ferrous and vanadium-
base alloys in lithium. Type 316 SS exhibited the most pronounced carburization-decarburization effects. Data from
the carbon transfer experiments with high-purity ferritic steels show that in a liquid-lithium environment, as well as in a
liquid-sodium environment, the Fe-Cr-Mo steels are increasingly resistantto carbon transfer as the Cr level increases,
whereas carbon transfer resistance is inversely proportionalto molybdenum concentration. It appears that to minimize
the extent of decarburization in these liquid metal environments, it is beneficial to have an alloy containing Ma3Cg as the
only equilibrium carbide. This carbide structure can be achieved in a ferritic alloy with 9to 12wi.% Cr by maintaining
the Mo:C atom ratio of <1.

Pure vanadium and vanadium-base alloys containing various amounts of chromium and titanium, such as
V-10Cr-3Fe-Zr, V-15Cr-5Ti, and V-20Ti, pick up carbon when exposed to lithium that contains carbon impurities
VC has been identified as a surface reaction layer on lithium-exposed pure vanadium and V-15Cr-5Ti,

Temperature (°C)

500 400
1200 I L4 T
-] v
@ 3
5 { ° V-10Cr-3Fe-2¢
2 1000F x V-10Ti -
a 1] V-20Ti
o u V-3Ti-18i A '§
ann b & V-15Cr-5THANL} 4 =
o ne A a V-15Cr-5Ti 3
N 15Cr-5Ti (ORNL) °
: '
E 600 3 1 <
: [ Y
E. 400 | - o
o a0
E 8 2 . |l 2
3] 200 | 04 o
n i i A 2 1 " A i M 1 " A i " L ﬁ
i.20 1.40 1.60 1.80
1000/K

Fig. 5. Carbon Concentration in Vanadium—Base Alloys after Exposureto
Lithium with Carbon Concentration in the Range 11to 84 ppm.
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FUTUREWORK

The carbon content in high-purity ferritic alloys will be determined after a 5000-h lithium exposure. X-ray
diffraction and electron microprobe analyses are continuing in order to determine the nature of the reaction products on
the alloy surfaces. Equilibrationtests are planned in isothermal lithium with varying carbon activities to enhance
comparison with the sodium resuits.
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AQUEOUS STRESS CORROSION OF STRUCTURAL MATERIALS -A. B. Patel, A B. Hull. and T. F. Kassner (Argonne
National Laboratory)

OBJECTIVE

The objective of this study is to experimentally evaluate the susceptibilityto stress corrosion cracking (SCC) of
Type 316NG stainless steel in aqueous environmentsthat simulate many important parameters anticipated in first wall/
blanket systems in the International Thermonuclear Experimental Reactor (ITER). The results of this study will
supplement the stress corrosion data base that will be used in materials selection for structural applications in fusion
reactors.

SUMMARY

The SCC susceptibility of Types 316NG, 316, and 304 stainless steel (SS) has been investigated in siow-strain-
rate tests (SSRTS) in aqueous environments that simulate important parameters anticipated for ITER first wall/blanket
systems. Initial SSRTs were performedon both crevice and noncrevice specimens in oxygenated water with sulfate
additions at a strain rate of 3x 10°7 s1 and temperatures of 95 and 150°C. Scanning electron microscopy showed no
evidence of SCC. This was substantiated by an evaluation of the load-carrying capability of identical specimens of
Type 318NG SSin air and water. The stress ratio, which is an indicator of cracking susceptibility, was defined as the
ratio of the increase in stress after local yielding in the environment to the corresponding stress difference in an identical
test in air, both computed at the same strain. A ratio of -1.0 is indicative of a low SCC susceptibility, which was the
situation in our initial experiment on Type 316NG SS at 35°C.

PROGRESS AND STATUS
Introdyction and Background

Numerous experiments have been conducted to investigate the SCC susceptibility of Type 304 SS in aqueous
environments over a wide range of temperatures. 1.2 Similar tests have been performed on Type 316NG SS at 289°C.
Inthis investigation, additional SCC tests were performed on crevice and noncrevice specimens of Type 316NG SS in
oxygenated water with sulfate additions at 85°C and 150°C. For comparison, a test case was conducted on sensitized
Type 304 SS at 95°C.

Experimental Procedures

The influence of temperature on the stress-strain properties in air was determined with an Instron Model t t 25
tensile testing machine; the SSRTs were conducted in a small-diameter autoclave with a once-through water system
(Fig. 1). Cylindrical tensile specimens with a 6.35-mm diam. and a 36.0-mm gauge length were fabricated from Types
316NG, 316, and 304 SS; compasition of the heats is shown in Table 1. Crevice specimens were created by drilling
two small-diameter (-0.8-0.9 mm) through holes in the gauge section and placing Type 316 SS pins in the holes. The
resultant crevices localize the strain and cracking, thereby creating worst-case conditions. Water chemistry was
established by bubbling a 20% 0,-80% N, gas mixture though deoxygenated/dsionized feedwater (conductivity
<0.2 uS/em) contained in a 120-L stainless steeltank. Sulfuric acid (0.1 or 1.0 ppm) was added to the feedwater
before sparging with the gas mixture to ensure adequate mixing. This water chemistry was selected because sensitized
stainless steels exhibited susceptibility to SSC in these environmentsin earlier studies. A flow rate of -0.6 L/h was
maintained in the autoclave during the test. An external silver/silver chloride (0.1 M KCI) reference electrode, a
thermocouple, and platinum and Type 304 SS electrodes were located at the autoclave outlet to establish the redox
and open-circuit potential, respectively. The measured potential was converted to the standard hydrogen electrode
(SHE). The experimental methods are more fully described in previous papers.t.2 Table 2 illustrates both the
experimental conditions and the resuits.

Results and Analysis

There is no evidence of SCC in any of the steels that we examined. As shown in Fig. 2, only ductile failure
occurred at temperatures of 95 and 150°C. The typical ductile surface morphology of a Type 316NG SS specimen
(No. 4) in an air test at 95°C is shown in Fig. 2a at high magnification. The fracture surface morphology of a hydrogen-
charged Type 316 specimen (No. 6) after strain testing in water at 35°C also indicates a ductile surface in Fig 2b. The
region adjacent to the crevice surface is on the lower side of the micrograph. Figure 2¢ shows the ductile fracture
surface of a Type 316NG SS specimen (No. 11) exposed to the aqueous environment at 150°C.
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Fig. 1. Schematic of SSRT setup and electrochemical potential monitoring system.

Table 1. Composition of Different Heats of Type 316NG and 304 SS (wt.%)

Alloy  Heat No. Cr Ni Mo Mn Si Cu N C P S Fe

316NG P91576 164 110 214 163 042 - 0.07 002 002 0.01 Bal
316NG 467958 71 127 243 151 064 016 0.07 0.02 0.03 0.01 Bal
304 30956 19.0 80 044 154 048 019 0.10 0.06 002 0.01 Bal
316 590019 173 108 205 168 071 020 001 005 003 o001 Bal

To obtain addltional information on $CC susceptibility of Type 316NG SS,we examinedthe loaddeformation
behavior of crevice and noncrevice specimens during the SSRT. Figure 3 shows that the environment has little to no
effecton the stress-strain curves of the crevice and noncrevice specimens, i.e., the curves are almost identical until the
ultimate strength is reached. Total elongations of the air specimens are somewhat larger because the tests were
performed & higher strain rates. The lower ultimate strength and total elongation of the crevice specimens, relativeto
those of the noncrevice specimens, can be attributedto the smaller cross-sectional area of the former.

The stress ratio (SR}, a cracking index paramster,2 was also used to quantify SCC susceptibility. The SR
characterizes the capability of the material to carry loadin the plastic range by comparingthe stress in the environment
with the stress inthe air at the same plastic strain. It can be defined as follows:

SR:C’watcr'Ug/?)
Cair—Oy /3

where Owater iSthe nominal stress in water, 6, is the nominalstress in air, and oy isthe yield stress of the material.
Local plastic yielding is assumed to occur when the nominal stress equals 6,/3 because the stress concentration factor
of the crevice specimen is approximately three. When SSC is not present, the stress ratio is equalto one. For materials
susceptible to SCC, the stress ratio is lessthan 1. However, a value of one may also indicate that the degree of
cracking is so smallthat it cannot be measured by the changesin load. The stress ratio at a strain value of 0.13 was
1.00 for crevice specimen No. 3 in which the corresponding crevice specimen stress-strain data in air are available.

Although there is no indication of SCC, Fig. 4 suggests that there is a slight difference in the stress-strain behavior
of the two heats of Type 316NG SS. Heat No. 467958 has a higher ultimate tensile strength and a lower total
elongation than does Heat No. P91676. This difference is especially evident at 85°C.
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Table 2. SSRT Results for Types 316NG and 304 SS in Simulated ITER Coolant
Water at 95 and 150°C and a Strain Rate of 3 x 107 s~1

SSRT Parameters
Solution Chemistrya  Fail Yield Max. Total Reduct Potentials
Test Heat O2 Cond. pHat Time Stress Stress Elong. Area Fract.b [mV(SHE)]
No. Alloy No. (ppm) (uS/icm) 25°C (h) (MPa) (MPa) (%) (%) Morph 304 SS Pt

Crevice Speci
2 304 30956¢ 7.4 8.5 475 280 139 407 29 63 1.0D 394 549
3 316 467958 7.2 097 568 195 259 457 21 68 1.0D 346 449
6d 316 590019 7.2 8.6 472 248 144 438 27 55 1.0D 428 559

7 316 467958 - air teste------ 6.45 295 478 23 66 1.0D - -
N ice Spadi
4 316 467958 ------air teste------ 1.45 240 541 52 85 1.0D - -

8 316 467958 6.7 0.87 574 396 205 517 43 82 1.0D 351 430
9 316 P91576 6.1 0.89 573 525 141 458 56 83 1.0D 372 441
10 316 P91576 7.5 0.87 569 542 153 450 58 82 1.0D 344 399
11t 316 P91576 8.5 0.89 571 465 122 445 50 74 1.0D 324 360
12 316 467958 8.6 0.89 572 442 158 488 47 82 1.0D 274 322

aConductivity and pH were adjusted by the addition of HoSO4; pH 4.7 and 5.7 correspond to 1 and 0.1 ppm 01 the acid.
bFracture morphology; 1.0D indicates 100% ductile fracture.

cSensitized to EPR value of 3 C/cm?2.

dSpecimen charged with hydrogen before testing.

eAir tests 4 and 7 had strain rates of 10~4 and 10-5 s-1, respectively.

fAll tests were run at 95°C except for 11 and 12, which were run at 150°C.

Fig. 2. Fracture surface of specimens (a) No. 4 after test in 95°C air, Mag. 3000X; (b) No. 6 after test in 95°C water

with 8 ppm oxygen and H2SO4 at low concentrations, Mag. 50X; and (c) No. 11 after test in 150°C water with 8 ppm
oxygen and H2SO4 at low concentrations, Mag. 35X.
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CONCLUSIONS

The results of the present study indicate that Type 316NG stainless steel did not undergo stress corrosion cracking
in slow-strain-rate tests at temperatures below 150°C and a strain rate of 3 x 107 §'1 in oxygenated water containing
low amounts of Ho8O4. All of the samples exhibited ductile failure.

FUTURE WORK

The influence of other environmentsand lower strain rate on the stress corrosion cracking susceptibility of Type
316NG SS will be evaluated. The effects of hydrogen charging on environmentally assisted cracking of the steel will
also be investigated.
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AN INVESTIGATION OF THE SENSITIZATION BEHAVIOR OF Fe-Mn-Cr AUSTENITIC STEELS - G. E. C. Bell,
P. F. Tortorelli, and E. A. Kenik (Oak Ridge National Laboratory)

OBJECTIVE

The purpose of this task is to determine the corrosion susceptibility of reduced activation austenitic
steels in aqueous environments for fusion applications involving water cooling andlor aqueous blankets.

SUMMARY

Standard chemical immersion (modified Strauss) tests and analytical electron microscopy {AEM) showed that
reduced activation austenitic Fe-Hn-Cr steels based on Fe-20Mn-12Cr-0.25 {wt %) are extremely prone to
thermal sensitization and resulting intergranular corrosion because of their high carbon contents and low
chromium concentrations. Therefore. this susceptibility to sensitization after appropriate thermal aging,
fabrication, or irradiation makes their use in aqueous and certain other environments problematical.
Excellent correlation between intergranular corrosion induced by immersion in the acidified Cu$04 solution
and the presence of narrow chromium-depleted zones around grain boundaries, as determined by AEM. was
found. Oue to the need to meet reduced activation requirements. the opportunities to increase the
sensitization resistance of fully austenitic Fe-Mn-Cr steels by alloy design are limited.

STATUS AND PROGRESS

In order to help minimize the the safety and environmental risks of future fusion reactors. the development
of "reduced activation" materials has been a focus of fusion programs throughout the world.l To that end,
a series of fully austenitic Fe-Mn-Cr alloys, which have better tensile properties than standard Fe-Ni-Cr
stainless steels and meet current U.%. activation guidelines for shallow land burial after 10 to 100 years
has been defined.2:3 Low chromium concentrations and high carbon levels (as compared to 300-series
stainless steels) were necessary to maintain full austenitic stability because manganese is not as strong
an austenitic stabilizing element as nickel,3 Those compositions are normally not consistent with
resistance to sensitization which can occur when chromium is depleted locally in the matrix due to
nucleation and growth of chromium-rich carbides (normally near grain boundaries) by heating at intermediate
temperatures (500-700°C). Sensitization can also be caused by radiation-induced segregation.4:5 In
aqueous environments, sensitized stainless steel can be quite susceptible to intergranular stress corrosion
cracking. Prior work® has shown that such cracking of high-Mn steels can occur for certain compositions.
The present study was undertaken to assess the sensitization behavior of this new class of Fe-Mn-Cr steels.

Small ingots of several Fe-Mn-Cr compositions were melted for this sensitization study. Their compositions
are listed in Table 1. Except for 1gMn-16Cr, all alloys were within the austenite phase stability range
determined for this system.? The details of the thermomechanical processing are described elsewhere.)
Susceptibility to sensitization and intergranular corrosion were evaluated for these alloys and standard
types 304L, 304. and 316L stainless steels using the modified CuS04 (Strauss) Test, as defined per ASTM
Standard Practice A262E.7 The test environment was a boiling acidified €uS8Q4 solution. which accelerated
intergranular corrosion of sensitized austenitic stainless steels. This corrosion is normally revealed by
the cracking that occurs upon bending after exposure." The dimensions of the specimens used for these
exposures were 65 x 14 x 0.8_mm. For this specimen thickness. the bending radius (1 em) was such that
strain was approximately 4%.7 Selected Fe-Mn-Cr steels were thinned for examination by analytical electron
microscopy (AEM). The Fe-Hn-Cr alloys and standard stainless steels were exposed in two conditions:
annealed (1150°C. 1 h in argon, water quenched) and "aged" (annealing followed by 6509C, 2 h in vacuum,
water quenched). During a test, two specimens (one annealed and one aged) of the same composition were
individually wrapped in copper wire and embedded in copper shot (per standard practice) and then
simultaneously exposed in the same solution.

Table 1. Compositions 0f Fe-Mn-Cr steels used for sensitization study

Steel Concentration (wt®)
Mn cr c QOther
20Mn-12Cr 20 12 0.25
20Mn-12Cr-1W 20 12 0.25 1W
20Mn-12Cr-0.3Ti 20 12 0.25 0.3Ti
20Mn-12Cr-1W- 20 12 0.25 1w, 0.37i
0.3Ti
20Mn-16Cr-4Ni 20 16 0.25 ANi

10Mn-16Cr 10 16 0.25
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The €uS04 exposures were divided into two sequential parts. In the first series. specimens were exposed
for 48 h (which is typical for the standard practice’]. Types 304 and 304L stainless steel and all of the
Fe-Mn-Cr compositions listed in Table 1 were examined. The aged Fe-Mn-Cr steels were extensively attacked:
the specimens sagged under their own weight and easily crumbled when touched. An example of this condition
is shown in Fig. 1. Within 1 h of the start of immersion of all the Fe-Mn-Cr alloys. the light blue CuSO4
solution turned a dark green indicative of the presence of Cré* in the liquid. All aged specimens of the
Fe-Mn-Cr alloys were plated with copper due to the large galvanic current in the sensitized regions. In
contrast, the aged type 304 stainless steel became embrittled. but retained integrity. 1t would crack
[intergranularly) only when stress [albeit smal1} was applied. The aged type 304L stainless steel showed
only a small amount of cracking when a greater stress was applied by bending. Little change in the color
of the solution was noted for the types 304L and 304 stainless steel tests. For every composition. the
postimmersion integrity of the annealed specimens was not affected (Fig. 1}.

In an attempt to obtain a greater differentiation between different alloy compositions, the immersion time
inthe CuS04 solution was reduced to 8 h for a second series of exposures of most of the Fe-Mn-Cr alloys

and types 304. 304L, and 316L stainless steel. Under this condition. all the standard austenitic stainless
steels “passed” (no visible signs of cracking after immersion and bending). while the aged Fe-Mn-Cr steels
all failed in a similar manner to that described above for the first set of experiments. These results are

summarized by the photographs in Fig. 2. As before, none of the annealed specimens exhibited any cracking
tendency after exposure to the solution.

Fe-10Mn-16Cr-0.25C Exposed To Strauss Solution

Sensitized Solution Annealed
".‘
B,

>
-

Fig. 1. Fe-10Mn-16Cr steel after immersion in acidified CuS0y solution for 48 h.
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Fig. 2. Condition of Fe-Mn-Cr and Fe-Ni-Cr
steelshafter imnersion in acidified Cus0y solution
for 8 n.
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The Fe-Mn-Cr steels designated as 20Mn-12Cr, 20Mn-12Cr-1W, 20Mn-12Cr-0.3Ti1, and 20Mn-12Cr-1W-0.3T4

(Table 1> were examined by transmission electron microscopy with associated energy dispersive x-ray
analysis. For 20Mn-12Cr, some grain boundary Mz3Cg carbides were found to exist even in the annealed
condition. Upon aging for 2 h at 6509C, an almost continuous chain of these carbides was observed at some
grain boundaries (see Fig. 3). Annealed 20Mn-12Cr-1W also had some grain boundary carbides, but none were
observed for 20Mn-12Cr-0,3T1 and 20Mn-12Cr-1W-0.3Ti. However, large MC carbides were observed at the grain
boundaries of 20Mn-12Cr-0.3T§ and 20Mn-12Cr-1W-0.3Ti in both conditions. After aging at 650°C, M23Cs
carbides were also present in these two alloys (see Fig. 4). X-ray analyses revealed significant depletion
of chromium around grain boundaries of aged material regardless of the composition of these Fe-Mn-Cr
steels. Figure 5 shows composition profiles for 20Mn-12Cr and 20Mn-12Cr-1W-0.3Ti. The concentrations of
Cr and Mn &re plotted as a function of distance from a grain boundary at a region between carbides.
Effective "widths" (full width at half maximum) of the chromium-depleted zones were 20 to 40 nm. As also
shown in Fig. 5, the Mn concentration was unchanged near the boundary. (There was an enrichment in iron
corresponding to the depletion in chromium.) Similar analyses for Fe-Mn-Cr steels in the annealed
condition showed little tendency for chromium {er manganese) depletion.
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Fig. 3. Transmission electron micrograph of Fig. 4. Transmission electron micrograph of
Fe-20Mn-12Cr steel after solution annealing and Fe-20Mn-12Cr-1W-0.3Ti steel after solution annealing
aging at 650°C for 2 h. and aging at 650°C for 2 h. (@) TiC. (b) My3Ce.
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Fig. 5. Concentrations of chromium and manganese as a function of distance from grain boundary.
(a) Fe-20Mn-12Cr steel. {b) Fe-20Mn-12Cr-TW-0.3Ti steel.
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The results from the CuS04 chemical tests indicate that the Fe-Mn-Cr steels of the present study are prone
to sensitization and are significantly more susceptible than standard (300-series) austenitic stainless
steels. This relatively poor sensitization resistance of the Fe-Mn-Cr steels is not unexpected because of
the high carbon concentration (and low chromium content) necessary t0 stabilize the austenitic structure
when manganese is substituted for nickel,3 and the results are in agreement with previous work on the
sensitization, and resulting stress corrosion cracking, of Fe-Mn-Cr-(C,N) steels.® Using the chromium
equivalence approach of Fullman® (which was established for Ni-stabilized stainless steels). all of the Fe-
Mn-Cr steels listed in Table 1 are predicted to be quite inferior to types 316L, 304. and 304L in their
resistance to intergranular corrosion. This is in agreement with the 8 h chemical immersion tests
described above. Upon appropriate aging. the high carbon activity of the Fe-Mn-Cr steels provides the
driving force for the formation of Mz3lg, which depletes the surrounding matrix of chromium to below the
level necessary for effective corrosion resistance (normally about 12%). This is clearly shown from the
results of microanalysis near grain boundaries in the aged Fe-Mn-Cr steels (Fig. 5). The chromium
concentration in regions surrounding the grain boundaries (6-7 wt %) is insufficient to prevent the
intergranular corrosion observed after exposure to the CuSQ4 solution. While the aging treatment of 2 h at
6509C is quite severe. all the 300-series stainless steels heat treated under these conditions passed the 8
h immersion tests.

An important finding of this study was that significant chromium-depleted zones did exist around grain
boundaries in aged Fe-Mn-Cr steels and that there was an excellent correlation between their existence and
negative results from the immersion tests. Chromium-depletion widths of only 20 to 40 M were sufficient
to cause extensive intergranular corrosion upon specimen exposure to the Cu304 solution. These
observations suggest that the width of a chromium-depleted zone is not the major factor in the corrosion
process since these relatively narrow regions still caused catastrophic failure. The results also validate
the use of a rather simple chemical procedure to detect sensitization and to determine the influence of
composition on a Fe-Mn-Cr steel's resistance to this phenomenon.

In general, improvement in Sensitization resistance can be obtained by reduction of a steel's carbon
content and an increase in its chromium concentration. However. in the present case, such an alloying
approach would not retain a fully austenitic structure. Such phase stability is often desirable. relative
to other. more microstructurally complex duplex steels. for control of radiation effects. A concomitant
increase in austenite-stabilizing elements such as nickel andlor nitrogen would result in a Fe-Mn-Cr steel
that does not meet shallow land burial requirements. The addition of elements such as Ti andlor W to form
MC at the expense of Mz3Cg was not sufficient to avoid chromium depletion (see Fig. §) at concentrations up
to 0.3 and 1wt %, respectively. |Increasing the concentration of these elements will lead to loss of a
fully austenitic structure andlor the formation of a brittle intermetallic phase. Therefore, unless
guidelines for reduced activation austenitic steels are revised. it appears that opportunities to increase
the sensitization resistance of these Fe-Mn-Cr steels by alloy design are quite limited. This
sensitization susceptibility would probably then bar the use of such steels in aqueous and certain other
(for example. lithium and hydrogen) environments. However. these steels might still find application with
Pb-17 at. % Li. in which they exhibit corrosion rates similar to those measured for standard austentic
stainless steels.9.10

CONCLUSIONS

1. Results from chemical tests and analytical electron microscopy showed that reduced activation
austenitic Fe-Mn-Cr steels are very prone to thermal Sensitization and resulting intergranular
corrosion because of their high carbon contents and low chromium concentrations. Therefore. their
susceptibility to intergranular stress corrosion cracking after appropriate thermal aging, 0Or possibly
irradiation. makes their use in aqueous environments problematical.

2.  There was an excellent correlation between intergranular corrosion induced by immersion in the
acidified Cu%04 solution and the presence of narrow chromium-depleted zones near grain boundaries.

3. Due to the need to meet reduced activation requirements, the opportunities to increase the aqueous
corrosion resistance of fully austenitic Fe-Mn-Cr steels by alloy design are limited.

FUTURE WORK

The CuS04 solution tests will be continued with a wider range of compositions to determine the conditions

needed to establish susceptibility resistance comparable to the range exhibited by the 300-series stainless
steels. The consequences in terms of austenite stability and activation will then be evaluated.
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IRRADIATION PERFORMANCE OF Li O AND L1A102 UNDER LARGE TEMPERATURE GRADIENTS - 0. D. Slagle and
G. W. Hollenberg, Pacific Northwest Laboratory a)

OBJECTIVE

The purpose of this work is to evaluate the performance of candidate ceramic breeding materials for use in a
fusion blanket. This evaluation is specifically aimed at characterizing the behavior of the materials in a
neutron flux.

SUMMARY

The FUBR-1B irradiation experiment in EBR-II included several large diameter Lip0 and LiAT10z specimens to
simulate the thermal gradients expected in a fusion blanket. These large diame%er specimens had center
temperatures of 1000°C and 1130°C in the Li0 and LiA10p pellets, respectively. After irradiation, the Lis0
specimens were reasonably intact but the Lii]oz specimens had broken into small fragments. The largest
diameter Lip0 pellets (2.4 cm) had increased in diameter during irradiation and had accommodated the center
thermal expansion by forming a network of radial cracks. However, the 1.7-cm diameter pellets had decreased
in diameter and had acconmodated the center thermal expansion by axially extruding the central portion of
the pellet. The high temperatures associated with the pellet centers were also found to reswl® in consider-
able material transport as evidenced by the decrease in center density and the migration of Li from the

enriched pellets to the depleted insulator pellets.

PROGRESS AND STATUS
Introduction

The FUBR-1B high fluence irradiation experiment on solid breeder materials has completed the first period of
irradiation in the EBR-II reactor. The purpos of the experiment was to evaluate the performance of can-
didate materials for use as a breeder blanket.? In this role, ceramics will serve both as a source of tri-
tium and as means for extracting heat from the reactor. The irradiation behavior of a ceramic breeder
during operation involves the release of tritium and helium, the change in chemical properties that affect
the generation or release of tritium/helium, and the physical and chemical stability of the ceramic breeder
itself.

One of the primary objectives of the FUBR-1B experiment was to characterize the behavior of large diameter
ellets Etth thejr inherePtIy.Iar e ‘em eraturee%radie ts. . Thahlow cross-section of fast_reactor neutrons
or the 6L3 reaction results’in almost homogeneous heating throughout the specimens. This leads to high
internal heat generation and large temperature differences between the center and edge. These temperature

differences give rise to thermal stresses/cracking and can result in a radial variation in tritium reten-

tion. The high temperatures at the center also provide a simulation of an operating blanket and can be
used to set the maximum operating temperature limits. In particular, the vapor phase transport of lithium
by the vaporization gf LiOH from areas of high temperature and the subsequent redeposition at low tempera-
tures were examined,&™%

Observations and measurements made on the large diameter specimens after the first period of irradiation in
the FUBR-1B experiment will be presented. The experiment was removed from the reactor in December 1986
after 3415 Effective Full Power Days of Irradiation. Based on data from pgevi us experiments in this
pcgalttign of the EBR-II core, the specimens are expected to have incurred a 6Li burnup of approximately

4 at%.? Selected test pins were removed/replaced and the experiment reinserted in May 1987. Two of the
pin_ls removed from the subassembly contained large diameter pellets: one pin contained Li20 and the other
LiA10;.

. .

The subassemblies, pins and subcapsules used in the irradiation of the large diameter specimens are
described in Figure 1. The S1 subassembly consisted of three pins, each of which contains two specimen
columns of ceramic breeder material. Ore of the pins had two specimen columns of Lip0 in separate
subcapsules while the other one had two specimen columns of LiAl02.

The general design of each subcapsule is detailed in Figure 1. Each specimen column consisted of two
enriched ceramic breeder pellets. On either end of these specimens was an insulator pellet of the same

(a) O&oerated for the U.S. Department of Energy by Battelle Memorial Institute under Contract
DE-ACO6-76RLO 1830.
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Figure 1. Schematic drawing of the S1 subassemblies, pin and subcapsules.

material as the specimen but depleted (2 ath) iIn 5Li._ The specimen was held firmly In one end of the
subcapsule by means of a plenum spacer tube and a spring. The plenum volume accommodated the helium and
tritium released during irradiation. A cerium getter tab, originally designed for the FUBR-1A experiment,
is used to reduce any tritiated water to elemental tritium so that it can diffuse out of the stainless steel
capsule. A build up of tritium in the capsule would not simulate the conditions in a fusion blanket where
the tritium will be continually removed to sustain the reactor.

The top subcapsules have the larger inner diameter of 2.4 cm while the bottom subcapsules have an inner
diameter of 1.7 cm. The s1 subcapsules contain 56 ath enriched Li20 while the S2 subcapsules contain 95 ath
enriched LiA102._ The specimen length consists of two 2.5-cm Iong_Eellets and two 0.6-cm insulator pellets
on elgrer end.” The plenum volumes™ (98 and 289 cm3) were filled with one atmosphere of helium at the time of
assembly.

The neutronic flux, spectra and the resulting heating rates in the lithium ceramics for this posit;on in
EBR-II have been established from the results of a previous experiment in this location: FUBR-1A.

Figure 2 is a plot of predicted temperatures for the top and hottom (Iarge and small diameter) subcapsules
of Lis0 and LiA10,. For Liz0, the edge-center temEeratures are 524 to 996°C and 451 to 662°C for the 2.4-
and 1.7-cm diameter sgeC|mens, respectively. For LiA102, the edge-center temperatures are 600 to 1127°C and
533 to 775°C for the 2.4- and 1.7-cm diameter specimens, respectively.
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Figure 2. Radial dependence of the predicted temperatures for the large diameter specimens.

Post-Irradiation Exaninations = Intact Pins

Upon removal from the reactor, three measurements were made on each of the pins. Neutron radiography
suggests that the LiA10p specimens fractured during irradiation, while the axial profilometry results
indicate that no diametral cladding strain occurred. The plenum gas analysis confirms the effectiveness of
the cerium getters because only an insignificant amount of the generated tritium was present in the plenum.

ghe neutron radiographs for the §1 and $2 pins are shown in Figure 3. The samples appear darkest where the
L1 concentration is the highest. Note that for all the subcapsules the_interface between the enriched
pellet and the insulator is not sharp but diffuse. It appears that the °Li has diffused or been transported
into the insulator pellet. The effect is most pronounced for the large diameter Lis0. _The large diameter
LiA10s shows some darkening of the insulator, but it is apparent that the migration of °Li has been much
more extensive for the Lia0 pellets.

The other observation that can be made on the radiographs is the occurrence of pellet-cladding gaps and
ossible cracking in the pellets. For L130, there is no distinguishable gap for the large diameter pellets;
ut for the small pellets there is. Measurement of the lengths and diameters on the radiographs and

comparison with the preirradiated dimensions indicates that the large diameter Lig0 pellet column, $1-T, has
increased in length and diameter while the small diameter LisQ, $1-B, samples have decreased. This will be
discussed later with dimensional measurements. For LiA10p, the irregular pellet-cladding gap together with
the internal crack patterns suggests that the pellets have been severely cracked from the thermal stresses
making the swelling imneasurable.

The axial profilometry on the outside diameter of the cladding gave no indication of any diametral cladding
strain. Since it appears that the large diameter Lig0 pellet has swelled to the cladding during operation,
any stresses must have been dissipated by dilatational/deviateric creep or cracking of the Lip0. The
apparent cracking of the LiA102 was probably not due to pellet-clad stresses but rather due to internal
thermal stresses resulting from the thermal gradients.

The pins were laser punctured at the spring end and the gas In the plenum analyzed for helium and tritium.
The total helium in the plenum plus the amount retained in the specimens will be used in a future analysis
to calculate total burnup. Comparison of the amount of tritium in the plenum versus the total amount
predicted to be generated provides an indication on the effectiveness of the getters. The purpose of the
getters is to reduce the tritiated water to tritium and therefore permit the diffusion of tritium out of the
capsule. Table 1 compares the tritium found in the plenum versus the predicted amount generated. 1t can be
seen that substantially more tritium was produced than was found in the plenum. This attests to the
effectiveness of the cerium getters.
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Neutron radiographs of the Lip0 and LiA10, subcapsules after irradiation.

Table 1. Comparison of Tritium in the Plenum Versus the Total Amount Generated

Predicted
Plenum Tritiun
Tritium Production
Subcapsule  Material (nC1) (Ci)
SI-T Lip0 22 1240
S1-B Lip0 130 640
s2-1 LiA107 65 580

$2-B LiA10; 92 290

s |
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Post Irradiation Examination - Solid Breeder Pellets

The specimens were removed from the pins at the HFEF-South facility at Argonne National Laboratory = West.
The disassembly was carried out in an argon atmosphere to reduce hydration of the specimens. The 1.7-cm
diameter LisQ specimen were easily removed from the cladding. The 2.4-cm diameter specimens were wedged
tightly in %he cladding, and it was necessary to slit the cladding to remove the specimens. Both of the
Lip0 specimens were retrieved intact. However, the 1.7- and 2.4-cn diameter LiA102 samples came out of the
capsules in fragments.

The specimens were shipped to the Pacific Northwest Laboratory (PNL) for further post-irradiation
examination. All examination was carried out in an inert atmosphere glovebox that was modified for working
with a tritium contaminated atmosphere.

The physical condition of the pellets was recorded through a series of photographs. As indicated on the
radiographs, both of the LiA10s samples were severely cracked. This cracking was so extensive that it was
difficult to identify the interface between the two enriched pellets. Figure 4 shows the piles of pellet
fragments that were removed from the 2.4- and 1.7-cm diameter L1A10» capsules, respectively. The fragments
are very irregular in shape, and the crack pattern is not in the form of either radial or circumferential
cracks. The shapes of the particles gives the appearance of a series of brittle fractures with
convex/concave particle surfaces of both the $2-T and $2-B samples. In the larger diameter pellets, $2-T,
this spotting seems to be associated with the center of the pellet whereas in the small diameter, 52-B,
pellets, the occurrence is not as isolated. The phase{s} responsible for this coloration have not yet been
identified. The insulator pellets were less severely fractured than the enriched pellets.

The sample columns from the Liz0 subcapsules came out reasonably intact. Figure 5(a) shows the 1.7-cm
diameter pellet stack. The top insulator was attached to the specimen pellet. This is the insulator that
was next to the center bulkhead as described in Figure 1. The two enriched pellets also fused together
durlilng the test as is evidenced by the fact that part of the top pellet has become attached to bottom
pellet.

An enlargement of the bottom pellet from the 1.7-cm diameter stack in Figure 5(b) indicates that the end,
adjacent to the insulator pellet, had extruded outward resulting in a convex surface. The relative amount
of *hic deformation was determined to be 57% of the length of the pellet.

.sz’T"f e “’
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Figure 4. As-lrradiated condition of the LiA102 2.4-cm diameter pellet {§2-T-1) and the 1.7-cm diameter
pellet (52-B-1}.
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Figure 5. As-irradiated condition of the 1.7-cm diameter Lio0 pellet column.

The 2.4-cm diameter LisQ, SI-T, pellets also came out intact as shown in Figure 6. Figures 6{a) and 6{c)
show the end of the pe?let at the column center between the two enriched pellets. There are three important
observations to be noted: 1) there is a center void, 2) a series of different color rings indicate the
microstructural changes associated with the radial temperature distribution, and 3) there is a series of
radial cracks extending from the center to the edge.

The center void is seen more clearly in Figure 6(d). It appears to be approximately 4% of the total radius
of the pellet, It was also noted that the material adjacent to the center void could be easily broken and
was very easy to grind. This suggests that the density has been reduced significantly.

The darker inner ring which extends from the center void to 60%of the radius or 0.7 an appears to be lower
density material than the rest of the sample. Beyond this region, the material becomes nearly white. At
75% of the radius or 0.9 an there is a thin gray band. Between 92%of the radius and the edge (1.1 to

1.2 cm), the sample becomes a dark gray. On the cooler insulator end of the pellet, Figure &(b}, this dark
gray region extends from approximately 66% of the radius to the edge (0.8 to 1.2 cm). By correlation with
the predicted thermal profile in Figure 2, the different regions can be associated with a specific
temperature range. The inner gray area would be for temperatures from 850 to 1000°C while the outermost
dark band is for temperatures less than 600°C,
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EigHre 6. As irradiated condition of the 2.4-cm diameter Li;0 enriched pellet. The included scale is in
inches.

On the insulator end of the pellet in Figure 6{b), there is a conical depression in the center. The

material from this depression was honded to the center section of the insulator pellet. This section of the

{nsulatog p@l Et together with the attached section of enriched pellet provides a good specimen to study the
ransport of Li.

Di jonal Measurements

The relatively intact configuration of the Lis0, S1, pellets permitted dimensional measurements. The
measured results are listed in Table 2 and cormpared with the dimensional changes deduced from the neutron
radiographs. Although the measured values are less than the values deduced from the radiographs, they are
the same relative order. That is, the largest change in dimension was the length of the 2.4-cm diameter,
SI-T, pellets followed by the diameter of the same SI-T pellets. The dimensional changes of the 1.7-cm
diameter, s1-B, pellets were less and, in fact, negative. Because of the condition of the s1-B pellets, no
length measurement was obtained. The reason for the -1.8% change in length from the radiographs is that
this reading was_taken near the pellet edge where the interface was not blurred by the migration of °L{i into
the insulator. This_length from the radlog[arhs is the length of the outer section of this pellet without
the doming or extrusion of the center material.
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Table 2. Comparison of Length Changes for the Li0 Pellets Measured
Directlv and from the Radioaraahs

Measured Radiographs
(%)

Subcapsule  Dimension (%)
SI-T Length 29 3.2
(24 om) Diameter 0.3 1.4
S1-8 Length .- -1.8
(1.7 om) Diameter -2.8 -1.4

Transoort of BLi

The e e LaPIRe T EIquIS o icete Ak nR 6 Dag a8 of ST PR L Pharaul Whcn e ic hethe0) 8
and LiA10p, the most extensive transport occurred in the 2.4-cm diameter Lip0 pellets, SI-T. A section o
the insulator pellet, from_one end of SI-T [Figure &{(b)] provides the ideal configuration for measuring the
concentration gradient of °Li from the enriched pellet through the insulator pellet. Figure 7(2) shows the
section of the $1-T insulator pellet that is bonded to a center section of the enriched pellet. . Figure 7(b)
is a diagram of how this particular sample was_sectioned to obtain the axial dependence of the °Li concen-
tration. Sample #1 provides the variation in °Li along the centerline from a point in the enriched pellet
to the top surface of the insulator. However, it is to be noted that sample #1, taken from the center of
the insulator, does not cross the dark-light boundary associated with 600°C isotherm, Figure é(¢). This is
because the center of the insulator coincided with the hole in the plenum spacer tube (Figure 1) and there-
fore there was an inadequate heat sink to achieve a temperature low enough to create the dark-light
boundary.

In order to follow the 6Li gradient across the dark-light boundary associated with 600°C isotherm, a second
sample #2 was cut. The position of sample #2 is shown in Figure 7(b). One end of this sample is near the

insulator-pellet interface adjacent to the first sample, while the other end is near the coldest corner of

thelinsulator. In sectioning the sample, an attempt was made to intersect the dark-light boundary at right
angles.

gpecimens for 6Li determination were obtained by successively sanding from the high 6Li area toward the low

Li region of the samples. The position of the samples was determined by measuring the sample length after
each sanding. For the sample #1, a thickness of less than 0.02 an was removed for each sampling and a total
of 45 specimens were taken over the sample length of 0.9 on. For sample #2, the sampling interval was

heRs§0pand 18 SPECImeRs Mete, akam, fiom e samplefanain 0 ApPrpdmately O FIt JuEdPimhyoRaien of
spectroscopy.

Figure 8 shows the concentration of 6Li measured along the length of the sample #1. The initial 6Li enrich-
ents for the enriched. pellgt and the insulator were 56 and 2 at%, respectively.  The. positi p.of the inter-
?a]lce was easily éeterm| ed from tOLe 'tehuﬂ(ness of the Insulator. % con%nfera%l){a drop |R tﬁe !1_| Ieve‘?
occurred within the enriched pellet adjacent to the interface. 64 transport into the insulator was quite
extensive and even at the top (cold end) of the insulator the enrichment was 9.3 at%, considerably above the
gnitial 2 at%level. Itis important to note that the curve is_smooth without any anomalous increases in

Li that would indicate a region of preferential deposition of °Li.

Figure 9 shows the concentration of 613 along the length of sample $2. s inthe center section, there are

0 gnomalpus increases that would indic a preferential deposition of ®Li enriched material. At the end
?urt%est rom tﬁe enrlcheg pellet, the EE? co%centratlon droppped to as low as gi ag%, which is stltll]

substantially above the initial 2 at%. The position of the gray-black to white interface was determined by
the change in appearance of the sample while sanding.

There_is a quegtinon as to whether 6Lj being ljghter and more mobile than "Li would be transported faster
than ‘Li, 1H#°L3§ ,ia transporte faster than Li, then th? movegent of material away from the center of the
2.4-cm diameter Lip0 pellet could result in a reduction of the &Li concentration at’the center relative to
the edge. The 6Li enrichment at the center was determined to be 56.2 +/-0.4 at%while at the edge this was
56.7 +/-0.4 at%. This difference is not considered significant.
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Figure 8. Variation of 6Li enrichment in Sample #1 across the interface of the enriched and insulator
pellet of the 2.4-cm diameter Lip0 sample column.
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Figure 9. Variation of 8Li enrichment in Sample #2 taken from the insulator of the z.4-cm diameter Lip0
sample column.

. .
Dimensional Stabilitv

The behavior of large diameter Li,0 and LiA10, under thermal gradients is substantially different. The hard
brittle nature of LiA10; resulted in thermal Stresses sufficient to cause failure in both the 2.4- and
1.7-cm diameter pellets. The thermal ?radlents in the 1.7-cm diameter pellet are smaller than those in the
2.4-cm pellets. Therefore, any thermal gradient threshold for thermal cracking must be less than the
gradients in the 1.7-cm pellet. Because this threshold stress would be dependent on both the strength and
the ability of the LiAloy to creeg, its dependence on temperature is not obvious. However, as a first
approximation, it_can be assumed that the threshold for a thermal gradient to cause thermal cracking will be
less than the maximum thermal gradient in the small diameter pellet. This maximum thermal gradient cccurs
at the surface and is approximately 90-c/cm.

The difference In the behavior of the 2.4- and 1.7-diameter Li»0 must be associated with the amount of
stress develgped on the outer cooler part of the pellets due to the thermal expansion and swelling of the
hotter interior. In the case of the 1.7-cm pellet, the lower center temperatures (&30-c) did not appear to
cause sufficient thermal exgans!on to cause cracking. Instead the restraint imposed by the intact outer
diameter caused an axial extrusion of the material In the center of the pellet as seen in Figure 5(b).

The other observation made on the 1.7-cm diameter Li»0 pellet is that_the dimension has decreased during
irradiation. One possible explanation is related to the axial extrusion. The axial redistribution of
material dgrlng irradiation means that, during cool down after irradiation, the center of the pellet would
be in tension because of the loss of material. Conversely, the outer pellet surface would be in )
compression. It could be surmised that the plastic nature of the Lip0 permitted it to deform inward during
cooling to give a smaller final diameter and also to become shorter.

The behavior of the 2.4-cm diameter pellets during irradiation appears to be related to the radial cracks
that can be seen in Figure 3(c), These cracks were not apparent when the sample was casually viewed from a
distance and, because of the existence of these cracks, it is surprising that the samples have remained
intact throughout the disassembly and shlgﬁlng. It is reasonable to assume that these cracks have formed at
the operating temperature in response to the thermal expansion of the hotter interior material. o
Circunferential cracks often associated with these type stresses may not have formed because of the ability
of Liy0 to plastically deform and relieve the associated shear stresses. However, the dilatational forces
associated with the thermal expansion and swelling may have been sufficient to cause the cracking.
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Iransport of 6L

There are three different gradients presegt at the interface between the enriched pellet and the insulator
that could have induced the transport of "Li from the enriched pellet into the insulator. These are a con-
centration gradient in °Li, a temperature gradient, and a partial pressure gradient of T O from the
enriched to the depleted pellet. 1In effect, the last two driving forces act together. fhe higher partial
pressure of T20 in the higher temperature regions of the enriched pellet interacts with the Lis0 to form
LiOT which could be transported dzv\m the temperature-pressure gradient until Liz0 is deposited in the
insulator at lower temper‘ature.z'

The results 1'2 Figures 8 and 9 do not give any indication that vapor phase transport is involved in the
migration of ®Li from the enriched pellet to the insulator. |f vapor phase transport was an important
contributor to the transport, a region of preferential deposition of enriched Lip0 is expected. This
deposition would occur at the temperatures where the LiOT is deposited as Liz0. The concentration of 614,
as a function of distance, moving from the enriched pellet thrgugh the insulator pellet is a smooth
decrease, as expected for a diffusion mechanism. The drop in Li concentration in the enriched pellet is

also difficult to explain with yagor phase transport and is probably best explained by a diffusion mechanism
wLere the ?ower conc%ntrati9ﬂ o¥ 9L‘4r En the enrlsé)heé peqlet Pe?ativg to tthe nsu atorywou d be the H1rivh|ng

force for the diffusion of /L4 back into the enriched pellet.

The maximum 8Li enrichment that could occur in the insulator due to vapor phase transport of LiOT can be6
calculated from the amount of tritium available. The predicted burnup is 4% so that the initial 56 at% °Li
enrichment would be reduced by 2 2 at% overall. This amount of tritium would be available to transport

2.2 at% of the 56 at% enriched 6L4 material out of the enriched pellet into the insulator. The insulators
represent 21%of the weight of the enriched pellets. Adding 2.2 at% of the 56 at% enriched °Li material
fromsenriched pellet to the insulator would result in a total enrichment in the insulators of less than 8
at% °Li enrichment, This is the maximum that coyld qccur and is clearly much less than the enrighment that
Was' measuredc. '?hus, It s to be conc U(Ted that Hwe gomlnant mechag 4sm Yor the transport o? the gL:I from ﬁwe
enriched pellet to the insulator is the steady-state diffusion of ®Li driven by concentration gradient.

As shown in Figure 6, the 2.4-cm diameter pellet stack was found to have a center void. This results from
mass movement of material radially away from the center toward the edge. Conversely, this can result from
the transport of porosity to the center. One possible driving force is the thermal gradient which for these
pellets was 480°C/cm. This center void is very similar to that seen in the center of nuclear fuel elements.
In the case of the fuel elements, the center void is attributed t pore migration under the influence of a
steep temperature gradient toward the center of the fuel element.? Pore migration is attributed to the
transport of matrix material from the hot side of the pore to the cold side. This can occur either by vapor
phase transport or by surface diffusion. Alternatively, the movement of material away from the center could
be caused by sintering with the associated densification. Because the outer regions of the sample are
colder, they remain in place and sintering of the inner, hotter material pulls it toward the surface as
densification occurs.

CONCLUSIONS

The irradiation behavior of Li»Q@ and LiAlOg under large temperature gradients appears to be quite different.
The hard brittle nature of LiA%Oz results in thermal stresses sufficient to extensively fracture the
samples. The more plastic nature of Liz0 specimens resulted in failure from the internal pressure generated
by the thermal expansion of the high temperature center region. In the 1.7-cm Liz0 specimen, the stresses
were not large enough to cause failure and the inner material extruded axially.

For the temperatures associated with this experiment, the transport of 8Li relative to _7Li from the enriched
pellet into the insulator pellet is much more extensive in LipQ than in LiA102. The primary driving force
for this transport appears to be concentration driven solid state diffusion. ~The formation of the center
void could have resulted from pore migration in a high thermal gradient or possibly thermal sintering.
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DESORPTION CHARACTERISTICS OF THE L1A102-Hz-Hz0(g) SYSTEM - Albert K. Fischer and C. E. Johnson (Argonne
National Laboratory)

OBJECTIVE

The objective is to describe the kinetics of desorption of Hz8{g) and Hz{g) from ceramic tritium breeders to
enable designers and modelers to calculate predictions of the behavior of both of these species. In view of
the complexity of the Hs0(g) adsorption process, the behavior of the individual species must be determined as
components of the interaction with the breeder substrate.

SUMMARY

Temperature programmed desorption {TPD) measurements are in progress to provide data that describe the
kinetics of desorption of Hp0(g) and Hz{g) from LiA10p. Blank experiments (no LiA10z present) were
performed to gain information on the behavior of the empty stainless steel sample tube exposed to a flowing
gas mixture of Hp0{(g) and Hz{g). Reactivity with the the steel was demonstrated: Hp0 is consumed and Hz is
produced and there is the suggestion of dissolutionlreaction of Hz in the steel. However, in the absence of
Hz, 1t is possible to stabilize the tube so that useful measurements with H20(g) can be made. Fresh samples
of LiAT02 contain large amounts of adsorbed H20. TPD spectra were measured for samples that had been
equilibrated with 200 ppm H20(g) at temperatures of 2000, 3000, 4000, and 500°C, The spectra exhibited
different shapes suggestive of differing and/ar multiple processes taking place as Hp0 is desorbed from the
solid.

PROGRESS AND STATUS
Introduction

Temperature programmed desorption (TPD) measurements are in progress to provide the activation energies of
desorption of Hp0{g) and Ha(g) from 7-LiA102. Since the species directly released from the surface in
irradiation tests can be considered to be dominantly the oxidized form (HTO or T20, with the appearance of HT
often being ascribable to post-release interactions of HT¢ with metallic walls or exchange with Ha),
measurements of the activation energy for desorption of Hp0{g} are especially relevant to the development of
firm understanding of the release process.

Measurements of Hp(g) adsorption and desorption are also important in order to describe the purge gas
chemistry and to be able to define an optimal balance between the beneficial effects of added Hz(g) as a
tritium release promoter while at the same time minimizing the amount of protium that must be separated from
tritium in processing the recovery stream. The experimental program will, therefore, address both gaseous
species. Insofar as Hz0{g) is concerned, the new study, with its emphasis on kinetics of desorption,
complements the earlier study on adsorption: the earlier study culminated in designer-useable adsorption data
for the LiA102-Hp0 system.l

Previous reports described the overall design of the TPD experimental system. This system employs mass
spectrometry as the principal method for detection of the release of gaseous species. These preliminary
results, provide the first direct desorption data and are useful for scoping the performance of the
apparatus. The first breeder to be studied is LiA10z to provide continuity with the earlier work and because
LiAl02 is a candidate tritium breeder material.

Blank Experiments

Preliminary blank experiments (no LiAl0z present) were performed to gain information on the behavior of the
empty stainless steel sample tube exposed to a flowing gas mixture of Hp0(g) and Hz. The gas-carrying lines
were maintained at 2009C to minimize holdup of Hp0{g). Figure 1 shows the response to a step change in gas
composition from pure helium to a mixture of He-100 ppm Hz0-500 ppm Hz and back again to pure helium. (Often
1000 ppm Hz is used intritium release tests, and lower concentrations are of interest, so that the mixture
used here is a realistic one in this respect.) 1tis clear that the steel is not an inert material as H20 is
consumed and Hp is produced. In the first part of the curve, the lag in the Hy curve suggests also that some
dissolutionlreaction of Hp in the steel occurs. At the moment of the switch from pure helium, a 200 to 7009C
linear temperature ramp (~339C/min} for the sample tube was started, shown in Fig. 2. It is evident that
with increasing temperature, there is a complexity in the process of consumption of HpG, and dissolution and
production of Hz.

By treating the sample tube for a sufficient time with helium containing only H20(g) at temperatures up to
4000C, it was possible to obtain featureless TPO spectra for temperature ramps of 200 to 800°C. This result
indicates that it is possible to stabilize the sample tube so that it will not impact upon the release gases.
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Fig. 1 Response of Stainless Steel Sample Tube at 200°C (473 K) to Step Change
from Pure Helium to Mixture of Helium with 100 vppm Ho0 and 500 vppm H2
Followed by Return to Pure Helium.

Measurements on LiAT0s

Initial TPD measurements on LiAl102 reflected the large amount of water borne by the ceramic material from its
earlier exposure to air. The TPO spectrum also revealed the reaction between evolved Hz0 and the fresh, not
yet stabilized, steel surface. After further drying of the sample (for 2 days at 2009C in pure helium), the
TPD data for a 200 to 7009C ramp showed that little Hg0 is evolved below 60G%C, and that no reaction with the
steel is evident from the Hz trace. However, substantial Hp0 gets released on approaching 7009C and also
substantial Hz is formed. Tn subsequent runs, only peaks in the lower temperature region {200 to 500°C) were
used for evaluation of the desorption process.

Figure 3 shows a TPD spectra for LiA102 equilibrated with 200 ppm H20(g) at 206°C. The peak was analyzed
using the width of the peak at half-peak-height to calculate a desorption activation energy. The equation
is:

2
Eg/RTp = 2[-1+(1+3.11 T,ﬁwl/z)l/Z]
where Tp i s the temperature at maximum rate of Hp0 evolution, Eg is the activation energy of desorption, and

W1/2 is the width at half-peak-height.2 A fairly low value of activation energy was calculated which is of a
magnitude consistent with weak chemisorption.
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In TPD runs equilibrated at 300°C with 200 ppm H20, the peaks, though sharp, showed evidence of being
composites of two or more smaller ones. Such overlap of peaks was possible, too, for samples equilibrated at
4009C, However, in this case, if one assumed that the peak represented a single phenomenon, the calculated
desorption activation energy approximated that reported by Kudo for the decomposition of LiOH (meaning H20(g)
evolution).3 |n Kudo's case, the decomposing LIOH produced a surface of Lip0 with scattered OH- groups, so
that the fraction of surface covered by OH-, 8, steadily decreased from 1. In the present work, the initial
8 was roughly 0.05, estimated from the earlier adsorption isotherm data. |t appears reasonable to explore
further the hypothesis that, considering this apparent similarity with Liz0, some sites on LiA107 resemble
sites on LT 0 in their Hp0-evolving behavior. Only one TPD spectrum was recorded so far for a sample
equilibrate2 at 500°C with 200 ppm H20. Though the TPD peak was not well defined, the width analysis
suggested a desorption activity energy significantly higher than the ones previously calculated.
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FUTURE WORK

Work on activation energies of desorption of H20(g} from LiA102 will be completed by measuring TPO spectra at
lower temperature ramp rates and lower initial coverages In order to resolve peaks appearing below about
6009C. For the peak/s at higher temperatures. stabilization of the steel at these temperatures will be
necessary. Measurements of the desorption kinetics of Hz will then be undertaken, paying attention to the
issue of interactions of Hz with the tubing material. The other candidate materials for a tritium breeder,
L120, Li45%04, and L12Zr03, will also need to be characterized in terms of the desorptive behavior of Hs0 and

Ha .
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INTERACTION OF HYDROGEN WITH Li20 SURFACES - S. W. Tam and C. E. Johnson, Argonne National Laboratory
OBJECTIVE

To investigate the interaction of Hz with lithium solid breeder surfaces and to provide reliable and
quantitative information to be integrated into a comprehensive tritium release mdel that has predictive
capability and is reliable for the purpose of reactor/blanket design.

SUMMARY

A quantum cluster approach is utilized within the extended Huckel method to investigate the interaction
between Hz and L120 (110) surface. Three types of sites have been investigated. It has been found that all
three are sites for Hz non-dissociative adsorption. The binding energetics are around 0.2-0.3 €V and the
equilibrium height is around 24" .

PROGRESS AND STATUS

Both in-pile and out-of-pile tritium release experiments on solid breeders have indicated that substantial
enhance a’pt of tritium release rates results when small amount of Hz (-0.1%) is added to He purge gas
stream.-~/ Although a comprehensive understanding of this empirical fact is still lacking, it is expected
that surface processes would play a major role. Despite its significant impact on tritium inventory in
ceramic breeders, the interaction of hydrogen with lithium ceramics surfaces is still poorly understood. If
previous experience from non-lithium ceramics can serve as a useful guide the problem is likely to be non-
trivial. At issue here is a sound physical-chemical description of the role played by hydrogen in enhancing
tritium release. Only from such an understanding can one construct realistic models for the tritium
release/inventory phenomena which have the reliability and predictive capability that are necessary for the
purpose of fusion reactor design in general and blanket design in particular. The present program is
designed to be complementary to both the tritium release modeling effort and the experimental investigation
on the Hp/Hz0/LiAY02 system within the solid breeder materials program.

THEORY

The interaction of Hz with lithium ceramic surfaces is expected to involve charge transfer and quasi-chemical

bond formation.  An accurate description of these processes would require a quantum mechanical apﬁroach. We
have utilized the so-called Extended Huckel {EH) method within a quantum chemical cluster approach to the

problem of Hz/Liz0 (110) surface.8-9 Li?o is chosen because it is a prime candidate for ITER (Intern%ional
Tokamak Experimental Reactor). It has also been ranked highly in various breeder evaluation studies. The
tools that we have developed could, of course, be utilized to analyze other lithium ceramic breeders.

The Extended Huckel method (EH) is based on the following considerations. A cluster of atoms (in our case Li

and 0) are arranged in the correct crystalline positions so that together they would simulate approximatell_y
the (110) surface of Lip0. In actual simulations the numbers of atoms included are necessarily finite. or
our purpose, we have tested the effect of cluster size and have found that a cluster size of the order of 60-
70 atoms to be adequate. This represents two layers of the 110 surface with a lateral extent as illustrated
in Fig. 1 1t should be emphasized that this type of cluster approach is extremely useful irrespective of
the particular approach (EH in our case) one uses to calculate its electronic structure and properties. The
philosophy of the EH method is similar in spirit to the tight-binding method {TB) in solid-state problems.
The only difference is that instead of dealing with an infinite or semi-finite system one is adapting the EH
to deal with a finite but large clusters of atoms. One then represents a cluster state (or molecular orbital
(MO)) #> for the cluster in terms of atomic-like orbitals ¢4

¥ = Li aj 14> (1)
aj are scalar coefficients.

A variational calculation leads to the following secular equation

det | Hij - ES45 1 =0 (2}

Here Hij are the coulumb integrals for i =jand become the resonance integral for i#j. Sjj are the so-called
overlap integrals. These integrals can be evaluated explicitly within EH for Slater type orbitals (ST0)
utilized for the ¢;. STOs are atomic-like orbitals with exponents parameters adjusted to give the best
results for isolated atoms.ll E represents the energy of the particular cluster state (or M0). The total
energy of the system is then calculated by filling up the MO with available electrons in pair. The semi-
empirical nature of EH offers a good compromise between accuracy and flexibility. Used judaciously it
provides good estimates of trends in behavior and properties of a system in a wide variety of configurations.



281

84
o 4 0O a <o o]
6
o w* od cC X 0
4
0 a O 4 4 O [+}
2
o a ®x B o x a
=}
£
i) o e
s [+] A 2—6
[+]
Q
> a x IJ! 0O X O
-1
Qo A O A O [+]
-4
(0] 0 X 1 0O X O
-6
L= a [s] A (0] o
O Secend Layer Lithlums
-8 O First Layer Lithlums
& Second |5 Oxygema
X Firs! Layer Dxygens

X Coordinate
Fig. 1. Overhead View of the Two Layers

RESULTS AND DISCUSSION

In the present study we have utilized EH to analyze the interaction of Hz with the {110) surface in several
different geometries. The sites of interest include those between the nearest neighbor 0-0, 0-Li. and Li-Li.
In each of those configurations the Hp was allowed to approach the site from above. The total energy of the
system is then calculated within EH as a function of h, the vertical distance between the hydrogen molecule
and the surface site in question. The axis of the hydrogen molecule i s maintained parallel to the solid
surface. ~ Since the interest of the present analysis is in non—dissociative absorption the separation between
the H atoms is maintained at the normal interatomic distance of 0.746 A®. The issue of dissociative
adsorption would be addressed in the next stage of our work

Figure 2 shows the result over site A the mid-point between two nearest neighbor oxygen atoms. The
interaction is practically zero when h is of the order 5-6A°. it shows a minimum around 1.75-2A° with a depth
of about 0.3 e¥. Further decrease in h results in a rapidly rising repulsive barrier. This implies A
represents a site to which Hz can be adsorbed non-dissociatively from the gas phase with not very strong
binding energy.

Figures 3 and 4 shows the interaction with respect to the B(Li-0} and C(Li-Li) sites. Like the A site they
both show similarly shallow wells. ~The minimum of the potential well at B occurs at h ~2. 2A° with a depth of
about 022 eV. The corresponding minimum at C takes place at h ~2A® with a depth of about 0.21 eV,

FUTURE WORK

All three types of sites are able to bind a hydrogen molecule with a binding energy of around 0.2-0.3 eV at a
height of around 2A°. Although the present analysis has concentrated on molecular adsorption the choice of
the adsorption sites reflect a concurrent interest in dissociative chemisorption. 1t is conceivable that
these sites may represent precursor sites from which further (and stronger) dissociative chemisorption
process may originate. Confirmation of these ideas would require more detailed analysis of dissociative
chemisorption and surface migration barriers which would be the focus of the next stages of our work.
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MODELING OF TRITIUM BEHAVIOR |N CERAMIC BREEDER MATERIALS - J. P. Kopasz, J. Kwasny®, and C. E. Johnson
(Argonne National Laboratory)

OBJECTIVE

The objective of this work is to develop a comprehensive model that will describe tritium behavior in ceramic
breeder materials. The model should be able to predict the transient tritium release behavior as well as the

steady state behavior.
SUMMARY

In-pile tritium release experiments exhibit plateaus in the tritium release at low temperature which are
below the tritium generation rate. For Li20, these plateaus occur in the temperature region one would expect
second phase precipitation of Li0H/Li0T to occur. Calculations of the tritium pressure in the purge gas for
these plateau regions suggest that the tritium release in these regions i s not determined by the equilibrium
tritium pressure above a diphasic L120-Li0T system.

PROGRESS AND STATUS

W have obtained first hand data from in-pile tritium release experiments on Li20 from collaborations with
Canada (the CRITIC experiment) and France (the MOZART experiment). Analysis of data from these two
experiments performed under different conditions (different flow rates, moisture levels in the purge gas, and
tritium generation rates) should provide some insight into the tritium release mechanisms. Of particular

interest at this time is the tritium release at low temperatures. In both the CRITIC! and MOZART2
experiments, for temperature decreases to final temperatures below 400%C, the tritium release reached a
"plateau" below the steady state release (generation rate). |f these plateau regions are real, then the data

would suggest that the tritium inventory is increasing for the whole time the plateau exists. This implies
that the tritium inventory in Li20 would be quite high at temperatures below 400°C,

Residence times are often used to calculate tritium inventories. Implicit in these calculations is the
assumption that the release returns to steady state. When the tritium release curves do not return to steady
state, estimates of the inventory calculated from the residence time will be in error. This is illustrated
in Fig. 1 for a temperature decrease test. The solid line represents the curve the release would be expected
to follow iFrelease returned to steady state. The open circles represent the observed release. The shaded
area indicates the difference between the inventory for the two cases. The inventory for the observed
release curve (open circles) will be greater than that for the curve which returns to steady state. An
estimate of the inventory based on the residence time assumes the curve returns to steady state (follows the
solid curve in Fig. 1}, and will underestimate the inventory present when the release curve does not return
to steady state. Calculations of the inventory at 3009C in the MOZART experiment suggest that the inventory
is acceptable at this temperature (the inventory is equal to one days production). However, these
calculations are based on residence times obtained from experiments where plateaus were observed in the
tritium release. Since the tritium release curves did not reach steady state, the inventory for these tests
i's much greater than that calculated from the residence times.

The plateaus in the tritium release curves from the CRITIC and MOZART experiments can be explained by
invoking some type of "trapping" mechanism. One possible mechanism which may be able to account for this
behavior is formation of a second phase of LiOT and LIOH. In this mechanism, tritium would be "trapped" in
the LiOT phase. Once the hydrogenltritium solubility limit was exceeded, the tritium release would be
determined by the equilibrium hydrogenltritium pressure above the diphasic system. If tritium was being
generated at a rate greater than the tritium release rate dictated by the equilibrium above the two phase
system, then the excess tritium would form more LiOT and be "trapped" in the solid. For a two phase system
tritium release could remain below steady state release until the sample was completely converted to single
phase LiOT/Li0H.

One can estimate a maximum tritium concentration in the solid Or maximum vapor pressure of water above the
solid before second phase formation begins. Using the data of Tetenbaum et al,3:4 the calculated moisture
partial pressure at which precipitation is expected to occur at 400°C is 294 vppm while at 350°C it drops to
46.4 vppm. The concentration in the solid which would lead to second phase formation was estimated to be 0.7
ppm at 400°C and 0.01 ppm at 300°C. Inventory calculations for Lip0 have shown the inventory at 400°C to be
above this insolubility limit. This suggests that second phase formation should occur in Liz0 tritium
release experiments at temperatures similar to those where plateaus were observed in the CRITIC and MOZART
experiments.

Inan effort to determine if the plateau regions observed in the MOZART and CRITIC experiments were due to
formation of a second phase of LiOH, the tritium pressures corresponding to these regions have been
calculated. A comparison of the tritium pressure in the purge gas above Liz0 in the MOZART and CRITIC
experiments to the pressure above a diphasic Li»0-Li0OH system calculated from Tetenbaum's data3 is shown in

*Foreign exchange student from the Institute for Reactor Materials, Nuclear Research Centre, Julich, Federal
Republic of Germany.
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Fig. 2. As can be seen from the figure, the plateau regions do not correspond to the pressures calculated
from the Tetenbaum data. In addition, the temperature dependence of the pressures from MOZART and CRITIC are
significantly less than that for the diphasic system. The Tetenbaum data corresponds to a heat of 307
kcal/mol. The MOZART data for Li20 (for plateau regions) corresponds to a heat or activation energy of about
3.3 kcal/mol while the CRITIC plateau regions lead to a heat Or activation energy of about 5 kcal/mel, in
good agreement with the MOZART data. The absolute value of the tritium pressures in MOZART and CRITIC differ
by nmre than an order of magnitude. This difference is partly accounted for by the difference in flow rates
in the two experiments. In the MOZART experiment the flow rate was 40 cc/min, while for CRITIC the flow rate
was 107 ecc/min. Other factors which may influence the absolute level are the water pressure in the purge and
the tritium generation rate.

further analysis of the MOZART and CRITIC data shows what may be a slight dependence of the tritium pressure
in the plateau regions on the hydrogen pressure in the purge gas. In the MOIART experiment, the apparent
activation energy increases from 2.3 kcal/mol to 3.3 keal/mol when the hydrogen concentration of the purge
gas i s increased from 0.01 to 0.1%. In the CRITIC experiment the activation energy decreased from 5.8 to 5.0
kcal/mol when the Hz content of the purge gas was increased from 001 to 0.1%. Due to the larger scatter in
the CRITIC data, the change in activation energy in this case i s believed to be insignificant.

Analysis of the MOZART data for the other irradiated samples (LiA10z and LipZr03} also showed a similar
temperature dependence of the tritium pressure in the plateau regions. for the two lithium zirconate samples
(grain sizes 1gm and bimodal 2-4 gm + 20 pm} there was little difference in the tritium pressure. The
apparent activation energies were 1.4 and 2.2 kcallmol, respectively. for the LiAl102 samples there was a
large amount of scatter in the data, with activation energies ranging from 2 to 15 kcal/mol.

The differences between the calculated tritium pressures in the plateau regions of the MOZART and CRITIC
experiments and those calculated above a diphasic Li0T-Lip0 system suggest that the tritium release in the
plateau region is not determined by equilibrium above an Li0T-Li30 system. The large difference in slopes of
the log pressure versus inverse temperature plots confirm this, and suggest a much less activated process is
controlling the tritium release in these regions. This process must result in some type of "trapping" of
tritium to account for the observed tritium release being below the steady state release. Possible
"trapping"” mechanisms are:

trapping In He bubbles

trapping in interconnected closed porosity

chemical trapping

dissolution/permeation of T into lines of apparatus

These trapping mechanisms are being investigated as possible causes of the plateau regions.

A comparison of the affects of increasing hydrogen concentration in the purge may help identify the
controlling mechanism in the plateau region. The MOZART data suggests that hydrogen may affect the different
breeder materials differently. For Li20, increasing the hydrogen concentration led to a slight increase in
the apparent activation energy of the process controlling the plateau level, while only changing the tritium
pressure slightly. for LiA10, increasing the hydrogen content decreased the apparent activation energy but
increased the corresponding tritium pressure. |f the apparent trends observed for changes in the hydrogen
concentrations in the purge gas are correct (increase hydrogen content decrease activation energy for Lis0,
increase activation energy for LiA102) then a gas phase diffusion process can not be rate controlling. This
appears to rule out gas phase percolation and trapping in interconnected porosity. The other trapping
mechanisms are being investigated, with attention being given to the expected dependence on hydrogen in the
purge.
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CERAMIC PROCESSING AIDED BY MILLIMETER-WAVE TESTING
H. M. Frost, I1II, J. C. Kennedy, I1I, T. N. Clayter, and E. F. Brown (Los Alamos National
Laboratory) and S. J. Zinkle (Oak Ridge National Laboratory)

OBJECTIVE

Apply and evaluate use of millimeter waves for nondestructive testing and evaluation of
quality of ceramics made by closed-cycle processing, with application to a special fusion
neutron irradiation simulation experiment.

SUMMARY

In a special fusion-neutron irradiation simulation, Y0 is being substituted for 0 in 99.5%
alumina for raising the potentially deleterious helium gas yield during fission-neutron irra-
diation up to levels closer to those expected from the fusion neutrons of a deuterium-tritium
fusion reaction. For tgst specimens from two exploratory processing trials at oRNL, done
without the expensive " O-enrichment, millimeter-wave (MMW) dielectric data taken at LANL
indicated decreases iIn loss tangent values and in Scatter in the dielectric constant values
when concentrations of sample defects were apparently reduced. Complementary tensile strength
values for enriched specimens correspondingly increased. These data are useful for evaluating
potential rf-window performance, but also indicate that dielectric properties correlate with
mechanical strength and serve as a sensitive and selective nondestructive measure of general
material quality. In some cases. these data can also distinguish between absorption vs. scat-
tering losses and provide estimates of pore sizes. Future dielectric data are planned on
enriched alumina specimens -- both control and neutron-irradiated.

PROGRESS AND STATUS
Introduction

Many neutron-irradiation studies have been carried out on electrically insulating Or gechani-
cally strong ceramics such as alumina, but the high fluences reached of 1 x 10" n/em” or
greater have been achieved only in fission reactors whose “fast neutrons® are considerably
less energetic than the 14 MeV neutrons expected from deuterium-tritium (DT) fusion reactions.
While DT neutrons have been available from the Rotating Target Neutron Source (RTINS-II) at
Lawrence Livermore National Laborat?Ey, the corresponding fluences, as limited by scheduling
constraints, have been below 5 x 10°" n/cm” and are inherently restricted by reactor hardware
limitations to small irradiation apertures.

Fission reactors can simulate fairly well the displacement and ionization damage processes
expected from fusion neutrons, but generally not any damage processes linked to transmutation
production, diffusion, and segregation of gases such as helium. At elevated temperatures
where He and other atoms in a ceraTic are mobile, changes in the microstructure, either advan-
tageous or deleterious. can result .

Helium is the intended transmutation product of the reaction lTO(n,a)l‘c initiated by the DT
neutrons. A possible consequent microstructural change is the formation of microbubbles.
Mechanical properties such as tensile strength could thus be affected.

ExDerimental Drocedures
1. Processing

The optimized process for making hard, nearly theoretically dense, isotopically adjusted alu-
mina samples of high purity involved the production of boehmite powder through the hydrolysis
at 60°C in argon of aluminum isopropoxide. Al(0CsH7)s in O enriched water, plus subsequent
mixing with a small amount of the sintering aid, Mgt, followed by calcining in argon and then
sintering in vacuum. For comparison, processing was also done with unenriched water having
the naturally eccurring isotopic abundances. Both types of processing were done at Oak Ridge
National Laboratory.

Test specimen sets no. 1 and 2 in Table 1 below involved enriched water, with a retained
fraction of enriched isotope of about 50%, while sets no. 3 and 4 in Table 2 involved unen-
riched water. For sets no. 1 and 3, calcination was at 600°G¢ for 1 hr and sintering was at
1600°C for 2 hr (with 0.1 wt% Mg0). For sets 2 and 4, calcination was at 1300°C for 3 hr and
sintering at 1700°C for 3 hr (with 0.5 wts Mg0). These and other data on test sets no. 1 and
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2 are summarized in the table below. It is assumed that the properties of the enriched alu-
mina {n set no. . are the same as for the unenriched alumina in set no. 3. The same assump-
tion is made for sets no. 2 and 4, as indicated in Table 2. These assumptions are= supported
by density measurements made on all four sets.

Table 1. Procasglog details and material properties for the two sets of
enriched alumina .

Descriptor Set No.l Set No.2
Calcination 600°C. 1 hr, Ar 1300°C, 3 hr, ar
Sintering 1500°¢, 2 hr, vacuum 1700°C, 3 hr, vacuum
Sintering aid 0.1 wth Hz0 0.5 wtthh g0

"'Green" density 27 &TD 49 &TD

Fired density 96.9 %TD 99.8 %TD

Grain size 6 pm 8 um

Flexural Strength 105 HFa 280 tFa

Theoratical density (TD) at room temperature for alumina (sapphire) was taken to be 3.97

/em . Density was measured by an immersion technique applied tc the total sintered masses.
lexural strength was measured by four-point bending (in effect. tensile strength). A slight
non-uniformity may have existed iIn the material properties because of the use of a rectangular
(as opposed to cylindrical) die (about 1.5x 0.5% 5 em).

Further details on the processing are reported elseshere”.

2. Dielectric measurements

The dielectric constant, k, and loss tangent, tan$, were measured at Los Alamos National
Laboratory at room temperature and at 90 tc 100 GHz on rectangular parallelepiped specimens
that were precision machined for nearly "gap-less” fit iInto a WR-10 waveguide section con-
nected t¢ a computer-operated MMW scalar network analyzer system operating in the transmission
mode . Further details on the bulk of the measurement methods employed are reported else-
where™ ,

Refinements such as -urve smoothing in the data reduction software were added, however, to
accommedate the complex features of the MMW data, taken in the form of "channel spectra." not
normally present in commercially available alumina (e.g., Coors AD-995). Also, qualitative
guides were developed far evaluating the correctness of the data reduction procedures result-
ing in the dielectric property values.

Experimental results

The dielectric constant and loss tangent values zr= given in Table 2 for unenriched alumina
specimens machined from samples calcined at temperatures too low (set no. 3; total of three
specimens) and high enough (set no. 4; four specimens total) for converting all of the precur-
sor ¢-zluminz Oof the boehmite powder into a-alumina. See Table 1 for processing details on
test sets 3 and 4, which are identical except for isotopic content to sets no. 1 and 2,
respectively.

For specimen Sets na. 3 and 4 involved in Table 2, the densities were measured by an immersion
technique. For the standard specimen, the density was measured by a dimensional technique
applied to a precision-shaped WR-10 waveguide specimen of about 1/8 by 1/4 em (0.049 by 0.099
in) cross section. The value of 95 %TD may be of the order of 1 % toc low because of unac-
counted-for chamfers machined on the side edges of the rectangular parallelepiped specimens.
These chamfers were machined for the purpose of accommodating the internal, non-zero radii
formed in the four side ‘corners’ of the waveguide section during its manufacture,

The "standard" alumina is one of the Cocors At-995 (99.5 %) alumina control spec}m?ns main-
tained at 355°C for about a year during the EBR-II experiment reported sarlier ~ | : its
dielectric-property statistics were estimated through various measurements made over a period
of time. On the other hand, the statistics tabulated for the ORNL specimens represent speci-
men-to-specimen variations.
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"Fractional deviation™ is the ratio in percent of the (n-1) weighted standard deviation
divided by the mean and multiplied by 100, "G" is average grain size. Tensile strength for
the standard specimen was measured by diametral compression of cylindrical specimens.

Table 2. Dielectric and other properties «f the twe sets of unenriched
alumina specimens.

DESCRIPTOR/Statistic Set No.l Set No.4 Standard
DENSITY
Mean: 96.9 31D 99.8 TD 95.0 %TD

DIELECTRIC CONSTANT

Mean: 9.585 10,147 9.843
Standard deviation: 0.314 0.033 0.022
Fractional deviation: 3.3 % 0.3+ 0.2¢%
LOSS TANGENT . . .
Mean: 13.07x10" 7.48x10° 4.22x10°
Standard deviation: 3.19x10° 1.07x10" 0.51x10"
Frastional deviation: 24, % 14, % 12.%
LOSS FACTOR . . s
Mean: 12.47x10's 7.59x10's 4.16::10'3
Standard deviation: 2.65x10° 1.07x10" 0.4%x10"
Fractional deviation: 21.% 14,3 12.%
TENSILE STRENGTH
Mean: 105. HPa 280. MPa 250. MPa?
ELECTRON MICROSCOPY
Intergranular Intragranular Intragranular
mlerocracking;  pores (G-3 pm) pores (C is
intragrsnular comparable.)
pores (c=4 pm)
OPTICAL MICROSCOPY
Large white in- One fracture: Free of sur-
cluaions; sur- surface and face defects
face voids int. voids

ACOUSTIC MICROSCOPY
Dense network Sparse network  Not done on
of reflectors of reflectors matchsticks;
(incl.? * voids) %voids only) some voids
(some > L mm) all < 0. s5mm) in 7 em disk

4gee Ref. 5.

"Acoustic microscopy” as used here refers to a typs Of radiographic imaging of internal struc-
ture in which a pulsed ultrasound transducer emitting an acoustic beam pattern at megahertz
frequencies is scanned mechanically under computer control over the "top® surface of a test
specimen. The ultrasound energy penetrates the specimen, reflects or echoes from the “bottom®
surface, and returns through the specimen to the transducer. Information on the reflected
acoustic amplitudes and transducer scan positions is fed to a computer, which processes the
data into an image in which scatterers appear as gray-scale objects on a white background (for
example),

"Ripple” or “kinks" were present in the channel spectrum because of effects of spurious stand-
ing waves arising from unwanted W reflection seurces such as a non-optimally tightened
machine-screw connection between flanges of contiguous waveguide sections or a large pore
inside the test specimen. Therefore, the frequencies and amplitudes of the v transmission
peaks were often not well defined. For set no. 3 in fact, it was not possible because of spe-
cimen inhomogeneities to reduce the original curves of raw data (i.s., channel spectra) into
dielectric constant and loss tangent values.

To overcome this limitation, curve smoothing software wss written and implemented through
threshold and selection procedures which yielded peaks that were then individually curve fit
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through a quadratic regression analysis. Well-defined psaks of the type shown in a channel
spectrum reproduced in a prior progress report contribution were thereby obtained with
specific frequencies and amplitudes. The dielectric constant and loss tangent values repre-
sented in Table 2 (and Table 3) were obtained from such smoothed curves, along with the use of
a conssrvative policy for rejecting spurious peaks prior to smoothing, = consistent set of
threshold values (-3 to -4 d2 below the "highest” transmission peak), and the use of sxtremal
(usually minimum) values of k and tan6 produced by a part of the data reduction software not
described here.

- -
1. Comparative statistics of data, and correlation with material quality

For all dielectric properties in Table 2 except for the mean dielectric constant. there is a
left-to-right (and monotonic) trend of decreasing values of each property when scanning from
the "old" ORNL set (no.3) to the "new" ORNL set (no.4), to the standard. Further down the
table. the electron microscopy (TEH), optical microscopy, and acoustic microscopy show a simi-
lar decreasing trend in defect concentrations at various size scales (sub-micron to super-
millimeter), correlating =s expected with tensile strength increase. In this respect. the
acoustic microscopy is especially significant because it probes the entire volume of each test
specimen, as opposed to the limited sampling capabilities of optical and electron microscopy.

The preceding pattern of observations provides evidence that the statistical scatter in the
dielectric data and the mean values of loss tangent and loss factor (- dielectric constant =
loss tangent ~ ktans) decrease as the defect content decreases.

Taking a closer look at Table 2, one szes that the means of the dielectric constant vary very
little when proceeding in the above left-to-right direction. A numerical way of stating this
is in cerams OF the "ratio sequence” of these means, which in this case is1:1:1. The standard
(and fractional) deviation of roughly 0.3, 6.03, and 0.02 varies as 30:3:2, =.g., 15:1.3:1,
however. This variation is attributed to differences in scattering of the HW'=s within the
alumina specimens, as discussed in the next sub-section.

The means of the loss tangent values seen in Table 2 improve (i.e., decrease) roughly‘by fac-
tors of two in the left-to-right sequence, i.¢., roughly 13 to 7 to 4 in units of 107 | giving
a ratio sequence of about 4:2:1. The ratio sequence for the corresponding standard deviations
is about 6:2:1, and for the fractional deviations about 2:1:1.

Almost all of the property differences represented in Table 2 occur between the old and new
alumina Sets (sets 3 and &), with r=latively little difference between the new set (set 4) and
the standard alumina. This is seen by inspection of Table 2 above, but more easily in Table 3
below, in which property values of the old and new sets of specimens are normalized with
respect to the corresponding values for the standard specimen. It is apparent that set no. 4
is much closer in quality to the standard, which was commercially produced, than is set no. 3.

Table 3. Normalized values of dielectric and other properties of the two
sets of unenriched alumina specimens (normalized to corresponding property
values of standard specimen).

statistic DESCRIPTOR Set No.3 Set Mo 4
Mean DENSITY 1.0 1.1
Mean DIELECTRIC CONSTANT 1.0 1.0
Mean LOSS TANGENT 3.1 1.8
Mean LOSS FACTOR 3.0 1.8
Mean TENSILE STRENGTH 0.42 1.1
Standard dev, DIELECTRIC CONSTANT 14.3 1.5
Standard dev. LOSS TANGENT 6.3 2.1
Standard dev. LOSS FACTOR 5.4 2.2
Fractional dev. DIELECTRIC CONSTANT 14.7 1.5
Fractional dev. LOSS TANGENT 2.0 1.2
Fractional dev. LOSS FACTOR 1.8 1.2
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The mast sensitive measure of quality is not (for example) the normalized mean of the tensile
strength but the normalized standard, or fractional, deviation in the dl.ele«: trie constant.
Regarding specimen set no, 3, these normalized values are 0.42 = (2.7 vs. 14.3 and 14.7,
respectively. The most selective measure of quality turns out to be this same normalized
standard or fractional deviation in k. Comparing gpeclmen sets no. 3 and 4, the ratio of mean
tensile strengths is only 0.42/1.1 = 0.38 - (2.5)" , but the much larger number of 9.5 ~
14.3/1.35 results for the ratio of dielectric-constant standard deviations.

2. Millimeter-wave scattering. including correlation with defects and processing

The marked differences in specimen dielectric-constant properties, as noted in the preceding
sub-section, are attributed in part to differences in the abilities of the various specimens
to scatter MMW’'s by means of structural inhomogeneities such as inclusions and voids. These
scatterers have a distribution of sizes and locations different for each specimen type. For
defect sizes much smaller then the smallest linear dimension of about 1.25 mm of each wave-
guide specimen, this distribution is assumed to be random -- in both the ORNL and the standard
specimens. Concentrations of defects of sizes of the order of this dimension of 1.25 m» are
greatest in the old OWL specimen set no. 3. At this "macroscopic" size scale, the size dis-
tribution is non-random, as verified by acoustic microscopy (see below). The next several
paragraphs discuss the different types of defects that have the potential to scatter tifly's,
including qualitative differences among the three types of alumina specimens involved.

The hypothesized MW scattering results from the discontinuities in dielectric properties at
the interfaces defining these structural defects. Discontinuities include the gas-alumina
interface at a pore or a microcrack, and (see below) the solid-selid interface between a v-al-
mine inclusion within an a-alumina matrix, for example. The presence of "large® inhomogenei-
ties having sizes comparable to the MW wavelengths involved, especially in set no. 3, was
verified by the acoustic microscopy results reported in Table 2.

Additionally, optical microscopy revealed the presence of relatively large white inclusions in
set no. 3 that zre= probably associated with the presence of substantial amounts of one or more
of the transition phases (y, 6, or §) resulting from the incompleted calcination (into a) of
the precursor boehmite powder compact at 600°c, The likely presence of these transition
phases in set no. 3, and their absence In set no. 4, is backed up by XkD data taken on both
sets. Because of the dissimilar thermal and mechanical properties of these different phases,
inhomogeneous thermal expansion is likely to occur during sintering of the powder compacts
into dense ceramics. The observed intergranular microcracking in set no. 3 probably resulted
from this; such microcracking was absent in set no. 4.

Our observations indicate that porosity is distributed within the standard specimen as pores
with much smaller sizes (s¢.g., smaller radii for the case of spherical pores) than is the case
with the ORNL specimens with lower total volumes of porosity. There are numerous defects in
the ORNL specimens with sizes of the order of a W wavelength, but few or none in the stan-
dard specimen. Based on this and other evidence, we assume that the corresponding sizes in
the standard specimen are =o much smaller than a wavelength (=lmm in alumina at 100 ¢Hz and
room temperature) so as to Fall into the limit of long wavelength, i.=., Rayleigh, scattering.

In the next several paragraphs, we make use of this assumption by first showing that the power
scattered from defects (pores) of small size compared to the wavelength decreases at least as
strongly as the decrease in the individual defect volume, whether the defects are randomly or
pen-rapdoply distributed. A Raylsigh scattering calculation then shows that the dielectric
losses in the standard specimen probably result entirely from absorption. Contribution of
both absorption and scattering to the loss tangent values are then discussed for the ORNL spe-
cimens, including estimates of mean pore sizes.

We first assess the trend of scattering with varying defect size, for defects of small size,
by considering two hypothetical "standard specimens®. Each specimen has equal total porosity
volume but with porosity distributed randomly as spherical pores of two different uniform
radii, Rz<R1. Absorption losses are assumed for now to be zero. Furthermore in this
analysis, the ¥{W source is assumed to be adequately coherent, as verified by our ability to
observe channel spectra and also to electronically count frequency when the MHW system is
operated in the centinucus-wave mode.

A simple argument based on the concept of structure factor F(g)~N for scattering from a random
assembly of N non-intevacting dlzlectric-sphere scatterers in the Rayleigh limit then leads
to the result that the corresponding ratio of loss factor contributions from scattering varies
as the inverse cube of the ratio of radii. I.=., as the pore radius decreases, then so does
the scattered power -- as the cube of the radius ratio, Rz/R1 or as the first power of the
corresponding ratio of pore volumes. This result, 2s well as the one in the next paragraph,
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also applies to the theoretical model for the complementary situation at hand of MY scatter-
ing trom_ a spherical cavity (of the same radius) in z dielectric medium of the same dielectric
constant

In the other extreme -- of a periodic array of identical scatterers -- the structure factor is
zare, L.a., F(q)=0, except in the forward direction (still in the Rayleigh limit). Thus. no
contribution arises to the loss factor. Accordingly, it can be shown for the intermediate
case Oof ¥>F(a)>0, which is more applicable for the ORNL specimens, that the scattered power ot
loss factor decreases more rapidly than the cube of R2/Ri<1l. Thus, for either random or
non-random distributions of pores whose total number yields a constant total volume. the Rayl:
slzh scatcsring and therefore the loss tangent decreases as the individual pore volume
decreases.

This result allows us to make sense of the properties of the standard, commercially available
alumina (Table 2), which seem to be unusual, given the properties of the other specimens.
That is, this specimen has the lowest loss-tangent mean, lowest dielectric-constant standard
(and fractional) deviation, and lowest macroscopic defect-content values, hut also the lowest
density mean and thus the highest porosity volume values (Table 2). Intuitively, then, one
might have expected greater scattering of the WMW's from the larger total volume of pores and
other internal defects and thus a larger value of loss tangent. The probable reason. as
employed in the next paragraph, why this is not so is the aforementioned sensitivity of the
loss tangent to the average value or mean of the defect sizes.

Semi-quantitatively,we argue that the measurable losses in the standard specimen arise from
absorption only, by showing that the losses by Rayleigh scattering are below the experimental
detection limit. We calculated (tand)g. .., the scattering contribution to the total loss
tangent for the standard specimen, assuming that the mean pore size was 1 sm (larger than
observed in TEM observations). Making use of the analytically known expression for scattering
from a cavity of radius R in a disl=cerie medium of dielectric constant k and assuming that
multiple scattering effects are neglible ", the tan6 contribution found was only 0.001l% of
the measured loss tangent. in agreement with the assumption of negligible scattering losses in
this specimen.

While the complexity of the scattering effects in a dielectric-filled waveguide increases when
mode conversion, evanescent modes, and o»vermoding are taken into account, the preceding inter-
pretation of the dielectric data in terms of Rayleigh scattering remains qualitatively the
same. When absorption as well as scattering is considered, hawv=r, more insight is gained
into our data, as seen in the following.

Taken as a whole, our data probably are not explained solely in terms of differences in scat-
tering processes (which do not yield heat conversion directly) as opposed to absorotion
processes (which do convert the W energy directly into heat). Absorption probably is con-
tributing in a variable way to the loss tangent along with the contribution from scattering.
As indicated below. the relative importance of these two general types of attenuation varies
from one specimen type to another. To discuss this point further, it is useful to equate the
total loss tangent, (tan§). ., Tor the case of constant dielectric constant, to the sum of
(tané), g and (tand)g.,cr. the absorption and scattering contributions, respectively.

For the ORNL specimen sets, there are two competing ways to interpret the loss-tangent data,
as indicated in the succeeding paragraphs.

Since both the Oak Ridge and the standard zluminas have the same purity level of 9%.3%, it is
reasonable to try as a first approximation the assumption that the absorption losses ars the
same in all specimens. The scattering losses due to small, randomly distributed scatterers
can then be estimated as the difference D = (tand) ., — (tans),;s for each ORNL set. We can
then estimate the pore sizes that yield the measured values of D. The result isR = 0.13 mn
for set no. 4 and R = 0.07mm for set no. 3, yielding average defect diameters of greater than
0.1mm. While these values are not far from the millimeter-level sizes far the largest
defects observed. they appear to be in the wrong order. That is. having the larger pore sire
in set no. 4 is not consistent with the acoustic and optical microscopy observations of defect
sizes. These observations indicate that the larger defect sizes are in set no. 3,

Thus. we consider an alternative interpretation. Since there is only 0.2% porosity volume in
the specimens of set no. 4, the W attenuation in this set instead would then occur entirely
by absorption. In that case there is no estimate of pore size of specimens in set no. 4. For
set no. 3, however, there would be one, as based on (tan)gopry = D = 5.59x107 . The result
is R = 0.06am, close to the value of 0.07 mm in the preceding paragraph. This second inter-
pretation means that there is an excess absorption in both sets no. 3 and 4 involving the tan6
difference of (7.43-4.22y«10° = 3. 26x10° . This is the interpretationused in the next
sub-section.
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3. Rf-window psrformancs potential

In terms of pevformanes OF zf windows made from the alumina materials reported on here, the
alumina from set no. 3 is inappropriate because of its low tensile strength. In the absence
of neutron and other irradiation, the alumina in set no. 4 {s much better in this respect.
However, in terms of dielectric heating - - as reasoned In the preceding sub-section .. its
absorption losses appear to be roughly twice those of the standard. In ptevious work, we
showed that a doubling of dielectric losses from those of the s fandard material can have
catastrophic consequences for service lifetime of an ¢f window.

With the total tmpurity content for both typzs of material, i.2., ORNL and standard, being 0.5
%, the question naturally sris=s of why there is a substantial difference in the (ktang),,
values. The answer may lie partiy in the fact that the types of ilmpuriti=s present are dif-
ferent. These impurities,which sct 25 sintering aids. are X0, Cz0, and $ioz for the
standard material but only Hgd for set 4 (and no. 3). There are probably other differences,
too. in the sintering history which iIn turn can lead to differences in the phase chemistry
arising upon cooling from the peak sintering temperature. In turn, the phase chemistry (=.z.,
glass vs. feldspar in high-purity alumina) may control any tendency of impurities initially
distributed as point defects to migratz and segregate as extended (z.g., 3-dimensional)
defects. Such defects are leas 2Eflclgnt absorbers of W energy. Further discussion on
these matters can be found elsewhere.

For pores of sizes much larger than atomic dimensions but of small total volume fraction P,
the thermal conductivity (r) decreases but only by the multiplicative factor (2-3p)/2, ' where
P equals 1-(p/pp). with p and pp being the densities of the actual and theoretically dense
materials. respectively. From the data in Table 2. then, K for set no. 3 is 95.4% of the
theoretically achievable value -- for the polycrystalline as opposed to single-crystal value.
For set no. 4, 1t _is 99.7% and for the standard specimen, 92.5%. From the standpoint of mate-
rial reliability, , then, the initial porosicy has much less effect on reducing rf-window
service lifetime than the sensitivity of alumina to damage by neutron irradiation.”

Whether the enriched alumina (equivalent to set no. 4) or a commsrcially available alumina
such as the Cooks AD-995 standard in Table 2 is the more resistant to neutron irradiation dam-
age, the answsr has to wait until completion of the irradiation axpseiment of which this work
is a part. The transmuted carbon produced by the intended nuclear reaction ''o(n,a)'*C could
affect the dielectric losses, however. because of the relatively conductive nature of this
material. The organic precursor of aluminum isopropoxide, al{0CsH7)s, IS another potential
scurce OF carbon in the fired ceramic, and carbon analyses will be required on both the con-
trol and irradiated samples for assessing the transmuted carbon content.

CONCLUSIONS

The sampling statistics for the data reported iIn the przczeding are limited because of the
limited numbers of dielectric test specimens available. Yet, the differences in the normal-
ized dielectric properties between specimen test sets no. 3 and 4 are large. ranging up an
order of magnitude in size. These differences ere also tracked by differences in tensile
strengths, x-ray diffraction, microscopy observations, and processing parameters.

Therefore. we believe that the dielectric properties, especially the standard and fractional
deviations in the dielectric constant, but also the standard deviation for the loss tangent
and the means of the loss tangent and loss factor, are sensitive and selective measures of
material quality throughout the bulk or volume of the test specimens involved. Tensile
strength, on the other hand, is a critical size property depending on fracture, which is sen-
sitive essentially only to the largest defects present within the test gage volume.

Furthermore. W dielectric testing is nondestructive, so that tested specimens can be
archived for subsequent retesting at any time. Such advantages outweigh the disadvantage of
the precislon machining and manual Fitting now required for preparation of test specimens
which are inserted under tight tolsrances into the waveguide sections serving as the test fix-
ture in MW testing. Even this disadvantage, though, is offset somewhat by the time-consuming
preparation of specimens required for optical and electron microscopy.

FUTURE WORK

In the next phase of this work, another set of *"0-enriched alumina samples will be prepared
at Oak Ridge National Laboratory. This set will be sent to Los Alamos (as its first enriched
specimens) for Final specimen preparation and W dielectric measurements.

Depending on availability and scheduling, a matrixed set of alumina samples will be irradiated
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in the HFIR rsactor at Oak Ridge to two fluences and to tws temperatures. These fluences and
temperatures are 20 and 60 dpa (in stainless steel) and 60 and 600°C. One of these matrixed
sets is planned for enriched alumina, and another -- for comparison purposes -- for unenriched
alumina. Subsequent property measurements are planned, including dielectric Constant and loss
tangent. The planned time scale for this work is of the order of two years.

We z2r= also interested in comparing the statistics of tensile strength data with those of
dielectric data, based on the hypothesis that both result from = common, underlying defect
structure. There is a possibility that strength characteristics, under specific conditions.
can be anticipated through prlor nondestructive evaluation with W' s,

Finally, we intend to follow Up on a clue found during the preceding work reported for the
possible identification and treatment of a systematic error source that has been present in
our in-waveguide data.because of inherent W hardware and software limitations.
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MICROSTRUCTURAL EXAMINATION oF BERYLLIUM IRRADIATED AT 400-c TO 8 DPA - D. S. Gelles and H L Heinisch,
Pacific Northwest Laboratoryid

OBJECTIVE

The objective of this effort is to determine the suitability of beryllium as a neutron multiplier for
blanket applications.

SUMMARY

Sheet tensile_specimens of_commercial cast beryllium are found to be brittle following irradiation at 400-c
to 8 dpa. Failure is by either transgranular brittle fracture or grain boundary embrittlement, depending on
specimen thickness. Embrittlement is ascribed both to helium bubble formation at grain boundaries and to
C-type loop formation. Loop formation of this type has not previously been reported in the literature.

PROGRESS AND STATUS
Introduction

Beryllium is being considered for use as a neutron multiplier in fusion reactor blanket designs. Recent
calculations have indicated that for maximum tritium breeding efficiency, blanket de5|gns must include a
sizeable volume fraction for neutron multiplication.! For example, a Homogeneous blanket design requires 90
vol% beryllium to attain a maximum tritium breeding ratio (TBR} of 1.49, or, alternatively, careful design
and introduction of a moderator can increase the TBR to 1.54 and reduce the beryllium to 60 voi%.

Because of this potentially important role, it is vital that neutron irradiation effects and helium
prod%gtlon be quantified in beryllium. Large amounts of helium are produced in the neutron multiplying
reaction :
Be? tn - Bed t2n (threshold energy 2 MeV)
Be8 - 2He?
Recent efforts in support of the International Thermonuclear Experimental Reactor (ITER) include experiments

intended to determine the effects of neutron irradiation_on the mechanical properties and helium retention
of ber¥lllum. As ?art of that effort, thas regﬂrt descrl?es fracto%raphlc Sgg mlcrostructura| exaninations
| ted as 40 y 29

on C4§ pure_berylTium that was irradia eet tensile specimens at to approximately 1.8 X 10
n/cm& or 8 displacements per atom (dpa) and found to be embrittled.
Experimental Procedures

Sheet stock of conmercial cast %rade 9.7 pure beryllium In thicknesses of 2, 5, 8 and 22 mils (0.05, 0.13,
0.20 and 0.56 mm) was provided by J. B. Whitley, Sandia National Laboratory - Albuquerque (SNLA).  Twenty-
seven Mminiature sheet tensile specimens were punched from the sheet and the s¥e0|mens were 1rradlated In the
Fast Flux Test Facility, Materials Open Test Assembly (FFTF/MOTA} as part of the BCEl experiment._ The
specimen matrix included seven specimens 2 mils (0.05 mm) thick, eight specimens 5 mils fOJB N)thick and
twelve specimens 8 mils (O.20qm§ thick. The BCE1 experiment was irradiated in MOTA cycle 1C in_a below
core position, with the beryllium tensile specimens located in helium filled stainless steel canisters at
the top of the experimental "assembly. In that position, they received a dose of 8 dpa at 400°C.

Following irradiation, the beryllium sBecjmens were removed from the helium filled stainless steel canister
and transferred for tensile testln%. uring the transfer process, several specimens were inadvertently
dropped during remote manipulator and!|n? in the hot cell, and broke after dropping about 30 cm. Based on
this demonstration of irradiation embrittlement, tensile testing plans were_ curtailed and efforts were
redirected towards explaining the embrittlement by microstructural examination.

Specimens were prepared for transmission electron microscopy followin? standard electropol ishing procedures
u5|n? a twin Jet polishing unit with an electrolyte solution of 750 mI ethylene glycol, 75 ml nitric acid,
15 mI' sulfuric acid and 15 ml hydrochloric acid operating at 9 to 13 v and with the solution_cooled. Typical
polishing times approached three hours. Fractography was performed on a scanning electron microscope
operating at 10 KeV; transmission electron microscopy was performed on a scanning transmission machine
operating at 120 KeV.

(a) OEerated for the U.S. Department of Energy by Battelle Memorial Institute under Contract
DE-AC-06-76RLO 1830.
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Results
Tensile Testing

A control specimen and three irradiated specimens fabricated from 0.008" (0.20 mm) sheet and an irradiated
specimen fabricated from 0.005" (0.13 mm) sheet were tested, giving results as expected. The control
specimen demonstrated a yield strength of 230 MPa, an ultimate tensile strength of 296 MPa and uniform
elongation of 25%. All four irradiated specimens failed without plastic deformation, one of the 0.008"
(0.20 mm) thick specimens breaking in the grip section. The ultimate tensile strengths were 275 and 284 MPA
for the thicker specimens and 117 MPa for the thinner specimen. Therefore, irradiation resulted in severe
embrittlement, with failures at stresses a little below the ultimate tensile strength of the unirradiated
material.

Fractographic Examination

Two broken sheet tensile specimens were examined by scanning electron microscopy. The specimens had been
punched from sheets of different thickness; one was from 2 mil (0.05 mm} sheet and the other from 8 mil
(0.20 mm) sheet. Fractographic examinations revealed different modes of fracture.

Examples of the fracture mode for the thicker specimen are given in Figure 1. A low magnification example
of the entire fracture surface is shown in Figure la, and a higher magnification example of the full width
of the fractured sheet is shown in Figure Ib. The grain size is on the order of 40 um and failure is by
transgranular brittle cleavage. The transgranular brittle cleavage response is shown in greater detail in
Figure lc.

Figure 1. Fracture surface of commercial cast beryllium sheet tensile specimen from 0.008" {0.20mm)
thickness following irradiation at 400°C to 8 dpa at (a) low, (b) intermediate and (c) higher
magnification. Failure is in part by transgranular cleavage.

Failure in the thinner specimen is shown in Figure 2. Again, a low magnification example of the entire
fracture surface is given in Figure 2a and a higher magnification example of the full width of the fractured
sheet can be seen in Figure 2b. The grain size is on the order of 20 um, allowing approximately two grains
across the width of the sheet, and failure is by intergranular fracture. Several examples of deep grain
boundary cracks can be identified in Figure 2b but no evidence for helium bubble decoration of the grain
boundary surfaces can be seen. Therefore, the mode of failure would appear to be dependent on the thickness
of the sheet stock used, and both irradiation hardening of the matrix and relative weakening of the grain
boundaries is indicated.

Microstructural Examination

The microstructure of the irradiated beryllium sheet specimens was found to include a low density of
dislocation tangles of a/3 <1120> a-type Burgers vectors, possibly present prior to irradiation, a high
density of small loops with ¢<0002> C-type Burgers vectors and evidence for small bubbles on grain boundary
dislocations. However, the dislocation images obtained were very sensitive to the imaging conditions used.
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Figure 2. Fracture surface of conmercial cast beryllium sheet tensile specimen from 0.002" (0.05 mm)
thickness following irradiation at 400-C to 8 dpa at (a) intermediate and (b) higher
magnification. Fallure is by intergranular cleavage.

For example,-inside contrast for C-type loops was very strong, but outside contrast (obtained by changing
the sign of g) gave very diffuse images that could easily be overlooked.

Fi?ure_S has been prepared to show examples of dislocation images In two specimens of cast beryllium
following irradiation at 400°C to 8 dpa. Figures 3a through 3f, provide comparison of the same area near a
(1102) orientation under different imaging conditions, and Figures 3g and 3h compare another area near a
(1210) orientation in a different specimen. Most apparent in this series is that Figures 3d, 3f and 3g
clearly reveal a high density of small defects, whereas all other imaging conditions show these features In
very poor contrast.

Figure 4 provides evidence for formation of helium bubbles at grain boundaries In beryllium irradiated at
400°C to 8 dpa. Figure 4a is_a bright field image of a_grain boundary node, and shows a mottled appearance
on two of the boundaries forming the node, and bubble-like images on the third boundary which is more
steeplg inclined. These images indicate_bubbles about 1.5 nm In diameter are present at high density on
these boundaries. Figure 4b is a dark field image using 0111 contrast showing a low angle tilt boundary
consisting of four parallel dislocations. The dislocations appear as a necklace of dark pearls. The pearl-
like features are probably helium bubbles attached to the subgraln boundary dislocations, and therefore In
this _case the bubbles are about 10 nm. Therefore, helium bubbles at grain boundaries can vary considerably
in size, depending on the density of nucleation sites (or bubble density) on the boundary.

DISCUSSION

This work has shown that irradiation of beryllium at 400°C to about 8 dpa leads to embrittleaent due to both
transgranular and intergranular failure (depending on the thickness of the specimen).  There is concern that
specimen fabrication is In part responsible for postirradiation failure. Beryllium IS inherently difficult
to fabricate, and the technique used to manufacture the_ specimens is not recommended. It is possible that
|nC|€|ent cracks were_introduced by the punching operation, but prior to irradiation, specimens could be
handled and dropped with impunity without breakage.

Microstructural examination demonstrates that embrittlement is due both to helium bubble formation on grain
and subgrain boundaries and to formation of a high density of loops with C-type Burgers vector. ssvera1
reparts have ascribed embrittlement ofberyllium to helium bubble formation on grain boundaries,2-8 but
there appears to be only one mention of non-basal !ooE formation due to fast neutron irradiation In
beryllium,  Walters et. al._report finding loops In hot pressed beryllium f0||OWIn? irradiation at 350°C-
to 2 x 1020 fast neutrons/cme, a small fraction of which appeared to be on (1122) planes with possible
Burgers vectors 1/6 <0223> or 1/3 <1123>.® Also noteworthy is the fact that onlv oerfect prismatic a/3
<1120> Burgers vectors were found in electron irradiated beryllium.® Therefore,-either previous )
gxggrlmegfers have overlooked C-type loops or the specimens being examined In the present vrork are behaving
ifferently

The ¢-type loops found in this study show unusual contrast in that only simple changes in ‘imaging conditions
from § to -g cause the loops to hecome Brgctically invisible. Also, as shown in Figure 3h, imaging with

g = 0002 gives lobe type contrast resemoling that found for coherent precipitates with misfit strains. Such
unusual contrast may indicate that the C-type loops are not simply agglomerations of point defects, but
helium segregation may also be involved.



Figure 3. Examples of dislocation structure in commercial cast beryllium_sheet following irradiation at
400°C to 8 dpa in (a) 10lo contrast, (b) 2110 contrast (c) -0111 contrast, (d) 0111 contrast, (e)

-1101 contrast, and (F)I101 contrast for a foil near (1102), and (g} 1010 contrast and {(h) 0002
contrast for a foil near (1210).
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Figure 4. Examples of helium bubble formation in commercial cast beryllium sheet following irradiation at
400°C to 8 dpa showing a grain boundary node in (a) and a subgrain boundary using weak beam dark
field contrast in (b}).

The present work emphasizes that radiation damage in beryllium causes severe embrittlement. Therefore,
concern is raised that large volumes of beryllium in blanket modules may have difficulty supporting their
own load, and In order to retain integrity, beryllium may have to be encapsulated.

CONCLUSIONS

Sheet tensile specimens of commerciai cast beryllium are found to be brittle following irradiation at 400°C
to 8 dpa. Failure is either by transgranular brittle fracture, or by grain boundary embrittlement, depend-
ing on specimen thickness. Embrittlement is ascribed both to helium bubble formation at grain boundaries
ﬁnd/or to C-type loop formation. Loop formation of this type has not previously been reported in the
iterature.

FUTURE WORK
This work will be continued by examining comnercial cast beryllium following irradiation at 550°C to 3 dpa

and cold pressed and sintered beryllium following irradiation at 420°C to 30 dpa.
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TRITIUM RELEASE FROM IRRADIATED BERYLLIUM A ELEVATED TEMPERATURES, D. L. Baldwin, D. $. Gelles and
0. D. Slagle (Pacific Northwest Laboratory)id

OBJECTIVE

The objective of this effort is to measure tritium release kinetics from irradiated Be in support of ITER
blanket designs.

SUMMARY

Tritium release kinetics have been measured for neutron-irradiated beryllium in the temperature range of
573-884 K. Two tritium release tests of 270 and 550 hours are the first in a series of tritium release
tests on irradiated Be in support of International Thermonuclear Experimental Reactor (ITER) blanket
designs. Real-time tritium release curves were measured by an ionization chamber after temperature step
changes of 100 K under tightly controlled conditions specific to ITER. The experimental conditions were
designed to measure diffusion-controlled release of tritium from irradiated Be. The preliminary conclusion
from this data set is that a uniaue rate-controllina mechanism is not distinauishable. Agoarent diffusion
kinetics at lower temperatures give way to a burst release at 884 K, coincident with a restructuring and
bubble coalescence in this fully dense material.

PROGRESS AND STATUS
Introduction

International Thermonuclear Experimental Reactor (ITER) blanket design activities require a better
definition of tritium diffusion in Be under blanket relevant conditions. Although Be is the ﬁroposed
neutron multiplier in the blanket, there is relatively little information on the behavior of H isotopes in
Be to support fusion blanket design and prediction performance.

Limited data on H gsotope release kinetics for Be have been provided by Jones and Gibson, 1 lo.hamp]e_-r',2 and
Ells and Perryman.® The conditions chosen and information presented by each of the authors are of limited
applicability to ITER conditions. The purpose of the present work is to provide carefully controlled
tritium release data for Be at temperatures and conditions prototypic to ITER.

The difficulties in obtaining good diffusivity and solubility measurements are well documented in the
literature. These difficulties are primarily due to surface effegts_and various tra%Ping phenomena. The
previously mentioned authors, as well as Swansigerd4 and Longhurstd discuss these problemsS in various
detail. Because of these inherent problems, effort was expended in attempting to both minimize trapping
effects and obtain information to quantify trapping effects.

Experimental

Beryllium previously irradiated in the AIR reactor, in the US, was provided by J. M. Beeston and

L. 6. Miller of ldaho National Engineering Laboratory. Beryllium powder had been hot-pressed into rods,

1 om diameter and 3 cm long: tg full %heoretical density, and irradiated 10 years at < 348 K to a total fast
fluence of approximately 5 x10 2 n/cmZ. The Be rods assay to 98.26 wt% Be. “The BeQ content is 1.7 wt%, and
the He content is estimated to be 24,000 appm He. The Be samples for this work were sectioned using the
following procedure. Hollow cavities were machined into two steel rods to a diameter 0.002 inch greater
than the diameter of the Be, allowing a Be sample to fit within the steel rods. With sample in place, the
steel rods were quickly bent, cracking the Be inside. The Be cracked into several 0.5-m-thick disks as
well as some 2 to 4-mm-thick disks, weighing 0.3 to 0.5 g. A scanning electron microscope examination of
the cracked Be showed a classic brittle'fracture. The larger pieces were used for the tritium release
testing.

The experimental testing involved stepped-temperature changes followed by isothermal anneals, for the
temperature range of 573 to 973 K, in an atmosphere of flowing Hp-doped He. A schematic is shown in

Figure 1. The tritium release rate was measured at each temperature until the release rate approached zero.
Each temperature change involved a duration of about 8 minutes, which is very short relative to the

(a) Operated for the U.5. Department of Energy by Battelle Memorial Institute under Contract
DE-ACO6-76RLO 1830.



306

Gas
Purifier
Remove  Flow

02,H20 Controller

| m |

Sample Held
Before Drop
} Sample Dro;
Temp '1nu:£Luuﬂzpped
Controlleor Crucible
0.1%HpinHe L100-7007 L__ |
or Quartz
Pure UHP He I Furnace tube 6000'10“
Temp . in
Controller] ——1. Znc
400°C -. o e
Reducer
W sls
Cajon O-ring
Fitin
£ 1/8%co
4
Digital 200 cc
Data Tonization
Acquisitio Chamber
Final Triium
Collection:
[ \__| Dual Mol
?kje'rraps
or leng-term
g]tll;lg‘ col |eCtEI(]"I

Recorder

Figure 1. Schematic of apparatus for measuring tritium release from beryllium.

isothermal anneals. The released tritium was chemically reduced on a hot zinc bed to minimize surface
retention on downstream components. The reduced tritiunm (HT% release rate was measured in an ionization
chamber and the rate integrated by computer. The gas was subsequently routed throu?h a copper oxide column
at 873 K for oxidation to water and collection on molecular sieve colunns. This collected, cumulative
tritium was later thermally desorbed and measured by liquid scintillation counting, which provided
verification of the integrated ionization chamber data. After completion of the final temperature anneal,
the Be Was removed and melted In a high-temperature vacuum extraction apparatus to measure any residual
tritium.® The extracted tritium was collected and measured by liquid scintillation. The tritium released
during the temperature anneals together with the residual tritium provided a comparison to the starting
inventory .

The experimental apparatus included a dual heat-zone vertical quartz furnace tube with temperature
controlled zones for the sample and the zinc reducer bed. The zinc bed temperature was controlled to 673 K,
with a measured gradient along its length of 663 to 673 K. Careful temperature control of a zinc bed is
important because lesser or greater temperatures may cause either measurable retention of tritium or
excessive volatilization of Zn, respectively. The sample is contained in a quartz cup within the furnace
tube. The inlet and outlet tube fittings were CAJON Viton O-ring Ultra-Torr high-vacuum fittings.

The test results reported here include two He-0.1%Hz release tests covering the temperature range of 573 to
973 K in 100 K increments. The Hap-doped He carrier gas, flowing at 100 sccm, was expected to minimize
surface effects by isotopic swamping, and is_pre-purified to <10 ppb total oxygen and moisture. The
purification system consisted of two commercial purifiers in series. An OxyClear Gas Purifier, from Supelco
Corp., removed oxygen to <1 ppm, followed by a Supelco OMI-1 Indicating Purifier for further removal of
oxygen and water to <10 ﬁpb_ All _hot walls” in the system were quartz rather than metal to minimize
ﬁermeation losses. At the beginning of each release test, the closed system was pressurized to 5 psig with
elium and all fittings leak-checked using a helium thermal conductivity leak detector. Prior to and during
each heatup, the Be sample was held inside the closed system in a small” cup above the heat zone. The cup
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could be inverted 180" to drop the sample into the heat zone. During this time the entire system was
thoroughly flushed of air and moisture. The system was interconnected by 1/8-inch copper tubing to minimize
permeation losses. The ionization chamber was an Overhoff Corp. Model T301 5-decade instrument with a 200
¢c ion chamber plus associat,d electrometer. 1t was factory calibrated for readings from 0 to 20 mCi/mg
full scale and 0 to 200 Ci/mg full scale. The gas passed through the ion chamber to a CuQ filled quartz
tube at 873 K for oxidation of all H isotopes to water. It then passed through dual molecular sieve columns
in series to ensure capture of all tritiated water.

The ionization chamber output was interfaced through a Fluke 8842A 5% digit multimeter and_ was accumulated
in a Hewlett-Packard 9826 computer at user-specified intervals, converted directly to Ci/m® units and
integrated. For each electrometer range, there was a different baseline correction made on the ion chamber
data. These baseline levels were recorded before and after each temperature anneal. The proper correction
for a non-zero and changing baseline is critical for these measurements because the integration of any non-
zero baseline would quantitatively affect the cumulative release curve shape.

The post-run analysis consisted of two parts. Upon completion of the final temperature anneal, the Be
sample was transported to a different apparatus for high-temperature vacuum fusion/extr‘gction analysis for
measurement of residual tritium. The high-temperature vacuum fusion/extraction method,® heated the sample
in vacuum by RF induction heating to approximately 1900 K for complete melting and release of all volatile
species. Tritium was extracted, oxidized, and condensed for measurement by liquid scintillation counting.
As a verification of the tritium released during the anneal test, the molecular sieve columns were each
thermally desorbed at 613 K in flowing helium. The desorbed tritium was collected in water and measured by
liguid scintillation counting. The quantity of tritium collected on the molecular sieve columns provided a
confirmation of the integrated ion chamber value. The residual tritium result plus the total integrated
tritium released during the anneal test provided a comparison to the starting inventory.

Results and Discussion

Two tritium kinetics tests were completed for temperature anneals of 573, 684, 784, and 884 K, and with an
additional anneal at 973 K in the second test. The first test totaled 270_hours in length and the second
test was 550 hours in length. The real-time tritium concentration in Ci/m* was integrated and converted to
cumulative release in Ci, accounting for the 100 sccm flowrate. The cumulative release curves are shown in
Figure 2 for both tests. There is good agreement between the two tests, with the major difference being
longer measurement times in the second test, particularly at 573 K. The intent throughout the experimental
design was to measure diffusion-controlled release from this Be. A qualitative examination of the data,
though, indicates that a specific release mechanism may not be discernable. With classic bulk diffusion,’
one would expect longer release times at the lower temperatures, with shorter release times at increasing
temperature. But, as can be seen in Figure 2, the approach to zero release is relatively fast at 573 K
The approach to zero release lengthens at the higher temperatures. This situation is not what is expected
for diffusion-controlled release. Therefore the actual rate-controlling mechanism for this test material is
not distinguishable at this time.

The material selected for these tests was irradiated at a low temperature, which is appropriate for tritium
release measurements. A concern, though, is the high Be0 and He content of the material, offering potential
for a vast number of intergranular trapping sites. The high density of this material should also affect
any diffusional mechanism.

At 573, 684 and 784 K, the release curves were obtained with the as-expected peak followed by tailing toward
zero release. At 884 K, the normal peak occurred followed by the expected tailing. But about one hour
after the temperature step change and diffusional peak, a large burst-type tritium release occurred, very
different from the diffusional release. This is shown in Figure 3. Further increase in temperature to 973
K resulted in a slight increase in steady state release, but with release kinetics very dissimilar to the
lower temperature anneals.

Scanning electron microscope examinations of the Be provided some insight into the behavior at 884 K.
Figure 4 shows a fresh fracture of the as-irradiated Be prior to any heat treatment. There is no
indication of any fine bubble structure at this magnification. Grain boundaries can be seen in the
photograph, showing an estimated grain size of 10-40 um. Figure 5 shows a fresh fracture of the Be sample
from the second release test after the burst release at 884 K and the additional temperature anneal to 973
K. A radically altered microstructure is seen, showing a profusion of fine bubbles along all grain
boundaries. This bubble porosity presumably contributed to the burst-type release that occurred at 884K.

A sample of the unheated, as-irradiated test material was fused in a vacuum extraction apparatus for
measurement of total tritium. The heat-treated test material was also analyzed by the same method to
measure residual tritium remaining in the material. The post-run results are shown in Table 1.
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Cumulative tritium release curves for two release tests from Be throughout temperature range 473
844 K. Note diffusion-like releases at 573, 684 and 784 K, and the reproducibility of burst-type release

at 884 K from both tests.

Figure 2.
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Figure 3. Burst-type tritium release from both tests at 884 K. Axes are |Q% tritium_concentration (Ci/m3)
versus time. Initial smaller peaks at 251 hrs and 499 hrs are the normal diffusion-like release peaks.

Figure 4. SEM photograph of as-irradiated non-heat treated Be. Note absence of any fine bubble structure.
Grain size appears t0 be 10-40 pm.
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Figure 5. SEM photograph of Be heat-treated to 973 K. Note radically altered microstructure showing fine
bubbles through material.

Table 1. Results for First Be Test

Sample Result (Ci/g)
Total Tritium Assay on As-Irradiated Material 8.23
Be#] Test
- Released Tritium (mol sieve analysis) 7.61
- Residual Tritium (vacuum fusion) 0.46
- Totaled Tritium 8.07

As can be seen, the total tritium assay results for this Be are 8.07 and 8.23 Ci/g with an average
8.15 Ci/g.
CONCLUSIONS

Efforts are continuing on this project. Preliminary conclusions based on the current release curves are
presented.

1. An apparatus for measuring stepped-temperature release kinetics from irradiated Be has been designed,
tested and successfully used.

2. Tritium release kinetics have been examined by two tests covering the temperature range of 573 to 973 K
in 100 K intervals in a Hp doped helium atmosphere and show good reproducibility.

3. A unique, rate-controlling mechanism for tritium release from this fully dense material at the lower
temperatures of 573, 684, and 784 K is not distinguishable.

4. A large burst-type release occurs reproducibly at 884 K. This release occurs coincidentally with the
formation of grain boundary bubble coalescence.

5. High-temperature vacuum extraction analysis of the temperature annealed material and as-irradiated Be
show the original tritium content of this material to be 8.07 to 8.23 Ci/g.
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FUTURE WORK
Continuation of these tests will involve a stepped-temperature release test in pure He to provide data on
surface trapping. Since Hz exchange reactions should minimize surface trapping when H is present, a
tritium release test in ﬁyre He should reveal surface trapﬁ[ng effects. Tritium retention in the )
measurement apparatus, which may affect interpretation of kinetic release rate data, will be characterized
by injecting tritium and measuring system transport time.
Another potential trapping mechanism of interest is radiation damage trapping. Measurement of this effect
is planned by comparing tritium release results from irradiated Be with tritium release results from
unirradiated, tritium-impregnated Be. Tritium solubility measurement tests on unirradiated Be are planned
to complete the analysis data required by ITER.
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